
The high-temperature strength of Ni-base superalloys may be strongly 
improved by alloying with Re. On the other hand, addition of Re has a 
negative influence on the long-term high-temperature stability - it leads 
to precipitation of topologically close packed phases. These phases, 
in turn, are detrimental for the high-temperature strength of Ni-base  
superalloys. Their precipitation process may be suppressed by alloying 
with Ru. Physical phenomena controlling this behavior are described  
in this work bringing the new insight into understanding of the Re- and 
Ru effect on precipitation of topologically close packed phases.
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Abstract 

The high-temperature strength of Ni-base superalloys may be 
strongly improved by alloying with Re. On the other hand, ad-
dition of Re has a negative influence on the long-term 
high-temperature stability – it leads to precipitation of topolog-
ically close packed phases. These phases, in turn, are detri-
mental for the high-temperature strength of Ni-base superal-
loys. Their precipitation process may be suppressed by alloying 
with Ru. However, although this finding is known since almost 
three decades, the mechanism of positive influence of Ru is not 
clarified, disabling the effective alloy design. 

A new insight into the Re- and Ru effect on the precipita-
tion of topologically close packed phases is described in this 
work. For this purpose six experimental Ni-base superalloys of 
second, third and fourth generation have been investigated. 
The results are focused on the scale-bridging characterization 
of the microstructure in the initial state, as well as after precipi-
tation of topologically close packed phases. Modern techniques 
of materials characterization, like electron probe microanalysis, 
transmission and scanning electron microscopy, focused ion 
beam and three dimensional atom probe tomography are com-
plemented with CALPHAD calculations to draw conclusions 
about Re and Ru influence on the precipitation of topologically 
close packed phases. 

The quantitative analysis of the microstructure confirms 
that Re promotes while Ru inhibits precipitation of topological-
ly close packed phases. Such effects of both elements are pri-
marily related to thermodynamics – Re and Ru influence the 
driving force for precipitation. The results confirm that topo-
logically close packed phases undergo sequential phase trans-
formations. Physical phenomena controlling this behavior are 
considered and the respective conclusions are drawn.  
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The results of the current work show limitations at the 
commercially available databases for predicting phase trans-
formations in Ni-base superalloys, which are focused on the 
equilibrium stage of precipitation. The results presented in this 
work show that precipitation of topologically close packed 
phases has to be considered with respect to kinetics as well. 
They shed also some light into the understanding of TCP phase 
precipitation process under strain assisted service conditions. 
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Kurzfassung 

Die Hochtemperaturfestigkeit von Ni-Basis Superlegierungen 
kann durch Zugabe des Elementes Re signifikant verbessert 
werden. Re hat aber auch einen negativen Einfluss auf der 
Hochtemperaturphasenstabilität – es führt zur Ausscheidung 
spröder topologisch dichtest gepackter (TCP - engl. topologi-
cally close packed) Phasen. Diese Phasen sind kontraproduktiv 
für die mechanischen Eigenschaften. Eine Möglichkeit die Aus-
scheidung dieser spröden Phasen zu hemmen ist die Zugabe 
des Elementes Ru. Obwohl diese Entdeckung seit fast drei 
Jahrzehnte bekannt ist, ist der Mechanismus des positiven Ein-
flusses von Element Ru nicht geklärt, was eine effektive Ausle-
gung der Materialien verhindert. 

Diese Arbeit stellt einen innovativen Ansatz zur Erklärung 
des Einflusses der Elemente Re und Ru auf die Ausscheidung 
der topologisch dichtest gepackten Phasen dar. Um das Ziel zu 
erreichen, sind sechs experimentelle Ni-Basis Superlegierungen 
der zweiten, dritten und vierten Generation untersucht wor-
den. Die Ergebnisse sind auf eine skalenübergreifende Be-
schreibung des Gefüges im Ausgangzustand sowie nach der 
Ausscheidung der topologisch dichtest gepackten Phasen kon-
zentriert. Moderne Untersuchungsmethoden wie Elektronen-
strahlmikrosonde, Raster- und Transmissionselektronenmikro-
skopie, Tomographie mittels Ionenfeinstrahlanlage und drei-
dimensionaler Atomsonde zusammen mit thermodynamischen 
Berechnungen sind angewendet worden, um die Schlussfolge-
rungen bezüglich des Einfluss der Elemente Re und Ru auf die 
Ausscheidung der topologisch dichtest gepackten Phasen zu 
ziehen. 

Die quantitative Analyse des Gefüges beweist, dass die Ten-
denz die topologisch dichtest gepackten Phasen auszuscheiden 
durch das Element Re erhöht- und durch das Element Ru her-
abgesetzt ist. Der Einfluss der beiden Elemente resultiert aus 
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thermodynamischen Effekten – Re und Ru beeinflussen die 
Triebkraft der Ausscheidung. Weiterhin wurde bewiesen, dass 
sich die topologisch dichtest gepackte Phasen in einer Sequenz 
ausscheiden. Die entsprechenden physikalischen Phänomene 
sind betrachtet und die Schlussfolgerungen gezogen worden. 

Die Ergebnisse dieser Arbeit zeigen, dass die Kinetik der 
Sprödphasenbildung eine große Rolle spielt und zurzeit eine 
Vorhersage der Ausscheidung topologisch dichtest gepackter 
Phasen sehr schwierig ist. Kommerzielle thermodynamische 
Datenbanken sind nicht in der Lage, die Tendenzen korrekt 
abzubilden und berechnen zudem ausschließlich Gleichge-
wichtsphasenanteile und –zusammensetzungen.  
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Streszczenie 

Wytrzymałość wysokotemperaturowa superstopów na osnowie 
niklu może być znacząco poprawiona poprzez dodatek Re. Jed-
nakże dodatek Re ma negatywny wpływ na stabilność fazową 
podczas długotrwałego wyżarzania w wysokiej temperaturze – 
prowadzi on do wydzielania faz topologicznie gęsto upakowa-
nych (TCP – z ang. topologically close packed). Ich wydzielanie 
może być zredukowane poprzez dodatek Ru. Pomimo faktu, iż 
efekt spowodowany przez dodatek Ru znany jest od około 
trzech dekad, mechanizm jego pozytywnego wpływu nie został 
do tej pory sprecyzowany, co uniemożliwia efektywne projek-
towanie materiałów. 

W niniejszej pracy przedstawiono oryginalne wyniki pozwa-
lające wyjaśnić wpływ Re oraz Ru na wydzielanie faz topolo-
gicznie gęsto upakowanych. W tym celu przebadano sześć eks-
perymentalnych superstopów niklu drugiej, trzeciej oraz 
czwartej generacji. Wyniki skoncentrowane są na wieloskalo-
wym opisie mikrostruktury w stanie wyjściowym oraz po pro-
cesie wydzielania faz topologicznie gęsto upakowanych. Nowo-
czesne techniki badania materiałów, takie jak mikrosonda elek-
tronowa, skaningowa oraz transmisyjna mikroskopia elektro-
nowa, tomografia z wykorzystaniem mikroskopii jonowej oraz 
sondy atomowej (3D), uzupełnione o obliczenia termodyna-
miczne z wykorzystaniem technik CALPHAD, posłużyły do 
wyciągnięcia i sformułowania wniosków o wpływie Re i Ru na 
wydzielanie się faz topologicznie gęsto upakowanych. 

Poprzez zastosowanie ilościowej analizy mikrostruktury 
dowiedziono, że Re podnosi, natomiast Ru obniża podatność 
materiału do wydzielania faz topologicznie gęsto upakowa-
nych. Oba pierwiastki wpływają na termodynamikę stopów, 
mianowicie na siłę napędową wydzielania faz topologicznie 
gęsto upakowanych.  



Abstract / Streszczenie 
  

 

XVI 

Wyniki eksperymentalne zawarte w pracy dowodzą, że wy-
dzielanie faz topologicznie gęsto upakowanych zachodzi 
w określonej sekwencji. W pracy omówiono zjawiska fizyczne 
odpowiedzialne za ten proces. 

Wyniki niniejszej pracy wskazują również, iż dostępne ko-
mercyjnie bazy danych nie pozwalają poprawnie zasymulować 
przemian fazowych w superstopach niklu, bowiem oparte są na 
obliczeniach dla stanu równowagowego. Wyniki niniejszej pra-
cy wskazują, iż poprawne prognozowanie wydzielania faz topo-
logicznie gęsto upakowanych wymaga uwzględnienia aspektów 
kinetycznych. Wyniki umożliwiają również zrozumienie wy-
dzielania faz topologicznie gęsto upakowanych w warunkach 
pracy. 
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1 Introduction 

1.1 Motivation 
Economic growth, increasing world population and wish for 
mobility are three main factors driving nowadays the global 
energy demand and unfortunately greenhouse gas emissions. 
According to a study of International Energy Agency  the global 
energy demand will further increase by 37% within the period 
to 2040 [1]. This New Policies Scenario assumes that due to the 
technology development and increasing tendency to turn to 
renewable and nuclear power the relative use of fossil fuels 
drops slightly during this period. However, coal, oil and natural 
gas will still remain dominant, supplying almost 75% of prima-
ry energy demand in 2040. Thus, their global use will increase 
by 15% for coal, 14% for oil and 55% for natural gas in compari-
son to 2012. As a consequence, a 20% growth of energy related 
carbon dioxide (CO2) emissions is expected until 2040, mostly 
due to combustion of coal and oil [1]. This trend leads to an 
increase of the global warming and irreversible climate change, 
what brings many risks for natural and human systems [2].  

As far as the final form of energy is considered, electricity is 
the biggest and the fastest growing sector. Not only was elec-
tricity and heat generation responsible for 42% of global CO2 

emissions in 2012 [3], but also its share in primary energy de-
mand is expected to almost double between 2012 and 2040 [1]. 
Therefore, taking into account limited resources of fossil fuels, 
their prices and harmful environmental effect there is no 
doubt, that the efficiency of power generation needs to be im-
proved. 

Combustion of natural gas is, among the other fossil fuels, 
the most effective and therefore least emissions intensive form 
of energy production. The most modern and worldwide the 
biggest Siemens SGT5-8000H gas turbine installed in Irsching 
(Germany) has the output power of 400 MW with the efficien-
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cy of 40% in single cycle operation. Working as a combined 
cycle gas turbine power plant it reaches the efficiency of 
60.75% with the output power of 600 MW [4]. Although these 
achievements are already impressive, they also show that there 
is enough space for technology development in order to pro-
duce more efficient gas turbines.  

One of the possible ways to increase the efficiency of a sin-
gle cycle gas turbine is increasing the turbine entry tempera-
ture (TET), e.g. by increasing the temperature of combustion 
process [5,6]. However, such improvement is limited by the 
temperature capabilities, i.e. melting point and high tempera-
ture creep strength of materials applied as rotor blades in the 
first stages of high pressure turbine (HPT). 

Since decades the specific requirements for components ap-
plied in the high pressure turbine are met by Ni-base superal-
loys due to their extra-ordinary creep strength close to the 
melting point as well as a very good corrosion and oxidation 
resistance [7]. These properties combined with continuous 
development of casting technologies allowed an increase of 
material capabilities in the range of 100°C since 1960 [7,8]. 
Around 40°C increase was achieved only thanks to the direc-
tional solidification technology development, i.e. elimination of 
conventionally cast equiaxed structures by columnar grains 
and single crystals. Further improvement of material capabili-
ties was achieved due to the solid solution strengthening effect 
brought about by refractory elements. Among them on average 
60°C increase of temperature capabilities was achieved thanks 
to addition of Re [9]. Recently an increase of even up to 
87°C/at.-% Re was reported in experimental single crystal sup-
eralloys [10].  

The beneficial effect of Re on creep strength of Ni-base sup-
eralloys is currently well accepted. However, its addition brings 
as well a number of challenges or disadvantages, like high costs 
and increased density of material. Moreover, Re influences sig-
nificantly phase stability of Ni-base superalloys by precipitation 
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of deleterious topologically close packed (TCP) phases. They, in 
turn, have negative effect on mechanical properties. This 
means that utilization of full potential of Re is limited by pre-
cipitation of TCP phases [11]. 

A possible way to hinder precipitation of TCP phases and 
therefore to improve phase stability of Re-containing Ni-base 
superalloys and to fully utilize potential of Re is the addition of 
Ru [12]. Nevertheless, this further increases costs and mass of 
material. The beneficial effect of Ru is currently proved in 
a number of alloy systems. However, although it is known since 
almost three decades, the mechanism of Ru influence on TCP 
phase precipitation remains unclear, if not unknown.  

Due to relative lack of knowledge about TCP phase precipi-
tation, the successful design of Ni-base superalloys containing 
Re and Ru is currently very difficult. Until now the TCP phases 
were investigated either in a very narrow range of temperatures 
or after a limited duration of isothermal annealing. Such pro-
cedures did not allow an unambiguous determination of phe-
nomena controlling precipitation process, especially in the 
context of Ru effect. Therefore, further investigations on the 
effect of Re and Ru on the precipitation of TCP phases are nec-
essary to fill in the gaps in the alloy design space and to fully 
utilize potential of these elements in Ni-base superalloys.  
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1.2 Objective 
The main objective of this work is the determination of the 
mechanism of Re and Ru influence on the precipitation of top-
ologically close packed phases in Ni-base superalloys. The key 
issues are therefore the quantitative description of the micro-
structure with use of modern microscopy techniques, thermo-
dynamic calculations and mechanistic explanation of observed 
correlations in the alloys containing various Re and Ru content. 

In this framework the time-temperature-transformation 
(TTT) curves will be measured based on the quantitative analy-
sis of microstructure. The information generated allows 
to determine TCP nucleation and growth kinetics. The results 
will be complemented with crystallographic and compositional 
data as well as calculations of equilibrium volume fractions to 
draw conclusions about Re and Ru influence on TCP phase 
precipitation. 

As an additional target the common thermodynamic data-
bases will be verified with respect to their reliability in predict-
ing TCP phase precipitation process.  
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2 Ni-base superalloys: Fundamentals 

2.1 Development of Ni-base superalloys 
A significant improvement in the high-temperature properties 
of Ni-base superalloys has been achieved over the last decades. 
The high temperature capabilities were increased due to many 
factors such as casting technology refinement, application of 
coatings and cooling systems and chemical composition evolu-
tion. Among them the casting technology refinement and 
chemical composition development are of higher importance 
in context of this work and will be discussed more carefully in 
the following subsections. 

2.1.1 From equiaxed grains to directionally solidified 
single crystals 

Highly resistant Ni-base alloys are known since 1940’s when 
they were applied to the military aircraft engines during Sec-
ond World War. Initially they were produced in a wrought 
form via forging technology. Cast Ni-base superalloys are 
known and commonly applied since 60’s of the previous centu-
ry. Originally they were used in a polycrystalline form with 
equiaxed grains formed during conventional crystallization 
(CC). The beginning of 70’s brought the invention of Pratt & 
Whitney Aircraft, so called directional solidification (DS) tech-
nology, resulting in a columnar grained structure oriented 
along <001> crystallographic direction [13]. Further develop-
ment of the technology allowed to obtain aircraft components 
possessing single crystal (SC) structure [14] (see Figure 2.1). 

The refinement of the technology brought a significant im-
provement in the operating temperature of Ni-base superalloys 
(Figure 2.1). This was possible due to two main mechanisms. 
Firstly, grain boundaries were eliminated, i.e. grain boundary 
sliding was suppressed giving about 30°C improvement in tem-
perature capability. Therefore, the grain boundary strengthen-
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ing elements such as Hf, Zr or B, which were additionally act-
ing as melting point depressants, were no longer necessary in 
the compositional range of Ni-base superalloys. Secondly, due 
to the elastic anisotropy of Ni, the low Young’s modulus <001> 
direction allowed for a significant improvement in the thermal 
fatigue resistance [15]. 

Figure 2.1 An overview of distinct production technologies applied to Ni-base 
superalloys over the last decades. After Czyrska-Filemonowicz et al. (2007) 
[8]. 

2.1.2 Chemical composition development 
The chemical composition of Ni-base superalloys underwent 
a long evolution from the early 40s of the previous century. 
Since the SC structures were introduced, the solid solution 
strengthening and phase stability requirements took over the 
role to drive the chemical composition development of Ni-base 
superalloys. This resulted in six generations of SC Ni-base sup-
eralloys which can be distinguished by the content of specific 
elements, especially Re and Ru. The overview through the dis-
tinct generations of Ni-base superalloys is given in following 
paragraphs. 
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First generation 

The main constituents of the 1st generation of SC superalloys 
are Cr, Co, W, Mo, Al, Ti, Ta and sporadically Nb or V. In this 
configuration Cr, Co, W and Mo acted mostly as solid solution 
strengtheners of γ-matrix phase, while Al, Ti, Ta, Nb and V 
served to form γ’-precipitates. The first generation of SC super-
alloys did not contain Re. The typical examples of this group of 
alloys are CMSX-2 [16], CMSX-6 [17], PWA 1480 [14], RR2000 
[18] or René N4 [19]. The detailed chemical composition of sup-
eralloys of all generations is listed in Appendix A. 

Second generation 

Ni-base superalloys of the 2nd generation are characterized by 
3 wt.-% Re, which was added to act as a solid solution strength-
ener of γ-phase (for details of Re effect see Chapter 2.3.1). Fur-
ther, this class of alloys exhibits reduced content of Cr (from ~8 
to ~5 wt.-%) and increased content of Co (from ~5 to ~10 
wt.-%) what minimized precipitation of TCP phases. Exemplary 
superalloys of this class are CMSX-4 [20], PWA 1484 [21], René 
N5 [22], and SC180 [23] (see Appendix A). 

Third generation 

The design of the 3rd generation of SC superalloys resulted in 
Re content increased to about 6 wt.-% and Cr content reduced 
to around 2.5 wt.-%. Although the creep properties were signif-
icantly improved, this class of alloys was unstable with regard 
to the formation of brittle TCP phases. Typical superalloys of 
the 3rd generation are CMSX-10 [24], René N6 [25] and TMS-75 
[26] (see Appendix A). 

Fourth generation 

The 4th generation SC Ni-base superalloys are commonly al-
loyed with ~3 wt.-% Ru to improve phase stability. Re content 
is kept on the level of ~6 wt.-% to maintain the high creep 
properties. The examples of 4th generation SC superalloys are 
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PWA 1497 [27], MC NG [28] and TMS-138 [29] (see Appendix 
A). 

Fifth generation 

The development of the 5th generation of SC Ni-base superal-
loys was driven mainly by the need to improve the alloy stabil-
ity and further increase the temperature capabilities. Therefore 
~6 wt.-% of Ru were added. This allowed as well higher 
amounts of Mo and Re, ~4 and ~6.5 wt.-%, respectively. The 
exemplary superalloys are TMS-162 [30] and TMS-173 [31] (see 
Appendix A). 

Sixth generation 

The superalloys of the 4th and 5th generations exhibited rela-
tively low oxidation resistance. Therefore, the 6th generation of 
SC Ni-base superalloys was designed to maintain the mechani-
cal properties of the 5th generation with improved oxidation 
resistance. This resulted in the alloy TMS-238 [32] containing 
balanced amount of Cr, Re, Ru and Mo (see Appendix A). 

2.1.3 Creep properties of SC superalloys 
The creep properties of Ni-base superalloys were significantly 
improved due to the compositional development. An overview 
of the creep properties for the superalloys of different genera-
tions is given in Figure 2.2 in form of Larson-Miller plots [33]. 
The addition of Re from the 1st to 2nd generation SC superalloys 
allowed an increase of temperature capabilities of 35°C meas-
ured in the regime 248MPa and 982°C [20]. Further, by testing 
in similar conditions, 3rd generation CMSX-10 displays an ad-
vantage of around 30°C over CMSX-4 [24]. 
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Figure 2.2 Larson-Miller curves for SC Ni-base superalloys tested to rupture. 
Data adapted from: Wahl and Harris (2012) for CMSX-2,3 and CMSX-4 [34]; 
Koizumi et al. (2004) for CMSX-10 and TMS-173 [35]. 

2.2 Microstructure of Ni-base superalloys 

2.2.1 Initial microstructure 

The typical microstructure of cast Ni-base superalloys consists 
of two phases: the relatively soft γ-matrix phase of the face-
centered cubic (FCC) lattice structure and coherently embed-
ded precipitates of intermetallic γ’-phase of ordered cubic (L12) 
lattice structure. The exemplary micrograph of the typical cu-
boidal γ/γ’-microstructure is shown in Figure 2.3a. Figure 2.3b 
and c represent schematically the difference in ordering of at-
oms between the FCC structure of γ-matrix phase and L12 struc-
ture of γ’-precipitates. 

The microstructure of modern Ni-base superalloys contains 
typically ~70 vol.-% of γ’-phase, which allows achieving maxi-
mum creep strength for a given composition [9,36]. As evi-
denced first by Nathal (1987) [37] and confirmed further by 
Neumeier (2010) [38], not only the volume fraction, but also 
the size (edge length) and morphology of γ’-particles has 
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a significant effect on creep strength. According to work of 
Nathal  the optimum edge length of the γ’-cubes is in the range 
of 350 to 450 nm [37].  

Figure 2.3 a) Scanning electron microscopy image of the typical microstruc-
ture of a Ni-base superalloy of the 3rd generation in heat treated state. Cu-
boidal precipitates of γ’-phase (darker regions) are embedded within the 
γ-phase (lighter regions); b) the arrangement of atoms in FCC and c) L12 
crystal structure. 

The morphology of γ’-precipitates (e.g. more cuboidal or more 
spherical shape) is significantly dependent on the lattice misfit 
δ (Equation 2.1) between the γ- and γ’- phases: 

γγ

γγδ
aa
aa

+

−
=

'

' )(2
 (2.1) 

where: 
aγ lattice parameter of the γ-matrix phase 
aγ’ lattice parameter of the γ’-phase 

There is evidence in the literature, that the alloys possessing 
a positive γ/γ’ misfit (δ > 0, i.e. aγ’ > aγ) exhibit a morphology of 
γ’-particles being more spherical, while the alloys with negative 
misfit (δ < 0, i.e. aγ > aγ’) are characterized by cuboidal shape of 
γ’-particles [37,38]. As different alloying elements partition 
preferentially and change the lattice parameter of either 
γ-matrix or γ’-precipitates, the lattice misfit δ is strongly de-
pendent on the partitioning coefficient γ/γ'

ik of the element i 
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(Equation 2.2). The partitioning coefficient γ/γ'
ik  is determined 

by the ratio of the concentration of an element i in the γ-phase 
( γ

ic ) to its concentration within the γ’-phase ( 'γ
ic ).  

'
'/

γ

γ
γγ

i

i
i c

c
k = (2.2) 

In general, the partitioning coefficient γ/γ'
ik describes how 

strongly an element segregates to one of the phases, i.e. γ/γ'
ik

equals 1 for homogeneous distribution, γ/γ'
ik > 1 describes the 

partitioning to γ-, while γ/γ'
ik < 1 to γ’-phase. Modern Ni-base 

superalloys contain usually up to even 12 alloying elements. 
Therefore, the understanding of elemental partitioning is cru-
cial for proper alloy design and optimization.  

Figure 2.4 The partitioning coefficient γ/γ'
ik of alloying elements of some 

commercial and experimental Ni-base superalloys. Elements Al, Ta, Ti parti-
tion preferentially to γ’-precipitates, while Re, Mo, Co, Cr and Ru partition to 
the γ-matrix phase. The most severe partitioning is found for element Re. 
After [36,39]. 
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The partitioning coefficients γ/γ'
ik  of commonly used alloying 

elements are represented graphically in Figure 2.4. It is evident, 
that elements Re, W, Mo or Cr partition preferentially to the 
γ-matrix phase, while the elements Al, Ta and Ni partition to 
γ’-precipitates. 

2.2.2 Rafting and topological inversion 
Under the conditions of high temperature and low stress the 
particles of γ’-phase exhibit a tendency to rafting, i.e. to direc-
tional coarsening. The formation of rafted microstructure is 
well documented in the literature and it is evidenced that this 
effect influences significantly the creep life of material [40,41].  

In general, two types of rafting can be distinguished: the 
negative or N-type and the positive or P-type. The N-type is 
characterized by the rafts elongated transverse to the externally 
applied stress. It can be found either in the superalloys of nega-
tive misfit stressed in tension or those with positive misfit 
stressed in compression. Conversely, the P-type rafting is char-
acterized by precipitates elongated parallel to the externally 
applied stress. It can be found in the superalloys of either posi-
tive misfit stressed in tension or negative misfit stressed in 
compression [42]. The schematic drawing of both types of raft-
ing developed in the superalloy of negative misfit is given in 
Figure 2.5. The corresponding SEM pictures of the microstruc-
ture with the N- and P-type rafts developed in the superalloy of 
negative lattice misfit are given in Figure 2.6.  

Figure 2.5 Schematic drawing of the rafting process in superalloys with nega-
tive misfit; rafts of: a) N-type and b) P-type.  

γ
γ’

σ1

γ
γ’

σ2σ1
σ2

γ’ γ’
γ γ

ba δ<0 N-type δ<0 P-type



2 Ni-base superalloys: Fundamentals 

13 

Figure 2.6 SEM pictures of a rafted microstructure developed in superalloys of 
negative misfit under a) tension and b) compression. After [43].  

The rafted microstructure is topologically inverted. Epishin et 
al. (2001) have shown that the directionally coarsened 
γ’-particles connect together with their closest neighbors by 
formation of junctions. This leads to the separation of γ-phase 
particles. As a consequence the γ’-phase forms a continuous 
matrix with the rafts of γ-phase distributed homogeneously 
within the new matrix [44]. 

2.3 Mechanical properties of Ni-base superalloys 

2.3.1 Re effect 
The first evidence of a beneficial effect of Re on the mechanical 
properties of Ni-base superalloys can be found in the patent of 
Smashey from 1975 [45]. In this work Re was found to strength-
en the matrix of unidirectionally solidified eutectic Ni-base 
superalloys. However, the mechanism of Re influence was not 
stated. From the beginning of 1980’s, the effect of Re in sin-
gle-crystal Ni-base superalloys started to be studied intensively. 
The work of Giamei and Anton (1985) has shown that Re has 
a strong effect on the microstructure and thus on creep proper-
ties of Ni-base superalloys [11]. By substitution of W by Re in 
a modified alloy Mar-M200 Giamei and Anton have evidenced 
that Re increases the activation energy barrier for coarsening of 
γ’-particles. As a mechanism of this phenomenon the authors 

ba σ σN-type P-type
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proposed that Re, which does not form γ’-phase, must diffuse 
away from the γ/γ’ interface to allow for the growth of 
γ’-particles. At the same time, W would only need to rearrange 
from FCC to the L12 structure of γ’-precipitates. Therefore, the 
diffusion rate of Re in Ni was proposed as a controlling factor 
of γ’-coarsening above 815°C. In the same work [11] Re was ob-
served to partition strongly to the γ-matrix phase and hence to 
increase its lattice parameter, leading to a negative γ/γ’ lattice 
misfit (see Chapter 2.2). Thus, Re-containing alloys were classi-
fied to be different from the alloys known that time, exhibiting 
mainly the positive lattice misfit [11]. The strong partitioning of 
Re to the γ-phase were observed later in a number of publica-
tions (e.g. Blavette et al. (1986) [46],  Hemmersmeier and Fell-
er-Kniepmeier (1998) [47] or Volek et al. (2005) [39]). 

The work of Blavette et al. [46,48] performed on 
a Re-modified CMSX-2 and PWA 1480 confirmed the beneficial 
effect of Re on the creep rupture life of single-crystal Ni-base 
superalloys. To explain the effect of Re, Blavette et al. employed 
one dimensional atom probe experiments [49] to investigate 
quantitatively the chemical composition of γ- and γ’- phases. 
The observed results revealed that there exists some inhomo-
geneity in the spatial distribution of Re. Based on this, the au-
thors proposed the existence of small Re clusters (~1 nm in 
size) in the γ-matrix phase. These clusters were expected to act 
as efficient obstacles for dislocation motions, leading to an in-
creased creep rupture life [46,48] of Re-containing Ni-base 
superalloys. The tendency of Re to build clusters within 
a γ-matrix phase of the 2nd generation superalloy CMSX-4 was 
further evidenced by Wanderka and Glatzel (1995) [50].  

In 1998 Warren et al. [51] applied 3D atom probe tomogra-
phy (3DAPT) to investigate the distribution of Re in a Ni-base 
superalloy RR3000 after high temperature testing. The authors 
found pileups of Re ahead the γ/γ’ interface. These pileups were 
evidenced to be a result of Re rejection from γ’-particles during 
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cooling and a small diffusion coefficient of Re in Ni. In this 
work the authors did not mention the existence of Re clusters.  

The possibility of Re clustering within a γ-matrix phase was 
studied further by Mottura et al. by means of 3DAP [52,53]. The 
authors did not find any evidence of Re clustering either in 
binary or commercial Ni-base superalloys. These findings 
proved their earlier investigations with the use of extended 
X-ray absorption fine structure (EXAFS) techniques [54]. In 
2012, the possibility of Re clustering was studied by Mottura et 
al. with the use of ab-initio density functional theory (DFT) 
calculations [55]. It was shown that the formation of Re-Re 
neighbors is energetically unfavorable. Moreover, according to 
DFT, Re clusters were not found to be stable within the 
γ-phase. Based on these findings, Mottura and Reed reported 
that the effect of Re must be due to slowing down the atomic-
scale diffusion mechanisms necessary for climb-controlled 
creep deformation [56]. 

Heckl et al. [10] investigated the Re influence on the creep 
strength of experimental Ni-base superalloys. In this work Re 
was substituted at the expense of Ni. According to the results, 
Re increases high temperature capabilities by even 
87K/at.-% Re by the addition from 1 to 2 at.-%. Such huge im-
provement of the alloy temperature capability by alloying with 
Re was assigned mostly to the high solid-solution strengthen-
ing effect of Re. In the same work [10] Heckl et al. reported as 
well a decreased coarsening coefficient of γ’ and shift of γ/γ’ 
lattice misfit to negative values. These effects are assumed to 
be caused by the strong partitioning of Re to the γ-phase and 
small diffusion coefficient of Re in Ni. 

The above given review shows that the beneficial effect of 
Re can be assigned in most of the cases to its strong partition-
ing to the γ-phase, what brings significant solid solution 
strengthening effect. Another factor may be a very low diffu-
sion coefficient of Re, which slows down the coarsening of the 
γ’-phase. 
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2.3.2 Ru effect 
As evidenced in Chapter 2.3.1, addition of Re to Ni-base super-
alloys has a very beneficial effect on creep strength. However, 
the paper of Giamei and Anton (1985) [11] shows that the solid 
solution strengthening effect of Re is limited by its solubility 
within a γ-matrix phase. This results in the tendency of the 
alloy to precipitate Re-rich (in general refractory-rich) TCP 
phases. For the detailed description of TCP phases and their 
deleterious effect on mechanical properties the reader is re-
ferred to Chapter 3. To either fully utilize the effect of Re or to 
replace Re totally, the Pt group metal Ru was added to the 4th 
generation of Ni-base superalloys to stabilize the microstruc-
ture and to further improve the creep strength [12,28,57]. How-
ever, although Ru is being added to Ni-base superalloys since 
more than a decade, its beneficial effect is still in question.    

Yeh et al. (2004) studied the effect of Ru on the high tem-
perature creep strength of two Ni-base superalloys: RR2100 and 
Ru-modified RR2101 [58]. Although at the temperature of 
1100°C the beneficial effect of Ru was evident under 100 MPa, it 
diminished with increased stress. In the same work [58] Ru was 
not found to alter the creep properties at 1000°C, regardless the 
stress. The authors concluded that Ru itself does not bring too 
much strengthening to the investigated Ni-base superalloy. The 
effect of Ru was thus assigned to its beneficial role in hindering 
TCP phase formation. In the other work Yeh and Tin (2005) 
[59] studied the effect of Ru in a number of experimental Ni-
base superalloys, also in pure γ- and γ’-phase alloys.  Addition 
of Ru was found to increase flow stress during tensile tests at 
900 and 1100°C. In this case, the effect of Ru was assigned to its 
high solid solution strengthening of both γ- and γ’-phase. Addi-
tionally, the effect of Ru was found to be considerably smaller 
than the effect of Re. Hobbs et al. (2008) [60] studied the influ-
ence of Ru in the 3rd generation superalloys SRR300D and 
CMSX-10N. The authors reported that addition of 3 wt.-% Ru 
enhances the creep resistance in both alloys. The beneficial 
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influence of Ru was assigned to both: increased  phase stability 
with respect to TCP phase formation and solid solution 
strengthening effect of γ- and γ’-phases [60]. In a related paper 
[61], the authors concluded the beneficial effect of Ru on creep 
strength to be a result of stabilizing the microstructure with 
respect to the formation of TCP phases. 

The effect of Ru on the creep strength of 3rd and 4th genera-
tion Ni-base superalloys was studied by Heckl et al. [10,62]. 
Addition of Ru to the 4th generation of Ni-base superalloys was 
evidenced to be beneficial regarding creep strength. However, 
mainly under low temperatures and low stresses. The signifi-
cant effect of Ru was reported by Heckl et al. in the alloys con-
taining low Re addition [10]. Therefore, the beneficial effect of 
Ru was assigned to a solid solution strengthening effect, but for 
the low Re containing alloys. In the alloys containing higher 
content of Re, the effect of Ru was found to diminish, especially 
in comparison to the effect of Re [10].  

Tan et al. [63] reported an increase of creep strength of ex-
perimental Re-containing Ni-base superalloys by addition of 
3 wt.-% of Ru. In this work the beneficial effect of Ru was as-
signed to the amplitude of the γ/γ’ lattice misfit. In 2013 the 
authors reported similar findings [64]. According to them Ru 
additions increase significantly the creep strength at very high 
temperatures (1000 and 1100°C) and low stresses in experi-
mental alloys containing 4 wt.-% Re. Addition of Ru was found 
to reduce the minimum creep rate and prolong the secondary 
creep stage. The mechanism of this phenomenon was assigned 
to the solid solution strengthening of γ-phase, decreased size of 
γ’-precipitates and therefore slowed down kinetics of 
γ’-coarsening [64]. 

The above given review shows that a number of positive ef-
fects are attributed to Ru, but no clear final picture is emerg-
ing. 
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3 Topologically close packed phases 

3.1 Definition of topologically close packed 
phases 

Topologically close packed (TCP) phases are intermetallic 
compounds rich in transition group metals such as Cr, Co, W, 
Mo and Re. Their precipitation limits the level to which above 
mentioned elements can be added to material without decreas-
ing phase stability [65]. The first reference to TCP phases is 
dated back to 1951, when Rideout et al. [66] reported precipita-
tion of intermediate phases in ternary alloy systems. 

3.1.1 Crystallography 
In general the crystal structures of TCP phases are composed of 
close packed layers of relatively small atoms (e.g. Ni or Cr), 
with large atoms (e.g. Re, W, Mo) residing between the layers 
in the center of the so called Frank-Kasper polyhedra described 
by the coordination number (CN) of 12, 14, 15 or 16. In other 
words, the crystallography of TCP phases can be considered as 
an assembly of coordination polyhedra with tetrahedral pack-
ing [67], what allows the most dense packing of atoms. The 
graphical illustration of the four ‘normal coordination polyhe-
dra’ (after [68]) is given in Figure 3.1.  

Figure 3.1 The four ‘normal coordination polyhedra’, also called Frank-Kasper 
polyhedra: a) icosahedron CN 12; b) CN 14; c) CN 15; d) CN 16. CN – coordina-
tion number (after [68]). The positions colored in grey and yellow represent 
the small and large atoms, respectively. 

CN12 CN14 CN15 CN16
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The positions colored in grey represent the possible location of 
smaller atoms while the ones colored in yellow represent larger 
atoms. The atoms in each layer are arranged to form so called 
‘Kagomé’ [67] or ‘Kagami’ [69] net (Figure 3.2). For simplicity, 
the name will be unified to Kagami net further in the text. 

Figure 3.2 A single layer of so-called Kagami net representing the close 
packed layer of atoms in TCP phases. The positions colored in grey represent 
the positions of smaller atoms (after [67]). 

Due to their relatively complex nature, there is a variety of TCP 
phases existing in Ni-base superalloys. The most commonly 
observed are σ-, µ-, P- and R- phase [69–74]. Besides the TCP 
phases, the δ-phase is frequently reported to precipitate in high 
Re and Ru containing Ni-base superalloys [75,76].  

The crystallography of TCP phases is currently well charac-
terized. Although reported lattice parameters of each phase 
vary slightly depending on the material composition, it is defi-
nitely stated that the σ-phase possesses tetragonal, µ-phase 
rhombohedral, P-phase orthorhombic and R-phase rhombohe-
dral crystal structure. The overview of the basic crystallograph-
ic information about distinct TCP phases and δ-phase is given 
in Table 3.1. The exemplary crystal structures are shown in Fig-
ure 3.3. 
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Table 3.1: The crystal structure of TCP phases and δ-phase observed in 
Ni-base superalloys [69,70,72,73,77]. 

TCP 
phase 

System 
(example) 

Space 
group 

Atoms 
per unit 

cell 

Lattice 
parameter 

[nm] 

Angle 

[°] 

σ 
Tetragonal 
(Cr2Re3) 

P42/mnm 30 
a = b = 0.93 
c = 0.486 

90 

µ 
Rhombohedral 
(W6Co7) R

−
3 m 39 

a = b = 0.47 
c = 2.55 

120 

P 
Orthorhombic 
(Cr9Mo21Ni20) 

Pnma 56 
a = 1.72 
b = 0.48 
c = 0.91 
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Figure 3.3 Visualization of the crystal structures of distinct TCP phases: 
a) σ-phase; b) μ-phase; c) P-phase; d) R-phase. The characteristic triangular
faces of coordination polyhedra are visible. After De Graef and McHenry
(2007) [78].
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TCP phases are observed to precipitate with the family of {111} 
planes of γ/γ’-microstructure as habitus planes and this finding 
is reported frequently in the literature. Depending on the TCP 
phase type, distinct orientation relationships with the γ-matrix 
phase are reported. The examples of the existing TCP/matrix 
orientation relationships are given in Table 3.2. Due to the fact, 
that the R-phase is observed either not frequently or only in 
a small amount, there is relatively little crystallographic infor-
mation about it in the literature. 

Table 3.2: The exemplary orientation relationship TCP/matrix. Based on [69–
71,79]. 

TCP 
phase 

Orientation relationship Source 
plane direction 

σ (001)σ // (111)γ [110]σ // [ 011
−

]γ [70,79] 

µ (111)μ // (111)γ [
−
11 0 ]μ // [

−
21 1 ]γ [71] 

P (010)P // (111)γ [102]P // [ 011
−

]γ [69] 

As evidenced in Table 3.1, there are existing similarities accord-
ing to the lattice parameters of distinct TCP phases. This is not 
surprising, since the close crystallographic relation between the 
σ- and P-phase was reported already in 1957 by Shoemaker et 
al. [80]. Moreover, as various TCP phases possess habitus planes 
parallel to the family of {111} planes of γ/γ’-microstructure (see Ta-
ble 3.2) one can even deduce the crystallographic relationships 
between distinct TCP phases. Such orientation relationships 
were observed in Ni-base superalloy first by Darolia et al. 
(1988). The authors studied Alloy 800, a Ni-base superalloy 
containing 3 wt.-% Re, and reported the coexistence of σ- and 
P-phase even within one TCP precipitate. In addition to the
crystallographic relationship both phases were characterized by
almost identical chemical composition [70]. Similar results
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were reported by Rae et al. (2000) and Rae and Reed (2001) 
who studied a number of Re-containing Ni-base superalloys 
with varying chemical composition [69,79]. In these reports in 
addition to σ/P the authors reported as well orientation rela-
tionship of σ/µ. An overview of the existing orientation rela-
tionships between distinct TCP phases is given in Table 3.3.  

Table 3.3: An overview of the orientation relationship between distinct TCP 
phases. 

TCP 
phase 

Orientation relationship Source 
plane direction 

µ (100)σ // ( 211
−

)µ [001]σ // [110]µ [79] 

P (001)σ // (010)P [110]σ // [100]P [70] 

3.1.2 Places of precipitation 
There are three main regions for the precipitation of TCP phas-
es reported in the literature for alloys after standard heat 
treatment: 

• grain interiors (bulk precipitation);
• grain boundaries (cellular discontinuous precipitation

or DP);
• diffusion zones below the protective coatings (second-

ary reaction zone or SRZ).
All three types of precipitation seem to be influenced by the 
supersaturation of refractory elements. However, in case of the 
discontinuous precipitation on the grain boundaries and sec-
ondary reaction zone below the coatings, the energy of the 
boundary and the stresses applied during coating preparation 
play an important role [81–83]. The bulk precipitation seems to 
be a result of chemical composition only. 
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3.1.3 Morphology  

TCP phases in the bulk 

The morphology of TCP phases is relatively complex, as shown 
in Figure 3.4. In the reports by different authors, needle-, plate- 
and blocky-shaped TCP particles are mentioned. Figure 3.4 
summarizes all of these morphologies. In the work of Volek et 
al. (2006) TCP phases are observed as needles on slightly 
etched cross-sections of the γ/γ’-microstructure [84] (see Fig-
ure 3.4a). Indeed such needles exhibit either needle- or plate-
like morphology when observed in SEM on deeply etched sam-
ples (Figure 3.4b-d). The needles, in turn, can arrange to form 
a basket-weave or Widmanstätten structure (Figure 3.4c) [70]. 

Figure 3.4 Distinct morphologies of TCP phases reported in the literature: 
a) needles; b) needles; c) basket weave structure formed of needles; d) plates.
Samples: a) non-etched, b-d) deeply etched. Pictures adapted from: a) [84],
b) [73], c) [70] and d) [69].

It is evidenced in the literature that distinct TCP phases can 
reveal more than one type of morphology, depending on the 
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alloy. For instance, Pessah-Simonetti et al. (1994) reported that 
μ-phase can precipitate in the shape of platelets (needles) or 
globular particles [71]. On the other side, Darolia et al. (1988) 
reported that various TCP phases can coexist within one TCP 
particle, e.g. the σ- and P-phase forming a basket weave struc-
ture in Alloy 800 [70].  

TCP phases at the grain boundaries and within the secondary 

reaction zone 

The morphology of TCP phases on the grain boundaries and 
within the secondary reaction zone is basically very similar. 
Both types of precipitation exhibit the TCP phases of columnar 
morphology growing perpendicular to the reaction front. The 
exemplary image of the columnar microstructure on the cross-
section and as a 3D reconstruction is shown in Figure 3.5. The 
growth of TCP phases in form of DP colonies and as a SRZ 
leads to a change in the microstructure basically similar to the 
topological inversion (see Chapter 2.2.2): γ’-phase takes over 
the role of continuous matrix while the γ-phase transforms into 
columnar islands, similar to those of TCP particles. 

Figure 3.5 The cellular morphology of TCP phases in a DP colony on a high-
angle grain boundary: a) cross section imaged with backscattered electrons 
(BSE) in scanning electron microscope (SEM) and b) 3D reconstruction of the 
TCP morphology obtained with the use of FIB-SEM (after Heckl et al. (2012) 
[85]). 

ba
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3.1.4 Chemical composition 
Quite in general, as determined by energy dispersive X-ray 
analysis (EDX) in TEM, TCP phases are composed mainly from 
elements Ni, Co, Cr, W and Re [70,73,79]. There is no strong 
tendency to partition to TCP phases for the elements Al, Ti, Ta 
or Nb. Depending on the TCP phase type there exist some dif-
ferences in their chemical composition. For instance, as report-
ed by Rae et al. (2000) -phase is rich in Cr and low in Mo, 

-phase is rich in Mo (or W) and P- as well as R-phase are 
characterized by almost equal concentration of Mo and Cr [79] 
(see Figure 3.6). However, as reported by Joubert (2008) for the 

-phase, chemical composition of distinct TCP phases can vary 
significantly depending on the nominal composition of the 
system [86].  

Figure 3.6 Chemical composition of distinct TCP phases determined by 
means of EDX in TEM for the alloy RR2071. Data adapted from Rae et al. 
(2000) [53]. 

3.1.5 Precipitation sequence 
It was first speculated by Darolia et al. (1988) that there has to 
exist some planar phase being a precursor for equilibrium TCP 
phases [70]. More than one decade later it was experimentally 
confirmed by Rae et al. (2000) that such a precursor can be 
a planar -phase. The authors found -phase to be metastable, 
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precipitating often as a first phase and dissolving with the an-
nealing duration [79]. Nevertheless, they did not confirm the 
existence of metastable σ-phase in all investigated time-
temperature conditions. Similar findings were reported in re-
lated works of Rae and Reed (2001) [69], Karunaratne et al. 
(2001) [73] or Hobbs et al. (2008) [87]. Yang et al. (2007) 
showed that the σ-phase might dissolve also due to the precipi-
tation of Cr-rich carbides [88]. These reports did not bring 
conclusions why TCP phases undergo sequential phase trans-
formation.  

A detailed study of the precipitation sequence was first per-
formed by Rettig and Singer (2011). The authors developed 
a numerical model based on CALPHAD and DICTRA method-
ology to predict the kinetics of TCP phase precipitation in mul-
ticomponent superalloys [89,90].  

Figure 3.7 Activation energies for nucleation directly from the 
γ/γ’-microstructure and as a sequence σ→ P. Indirect precipitation of equilib-
rium phases is favored (after Rettig and Singer (2012) [91]). 

With the use of the model Rettig and Singer (2012) estimated 
the activation energy barrier for two variants of precipitation: 
1) the nucleation of σ- and P-phase directly from the
γ/γ’-microstructure and 2) the P-phase nucleation from existing
σ-phase. Significant reduction in the activation energy barrier
for nucleation was observed when the P-phase precipitated
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from the σ-phase (see Figure 3.7). Based on these findings and 
study of the driving force for distinct phases the authors con-
cluded that the interfacial energy TCP/matrix and TCP1/TCP2 
determines the precipitation sequence [91]. Until now these 
results were not confirmed experimentally. 

3.2 Effect of TCP phases on mechanical properties 
Precipitation of TCP phases can be detrimental to mechanical 
properties, especially to the creep strength of the material. The 
deleterious effect of TCP phases is brought about by two main 
mechanisms:  
1) chemical composition and depletion of refractory elements 
from the γ-matrix; 
2) morphology of TCP phases and their potency to act as crack 
initiation sites. 

3.2.1 Composition related mechanism 
TCP phases are composed mainly of refractory elements 
[79,92]. Therefore, the nucleation and growth of TCP particles 
will reduce the saturation of refractory elements in the 
γ-matrix phase. As a consequence, the solid solution strength-
ening of γ-phase is reduced. Such finding was suggested al-
ready in 1985 by Giamei and Anton, who observed precipitation 
of Cr and Re rich σ-phase in Ni-base superalloy [11]. The au-
thors concluded that the full potential of Re as a solid solution 
strengthener is limited by precipitation of TCP phases. In a few 
publications the effect of TCP phases was reported not by itself 
but by comparison with Ru-containing alloys. For example, 
Hobbs et al. (2008) showed that Ru-containing alloys which are 
not prone to TCP phase precipitation, reveal improved creep 
rupture life [60]. Reed et al. (2007) observed formation of pores 
in the vicinity of TCP phases. Those pores were induced by TCP 
phase precipitation and led to decreased creep life of the alloy 
[93]. The direct effect of TCP phase precipitation can be found 
in the reports of Volek et al. (2006) [84] or Heckl et al. (2012) 
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[85]. Volek et al. (2006) showed an increased creep rate in the 
alloys forming TCP phases. The effect was caused by loss of 
solid solution strengthening due to TCP phase precipitation 
[84]. Heckl et al. (2012) studied in turn the creep rupture life of 
the same alloy cast in two variants: the first one with direction-
ally solidified columnar grains and the second in a single crys-
tal form. The DS alloy was prone to precipitate TCP phases on 
the grain boundaries, while the SC one was stable in this re-
spect. It was shown that the precipitation of TCP phases on the 
grain boundaries reduced the creep rupture strength [85]. 

3.2.2 Morphology related mechanism 
The second mechanism is connected to the morphology of TCP 
phases and their tendency to form cracks. This aspect was stud-
ied thoroughly by Pessah et al. (1992) [94] and Simonetti and 
Caron (1998) [95]. The former study showed that a limited con-
tent of µ-phase can be tolerated in the microstructure as it does 
not influence mechanical properties [94]. In the latter one the 
study of needle-like and globular µ-phase revealed that TCP 
phases are prone to form cracks. Interesting is that needle like 
precipitates tend to form internal cracking, without loss of co-
hesion with the matrix. Unlike, the particles of globular mor-
phology were prone to decohesion with the matrix but without 
forming internal cracks. Those TCP induced cracks were shown 
not to affect the low cycle fatigue when the content of TCP 
particles was less than 0.85%. However, when this value was 
reached the creep rupture life of material was significantly re-
duced. On the other side, Hou et al. (2006) did not report any 
adverse effect of plate-like σ-precipitates on the creep strength 
in the alloy K44 [96].  
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3.3 Re effect on the precipitation of TCP phases 
It is commonly accepted, mostly on the basis of residual segre-
gation to the dendrite cores that Re increases the susceptibility 
of material to form TCP phases. In other words, Re changes the 
thermodynamics of the material increasing the driving force for 
TCP phase precipitation.  

However, Re effect does not only reflect thermodynamic as-
pects but also kinetics. In 1988 Darolia et al. presented TTT 
curves for the precipitation of TCP phases within the alloys 
containing different content of Re. In this case Re was substi-
tuted for W, keeping all other elements constant. It was shown 
that an addition of Re shifts the nose of TTT curves to a higher 
temperature and lower annealing times (Figure 3.8) [70], i.e. Re 
changes the kinetics of phase transformation as well.  

Figure 3.8 The TTT curves for the TCP phase precipitation as a function of Re 
content. The curves correspond to the time when the first TCP particles were 
detected (after [70]). 

3.4 Ru effect on the precipitation of TCP phases 
There exist many reports claiming the retarding effect of Ru on 
the precipitation of TCP phases. However, although the effect 
is reported since almost three decades, the detailed mechanism 
of the beneficial influence of Ru is still in question. Some of the 
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proposed mechanisms relate more to thermodynamics, while 
the other to the kinetics of phase transformation. 

3.4.1 Reverse partitioning effect 
The most controversial theory is based on the so called ‘reverse 
partitioning’ effect. According to it, Ru changes the characteris-
tic of elemental partitioning between the γ-matrix phase and 
γ’-precipitates. More precisely, it is described that Re, which 
goes preferably to γ-phase (see Chapter 2.2), segregates back to 
γ’-phase when Ru is present in the alloy. Therefore, the super-
saturation of γ-phase with Re is reduced and the driving force 
for TCP phase precipitation is decreased. The first reference to 
this mechanism is dated back to 1996 to the US Patent of 
O’Hara et al. [12]. Since that time the theory was confirmed in 
a number of publications. For instance by Ofori et al. (2004) 
[97], Tin et al. (2004, 2006) [98,99], Neumeier et al (2008) [38] 
or Tan et al. (2012) [100]. On the other side there are as well 
many reports showing no reverse partitioning effect in Ni-base 
superalloys. In 2004 Reed et al. employed atom probe and did 
not find any substantial effect of Ru in altering the precipita-
tion characteristic of other solutes [101]. Similar findings were 
reported on the basis of electron probe microanalysis (EPMA) 
investigations by Yokokawa et al. (2003) for all Pt group metals 
[102].  Volek et al. (2005) employed EDX in TEM and did not 
observe reverse partitioning as well [39]. These contradicting 
reports were finally summarized by Carrol et al. (2006, 2007) 
who reported that the reverse partitioning effect of Re is not 
only dependent on the Ru, but also strongly on Cr additions 
[103,104]. 

3.4.2 Increased Re solubility in the γ-phase 
The study by Sato et al. (2006) proved the beneficial effect of 
Ru on the precipitation of TCP phases, being the first and, to 
the knowledge of the author, the unique report showing this 
effect quantitatively [74]. The authors studied the combined 
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area fraction of TCP phases and their density as a function of 
annealing temperature and time (Figure 3.9a). Based on the 
results it was stated that Ru reduces the area fraction of TCP 
phases by reducing the number of TCP precipitates. The mech-
anism of this phenomenon was assigned to the solubility of Re 
in the γ-phase (Figure 3.9b). Contrary to reverse partitioning of 
Re it was shown that Ru addition increases the solubility limit 
of Re and W in the γ-phase. Therefore Ru reduces the region 
which is supersaturated with Re and W leading to a lower area 
fraction of TCP phases [74]. In other words, Ru reduces the 
volume of material, which is thermodynamically prone to TCP 
phase precipitation. The graphical illustration of the observa-
tions by Sato et al. (2006) is given in Figure 3.9. 

Figure 3.9 The quantitative influence of Ru on: a) TCP area fraction and b) 
solubility index (SI) in the alloys TMS-121 (no Ru), TMS-138 (2 wt.-% Ru) and 
TMS-138+ (2.5 wt.-% Ru). Ru reduces the area fraction of TCP phases by in-
creasing the solubility index of Re and W in the γ-phase (after [74]). 

The aspect of Re solubility was also studied by Heckl et al. 
(2011). The authors investigated TCP phases in the discontinu-
ous precipitation colony. With the use of EPMA they showed 
that the equilibrium Re concentration in the γ-phase is in-
creased by the addition of Ru [83]. Therefore, it was concluded 
that Ru increases the solubility limit of Re in the γ-matrix 
phase. 
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3.4.3 Increase of γ-volume fraction 
Yeh and Tin (2006) reported that addition of Ru to Ni-base 
superalloys containing high level of refractory elements mini-
mizes the formation of TCP phases [105]. The authors proposed 
that Ru destabilizes γ’-phase, i.e. Ru increases the volume frac-
tion of γ-phase. Moreover, it was stated that Ru exhibits limited 
solubility in TCP phases. Nevertheless, the clear picture was 
not emerged.  

In 2008 Hobbs et al. studied precipitation of TCP phases at 
a temperature of 1100°C and confirmed that Ru suppresses their 
precipitation [87]. The proposed mechanism of this effect was 
more complex than previously thought. Hobbs et al. concluded 
that the role of Ru as a TCP phase suppressant has to be as-
signed to a combined effect of 1) its limited solubility in TCP 
phases; 2) a lower density of structural growth ledges at the 
TCP/matrix interface (see Figure 3.10) and 3) destabilization of 
γ’-phase at the high temperature, i.e. increase of γ-volume frac-
tion. 

Figure 3.10 The structure of the growth ledges at the γ’/P interface in the 
alloys with a) no Ru and b) 3 wt.-% Ru. Addition of Ru reduces the density of 
structural growth ledges (after [87]).  

Based on the limited solubility of Ru in a TCP phase the au-
thors stated that the rejection of Ru from and supply of Re to 
P-phase is likely to control the growth rate of TCP phases. This
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might have a secondary effect resulting in a reduced density of 
growth ledges at the interface. Moreover, the decreased 
γ’-volume fraction at the high temperature was suggested to 
reduce significantly the level of γ-supersaturation in TCP form-
ing elements, particularly Re. As a consequence the driving 
force for TCP phase precipitation should be significantly re-
duced [87]. 

3.4.4 Driving force and interfacial energy 
Rettig and Singer (2012) studied the effect of Ru on the TCP 
phase precipitation in a number of Ni-base superalloys with the 
use of numerical experiments [91]. More precisely, the authors 
used the fully multicomponent model developed by themselves 
earlier [90] to study the TTT diagrams, driving force, composi-
tion of the matrix and precipitates as well as precipitation se-
quence of TCP phases. The results of their simulations show 
that Ru suppresses the TCP phase precipitation mostly by con-
trolling nucleation. The effects of reverse partitioning and the 
γ’-volume fraction were not found to influence nucleation sig-
nificantly. It was concluded that although Ru might increase 
the thermodynamic stability of the system slightly, i.e. reduc-
ing the driving force, its main effect is due to the increased 
interfacial energy between TCP phase and matrix. 

In situ TEM investigations by Gao et al. (2014) revealed that 
Ru indeed controls the nucleation of TCP particles within the 
γ-matrix phase [106]. However, the authors did not discuss the 
possible mechanisms of Ru influence. 

3.4.5 Adverse effect of Ru 
Although the great majority of publications report the benefi-
cial effect of Ru in controlling TCP phase precipitation, there 
can be also found some showing its adverse effect. For instance, 
Chen et al. (2010) reported an increase of TCP phase volume 
fraction by addition of Ru [107]. The authors concluded that 
the addition of Ru increased the degree of Re and Cr supersatu-
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ration in the γ-phase. Therefore, Ru addition resulted in the 
higher content of TCP phases.  
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4 Thermodynamics and kinetics of 
phase transformation 

4.1 Gibbs free energy – towards the equilibrium 
Quite in general, each system, e.g. alloy consisting of one or 
more phases, can be characterized by the Gibbs free energy G, 
which is a function of the system’s internal energy E, entropy S 
and temperature T as well as pressure P and volume V.  

 TSPVEG −+=  (4.1) 

The Gibbs free energy gives the information about the thermo-
dynamic potential of the system, i.e. its relative tendency to 
phase transformation under constant temperature T and pres-
sure P. The most stable state of the system, i.e. equilibrium, is 
thus reached when system does not tend to any changes. This 
situation can be described by Equation 4.2.  

 0
dc
dG

=  (4.2) 

The graphical interpretation of equilibrium is given in Figure 
4.1. Considering the simplest example of one phase material it 
can be shown that Equation 4.2 can be locally fulfilled for more 
than one atom configuration. However, the condition for stable 
equilibrium is satisfied only when the system exhibits the low-
est possible Gibbs free energy (G2). The state of the system 
when Equation 4.2 is not fulfilled (dG/dc ≠ 0) and the system 
does not possess the lowest global free energy (G1>G2) is a met-
astable state.  

Each system tends always to minimize its energy, i.e. to 
reach the stable equilibrium. Thus, the main criterion for any 
transformation to occur is an existing driving force ΔG, which 
is the free energy change between the final (G2) and initial (G1) 
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states of the system (Equation 4.3). In other words, the system 
tends to transformations which lead to energy release. 

01G2GG <−=Δ  (4.3) 

Equation 4.3 implies in the simplest form that the system ful-
filling it is thermodynamically not stable and tends to phase 
transformations. However, it does not determine whether the 
system goes from the initial (G1) to the final (G2) state directly 
or indirectly, i.e. through metastable conditions. In any case 
the system must first overcome the free energy barrier ΔG* 
(Figure 4.1), i.e. it must increase its total Gibbs free energy. The 
contributions influencing ΔG* will be described further in the 
text. 

Figure 4.1 The graphical representation of the Gibbs free energy of the sys-
tem. The stable equilibrium is represented by point 2. Point 1 refers to the 
metastable equilibrium. The activation energy barrier separates both states of 
the system (after: Porter et al. [108]). 

Although the conditions given in previous paragraphs are basi-
cally valid for all of the systems, the equilibrium in case of mul-
ti-phase alloys is more complicated. As Ni-base superalloys 
contain even up to 10 components and are two-phase material 
in initial state, the interpretation of equilibrium in such sys-
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tems needs further explanation. For this purpose, Figure 4.2 
has to be considered, which is for a binary system. 

Figure 4.2 The Gibbs free energy in a heterogeneous system. The stable equi-
librium is marked as Ge with CMe and CPe being the equilibrium composi-
tions of matrix and precipitate, respectively; CMi is the initial composition of 
the matrix. 

The equilibrium in heterogeneous systems is significantly de-
pendent on the chemical composition of the alloy. Analysis of 
Figure 4.2 shows that each phase, matrix M and precipitate P, 
exhibits its lowest free energy for different alloy compositions. 
If the content of element B is lower than CMe or greater than 
CPe the alloy tends to one-phase equilibrium, homogeneous 
solid solution. However, if the initial composition of the alloy 
CMi is between CMe and CPe, the alloy tends to equalization of 
chemical potential µ of each component in distinct phases. 
This is graphically given by the tangent to both G curves in 
Figure 4.2. Therefore, the alloy rearranges atoms into two 
phases reaching the equilibrium composition of both matrix 
and precipitate, CMe and CPe, respectively. 

4.2 Nucleation 
If they are diffusion controlled, phase transformations take 
place by nucleation and growth of precipitates. 

Nucleation, from the definition, relies on thermally activat-
ed atomic movement to create a new phase, i.e. precipitate 
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with different chemical composition than the matrix. Since 
engineering materials possess a number of defects, which in-
crease the free energy of the system, the nucleation is in most 
cases a heterogeneous process. 

Considering precipitation of a small volume of new phase P 
from the matrix, the atoms must first diffuse together to form 
a small cluster, i.e. volume of P phase composition and then 
rearrange into crystal structure of phase P. Although, there is 
a huge contribution of this process leading to release free ener-
gy of the system, there are also factors increasing it. The free 
energy change caused by nucleation is then as follows: 

 DGSGViAVGVG ΔΔΔ Δ −−= ++ ∑  i γ  (4.4) 

or 

 ∑ −+−−= ∆∆∆ DΔGiA)SGVGV(G iγ  (4.5) 

where: 
  V is the volume of precipitate 

ΔGV is the chemical driving force for precipitation 
(per unit volume of precipitate) 

ΔGS is the misfit strain energy (per unit volume of 
precipitate) 

 A is the area of interface 
γ is the interfacial free energy (per unit area of 

precipitate) 
ΔGD is the free energy released by defect destruction 

 
Equation 4.5 implies that the free energy change due to pre-
cipitation is a function of the transformed volume. Creation of 
a volume V of precipitate P causes a volume free energy reduc-
tion of V·ΔGV. As the transformed volume does not fit perfectly 
to the matrix phase there is as well the contribution from the 
misfit strain energy ΔGS. Moreover, the interfacial effects play 
an important role. First of all, there is an input of the interfacial 
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energy regarding the coherency of the interface (lowest values 
of γ for the coherent and highest for incoherent interfaces). 
Further, the contribution due to differences in chemical com-
position of matrix and precipitate plays an important role. Both 
misfit strain energy and interfacial energy reduce the free ener-
gy change. If the creation of a nucleus destroys a structural 
defect, some free energy of the defect ΔGD may be released as 
well. These phenomena are represented schematically in Figure 
4.3 for the process of homogeneous nucleation (no contribu-
tion of ΔGD).  

Figure 4.3 The activation energy barrier ΔG* as a result of the distinct factors 
influencing the free energy change of the system.  

It is shown, that for nucleation the activation energy barrier 
ΔG* must be first overcome. Moreover, there exists the critical 
size of nucleus r*, below which a nucleus formed is not stable 
and dissolves again. Both ΔG* and r* are the functions of inter-
facial energy and chemical driving force reduced by misfit 
strain energy (Equation 4.6 and 4.7). However, the main factor 
controlling ΔG* and r* is the chemical driving force for precipi-
tation ΔGV. 
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4.2.1 Driving force for nucleation 
The driving force for nucleation ΔGN is not equal to the total 
free energy change ΔG0 when the precipitation is completed. 
This fact can be explained with the use of Figure 4.4. The main 
reason for the precipitation of a new phase is a supersaturation 
of the matrix phase with element B, in most cases caused by 
the temperature change, i.e. undercooling. 

Figure 4.4 The Gibbs free energy in a heterogeneous system. The driving 
force for the precipitation of first nuclei is ΔGN, while for the full precipita-
tion process it is ΔG0. Compare with Figure 4.2.  

By changing the temperature the alloy tends to precipitate new 
phase P, as the equilibrium is reached for the coexistence of the 
matrix and precipitates. After the full transformation the free 
energy of the alloy decreases by ΔG0. Point N in Figure 4.4 rep-
resents the situation, where a small amount of material with 
a composition of new phase is removed from the matrix. This 
does not change significantly the composition of the matrix. 
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However, due to changes in chemical potentials, it does change 
the free energy of the alloy by ΔG1: 

 P
BCM

B
P
ACM

A1G µµ +=Δ  (4.8) 

Subsequently, the atoms are rearranged into the crystal struc-
ture of P phase and replaced what causes the total free energy 
change given by ΔG2: 

 P
BCP

B
P
ACP

A2G µµ +=∆  (4.9) 

As a result the free energy change and hence the driving force 
for nucleation of new phase formed is given by ΔGN: 

 12N GGG ∆−∆=∆  (4.10)  

From the above given conditions it becomes clear that the driv-
ing force is very sensitive to the mole fraction (CP) of the pre-
cipitate P and supersaturation of the matrix (CMi - CMe). 

4.2.2 The rate of nucleation 

Homogeneous nucleation 

The rate of homogeneous nucleation Nhom is given by the fol-
lowing equation, which contains a diffusivity/kinetic term and 
a driving force term: 
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 −=

kT
G
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kT
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*
m
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ΔΔ  (4.11)   

where: 
N0 is the prefactor including vibration frequency 

and the area of critical nucleus as well as num-
ber of atoms per unit volume in the phase 

ΔGm is the activation energy for the atomic migration 
k is the Boltzmann constant 
ΔG* is the activation energy barrier 
T is the temperature  
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Heterogeneous nucleation  

The rate of heterogeneous nucleation is given by the same 
equations as for the case of the homogeneous one (Equation 
4.11). Nevertheless a few general distinctions can be mentioned. 
The first one is the concentration of possible nucleation sites, 
dependent on the concentration of defects, influencing the 
parameter N0. The second is the energy of eliminated defects, 
which might significantly reduce the activation energy barrier 
ΔG*. Assuming an equal concentration of possible nucleation 
sites, the rate of heterogeneous nucleation is always higher 
than in case of homogeneous nucleation. Moreover, the differ-
ence is the larger the more the activation energy barrier is re-
duced by the defect energy. 

4.3 Growth of precipitates 
When the nuclei achieve the minimum radius r* enabling their 
stability, further progress in the energy minimization will be 
achieved by their growth, i.e. migration of the interfaces, main-
taining possible lowest interfacial energy. In case of most engi-
neering materials the growth rate is dependent, similar to nu-
cleation, on the chemical driving force and the diffusivity of 
elements forming new precipitates.  

The mobility of interfaces determines the shape of growing 
particles. The coherent interfaces with perfect matching of ad-
jacent crystals exhibit low mobility and result in a plate- or 
disc-shaped precipitates. The incoherent interfaces are, in turn, 
highly mobile enabling fast growth of precipitates.  

4.4 Kinetics of phase transformation – TTT diagrams 
The overall transformation kinetics can be represented by 
time-temperature-transformation (TTT) diagrams, where the 
fraction of transformation f is plotted as a function of time and 
temperature. The exemplary TTT diagram is given in Figure 
4.5a. The value of f varies in the range from 0 to 1 (or 0 to 
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100%), where 1 corresponds to maximum volume content of 
new phase, i.e. full transformation.  

Figure 4.5 Schematic representation of the transformation kinetics: a) TTT-
diagrams showing the 1 and 99% of transformation as a function of time and 
temperature; b) the JMA plots representing the kinetics of transformation 
under isothermal conditions (after Porter et al. (2009) [108]). 

Under isothermal conditions the fraction of transformation is 
commonly represented by sigmoidal shape curves, as demon-
strated schematically in Figure 4.5b. These curves are con-
structed with the use of Johnson-Mehl-Avrami (JMA) equation 
(Johnson and Mehl (1939) [109], Avrami (1941) [110]). Its simpli-
fied form, after Porter et al. (2009), is given by Equation 4.12 
[108]:  

)tkexp(1f(t) n⋅−−= (4.12) 

where: 
f(t) is a fraction of transformation 
n is a numerical exponent whose value can vary 

from ~1 to 4 
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k is a parameter dependent on the nucleation and 
growth rates, as well as temperature 

Both parameters n and k depend as well on the mechanism of 
nucleation and growth, since nucleation can have a continu-
ous, site saturation or cellular transformation character. 
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5 Materials and processes 

5.1 Investigated materials 
Six experimental Ni-base superalloys of 2nd, 3rd and 4th genera-
tion were studied in this work to clarify the effect of Re and Ru 
on the precipitation of TCP phases. These alloys were designed 
by Heckl et al. (2010) to study castability, segregation charac-
teristics and mechanical properties of Ni-base superalloys [111]. 
The detailed chemical composition of the alloys defined in 
at.-% as well as wt.-% is given in Table 5.1. The alloy series As-
tra 1 is derived from the 2nd generation Ni-base superalloy 
CMSX-4 by removal of Ti and Hf. The alloy names consist of 
two additional numbers, i.e. Astra 1-XY, where X and Y refer to 
the content (at.-%) of Re and Ru, respectively. Re and Ru are 
added to the base material Astra 1-10 at the expense of Ni 
to avoid unintended compositional changes. 

Table 5.1: Chemical composition of investigated alloys (at.-% and wt.-%) 

Alloy  Al Co Cr Mo Ta W Re Ru Ni 

Astra 1-10 
at.-% 13.5 9.0 6.0 0.6 2.2 2.0 1.0 0 bal. 
wt.-% 6.0 8.73 5.14 0.95 6.56 6.06 3.07 0 bal. 

Astra 1-11 
at.-% 13.5 9.0 6.0 0.6 2.2 2.0 1.0 1.0 bal. 
wt.-% 5.96 8.67 5.1 0.94 6.51 6.01 3.05 1.65 bal. 

Astra 1-12 
at.-% 13.5 9.0 6.0 0.6 2.2 2.0 1.0 2.0 bal. 
wt.-% 5.92 8.61 5.07 0.94 6.47 5.97 3.02 3.28 bal. 

Astra 1-20 
at.-% 13.5 9.0 6.0 0.6 2.2 2.0 2.0 0 bal. 
wt.-% 5.88 8.56 5.03 0.93 6.42 5.93 6.01 0 bal. 

Astra 1-21 
at.-% 13.5 9.0 6.0 0.6 2.2 2.0 2.0 1.0 bal. 
wt.-% 5.84 8.5 5.0 0.92 6.38 5.89 5.97 1.62 bal. 

Astra 1-22 
at.-% 13.5 9.0 6.0 0.6 2.2 2.0 2.0 2.0 bal. 
wt.-% 5.8 8.44 4.96 0.92 6.34 5.85 5.93 3.22 bal. 

5.2 High rate solidification vacuum process 
The alloys were cast according to the standard in-house proce-
dure developed and described previously by Heckl et al. [111]. 
The proper amount of master melt Astra 1-00, bought from 
Doncasters Precision Castings Bochum GmbH (DPC GmbH, 
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Bessamer Str. 80, 44793 Bochum) was alloyed with pure ele-
ments necessary to achieve the desired composition. The care-
ful control of the input and output mass of elements as well as 
long lasting in house experience allowed to ensure the desired 
composition of produced alloys. Such prepared materials were 
subsequently transformed into the columnar grain structure by 
directional high rate solidification (HRS) in a Bridgman-type 
vacuum induction melting furnace. The cluster of three cylin-
drical rods with a diameter of 12 mm and a height of 180 mm 
were cast with a withdrawal speed of 9 mm min-1. This allowed 
obtaining the dendritic structure with a primary dendrite arm 
(PDA) spacing of 180 µm. The scheme of the shell mold, cast 
cluster and resulting dendritic microstructure are shown in 
Figure 5.1. 

Figure 5.1 a) The schematic drawing of the shell mold for the cluster of three 
rods mounted together; b) cast cluster; c) resulting dendritic microstructure 
normal to the <001> dendrite growth direction. 

5.3 Standard heat treatment 
The casting process resulted in a relatively strong dendritic 
segregation of refractory elements. For the elimination of this 
problem a standard heat-treatment procedure was implement-
ed. It consisted of three steps: solutioning and two aging steps. 
All the steps of heat treatment were conducted under Ar at-
mosphere to protect the material against oxidation. Solution-
ing of the alloys was performed to dissolve residual eutectics 
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and equalize the distribution of alloying elements within the 
dendritic structure. Subsequently, two aging steps allowed for 
precipitation of γ’-phase and stabilization of its morphology.  

A schematic profile of the applied heat treatment procedure 
is given in Figure 5.2. Solutioning heat treatment was per-
formed with the use of a GERO furnace at the Joint Institute of 
Advanced Materials and Processes (ZMP) located in Fürth. 

Figure 5.2 The schematic profile of the applied heat treatment procedure. 
Step 1 refers to solutioning in order to dissolve residual eutectics and homog-
enize distribution of alloying elements. Step 2 and 3 refers to precipitation of 
γ’-phase and stabilization of its morphology, respectively. 

Table 5.2: The details of applied heat treatment procedure 

Step Heating rate 
[K/min] 

Temperature 
[°C] 

Holding 
time 
[h] 

Cooling 

Solutioning 4 1340 16 Ar flow 
1st annealing 4 1140 2 In air 
2nd annealing 4 870 24 In air 

To achieve the best possible temperature gradient profile cast 
samples were cut into rods of 50 mm in height and placed in 
alumina crucibles as close as possible to the center of the 
chamber. The cooling was realized by a controlled Ar flow. The 
aging steps were performed at the Institute WTM with the use 
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of a chamber furnace Rohde ME12/13 (A. Schroder GmbH, Haf-
enstr.10, 65439 Flörsheim am Main) rebuilt in respect to allow 
for the Ar flow during the heat treatment procedure. After the 
procedure of isothermal holding materials were removed from 
the furnace and quenched in air. 

5.4 Isothermal annealing procedure 

5.4.1 Specimen preparation 
Material after full heat treatment procedure (state denoted 
further in the text as ‘initial’) was sectioned perpendicular to 
the <001> direction of the dendrite growth. This allowed ob-
taining specimens for the process of TCP phase precipitation. 
Specimens of 10 mm in height and 12 mm in diameter were 
isothermally annealed at various time-temperature conditions. 

5.4.2 Annealing parameters / precipitation of 
TCP phases 

The isothermal annealing procedure was performed under Ar 
atmosphere in a Rohde ME12/13 chamber furnace (A. Schroder 
GmbH, Hafenstr.10, 65439 Flörsheim am Main, Germany), the 
same which was used for the aging steps of standard heat 
treatment.  

The temperatures for annealing procedure were chosen on 
the basis of thermodynamic calculations (see Chapter 6.9) with 
the use of ThermoCalc v 3.1 (Stockholm, Sweden) and the data-
base TTNi8 as well as literature study [69,70,74]. On the basis 
of them the temperature range for isothermal annealing was 
chosen between 950°C and 1250°C. This temperature range 
allowed to ensure relatively high probability of TCP phase ex-
istence as well as enough mobility of TCP phase forming ele-
ments. Depending on the temperature the annealing procedure 
was performed for up to 2000 h. At the temperatures of the 
most rapid nucleation, i.e. close to the nose of TTT diagrams, 
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the analysis of the microstructures was started even after 0.25 h 
(15 min) of isothermal annealing. 
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6 Methodology 

6.1 Sample preparation 
Metallographic preparation of the samples was performed ac-
cording to the standard procedures implemented at the Insti-
tute of Science and Technology of Metals WTM. Tested speci-
mens, cross-sectioned normal to <001> casting direction, were 
mounted in a resin. For the chemical composition investiga-
tions in the electron probe micro-analyzer (EPMA, see Chapter 
6.6) samples were hot embedded using a mounting press Opal 
450 (ATM GmbH, Emil-Reinert-Str. 2, 57636 Mammelzen, 
Germany). The epoxy resin Epo-black 920014 (ATM GmbH, 
Emil-Reinert-Str. 2, 57636 Mammelzen, Germany) was used 
under the pressure of p=70 bar and at temperature of 180°C. 
Subsequent cooling to room temperature was realized by water 
flow. Samples prepared for microscopic investigations were 
cold embedded using an epoxy resin Technovit 4071® (Heraeus 
Kulzer GmbH, Wehrheim, Germany). Such prepared samples 
were ground and polished according to the procedure stated in 
Table 6.1. Between all of the preparation steps, specimens were 
cleaned in an ultrasonic bath for 5 min. 

Table 6.1: The overview of the applied steps of metallographic preparation. 

Step System Lubricant Duration Load Revolution 

1st grinding SiC paper 80-320 water 1-2 min manual 300 min-1 

2nd grinding MD-Piano 600-1200 ‘Lubrikant 

grün’ 

3 min 25 N 300 min-1 

1st polishing MD-Allegro 6 µm ‘Lubrikant 

grün’ 

5 min 25 N 300 min-1 

2nd polishing MD-Mol 3 µm ‘Lubrikant 

grün’ 

10 min 20 N 300 min-1 

3rd polishing MD-Chem 0.25 µm OP-U:water 

(1:5) 

10 min 15 N 150 min-1 
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Figure 6.1: a) The construction of directional concentric backscattered (CBS) 
detector with the radial segments. The highest intensity of mass contrast is 
obtained for electrons scattered with low angles (segments A, B) while the 
topographic contrast is mostly given by electrons scattered more to the spec-
imen pole (segments C, D); b) The scheme of backscattered electron detec-
tion with the use of CBS detector. To obtain the highest intensity of backscat-
tered electrons immersion lenses are introduced to channel electrons directly 
to the detector. 

Mass 
contrast

Electron column
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After the polishing steps the samples dedicated to microscopic 
observations under SEM, FIB-SEM and EBSD (see Chapters 6.2, 
6.3 and 6.8) were carefully knocked out of the resin with sub-
sequent cleaning in ultrasonic bath (10 min) and drying. Such 
prepared, they were stuck to sample holders with the use of 
a conductive silver paste Acheson Silver DAG 1415 M (Plano 
GmbH, Ernst-Befort-Strasse 12, 35578 Wetzlar, Germany). This 
allowed obtaining the best possible conductivity and therefore 
very good image quality. 

6.2 Scanning Electron Microscopy (SEM) 

6.2.1 Microscope setup 
SEM observations were conducted on a Helios NanoLab 600i 
instrument (FEI Company, 5350 NE Dawson Creek Drive, Hillsbo-
ro, Oregon, USA). The (001) planes of the γ/γ’-microstructure were 
investigated with the use of a concentric backscatter detector 
(CBS).  
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The main advantage of using this retractable semiconductor 
detector is the ability to detect high- and low-angle backscat-
tered (BS) electrons simultaneously. This goal is achieved 
thanks to the radial construction of the detector. The angular 
segmentation of BS electrons allows to distinguish between 
those giving more mass and more topographic contrast (see 
Figure 6.1a). Due to the very tiny morphology of TCP phases, 
especially σ-phase, the full range of BS electrons was collected, 
giving high intensity of detected signal. 

The microscopic investigations were performed with an ac-
celerating voltage of HV=5 keV, what allowed obtaining rela-
tively small depth of interaction between the incident beam 
and the sample. The beam size, given by the incident beam 
current was set to 0.69 nA. The working distance (WD), i.e. the 
distance between the sample and electron column was set to 
WD=4 mm. The features possessing horizontal full width 
(HFW) larger than 125 µm, e.g. dendrites, were investigated in 
the field-free mode. For the detailed study of the morphology 
of tiny TCP phases, as well as γ/γ’-microstructure, the ul-
tra-high resolution (UHR) mode was applied. For this purpose 
special immersion lenses were introduced between the sample 
and detector to gather and channel BS electrons directly to the 
detector. Figure 6.1b represents this setup schematically.  

6.2.2 Observation procedure 
Precipitation of TCP phases at the grain boundaries and within 
pre-strained regions did not need any special way of observa-
tion. However, due to the complexity of TCP phase precipita-
tion within grain interiors, the following observation procedure 
was performed to obtain comparative results from the number 
of tested specimens. Firstly dendrite cores were localized by 
combination of two indicators: mass contrast due to the resid-
ual segregation of refractory elements in the dendrite cores and 
porosity located in interdendritic regions. Then, the specimen 
was oriented based on the γ/γ’-microstructure, i.e. {100} planes 
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of the γ- and γ’- phases (edges of precipitates) were aligned 
parallel to horizontal and vertical direction of the image. The 
detailed HR observations maintaining HFW defined as 100, 50, 
25, 10, 5 µm were performed in the dendrite cores. In case of 
each sample at least 3 dendrites in the distance of 1 mm were 
analyzed. When necessary, higher magnification was im-
plemented to observe features of special interest, e.g. 
TCP/γ-junctions.  

6.3 Focused Ion Beam – Scanning Electron 
Microscopy (FIB-SEM) 

FIB-SEM dual beam operation was performed with the use of 
Helios NanoLab 600i instrument (FEI Company, 5350 NE Daw-
son Creek Drive, Hillsboro, Oregon, USA). In this device the 
ion gun is mounted at an angle of 52° to the electron column 
and the coincidence point of both beams is at a WD=4 mm (see 
Figure 6.2). This allows almost parallel operation of electron 
and ion beams maintaining region of interest always in the 
field of view. For the milling procedure the sample plane was 
tilted 52° to be perpendicular to the ion gun.  

Figure 6.2: The view on the microscope chamber during ion milling. The ion 
column is aligned 52° to the electron column, hence for the milling procedure 
sample plane is brought to 52° position. 

FIB-SEM operation was used for three-dimensional (3D) in-
spection of the microstructure as well as for preparation of 
specimens dedicated to TEM and 3D APT. In each case the re-
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gion of interest was kept within the dendrite cores according to 
the procedure described in Chapter 6.2.2. The detailed parame-
ters of the applied procedures can be found in following sub-
sections. 

6.3.1 Three-dimensional (3D) inspection of the 
microstructure 

The 3D investigation of the microstructure is based on a de-
structive technique, where thin slices of volume of interest 
(VOI) are removed by ion milling (slicing). Then the revealed 
cross-sections are imaged with the use of electron detector 
(imaging) – see Figure 6.3. The slicing and imaging procedure is 
repeated until the full volume of interest is imaged. For this 
purpose the software Auto Slice & View G3 ver. 1.5 (FEI Compa-
ny, 5350 NE Dawson Creek Drive, Hillsboro, Oregon, USA) was 
implemented. 

Figure 6.3: a) The scheme of automated slicing and imaging procedure; b) the 
real image of the surface obtained with the secondary ions and c) the real 
image of the cross-section obtained with the use of BSE detector. 

For the slicing procedure the accelerating voltage of the Ga+ ion 
source was set to 30 kV. The surface of the volume of interest 
was deposited with Pt layer (Figure 6.3a) to protect it against 
the harmful influence of ions. Pt molecules were brought about 
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by a Gas Injection System (GIS). The 2.5 µm thick Pt layer was 
created with the use of an ion gun probe current of 0.43 nA. 
The trenches around the volume of interest were cut via rough 
milling using an ion probe current of 43 nA. The single slices of 
material were cut with an ion current of 0.79 nA, resulting in 
the thickness of 20 nm for each slice. Imaging of the sliced 
cross-sections was done with the use of a BSE detector in UHR 
mode. An accelerating voltage of 5 keV with an electron probe 
current of 0.69 nA and a dwell time of 30 µs were employed.  

During the imaging procedure the electron column is in-
clined 128° to the polished cross-section (Figure 6.3a). This in-
fluences imaging procedure: the imaged height x is flattened in 
comparison to the real height h. To eliminate this effect 
a cross-section correction algorithm was applied, i.e. the ob-
served image height x was corrected by the sin 52° (h=x/sin 52°) 
giving the real image of the cross-sections. 

6.3.2 TEM sample preparation 
TEM samples were prepared with the site-specific lift-out tech-
nique described by Overwijk et al. (1993) [112]. The site-specific 
milling was done with the use of the software Auto TEM ver. 1.5 
(FEI Company, 5350 NE Dawson Creek Drive, Hillsboro, Ore-
gon, USA). With the use of the software the H-bar cross-
sections were polished to a thickness of 1 µm. They were then 
cut-out of the bulk, lifted-out and transferred to a Cu-grid with 
the use of a micromanipulator. Thinning procedure consisted 
of three main steps. Lamellas were first polished down to elec-
tron transparency under an accelerating voltage of 30 keV, re-
ducing the beam current stepwise. To reduce the V-shape arti-
fact, both sides of lamellas were tilted ± 1.5° from 52° position. 
Then the accelerating voltage was reduced to 5 keV and both 
sides of lamellas were polished with a small current to reduce 
the amorphization and equalize the thickness of lamella. For 
this purpose samples were tilted ± 5° from 52° position. The 
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final polishing was conducted under the accelerating voltage of 
2 keV and a tilt of ± 6° from the 52° position. 

6.3.3 APT sample preparation 
Specimen for atom probe tomography were prepared by 
Dr. Ivan Povstugar from Max-Planck Institute for Iron Research 
in Düsseldorf according to the site-specific lift-out technique 
described by Thompson et al. (2007) [113]. The final shaping of 
the APT tips was conducted under an accelerating voltage of 
5 keV to minimize the implantation of Ga+ ions. 

6.4 Image processing and analysis 
Microstructure in 2D 

The microstructure imaged on the cross-sections (2D) was pro-
cessed digitally in the software ImageJ (Wayne Rasband, Na-
tional Institute of Mental Health, Bethesda, Maryland, USA). 
The single pictures were binarized using an algorithm for 
thresholding, based on the brightness of the phases. When 
necessary, special filters were used to despeckle the images, i.e. 
to remove the noise. Such prepared pictures were then ana-
lyzed in the context of the number of TCP phase particles and 
their area fraction. 

The γ’-volume fraction was calculated using an algorithm 
described by Bürgel et al. (2011). For this purpose the γ-phase 
channels lying parallel to observation plane were excluded 
from the analysis (Figure 6.4). The measured area fraction Aγ’ 
of γ’-particles was then transformed to the γ’-volume fraction 
applying the following Equations [114]: 
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where: 
Aγ’ area fraction of γ’-particles measured on the mi-

crographs. 

Figure 6.4: The exemplary microstructure of a Ni-base superalloy prepared 
for the analysis of γ’-volume fraction. Regions marked in red correspond to 
that of γ-phase in plane of observation, i.e. excluded from the analysis.    

Microstructure in 3D 

For the purpose of the 3D inspection of the microstructure the 
software AvizoFire ver. 8.1 (FEI SAS, Impasse Rudolf Diesel 3, 
BP 50227, 33708 Merignac Cedex, France) was used. The follow-
ing procedure allowed visualization of the TCP phases and 
analysis of their volume fraction. On the beginning the slices 
were added one by one (see Figure 6.5a) to reconstruct the full 
imaged volume. Then the algorithms for alignment were ap-
plied to eliminate problems caused by drifting. This allowed 
bringing the slices to the same (x,y) coordinates; z coordinate 
is the slice number, therefore it varies between each slice. Such 
aligned volume was cropped to eliminate the artifacts at the 
borders, resulting in the formation of volume of interest (VOI), 
see Figure 6.5b. Then the TCP phases were extracted from the 
γ/γ’/TCP microstructure by applying grayscale thresholding 
algorithms. This procedure allowed the 3D analysis of single 

γ-phase channels 
in plane of observation; 
excluded from analysis
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TCP phases, i.e. of morphology, volume fraction and number of 
particles. 

Figure 6.5: The procedure for the analysis of stack of images obtained via dual 
beam operation: a) the images are combined together; b) the reconstructed 
volume containing all detected phases; c) the 3D view on the single TCP 
phases. 

6.5 Transmission Electron Microscopy 
Transmission electron microscopy (TEM) investigations were 
performed by Mr. Julian Müller from the Institute for Micro- 
and Nanostructure Research (WW9) at the FAU in Erlangen. 
The collaboration was established thanks to two projects: 
GradKo1 and SFB TR-1032. 

1 Research Training Group 1229. Stable and Metastable Multiphase Systems 
for Elevated Service Temperatures 
2 Collaborative Research Center SFB TransRegio 103. Superalloy Single Crys-
tals. From Atoms to Turbine Blades - a Scientific Approach for Developing 
the Next Generation of Single Crystal Superalloys 
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For the conventional TEM imaging a Philips CM30 instru-
ment operating at an accelerating voltage of 300 keV was em-
ployed. The diffraction patterns for the analysis of TCP-phases 
were acquired on Ditabis imaging plates. For the acquisition of 
the HRTEM images a FEI Titan3 80-300 operating at 200 keV 
was employed. 

6.6 Electron Probe Microanalysis (EPMA) 
The Electron Probe Microanalysis (EPMA) investigations were 
performed at the home institute with the use of an electron 
probe microanalyzer JEOL JXA 8100 (JEOL Ltd., Tokyo, Japan). 
The mappings of elemental microsegregation were collected 
with an accelerating voltage of 20 keV, beam size of 5 μm and 
a dwell time of 200 ms per point. A total imaged area of 625 x 
625 μm2 was scanned with a stepping of 2.5 x 2.5 μm2, resulting 
in a matrix of 250 x 250 points measured. The following analy-
sis crystals were used:  TAP for Al, Ni, Ta; LIF for Co, Re, W; 
PETJ for Cr and PETH for Ru.  

The data obtained allowed for calculation of segregation co-
efficients within the dendritic structure of investigated alloys. 
Moreover, it served as an input data for the CALPHAD ther-
modynamic calculations (see Chapter 6.9).  

The following procedure was performed for the calculation 
of segregation coefficients within a dendritic structure. The 
data was sorted with respect to solid fraction fs with subse-
quent fitting to the Scheil equation [115]. 

Data sorting with respect to solid fraction 

The solid fraction fs can be defined as a factor describing the 
position of a point within the dendritic structure. It is calculat-
ed based on a technique described first by Gungor (1989) for 
binary alloys [116] and extended by Karunaratne et al. (2000) 
for CMSX-4 [117]. Although developed for alloys in as-cast state, 
it can be applied also to the heat-treated materials. The general 
requirement is an inhomogeneous segregation characteristic of 
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alloying elements. In case of the Astra alloy series, the element 
Re marks the residual dendrite core segregation while Al as 
well as Ta prefer the interdendritic regions. Therefore, the 
compositional difference  

 )TaC
Al

(CReC   (6.3)  

can be normalized to define the solid fraction fs, i.e. to deter-
mine whether the measured point belongs to the dendrite core, 
dendrite arm or interdendritic regions. The value fs=0 corre-
sponds to dendrite cores, whereas fs=1 to interdendritic regions. 

Scheil equation 

For the calculation of the segregation coefficient k, describing 
the residual segregation of elements within the material, the 
sorted data points were fitted by the Scheil equation [115].  

 1)(k)sf(1k0c)sc(f 
  (6.4) 

where: 

 c0 is the nominal composition of the alloy. 

The values of segregation coefficient k equals 1 for perfectly 
homogeneous distribution of an element, k>1 for the residual 
segregation to the dendrite cores and k<1 for the residual seg-
regation into the interdendritic regions. 

6.7 3D Atom Probe (3D AP) 

The Atom Probe Tomography investigations were done at the 
Max-Planck-Institute for Iron Research in Düsseldorf, Germany 
by Dr. Ivan Povstugar, thanks to cooperation within the project 
SFB TR-1033. The APT analyses were performed using a reflec-

                                                      
3 Collaborative Research Center SFB TransRegio 103. Superalloy Single Crys-
tals. From Atoms to Turbine Blades - a Scientific Approach for Developing 
the Next Generation of Single Crystal Superalloys 
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tron-equipped local electrode atom probe LEAP™ 3000X HR 
(CAMECA, Société par Actions Simplifiée (SAS) 29 Quai des 
Grésillons, 92622 Gennevilliers Cedex, France) in pulsed laser 
mode. Laser pulses of 532 nm wavelength, 12 ps pulse length, 
0.4 nJ energy, and 100 kHz frequency were applied. The base 
temperature of the samples was kept at about 40 K.  

Data reconstruction and analysis was performed with the 
use of the Cameca IVAS™ 3.6.6. software package (CAMECA, 
SAS, 29 Quai des Grésillons, 92622 Gennevilliers Cedex, 
France). The first subset of ~1 mio. collected ions was discarded 
from the data analysis to exclude Ga ions implanted from 
FIB-milling. 

The 3D AP technique was used for the chemical composi-
tion analysis of the γ-, γ’- and TCP phases. Moreover, it allowed 
the 3D visualization of the distribution of elements between 
the phases as well as analysis of the chemistry of interphase 
boundaries. 

6.8 Electron Backscattered Diffraction (EBSD) 

The Electron Backscattered Diffraction investigations were 
performed with use of an EBSD detector NordLysNano (Oxford 
Instruments plc, Tubney Woods, Abingdon, Oxon OX13 5QX, 
UK) installed in a Helios NanoLab 600i dual beam device. The 
sample, pre-tilted by 70° to the electron source, was investigat-
ed under an accelerating voltage of 20 keV and a beam current 
of 0.69 nA. 

The EBSD technique was used for the analysis of the crystal-
lographic orientation of specimens. Due to the tiny size of par-
ticles and lack of proper databases, the technique was not suit-
able for the analysis of TCP phases. 

6.9 CALPHAD thermodynamic calculations 

CALPHAD stands for calculation of phase diagrams [118]. This 
method was implemented to predict the thermodynamic prop-
erties of multicomponent systems. The main idea of CALPHAD 
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techniques is the global minimization of the Gibbs free energy 
of the system, i.e. calculation of equilibrium.  

All of the calculations were performed with use of the soft-
ware ThermoCalc v. 3.1 (ThermoCalc, Stockholm, Sweden) and 
commercially available databases TTNi8 (Thermotech Ltd, Sur-
rey, UK) [119] and TCNi6 (ThermoCalc, Stockholm, Sweden) 
[120]. Both of them claim the ability to calculate multicompo-
nent Ni-base superalloys containing Re and Ru. These thermo-
dynamic databases include the matrix phases: γ, γ’ as well as 
TCP phases: σ, µ and P. CALPHAD technique was used for the 
calculation of property diagrams of the alloys and the driving 
force for TCP phase precipitation. 

6.9.1 Driving force calculations 

For the calculation of the driving force for TCP phase precipita-
tion the commercially available software ThermoCalc v. 3.1 
(ThermoCalc, Stockholm, Sweden) was connected to an in-
house application developed by Rettig and Singer (2014) with 
Matlab 2014b (Mathworks GmbH, Ismaning, Germany) via the 
ThermoCalc programming interface TC-API v 6. [121].  

The driving force calculations for various TCP phases (i.e. σ-, 
μ- and P-phase) were performed with the use of the database 
TTNi8 [119]. To diminish the influence of inhomogeneous ele-
ment distribution and measurement inaccuracy, the driving 
force was calculated as a mean value of all 250x250 mapping 
points measured with the use of EPMA. The calculations algo-
rithm was as follows: At first the local composition of each 
point was used to calculate the composition of both γ- and γ’-
phases. Then, as TCP phases precipitate preferentially within 
the γ-matrix phase, the calculated composition of the γ-phase 
only was used to calculate the driving force for each of TCP 
phases (i.e. σ-, μ-, or P-phase) separately. The calculations were 
performed for the temperature range between 800°C and 
1200°C with 25°C steps. 
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To present the calculated data as a function of the position 
within a dendritic structure the data sorting with respect to 
solid fraction fs (see Chapter 6.6) was applied.  
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7 Results 

7.1 Microstructure in the initial (as heat-treated) 
state 

The alloying elements studied in this work might influence 
precipitation of TCP phases in a complex manner. Among the 
factors controlling this process there are several connected to 
the initial microstructure of the material, e.g. supersaturation 
of the γ-phase, dependent in turn on the homogeneity of the 
dendritic structure. Therefore, this chapter includes the de-
scription of the as heat-treated microstructure, denoted further 
in the text as initial one. In the following sections the initial 
microstructure will be described in detail on multiple length-
scales, starting from the dendritic to sub-nanometer one. 

7.1.1 The dendritic structure and microsegregation 
All investigated Ni-base superalloys exhibit a dendritic micro-
structure with a primary dendrite arm spacing of 180 µm on 
average. Due to the applied solutioning heat-treatment (for 
details see Chapter 5.3) materials are characterized by relatively 
homogenous distribution of alloying elements. However, as 
revealed by EPMA investigations, a slight residual dendritic 
microsegregation of some alloying elements can be observed.  

Exemplary EPMA mappings of elemental residual segrega-
tion for the alloy Astra 1-21 (2 at.-% Re, 1 at.-% Ru) after stand-
ard heat-treatment are given in Figure 7.1. As demonstrated, Al, 
Co, Cr, Mo, Ta and Ru exhibit homogeneous distribution with-
in the dendritic structure. However, in case of refractory ele-
ments W and Re, one can observe residual segregation to the 
dendrite cores.  

The data of elemental concentration collected with the use 
of EPMA mappings for the alloy Astra 1-22 (2 at.-% Re, 2 at.-% 
Ru) is plotted as a function of solid fraction fs in Figure 7.2. The 
solid fraction describes the position within the dendritic struc-
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ture: fs close to 0 corresponds to dendrite cores, while close to 1 
to interdendritic regions (for more details see Chapter 6.6). As 
quantified, Re and W exhibit the steepest concentration pro-
files, segregating to dendrite cores, unlike the other elements. 
Al and Ta exhibit very slight residual segregation to interden-
dritic regions. These profiles and Equation 6.4 allowed calcula-
tion of segregation coefficient kDC/IR, (Figure 7.3) as a function 
of Re and Ru. According to the results, the highest residual 
segregation coefficients exist for the elements Re and W. How-
ever, they are not higher than 1.10 ± 0.09. All the other ele-
ments are distributed homogeneously, with segregation coeffi-
cients close to unity. 

Figure 7.1 The EPMA mappings of elemental segregation within dendritic 
structure; results for the alloy Astra 1-21 (2 at.-% Re, 1 at.-% Ru). Only Re and 
W exhibit residual segregation to the dendrite cores. Ru and other elements 
are characterized by a homogeneous distribution within dendritic structure. 

Al Co Cr

Mo Ru Ta

Re W

Co, wt.-% Cr, wt.-%Al, wt.-%Al, wt.-%

Mo, wt.-% Ru, wt.-% Ta, wt.-%

W, wt.-%Re, wt.-%

7.0

6.0

5.0

9.0

8.0

7.0

5.5

5.0

4.5

7.5

6.5

5.5

6.5

6.0

5.5

7.0

6.0

4.0

5.0

1.1

1.0

0.7

0.8

0.9

1.8

1.7

1.4

1.5

1.6



7 Results 

69 

Figure 7.2 Profiles of elemental concentration as a function of solid fraction 
based on EPMA mappings for the alloy Astra 1-22 (2 at.-% Re, 2 at.-% Ru): 
a) Al, Co, Cr, Mo, Ta and Ru exhibit relatively homogeneous distribution
while b) Re and W exhibit residual segregation to the dendrite cores.

Analysis of the graph in Figure 7.3 brings further important 
findings. All of the investigated Astra 1 Ni-base superalloys ex-
hibit the same residual segregation characteristic, qualitatively 
and quantitatively. This means, that despite different nominal 
content of Re and Ru, the microstructure is equally well ho-
mogenized under the same heat-treatment conditions.  

Figure 7.3 Segregation coefficients of alloying elements as a function of Re 
and Ru content. The distribution coefficients are not influenced by the varia-
ble content of both elements; based on EPMA. 
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The segregation coefficients presented in this work are slightly 
lower than those reported previously by Heckl (2011) for the 
same class of alloys. Heckl reported the values around 1.3 and 
1.5 for 1 and 2 at.-% Re, respectively, regardless of the Ru con-
tent [122]. The difference can be due to different measurement 
techniques: Heckl used so called 9 points measurements, 
which, being sensitive to the chosen analysis points, might in-
duce much bigger error. 

7.1.2 Matrix and precipitates – γ/γ’ microstructure 

Morphology 

The initial γ/γ’-microstructure of the investigated alloys taken 
in the dendrite cores is presented in Figure 7.4. For all investi-
gated alloys the microstructure consists of the γ-matrix phase 
and cuboidal precipitates of the γ’-phase. As demonstrated in 
Figure 7.5a (solid symbols and lines), the γ’-volume fraction 
varies around 75 and 72% for Astra 1 alloys containing 1 and 
2 at.-% Re, respectively, i.e. addition of Re decreases the vol-
ume fraction of γ-phase. With addition of Ru only a slight ef-
fect in reducing γ’-volume fraction can be observed. Moreover, 
considering the standard deviation from the average value, the 
effect of Ru can be neglected. Regarding the trends, the data 
are well in accordance with those calculated by ThermoCalc 
(Figure 7.5b) and are assumed to represent the low-
temperature state (for the full temperature range see Appendix 
B). For further verification, the lever rule technique (Blavette et 
al., 2000) [123] was used to calculate the volume fraction of 
γ’-phase, based on the chemical composition analysis measured 
with 3DAP. Trends are similar to those obtained with two other 
techniques: Addition of Re reduces the volume fraction of 
γ’-phase. The magnitude is, however, higher in comparison to 
previous techniques. The effect of addition of Ru seems to be 
negligible. Although the trend suggests a slight increase of the 
γ’-volume by addition of Ru, it is within the standard error of 
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analysis. Therefore, it can be summed up, that results calculat-
ed with all techniques are well in accordance and are as fol-
lows: Re reduces while Ru does not have significant influence 
on the volume fraction of γ’-phase. 

Figure 7.4 The initial γ/γ’-microstructure of the alloys as a function of various 
Re and Ru content. The morphology is not changed significantly by the addi-
tion of both elements. 

The Astra alloy series was previously investigated in detail by 
Heckl (2011), who reported the influence of Ru on the γ’-volume 
fraction at 1100°C [122]. Data reported in ref. [122] are presented 
in Figure 7.5 as open symbols and dashed lines. It is interesting 
to note, that Heckl observed a strong effect of Ru in decreasing 
γ’-volume fraction, on average 5 vol. %/at.-% Ru. This trend, 
however, does not meet the convergence with ThermoCalc 
calculations. According to them, Ru should only slightly 
change volume fraction of the γ’-phase (Figure 7.5b, Appendix 
B). Therefore, the chemical composition of both γ- and 
γ’-phases at 1100°C reported in ref. [122] were used in this study 
to calculate the volume fraction of γ’-precipitates with the use 
of lever rule. The data are plotted as open symbols in Figure 
7.5c and represent almost no effect of Ru on the γ’-volume frac-
tion. This result is more likely than the analysis of micrographs, 
since observations in ref. [122] were conducted under low reso-
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lution (LR), unlike to the present study (HR). Moreover, the 
results might be affected by differences in etching, since imag-
ing in LR mode is impossible on polished, non-etched samples. 

Figure 7.5 The volume fraction of γ’-precipitates as a function of Re and Ru 
content obtained by: a) quantitative analysis of micrographs; b) ThermoCalc 
calculations; c) application of lever rule technique. The values obtained in 
this study are marked as solid symbols and lines. For comparison the results 
adapted from Heckl (2011) [122] are plotted as open symbols and dashed lines.  

It is difficult to compare current results with those reported 
previously for other Ni-base superalloys. This is caused by the 
fact that most of the authors defined investigated alloys in 
wt.-%. Therefore, the content of alloying elements (at.-%) was 
not kept constant.  

Chemical composition 

The representative chemical composition of the γ- and γ’-phase 
in the initial state of the alloy Astra 1-21 (2 at.-% Re, 1 at.-% Ru) 
obtained with the use of  3D Atom Probe (3DAP) is given in 
Figure 7.6. Figure 7.6a represents the 3D distribution of alloy-
ing elements between both phases in a qualitative way, where-
as in Figure 7.6b the profiles of elemental concentration at the 
γ/γ’ interface are presented. As expected, there is a huge parti-
tioning difference between the alloying elements in both phas-

γ’
-v

ol
um

e 
fra

ct
io

n 
 / 

 %

0 1 2
Ru content  /  at.-%

30

40

50

60

70

80

30

40

50

60

70

80

0 1 2
Ru content  /  at.-%

30

40

50

60

70

80

Compositions from 
[Heckl, 2011], EPMA

0 1 2
Ru content  /  at.-%

Quantitative analysis 
of micrographs

ThermoCalc

const. 2 at.-% Re

const.    1 at.-% Re
[T

hi
s 

st
ud

y]
[H

ec
kl

, 2
01

1]

const. 1 at.-% Re
const.   2 at.-% Re

const. 1 at.-% Re

const. 2 at.-% Re

const. 1 at.-% Re

const. 2 at.-% Re

Lo
w

 te
m

p.
 6

00
°C

 
H

ig
h 

te
m

p.
 1

10
0°

C
 

[T
hi

s 
st

ud
y]

 
3D

A
P

ba c

const. 2 at.-% Re

Lever rule
(chem. composition)

const. 1 at.-% Re

const. 2 at.-% Re



7 Results 

73 

es. Elements Co, Cr, Mo, Re and Ru, as matrix forming ele-
ments, partition preferentially to the -phase. The precipitates 
of -phase are formed mainly from Al, Co and Ta. W exhibits 
relatively homogeneous distribution between both phases. Ni 
forms preferentially the -phase, however as a base element, 
segregates to -phase as well. This characteristic corresponds 
well to the general one described in Chapter 2.2.1. There is no 
preferential segregation of any element to the /  

Figure 7.6 Chemical composition of the alloy Astra 1-21 (2 at.-% Re, 1 at.-% 
Ru) in initial state obtained with the use of 3DAP: a) the 3D distribution of 
elements; b) 

 

Figure 7.7 Concentration of Re and -matrix phase and 
-precipitates in initial state, 3DAP measurements. 
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The interesting facts come when one considers the bulk com-
position of both phases as a function of Re and Ru (Figure 7.7). 
Especially important is that both elements have relatively little 
or no influence on the chemical composition of the γ- and 
γ’- phases. As far as γ-phase is considered, the content of Re 
and Ru is increased by alloying with Re and Ru, respectively. 
Therefore, the content of Ni is decreased (not shown in Figure 
7.7). However, this is expected since Re and Ru are added to 
the alloys at the expense of Ni. It is as well visible that addition 
of 1 at.-% Ru enables higher Re concentration in the alloy con-
taining 2 at.-% Re (Astra 1-21), which was already reported by 
Matuszewski et al. (2015) [125]. However, this trend is not de-
tected further in the alloy Astra 1-22 (2 at.-% Re, 2 at.-% Ru). 
Moreover, an effect of Ru on the Re concentration is also not 
found within alloys containing 1 at.-% Re.  

In case of the γ’-phase Re increases only slightly, while Ru 
almost doubles by changing its concentration from 1 to 2 at.-%. 
There is no effect of Ru on the concentration of Re detected. 
The results demonstrate that the reverse partitioning effect, 
widely described in the literature, is not observed in the series 
of investigated alloys. 

7.2 Nucleation of TCP phases 
Three rather different kinds of TCP phase precipitation were 
observed in the microstructure of the investigated Astra 1 alloys 
upon isothermal annealing at high temperature. They can be 
classified according to the places of precipitation, namely:  

• grain boundaries – discontinuous precipitation at the 
grain boundaries; 

• grain interior – bulk precipitation; 
• pre-strained areas within grain interior. 

 They will be discussed in detail in the following chapters. 
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7.2.1 Grain boundaries 
High-angle grain boundaries were found in this work to serve 
as preferential sites for TCP phase precipitation in the alloys 
with columnar grain structure. The exemplary images of the 
microstructure are presented in Figure 7.8.  

Figure 7.8 Exemplary microstructure presenting discontinuous precipitation 
at a high-angle grain boundary in the alloy Astra 1-20 (2 at.-% Re, no Ru) after 
isothermal annealing of 15 min. at 1150°C. 

Due to the fact that this type of precipitation is relatively well 
described in the literature, (e.g. Heckl et al. (2011) [83], Welton 
et al. (2015) [126]) it was not studied in detail in this work. 
However, the chemical composition analysis with the use of 
EPMA was performed to check whether precipitation of DP 
colonies at the grain boundaries influence precipitation within 
grain interiors or not.  

The EPMA mappings of elemental concentration within the 
DP colony at the grain boundaries and corresponding distribu-
tion within grain interiors are presented in Figure 7.9. As can 
be seen, most of the alloying elements exhibit homogeneous 
distribution from the vicinity of the DP colony at the grain 
boundaries towards the grain interior. Enrichment close to the 
DP colony can be distinguished in case of Cr and Co. However, 
the affected area is not bigger than 10 µm from the original 
grain boundary. 

Analysis of the micrographs (Figure 7.8) and chemical com-
position (qualitatively) confirms that DP colonies are topologi-

ba

100 μm 50 μm

17.5°



7 Results 
 

76 

-forming 
elements: Ni, Al and Ta, whereas the solid solution strengthen-
ers W, Mo and especially Re are located within TCP particles. 
This means that TCP phases and residues of the -phase are 
embedded within a -matrix. The results are well in accord-
ance with the literature reports [83,85,126]. 

 
Figure 7.9 The distribution of alloying elements (wt.-%)  in the vicinity of DP 
precipitation at the grain boundaries. The DP precipitation does not influ-
ence significantly the profiles of elemental concentration; EPMA measure-
ments.  

7.2.2 Grain interior 
The precipitation of TCP phases within the grain interior is the 
main subject of the present work and therefore is described in 
detail in Chapter 7.4. However, a few aspects should be men-
tioned at this point. Quite in general the kinetics of bulk pre-
cipitation is significantly slower in comparison to DP precipita-
tion at the grain boundaries. Moreover, the precipitation with-
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in grain interior occurs with a different scheme or sequence of 
precipitation. Finally, the bulk precipitation is not homogene-
ous within the dendritic structure. 

Preference for dendrite core precipitation 

The preferential sites for the bulk precipitation within grain 
interiors are dendrite cores. Figure 7.10 presents the overall 
view of the dendritic structure of the alloy Astra 1-20 (2 at.-% 
Re, no Ru) in the intermediate stage of TCP phase precipita-
tion, i.e. after 1000 h of annealing at 950°C (Figure 7.10). The 
TCP phases are imaged as white particles embedded within the 
dark γ/γ’-microstructure.  

Figure 7.10 Dendrite cores as preferential sites for precipitation of TCP phases 
within grain interiors. The exemplary microstructure of the alloy Astra 1-20 
(2 at.-% Re, no Ru) in the intermediate stage of TCP phase precipitation, i.e. 
after 1000 h of isothermal annealing at 950°C: a) the overall view on the den-
dritic structure; b) rapid precipitation in the dendrite core; c) slow (hindered) 
precipitation in interdendritic region. 
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Apparently one can distinguish darker and brighter regions in 
Figure 7.10a, i.e. regions of higher or lower TCP phase particle 
concentration, which shows that precipitation of TCP phases is 
not homogeneous within the material. The first particles pre-
cipitate always in the dendrite cores, as shown in Figure 7.10b. 
After the same time of annealing interdendritic regions exhibit 
almost none or significantly less TCP phases. This clearly im-
plies that dendrite cores are most prone to TCP phase precipi-
tation. Moreover, it justifies that dendrite cores are representa-
tive places for the analysis of TCP phase precipitation. 

7.2.3 Pre-strained areas within grain interior 
Pre-straining influences significantly precipitation of TCP 
phases, as demonstrated in Figure 7.11. There, the microstruc-
ture of the alloy Astra 1-21 (2 at.-% Re, 1 at.-% Ru) is presented 
after deformation with the use of a cone-shaped indenter and 
subsequent isothermal annealing for 500 hours at 950°C. The 
edge of the indentation can be recognized in the top left corner 
of Figure 7.11a. Figure 7.11b represents in turn the EBSD map-
ping of the region equivalent to those imaged in SEM. Howev-
er, they do not represent exactly same area.  

Two areas can be distinguished adjacent to the indenter. 
The first is recrystallized (the average grain size grows from the 
indenter) and the second non-recrystalized, but strained. Most 
to the right side the unaffected base material is imaged. Both 
indentation-influenced areas alter TCP phase precipitation 
process. In comparison to the unaffected base material, they 
exhibit significantly higher volume content of TCP phases. 
However, this is not the only distinction. All three regions 
seem to exhibit different mechanisms of nucleation. While 
precipitation in the base material follows the manner of prefer-
ential dendrite core precipitation, the TCP phases in a recrys-
tallized area grow in a form of DP-colonies. Moreover, each 
recrystallized grain looks like a separate DP colony. Both 
mechanisms were described in previous subsections. 
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The interesting phenomenon occurs in a deformed, but 
non-recrystallized area. There TCP phases form regular bands. 
The spacing between bands increases, starting from the side of 
the recrystallized area and reaching maximum values adjacent 
to the unaffected base material. Moreover, two different con-
figurations of bands can be distinguished. The inclination be-
tween them is close to 60°, what corresponds well to slip planes 
in FCC crystal structure: {111} planes [127]. This behavior indi-
cates that TCP phases precipitate faster in the regions of higher 
accumulation of dislocations.  

Figure 7.11 The microstructure of pre-strained area of the alloy Astra 1-21 
(2 at.-% Re, 1 at.-% Ru) after isothermal annealing for 500 hours at 950°C: 
a) SEM micrograph; b) EBSD orientation mapping. Both taken from equiva-
lent but not identical positions adjacent to the indentation. Severe precipita-
tion of TCP phases (white particles in a)) observed in a strained region,
whereas only separate particles are present in dendrite cores of unaffected
base material. TCP phases are not detected on EBSD mapping due to pixel
size of 1.334 µm and averaging of 2x2 pixels.

7.3 Nature of TCP phases 
A variety of TCP phases was observed in the dendrite cores 
upon isothermal annealing at different time-temperature con-
ditions. In the following paragraph description of these phases 
is given regarding their type, morphology, crystallography and 
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chemical composition. Table 7.1 summarizes information of 
TCP phases observed in this work. 

Table 7.1:  The details of the morphology and crystallography of TCP phases 
observed in this work. 

No. Phase 2D 
appearance 

3D 
appearance 

Orientation 
relationship 

Lattice type 

1. σ needle plate (111)γ // (001)σ 
[110]γ // [110]σ 

tetragonal 

2. μ blocky short lath (111)γ // (100)µ 

[110]γ // [001]µ 
rhombohedral 

3. P blocky long lath (111)γ // (010)P orthorhombic 

7.3.1 Sigma phase 
Among all investigated TCP phases the first to appear during 
annealing is σ-type. The precipitates of σ-phase exhibit needle-
like morphology when imaged on cross-sections different from 
the family of {111}γ/γ’ planes. When observed on {100}γ/γ’ planes 
the particles of σ-phase are inclined by 45° to γ/γ’ phase 
boundaries (Figure 7.12a).  

Figure 7.12 A σ-phase precipitate in the alloy Astra 1-20 within the γ/γ’ micro-
structure: a) SEM image; b) 3D reconstruction based on the FIB-SEM tomog-
raphy; c) the edge-on TEM view on the σ/γ’ phase boundary. On the basis of 
Matuszewski et al. (2015) [125]. 
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In fact, the three-dimensional investigations with the use of 
FIB-SEM tomography revealed that the σ-phase exhibits plate-
like morphology with the broad faces aligned parallel to the 
family of {111}γ/γ’ planes. Quite surprisingly, the particles of 
σ-phase do not possess a regular plate-like morphology. In-
stead, they exhibit irregular (denoted as “jagged” further in the 
text) perimeter and many holes, especially close to the edges of 
growth. This phenomenon is described in detail in Chapter 7.4 
in the context of nucleation and growth of σ-phase plates and 
interactions with other TCP phases. 

As measured on the SEM pictures, the thickness of σ-plates 
varies between 20 and 70 nm. The STEM and TEM investiga-
tions performed along the σ/γ interface reveal the thickness of 
σ-plates to be 15 to 30 nm. Whatever the technique, there re-
mains considerable uncertainty. On one side, the quality of 
statistically relevant SEM pictures is limited by the resolution. 
On the other side, the very accurate high-resolution techniques 
bring relatively small statistics in comparison to standard SEM 
observations. Nevertheless, the results are well in accordance 
with those from Rae and Reed (2001), who also reported thick-
ness of σ-phase plates of 30 nm [69]. 

The microstructure of the σ-phase plate imaged in TEM 
along the <110>γ/γ’ zone axis is given in Figure 7.12c. The analy-
sis of it brings the next interesting phenomenon. Thanks to the 
varying contrast within the σ-plate one can distinguish a kind 
of columnar structure oriented perpendicular to the σ/γ’ phase 
boundaries. Indeed, the detailed TEM investigation revealed 
the existence of grain boundaries oriented perpendicular to the 
σ/γ’ interface. This suggests a polycrystalline nature of the 
σ-phase. The analysis of diffraction pattern shown in Figure 7.13 
confirms this finding.  

Figure 7.13a presents a selected area diffraction (SAD) pat-
tern taken along the <111>γ/γ’ or <001>σ crystallographic direc-
tion, i.e. along an axis vertical to the habitus plane. One can 
observe the characteristic twelve-spot diffraction pattern of the 
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σ-phase. This is the result of two phenomena. Firstly, the 
σ-phase exhibits a tetragonal crystal structure what brings the 
four-fold symmetry of diffraction pattern. Secondly, the 
σ-phase exhibits three distinct orientation variants, i.e. grains 
rotated 60° to each other along <001>σ. The cells of distinct 
grains are drawn in Figure 7.13b. Due to the six-fold symmetry 
of the γ/γ’-microstructure on the family of {111} planes each 
grain of σ-phase has the following orientation relationship with 
the matrix: (111)γ // (001)σ and [110]γ // [110]σ.  

Lattice parameters of the σ-phase determined with the use 
of the diffraction patterns shown in Figure 7.13 are as follows: 
a=b=0.918 nm. The values are in a good accordance with data 
reported in the literature for other Ni-base superalloys. Based 
on them, the parameter c is deduced: c=0.474 nm [78]. 

Figure 7.13 a) TEM selected area diffraction pattern of the σ-phase obtained 
along <111> zone axis of the γ/γ’ microstructure; b) σ-phase reveals a tetrago-
nal crystal structure with three different grain orientations. Each grain exhib-
its the orientation relationship with the matrix. On the basis of Matuszewski 
et al. (2015) [125]. 

Chemical composition of the σ-phase formed in the alloy Astra 
1-20 (2 at.-% Re, no Ru) is presented in Figure 7.14. From the 3D
distribution of elements (Figure 7.14a) one can observe that the
σ-phase is composed mostly from Re, Cr, Co, W, Mo and Ni.
The plate of σ-phase contains 37 at.-% Re and 25 at.-% Cr, what
suggests stoichiometry Cr2Re3, known from binary alloys.
When Ru is present in the alloy, it also takes place in the for-
mation of σ-phase.
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Figure 7.14 The chemical composition of σ-phase measured with 3DAP. The 
σ-phase is composed mainly from Re and Cr with the proportion 3:2, suggest-
ing the stoichiometry Cr2Re3. On the basis of author’s publications [124,125]. 

7.3.2 Mu phase 
The second distinct type of TCP phase observed in this work is 
the µ-phase. The particles of µ-phase were detected after iso-
thermal annealing for 1000 hours at 950°C. They reveal a blocky 
morphology when imaged on the cross-sections of the 
γ/γ’-microstructure (Figure 7.15a).  

Figure 7.15 The µ-phase precipitates observed in the alloy Astra 1-20 after 1000 
h of annealing at 950°C. The particles of µ-phase start to grow from and at 
the expense of preexisting σ-plates: a) SEM image; b) 3D reconstruction 
based on the FIB-SEM tomography; c) TEM image of the cross-sectioned 
µ- and σ- phases. On the basis of Matuszewski et al. (2015) [125] 

The three-dimensional inspection revealed a needle- or lath-
like morphology of µ-phase particles (Figure 7.15b). These par-
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ticles were found to grow from and at the expense of preexist-
ing σ-phase plates, as demonstrated in Figure 7.15. 

The analysis of diffraction patterns revealed that the 
µ-phase exhibits a rhombohedral crystal structure with the 
orientation relationship to the matrix (111)γ // (100)µ and 
[110]γ // [001]µ. Further the [001]µ is the growth direction of
µ-type lath-like particles. Only the c lattice parameter of
µ-phase was determined from SAD pattern: c=2.525 nm. Pa-
rameter a (a=b) is deduced based on the literature data:
a=0.476 nm [78].

Figure 7.16 Selected area diffraction pattern of the µ-phase obtained along 
<100>µ or <111>γ/γ’ zone axis. The µ-phase exhibits rhombohedral crystal
structure. On the basis of Matuszewski et al. (2015) [125].

Figure 7.17 Chemical composition of the µ-phase measured with 3DAP. Parti-
cles of µ-phase exhibit chemistry very similar to that of σ-phase. The main 
difference lies in the content of Re, Cr, Co and W. On the basis of 
Matuszewski et al. (2015) [125]. 
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The µ-phase exhibits chemical composition very close to that of 
the -phase. It is also composed mostly from Re and Cr, but the 
ratio 3:2 is not maintained. Further, the µ-phase reveals higher 
content of Co and W in comparison to the -phase. Ru, if pre-
sent in the alloy, also takes place in the formation of µ-phase. 

7.3.3 P-phase 
The P-phase was observed to grow at the expense of preexisting 

-plates at the temperature of 1050°C and higher. It was found 
in advanced stages of precipitation. As imaged in Figure 7.18a 
the intersections of P-phase exhibited either a lenticular or 
circular morphology, depending on the orientation relation-
ship. The careful 3D study revealed a lath-like morphology of 
the P-phase particles (Figure 7.18b). The TEM observations did 
not reveal any internal structure of the P-phase laths. Particles 
of P-phase were always found to be surrounded by a -
envelope. 

Figure 7.18 The P-phase characteristic in the alloy Astra 1-20 after 50 hours of 
annealing at 1050°C: a) SEM image; b) 3D reconstruction based on the FIB-
SEM tomography; c) TEM image of the cross-sectioned P-phase. 

The diffraction pattern of the P-phase obtained along <111> /

zone axis is presented in Figure 7.19. Due to the big dimensions 
of P-phase particles, the diffraction spots of the -phase are 
not imaged (Figure 7.19a). The analysis of diffraction patterns 
shows that P-phase exhibits an orthorhombic crystal structure 
with the orientation relationship <010>P // <111> . The elementary 
cell of the P-phase is drawn in Figure 7.19b. As determined 
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from the diffraction pattern, the lattice parameters of the 
P-phase are: a=1.71 nm and c=0.92 nm. These values, as well as
observed orientation relationship are well in accordance with
literature data (e.g. Darolia et al. (1988) and Rae et al. (2000)
[70,79]).

Figure 7.19 Selected area diffraction pattern of the P-phase obtained along 
<010>P or <111>γ/γ’ zone axis. The P-phase exhibits orthorhombic crystal struc-
ture, as drawn in b).

The P-phase is as well composed from solid solution strength-
eners, as elucidated in Figure 7.20. In comparison to the σ-, the 
P-phase exhibits reduced content of Re and Cr (5 and 1.5 at.-%,
respectively). On the other side, the contents of W and Ta are
increased by 3 and 0.4 at.-%, respectively.

Figure 7.20 Chemical composition of the P-phase measured with 3DAP. Parti-
cles of P-phase exhibit chemistry very similar to σ-phase. The main difference 
lies in the content of Re, Cr and W. Small variations in the content of Ta and 
Al can be found as well.  
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7.4 Evolution of TCP phases 

7.4.1 Nucleation and growth of σ-phase plates 
In most of the cases the σ-phase was observed to be surround-
ed by a continuous γ’-envelope, as γ-phase is consumed due to 
the precipitation process. Nevertheless, a careful microscopic 
investigation after a relatively short time of isothermal anneal-
ing revealed that the particles of σ-phase indeed precipitate 
within the γ-matrix phase. This fact is very well in accordance 
with the chemical composition analysis, since σ- forming ele-
ments are originally located in the γ-phase. A few examples 
giving the evidence of σ-phase nucleation from the γ-matrix are 
shown in Figure 7.21. 

Figure 7.21 The nucleation of σ-phase particles (imaged in white) from the 
γ-channels in the early stage of precipitation. SEM micrographs obtained 
from the alloys: a) Astra 1-22 (2 at.-% Re, 2 at.-% Ru) after 5 h at 1050°C; 
b) Astra 1-20 (2 at.-% Re, no Ru)  after 0.5 h at 1150°C ; c) Astra 1-21 (2 at.-%
Re, 1 at.-% Ru) after 5 h at 1100°C.

Looking at microstructures in Figure 7.21 one might get the 
impression that particles of σ-phase nucleate in bands inclined 
45° to γ/γ’ phase boundaries. In fact, in most of the cases such 
small precipitates of σ-phase were found to belong to one big-
ger particle, which is growing through the γ-phase channels. 
Thus, they surround γ’-particles, forming a kind of envelope. 
This fact is more easily realized in the pictures of the 3D mor-
phology of precipitates. 
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As already mentioned in Chapter 7.3.1 the three-dimensional 
observation of the -phase plates revealed two morphologically 
interesting features (see Figure 7.22):  

1) the existence of inner holes within the plates;
2) the jagged character of edges.

Existence of both of them was rather surprising, since such 
morphology does not seem to be the most favorable consider-
ing minimization of surface energy of the system.  

Figure 7.22 -plates morphology. The jagged character of 
-phase plates is a result of 

complex growth mechanism. 

Figure 7.23 The interaction of the TCP phases of different morphology, name-
ly plate- and lath-like as a possible mechanism of inner holes formation. 

The careful 3D study of the first phenomenon revealed, that 
the existence of inner holes can be explained by the interac-

-phase plates with other TCP phases of lath-like mor-
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phology, as imaged in Figure 7.23. However, this effect was 
observed in a limited number of particles. The existence of the 
majority of holes and the jagged morphology was found to be 
connected to the growth mechanism of -phase plates. 

-phase growth 

For a better understanding of the irregular morphology of TCP 
plates it is necessary to consider nucleation and growth of the 

-phase within the / -microstructure in one of the (111) planes 
(Figure 7.24). In the ideal case the / -microstructure can be 
ilustrated as triangular particles of the -phase surrounded by 
the -phase channels (Figure 7.24a, compare with the (111) 
plane in Figure 7.22).  

Figure 7.24 -phase particles as a reason for the 
-phase plates nucleate 

-channels and follow them forming an envelope around the 
-particles (particles 1 and 2). Optionally such two plates can connect togeth-

er (particle 1a). It is also possible, that the TCP particle follows only one di-
rection of growth, forming a needle-like precipitate (particle 3). 

Based on the microstructure observations (e.g. Figure 7.21) 
supported with chemical composition analysis (Figure 7.14) it 
becomes clear that -phase particles nucleate in the -matrix 
phase. Three possible places of nucleation are schematically 
presented in Figure 7.24b. Subsequent growth of particles is 
realized through -phase channels (Figure 7.24c). As a consequence 
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it is very likely, that the growing σ-phase precipitate surrounds 
the γ’-particle, forming a kind of envelope (Figure 7.24d – 
particles 1 and 2). In this case the further growth through 
refractory-rich γ-phase channels can proceed only at the outer 
edges of the precipitate. In order to close the inner holes the 
growth of TCP phases must occur through γ’-particles. This 
needs the diffusion of refractory elements. Therefore the 
kinetics of this process is significantly slower. Considering the 
growth through γ-phase it cannot be excluded that growing 
particles meet and connect together (Figure 7.24e and f – 
particle 1a).  

The other possibility is that TCP particles follow only one 
direction of growth, eventually resulting in a needle-like 
morphology (Figure 7.24 – particle 3). However, as calculated 
after isothermal annealing for 500 hours at 950°C, the overall 
population of TCP phases contain only 9% of needle-like 
precipitates, as reported in Matuszewski et al. (2014) [128]. 
Therefore the formation of plate-like morphology is more 
likely. 

With the progress of σ-phase growth the γ-channels are 
consumed and dissolved what leads to the situation when the 
TCP phase is eventually surrounded by the continuous γ’-envelope.  

7.4.2 Precipitation sequence 
Depending on the temperature of isothermal annealing the 
first particles of TCP phases precipitate between 0.25 and 
500 h. The preferential sites for precipitation are dendrite 
cores, as described in Chapter 7.2.2. The full precipitation se-
quence at the temperature of 1050°C is presented in Figure 7.25. 
The isothermal annealing time of 5, 50 and 500 hours is chosen 
to show the changes of the microstructure stepwise. For com-
parison, the standard 2D cross-sections are complemented 
with the 3D reconstruction of the microstructure. The TCP 
phases are imaged as white particles, the light-gray color corre-
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sponds to the γ-matrix phase whereas the dark-gray to 
γ’-particles. 

The isothermal annealing at the temperature of 1050°C leads 
to relatively rapid precipitation of TCP phases. The first parti-
cles of σ-phase are found in the microstructure after 5 hours of 
annealing. When observed in the 2D cross-sections, they ap-
pear as short needles (Figure 7.25a) with the length of few mi-
crons on average. Indeed, based on the 3D SEM-FIB tomogra-
phy one can observe the well-developed plate-like structure. 
However, separate single particles of needle- or lath-like mor-
phology can be detected as well (Figure 7.25b). In this stage of 
TCP phase precipitation the γ/γ’-microstructure is not signifi-
cantly affected, i.e. it exhibits morphology very close to the 
initial one. The channels of the γ-matrix phase are in immedi-
ate contact with TCP plates. However, one can observe that the 
σ/γ junctions are thinned down, suggesting consumption of the 
γ-phase.  

The isothermal annealing for 50 hours brings significant 
changes in the microstructure. The first one is the overall con-
tent of TCP phases. One can observe an increase in respect to 
volume fraction, dimensions and morphology of TCP phases. 
First of all, the dimensions of σ-phase plates are significantly 
increased (Figure 7.25c and d). Moreover, the occurrence of 
TCP phase particles of more block-like (2D) or lath-like (3D) 
morphology is evident. At this temperature the lath-like parti-
cles are of P-type (see Chapter 7.3.3). They are growing at the 
already existing plates of σ-phase. Further, at this stage of pre-
cipitation the γ/γ’-microstructure is affected by the precipita-
tion of TCP phases. One can observe the consumption of 
γ-phase channels by growing TCP phase particles. This means 
that the σ/γ phase boundaries disappear gradually. However, 
they still can be found close to the edges of σ-phase growth. 
Due to the dissolution of γ-phase channels in the vicinity of 
TCP phases, the particles of σ- and P-phase are embedded lo-
cally by the γ’-envelope.  
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Figure 7.25 Transformation of the microstructures during isothermal anneal-
ing at 1050°C for a-b) 5; c-d) 50 and e-f) 500 hours within the alloy Astra 1-20 
(2 at.-% Re, no Ru). Micrographs in a, c, e) are obtained in the SEM, while the 
3D reconstructions are based on FIB-SEM tomography. Metastable σ-phase 
gives way for growth of P-phase. Data published partially in Matuszewski et 
al. (2015) [129]. 

A radical transformation of the microstructure occurs after 500 
hours of isothermal annealing at 1050°C. At this stage of precip-
itation TCP phases exhibit the morphology of laths (Figure 
7.25e and f) and the plate-like σ-phase particles do not exist 
anymore. This clearly confirms that the σ-phase is a metastable 
phase, which gives way for growth of P-phase (and µ-phase at 
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different temperature). As shown in Figure 7.25f the laths of 
P-phase are long and in most cases very difficult to image with-
in the reconstructed volume of interest. After 500 hours of iso-
thermal annealing the γ/γ’-microstructure does not exist any-
more in the initial cuboidal form, even locally. Instead, the TCP 
particles of P-type are embedded within a continuous matrix of 
γ’-phase, what indicates topological inversion of the micro-
structure. The γ-phase exhibits the morphology of residual is-
lands. γ/TCP-phase boundaries can be found, however, sporad-
ically.  

Further annealing up to 2000 hours does not bring signifi-
cant changes in the context of microstructure evolution. The 
equilibrium type particles (P-phase in this case) exist within 
the topologically inverted γ/γ’-microstructure, as described in 
the following chapter. 

7.4.3 Overall phase transformations – topological 
inversion  

Precipitation of TCP phases brings about significant changes in 
the γ/γ’-microstructure, denoted as topological inversion. To 
illustrate the global character of this phenomenon the micro-
structure after 2000 hours of annealing at 1050°C is presented 
with stepwise increased magnification in Figure 7.26.  

The analysis of the microstructure gives the evidence that at 
this stage the microstructure consists of the γ- and γ’- phases 
with TCP phases distributed within γ’-phase. However, the 
morphology of both γ- and γ’- phases is significantly different 
than in the initial state or at the beginning of TCP phase pre-
cipitation. Instead of cuboidal γ’-precipitates embedded within 
a continuous γ-matrix, the microstructure consists of continu-
ous γ’-matrix, residues of the γ-phase and TCP particles, as 
marked in Figure 7.26d. 
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Figure 7.26 The topological inversion of the γ/γ’ microstructure as a result of 
TCP phase precipitation. TCP phases are imaged in white, while the γ- and 
γ’-phase in light and dark gray, respectively. The γ’-phase takes over the role 
of matrix, with the residues of γ-phase and particles of TCP phases distribut-
ed homogeneously in it. 

The topological inversion brought about by TCP phase precipi-
tation can be described by the following scheme: 

γ matrix + γ’ precipitates  γ’ matrix + TCP phases + γ residuals  (7.1) 

The end result is somehow analogous to the discontinuous 
precipitation process at the grain boundaries, as shown e.g.  by 
Heckl et al. (2012) [85]. Nevertheless, some distinctions can be 
observed, especially concerning the morphology of TCP phases. 
For instance, the dimensions of single TCP phases in the topo-
logically inverted DP colonies are significantly larger in com-
parison to those within grain interiors, as demonstrated in Fig-
ure 7.27.  
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Figure 7.27. Comparison of the topologically inverted microstructure at the 
grain boundaries and within the grain interiors for the alloy Astra 1-20 
(2 at.-% Re, no Ru) after 1500 hours of isothermal annealing at 1050°C. Parti-
cles of TCP phases imaged in white. 

Figure 7.28 The topologically inverted microstructure: a) the microstructure 
imaged with the use of the CBS detector; the continuous γ’-matrix (dark gray) 
with residual islands of the γ-phase (light gray) and particles of TCP phases 
(white); b) the EBSD mapping layered on the original microstructure. Despite 
the occurrence of the topological inversion, the <001> crystallographic orien-
tation is maintained. The interphase boundaries between the γ- and γ’- phas-
es are contoured for the purpose of clarification.  

Figure 7.28 presents a micrograph of the topologically inverted 
microstructure (Figure 7.28a) and the corresponding EBSD 
mapping (Figure 7.28b). For the purpose of comparison and 
clarification the regions corresponding to γ-phase are addition-
ally contoured and EBSD mapping is superimposed to the orig-
inal micrograph (Figure 7.28b). As elucidated based on the 
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EBSD mappings, the orientation of both γ- and γ’- phases re-
mains the same like in the initial state, i.e. it is oriented along 
the <001> growth direction. This means that despite the mor-
phological changes, the process of topological inversion does not 
influence the crystallographic orientation of the γ/γ’-microstructure. 
This finding is well in accordance with the literature reports, 
e.g. [85].  

Mechanism of topological inversion  

The mechanism of topological inversion caused by TCP phase 
precipitation can be explained as follows. Nucleation and 
growth of TCP phases deplete the γ-matrix phase from refractory 
elements, consuming it gradually. Parallel, since γ’-forming 
elements do not contribute in the formation of TCP phases, the 
γ’-phase takes over the role of matrix, i.e. γ’-phase forms locally 
the envelope around TCP particles. At the same time the lattice 
misfit between both phases changes. With the progress of TCP 
phase precipitation more and more refractory elements are 
depleted from the matrix, what reduces its lattice parameter. 
The lattice parameter of the γ’-phase remains almost un-
changed. Combined, these two effects may increase the abso-
lute value of lattice misfit γ/γ’. This, in turn promotes the 
coarsening of the γ’-phase and hence taking over the role of 
matrix globally.  

7.4.4 Evolution of chemical composition 
The precipitation sequence described in the previous chapter is 
accompanied by the evolution of chemical composition. Figure 
7.29 presents the chemical composition of the σ-phase precipi-
tates in the alloy Astra 1-20 (2 at.-% Re, no Ru) as a function of 
annealing duration at 950°C. For comparison, chemical compo-
sition of the μ-phase is plotted as well. The results demonstrate 
that the composition of σ-phase is not influenced by the dura-
tion of isothermal annealing at 950°C. Moreover, the chemistry 
of σ- and μ- phases does not differ a lot. Both phases are com-
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posed from refractory elements and almost do not contain any 
γ’-forming elements, in particular Al and Ta. Quantitatively, Ni, 
Co, W and Mo contents are higher in the μ- than in the 
σ-phase. On the other side, Cr and Re concentrations are de-
creased in μ- in comparison to σ-phase. Nevertheless, the ob-
served changes are not big. The results do not confirm the 
trends obtained by Rae et al. (2000). However, this is not sur-
prising, as it is already proved with the use of so called struc-
ture map approach, that the compositional fields of existence 
of TCP phases are broad and depend on the alloy system [130]. 

Figure 7.29. Evolution of chemical composition of TCP phases as a function of 
annealing duration at the temperature of 950°C. Composition of the σ-phase 
after the isothermal annealing for 1000 and 2000 hours is demonstrated in 
comparison to the μ-phase composition after 2000 hours of annealing; 3DAP 
measurements. Data published in Matuszewski et al. [125]. 

Figure 7.30 presents in turn the chemical composition of the 
γ- and γ’- phases as a function of isothermal annealing duration 
at 950°C. In case of the γ-phase one can observe a pronounced 
depletion of Re with the time of annealing, slight changes can 
be observed as well for Co, Cr, W and Mo. Re concentration 
decreases of around 1 at.-% for each 1000 hours of annealing, 
namely from 7.4 at.-% in the initial state to 5.4 at.-% after 2000 
hours of annealing. In case of W and Mo, the concentration 
varies from 2.3 to 2.0 at.-% and from 1.1 to 0.9 at.-%, respective-
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ly. Almost no changes in chemical composition of the γ’-phase 
can be found up to 2000 hours of annealing.  

All these results together give the clear evidence that TCP 
phases are composed from γ-forming elements and, while 
growing, affect the chemical composition of γ-phase. At the 
same time the chemical composition of γ’-particles is not af-
fected. 

Figure 7.30. Chemical composition as a function of annealing duration at the 
temperature of 950°C  for: a) the γ-phase; and b) the γ’-phase. The prolonged 
annealing cause the depletion of refractory elements in the γ-phase, while the 
composition of γ’-particles is harldy affected; 3DAP measurements. Data 
published in Matuszewski et al. [125]. 

7.5 Influence of temperature on TCP phase 
precipitation 

The dependence of TCP phase precipitation on the tempera-
ture and duration of isothermal annealing is shown schemati-
cally in Figure 7.31. It is demonstrated that the microstructural 
changes described in previous Chapters for isothermal anneal-
ing are generally valid for all investigated temperature condi-
tions, between 950 and 1200°C. Above this range, the experi-
ments were performed as well at 1250 and 1300°C, however, due 
to the limitations of the furnace, tests were interrupted after 50 
hours of isothermal annealing. There were no TCP phases ob-
served at the temperature of 1300°C, while few separate parti-
cles were found at 1250°C. At the temperatures of 1100 and 
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1150°C the topological inversion was not observed in the alloys 
Astra 1-21 (2 at.-% Re, 1 at.-% Ru) and Astra 1-22 (2 at.-% Re, 
2 at.-% Ru). 

Figure 7.31 The dependency of TCP phase precipitation on time at different 
temperatures. Between 950 and 1200°C TCP phases undergo sequential phase 
transformation. The kinetics of the precipitation process is strongly depend-
ent on the temperature, as shown by the schematic TTT curve.   

In Figure 7.31 the temperature function after the same anneal-
ing duration is presented in a column, while the time depend-
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ence under isothermal conditions in a row. Additionally, the 
schematic TTT curve is drawn to underline the dependency of 
TCP phase precipitation on the temperature. It is demonstrated 
that TCP phases undergo sequential phase transformation. 
However, the kinetics of precipitation and transformation is 
strongly dependent on the temperature. 

The process is most rapid between 1100 and 1150°C, what de-
termines the “nose” of TTT curve. At this temperature the pre-
cipitation process starts rapidly with first TCP phases observed 
after less than 0.5 hour. At the temperatures far away from the 
nose, the kinetics of transformation is radically reduced, e.g. at 
950°C the 1 vol.-% of TCP phases is observed after 500 hours. 
The character of the TTT curve suggests that on one side the 
precipitation of TCP phases is strongly dependent on the mo-
bility of TCP forming elements and on the other on the chemi-
cal driving force, realized by the supersaturation of the matrix.  

It is difficult to compare these microstructural observations 
with the literature data. The problem originates from fact that 
up to this moment there is limited number of reports describ-
ing precipitation of TCP phases at different time-temperature 
conditions, especially in case of 3rd and 4th generation of 
Ni-base superalloys. A complex study of TCP phases was re-
ported by Sato et al. (2006). However, the authors focused on 
the quantitative description of precipitation process (see Chap-
ter 3.4.2) and the microstructural changes were not reported.  

7.6 Influence of rhenium on TCP phase 
precipitation 

The microstructure of two alloys, Astra 1-10 (1 at.-% Re, no Ru) 
and Astra 1-20 (2 at.-% Re, no Ru) after isothermal annealing 
for 25 h at 1100°C is shown in Figure 7.32. It is evidenced that Re 
has a significant influence on the precipitation of TCP phases. 
The alloy Astra 1-10 containing 1 at.-% Re exhibits no TCP phas-
es and well-maintained γ/γ’-microstructure. The microstruc-
ture of the alloy with 2 at.-% Re exhibits, in turn, advanced 
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precipitation of TCP phases. In this particular case one can 
distinguish two types of TCP phases: σ- and P-phase with 
summarized volume fraction of 4.9 (±0.3)%. 

Figure 7.32 SEM images showing the influence of Re on the TCP phase pre-
cipitation. The microstructure imaged in the dendrite cores shows a,c) no 
TCP phase precipitation in the alloy Astra 1-10 with 1 at.-% Re and b,d) ad-
vanced precipitation of TCP phases in the alloy Astra 1-20 containing 2 at. % 
Re. 

The above given findings were further confirmed by the inves-
tigations on the pre-strained samples (for details see Chapter 
7.2.3). Figure 7.33 demonstrates that similar to the behavior 
within grain interior (Figure 7.32a, c), TCP phases were not 
observed either in the pre-strained or recrystallized region, 
when the alloys with 1 at.-% Re were analyzed. In these alloys, 
TCP phases were not observed as well on the high angle grain 
boundaries after 2000 hours of isothermal annealing at 950 and 
1050°C. This means that Re has significant influence on TCP 
phase precipitation. 
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Figure 7.33 The microstructure of alloy Astra 1-10 (1 at.-% Re, no Ru) after 
pre-straining and isothermal annealing for 500 hours at 1050°C. After 
pre-straining the recrystallization occurs, however TCP phases do not precip-
itate at the grain boundaries.  

Considering the trend, these results are well in accordance with 
the literature. It was already mentioned in 1985 by Giamei and 
Anton that higher content of Re increases tendency to TCP 
phase formation [11].  

7.7 Influence of ruthenium on TCP phase 
precipitation 

7.7.1 Early stage of precipitation – σ-phase nucleation 
The pictures in Figure 7.34 represent the microstructure of the 
alloys Astra 1-20 (2 at.-% Re, no Ru), Astra 1-21 (2 at.-% Re, 1 at.-% Ru) 
and Astra 1-22 (2 at.-% Re, 2 at.-% Ru) taken within dendrite 
cores as a function of annealing time at the temperature of 
950°C. The influence of Ru for the same isothermal annealing 
duration can be read from the left to the right side within 
a row, whereas the influence of annealing time for a distinct 
alloy can be read from the top to the bottom within a column. 
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Figure 7.34 SEM images showing the influence of Ru on the TCP phase pre-
cipitation in the alloys containing 2 at.-% Re (Astra 1-2Y) as a function of 
annealing time at 950°C. Ru changes the characteristic of phase transfor-
mations. The influence of annealing time for the distinct alloy can be read 
from the top to the bottom in a column. The influence of Ru can be read in 
a row with Ru content increasing from the left to the right side. 

Analysis of the cross-sections in Figure 7.34 reveals that in the 
early stage of precipitation TCP phases exhibit mainly the mor-
phology of needles, being σ-phase particles. In case of each 
alloy the precipitation occurs with the sequence similar to that 
described in Chapter 7.4.2, i.e. plates of σ-phase dissolve giving 
a way for growth of lath-like particles, which are of µ-type at 
the temperature of 950°C. The one important distinction is 
found according to the precipitation sequence. Within 2000 
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hours of isothermal annealing the microstructure does not 
transform to the stage, where it is topologically inverted, i.e. it 
does not reach equilibrium. Although the γ’-phase particles 
gradually take over the role of the matrix, this phenomenon is 
still localized and an initial cuboidal microstructure is well 
maintained within the material. This finding is valid for all 
three investigated alloys. 

A number of distinctions are observed according to the TCP 
phase precipitation when Ru is present in the alloy. First of all, 
by addition of Ru the start of precipitation is shifted to a longer 
time of isothermal annealing, namely from 500 hours for Astra 
1-20 (no Ru) to 1000 hours for Astra 1-21 (1 at.-% Ru) and 1500
hours for Astra 1-22 (2 at.-% Ru). Before these durations only
single particles of TCP phases are found sporadically in the
dendrite cores. The first distinction leads directly to a second
one. With the addition of Ru a lower content of TCP phases is
found in the microstructure. The effect is the stronger, the
more Ru is added to the alloy. The third distinction is connect-
ed to the dimensions of single σ-phase plates. By comparison of
the microstructures in Figure 7.34a and e one can observe that
σ-plates grow to a larger size when 1 at.-% Ru is added. With
the addition of 2 at.-% Ru the opposite effect is observed, i.e.
σ-phase plates exhibit dimensions comparable to those formed
in the alloy Astra 1-20. The quantitative analysis and explana-
tion of this phenomenon is presented in Chapter 7.8.

7.7.2 Influence on the chemical composition 
Chemical compositions of the σ- and µ- phases as a function of 
Ru are presented in Figure 7.35. The results are obtained with 
the use of 3DAP after 1000 and 2000 hours of isothermal an-
nealing at 950°C for σ- and μ-phase, respectively. In case of 
both phases Ru does not affect chemical composition signifi-
cantly. The most evident is that it segregates to both σ- and 
μ- phases in a relatively limited level, around 2.5 at.-%. In the 
same time Ru reduces slightly the concentration of Re. Inter-
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esting is, that reduction in Re concentration corresponds to the 
level of Ru in the σ-phase, what is most likely caused by the site 
occupancy competition between Re and Ru. 

Figure 7.35 Influence of Ru on the chemical composition of a) σ-phase; and 
b) μ-phase, as measured with 3DAP. Ru reduces slightly the content of Re in
both TCP phases, most likely by site occupancy competition between both
elements. Data published in Matuszewski et al. (2015) [125].

Figure 7.36 Influence of Ru on the chemical composition of distinct TCP 
phases. Ru reduces slightly the content or Re in TCP phases. It does not parti-
tion strongly to any of the TCP phases; 3DAP measurements. Data published 
partially in Matuszewski et al. (2015) [125]. 

Figure 7.36 presents the chemical composition of distinct TCP 
phases, namely σ, μ and P in the alloy Astra 1-21, containing 
2 at.-% Re and 1 at.-% Ru. Chemical composition of all phases 
was investigated after different annealing conditions: 1000 
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hours at 950°C for σ-, 2000 hours at 950°C for μ-, and 2000 
hours at 1050°C for P-phase. Although the chemical composi-
tion varies between distinct TCP phases, they exhibit almost 
the same content of Ru, namely 2.5 at.-%. Based on this it is 
likely that the solubility of Ru in TCP phases is limited. Howev-
er, the value of 2.5 at.-% corresponds very well to the initial 
concentration of Ru in the γ-phase (for comparison see Figure 
7.7 and Figure 7.37). Therefore, based on these results it is like-
ly that Ru is not an effective TCP-forming element. Its presence 
in σ-, μ- or P- is rather an effect of γ-phase dissolution than 
strong tendency of Ru to form TCP structures. 

Figure 7.37 Influence of Ru on the evolution of the chemical composition of 
a) γ- and b) γ’-phase. By addition of Ru, the concentration of refractory ele-
ments in the γ-phase does not drop so rapidly like in Ru-free alloy. Data pub-
lished in Matuszewski et al. (2015) [125].

Analysis of Figure 7.37 brings further important findings. By 
addition of Ru the concentration of Re in the γ-phase is always 
higher than in the Ru-containing alloy (Figure 7.37a). This is 
most likely caused by lower depletion due to the effect on TCP 
phase precipitation. There is almost no effect on the evolution 
of the chemical composition of the γ’-particles. 

7.8 Quantitative analysis 
This chapter gives the quantitative description of phase trans-
formations described qualitatively in Chapters 7.4 - 7.7. The 
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data are obtained by the analysis of the SEM micrographs. The 
volume fraction, particle density and dimensions of TCP phases 
are presented as a function of Ru, isothermal annealing dura-
tion and temperature. These results allow to create TTT curves 
presenting the overall transformation kinetics. 

7.8.1 Particle density 

Isothermal conditions 

Figure 7.38a presents the number of TCP phase particles plot-
ted as a function of time and Ru content during isothermal 
annealing at 950°C.  

Figure 7.38 Density of TCP phase particles as a function of Ru content and 
isothermal annealing duration at 950°C. Addition of Ru reduces TCP phase 
particle density significantly in the whole range of investigated annealing 
duration. 

As shown by the data for the alloy Astra 1-20 (2 at.-% Re, no 
Ru) the density of TCP phase particles increases with annealing 
duration till 1500 hours. Then, a slight decrease is observed. 
The steepest slope, i.e. the most rapid nucleation rate is found 
at the beginning, as the nucleation rate can only decrease with 
time as the driving force diminishes. The increase between 500 
and 1500 hours is influenced mostly by two factors: progress in 
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nucleation of σ-phase from one side and formation of µ-phase 
particles from the other. Moreover, as µ-phase particles origi-
nate at the σ-phase plates, they lead to defragmentation of ex-
isting σ-phase particles (compare with Figure 7.25 and Figure 
7.34). Thus the particle density is significantly increased. The 
drop between 1500 and 2000 hours occurs most likely due to 
the growth of µ-phase at the expense of σ, i.e. the σ-phase is 
gradually dissolved. General Ostwald ripening might also con-
tribute. 

Influence of Ru 

Results presented in Figure 7.38 evidence clearly that addition 
of Ru reduces significantly particle density. By alloying with 
1 at.-% Ru (Astra 1-21) the TCP phase particle density remains 
close to 0 until 500 hours of isothermal annealing and then 
increases constantly until 2000 hours. Addition of 2 at.-% Ru 
leads to a similar behavior. By addition of Ru TCP phase parti-
cle density is always below the values for Ru-free alloy. The 
trend is the stronger the more Ru is present in the alloy. 

Temperature function 

Temperature has as well strong influence on TCP phase precip-
itation. Particle density of TCP phases as a function of tempera-
ture and Ru content for isothermal annealing duration of 
5 hours is presented in Figure 7.39a. Based on the alloy Astra 
1-20 (2 at.-% Re, no Ru) it is clear that particle density increases 
with temperature reaching a maximum at 1150°C and then de-
creases. In case of alloys with addition of Ru, Astra 1-21 
(2 at.-% Re, 1 at.-% Ru) and Astra 1-22 (2 at.-% Re, 2 at.-% Ru) 
this behavior is not evident in the whole investigated tempera-
ture range, likely due to too short annealing duration.  

To minimize dependency on annealing duration, the maxi-
mum observed particle density (under isothermal conditions, 
see peak in Figure 7.38) correlated to temperature is presented 
in Figure 7.39b. In this case the effect of Ru and temperature is 
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evident in the whole range of investigated conditions. For all 
investigated Astra 1-2Y alloys with various content of Ru, the 
maximum TCP phase particle density increases with tempera-
ture to a certain level and then decreases. Addition of Ru re-
duces the maximum TCP phase particle density at any temper-
ature. Nevertheless, although likely, the values for alloys Astra 
1-21 and Astra 1-22 obtained at the temperature of 950 and
1000°C may be underestimated. The uncertainty comes from
the fact that the peak determining maximum particle density
was not detected within investigated annealing duration.

Figure 7.39 Density of TCP phase particles as a function of: a) Ru content and 
temperature after 5 hours of isothermal annealing; b) Ru content. In b) the 
particle density is determined as a maximum value obtained under isother-
mal conditions, regardless time. Addition of Ru reduces significantly TCP 
phase particle density. 

Character of the curves presented in Figure 7.39b corresponds 
very well to this describing nucleation rate in general. Based on 
these results it may be assumed that Ru influences both the 
activation energy barrier for precipitation and mobility (diffu-
sion) of TCP forming elements. Nevertheless, the direct com-
parison may be difficult or misleading, as the maximum parti-
cle density is in this case not only a result of nucleation rate, 
but also the factors like fragmentation rate or Ostwald ripening 
have to be considered.  
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7.8.2 Dimensions of TCP phases 

Isothermal conditions 

The average dimension, i.e. length of σ-phase particles, ob-
served under isothermal conditions at 950°C up to 2000 hours 
of annealing is presented in Figure 7.45. In case of two alloys, 
Astra 1-20 (2 at.-% Re, no Ru) and Astra 1-21 (2 at.-% Re, 
1 at.-% Ru) the following general trend can be observed. The 
length of separate particles increases with time then stabilizes 
and drops down. The effect is more pronounced for the alloy 
Astra 1-21. In case of the alloy Astra 1-22 (2 at.-% Re, 2 at.-% Ru) 
the length of particles grows and stabilizes, however the subse-
quent decrease in their length is not detected.  

Figure 7.40 Average length of σ-phase plates determined under isothermal 
annealing conditions up to 2000 hours at the temperature of 950°C. The 
length of σ-phase particles grows with time then stabilizes and decreases. 
This is due to fact that σ-phase gives way for growth of equilibrium phases 
and dissolves when they precipitate. 

The growth and subsequent stabilization of TCP phase dimen-
sion is likely and can be explained based on the driving force 
for precipitation. With the progress of precipitation process the 
driving force decreases with gradually decreasing supersatura-
tion of the matrix. Eventually the diffusion fields are overlap-
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ping and growth of σ-phase plates is stopped. Subsequent de-
crease in the average length of σ-phase originates from the pre-
cipitation of equilibrium type phases. Due to this phenomenon 
particles of σ-phase fragment and dissolve gradually. This re-
sults in the drop of their average dimensions. 

The discrepancy observed in case of the alloy Astra 1-22 
(2 at.-% Re, 2 at.-% Ru) can be explained based on too short 
annealing duration, i.e. by addition of 2 at.-% Ru the overall 
transformation kinetics is reduced. Therefore, the growth of 
equilibrium type particles and dissolution of σ-phase plates is 
not observed within investigated annealing duration range. 

Influence of Ru 

Ru influences the average length of σ-phase particles, as 
demonstrated in Figure 7.40 for 950°C. Comparing alloy Astra 
1-21 (2 at.-% Re, 1 at.-% Ru) with Astra 1-20 (2 at.-% Re, no Ru) 
one can state that addition of Ru results in an increase of aver-
age TCP phase dimensions by the factor of 2. Nevertheless, this 
trend is not followed by the alloy Astra 1-22 containing 2 at.-% 
Ru. In this case the average length of σ-phase particles is re-
duced by the factor of 2 in comparison to Ru-free alloy (Astra 1-
20). It is expected that, similar to the particle density, this dis-
crepancy may be caused by too short annealing duration.  

The influence of Ru on the maximum length of TCP phases 
on average is, however, not evident at each temperature, as 
demonstrated in Figure 7.41. The effect of Ru in increasing the 
dimensions of σ-phase plates is mostly evident at the upper 
and lower limits of the investigated temperature range. In the 
intermediate temperatures, however, influence of Ru is almost 
negligible. These values correspond quite well to maximum 
observed particle density (see Figure 7.39). The high particle 
density results in relatively small dimensions of TCP phases at 
intermediate temperatures, whereas the low density of TCP 
phases translates into relatively large dimensions. This fact can 
be explained based on diffusion fields corresponding to single 
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particles. For a high number of nuclei diffusion fields of sepa-
rate particles are small, disabling large dimensions. In case of 
low number of nuclei the opposite is the case.  

Figure 7.41 Average length of σ-phase plates (maximum value under isother-
mal conditions) as a function of temperature and Ru content. At high tem-
perature Ru seems to increase the length, while at low temperature there is 
no effect or the effect seems to be reverted. 

Quite in general it is observed that the growth of separate par-
ticles is not meaningful for the overall transformation rate. 
Even if they grow to larger dimensions, it is accompanied by 
significantly reduced nucleation density (see Figure 7.38 and 
Figure 7.39, resp.), what translates into lower volume fraction 
of TCP phases, as described in the following Chapter. 

7.8.3 Volume fraction of TCP phases 

JMA formula 

In Figure 7.42 the volume fraction of TCP phases is plotted 
versus time. The data obtained experimentally from alloys As-
tra 1-20 (2 at.-% Re, no Ru), Astra 1-21 (2 at.-% Re, 1 at.-% Ru) 
and Astra 1-22 (2 at.-% Re, 2 at.-% Ru) is given as rectangular, 
triangular or circular points, respectively. The plotted lines 
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represent a data fitting by use of the Johnson-Mehl-Avrami 
equation (Equation 4.12). 

Figure 7.42 Volume fraction of TCP phases plotted as a function of time and 
Ru content. The data was obtained experimentally from SEM micrographs 
taken in dendrite cores. The curves correspond to Johnson-Mehl-Avrami 
fitting. The straight lines (tangents) determine graphically the initial rapid 
growth rate and incubation time. Ru leads to a smaller equilibrium volume 
fraction and more sluggish precipitation behavior. 

At a temperature of 1050°C incubation stage, rapid growth 
stage and equilibrium can be clearly distinguished. The rapid 
growth rates are graphically shown by the tangents to the 
curves drawn in Figure 7.42. Their intersections with the time 
axis determine the incubation time. Equilibrium volume frac-
tion is indicated by the plateau of the non-linear curves. With-
in 2000 hours a complete precipitation of TCP phases is ob-
served. 

The influence of Ru on the TCP phase precipitation is evi-
dent from Figure 7.42. In the first stage of precipitation, i.e. 
incubation, nucleation of TCP phases occurs and speed of 
transformation is relatively low. By addition of Ru the duration 
of incubation stage is prolonged from 3 to 6 hours for the alloys 
Astra 1-20 (2 at.-% Re, no Ru) and Astra 1-21 (2 at.-% Re, 
1 at.-% Ru), respectively. The trend is not followed by the alloy 
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Astra 1-22 (2 at.-% Re, 2 at.-% Ru). In this case the incubation 
time is also 6 hours. 

As measured, the TCP phase volume fraction decreases by 
addition of Ru and the effect is the stronger the higher content 
of Ru is present in the alloy. The equilibrium volume fraction at 
the temperature of 1050°C is reduced from 7.8% for the Ru-free 
alloy (Astra 1-20) to 6.5% and 4.3% by addition of 1 and 2 at.-% 
Ru, respectively. 

Temperature function 

The equilibrium volume fraction of TCP phases measured as 
a function of temperature and Ru content is given in Figure 
7.43. The data has been obtained in the temperature range 
from 1050 to 1250°C. Below this range, i.e. at 950°C there was no 
indication that equilibrium volume fraction was obtained with-
in 2000 hours of isothermal annealing.  

Figure 7.43 The equilibrium volume fraction of TCP phases as a function of 
temperature and Ru content. TCP phase volume fraction decreases with 
increasing temperature and with the addition of Ru. 

Regardless of the Ru content, one can observe that the equilib-
rium volume fraction of TCP phases decreases with increasing 
temperature. Such trend is expected, as TCP phases nucleate in 
the γ-matrix phase and the solid solution is stabilized at high 
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temperatures by the entropy term. Therefore the tendency to 
ordering and segregation is lowered [131].  

As demonstrated in Figure 7.43, Ru reduces the equilibrium 
volume fraction of TCP phases within the full range of investi-
gated temperatures. The effect is the stronger the higher the 
content of Ru is in the alloy. Nevertheless, it was not observed 
that Ru stabilizes the microstructure, suppressing precipitation 
of TCP phases totally. 

Comparison with thermodynamic databases 

One can also compare the equilibrium content of TCP phases 
obtained experimentally with those calculated with Ther-
moCalc.  For this purpose, the calculations were performed 
with the use of both commercially available thermodynamic 
databases: TTNi8 and TCNi6. Figure 7.44 contains the data 
corresponding to the summed up mole fraction of TCP phases 
in equilibrium, what corresponds to the equilibrium volume 
fraction (see Rettig (2010) [89]). 

Figure 7.44 Summed up equilibrium mole fraction of TCP phases (corre-
sponding to a volume fraction, see Rettig (2010) [89]) as a function of tem-
perature and Ru content calculated with the use of the commercially availa-
ble databases TTNi8 and TCNi6. The data are strongly dependent on the 
applied database and do not meet convergence with experimental results (see 
Figure 7.43). 
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Comparison of Figure 7.44 with Figure 7.43 demonstrates clear-
ly that the calculated values do not fit the results obtained ex-
perimentally; apart from the temperature function. Neither the 
trend, nor magnitude is predicted correctly. Calculations do 
not provide positive evidence of Ru on the equilibrium volume 
fraction of TCP phases. Moreover, both databases suggest even 
a slight increase of TCP phase volume fraction by addition of 
Ru. Further, the results bring evidence that the calculations are 
strongly dependent on the applied database. 

7.8.4 TTT diagrams 

Ru effect 

The time-temperature-transformation (TTT) diagram for the 
precipitation of 1 vol.-% of TCP phases in the Astra 1 alloys con-
taining 2 at.-% Re is presented in Figure 7.45. The data clearly 
indicates that the transformation kinetics is strongly depend-
ent on the temperature. The fastest kinetics of transformation, 
represented by the nose of the TTT curve, is observed at a tem-
perature between 1100°C and 1150°C. Below and above that 
temperature the precipitation process slows down. Quantita-
tively, the TCP phase volume content reaches 1 % after only 
0.25 h at 1150°C, while at 950°C the same volume fraction of 
TCP is reached after 320 h.  

Ru is found to affect the transformation kinetics, but the 
temperature of the most rapid precipitation (TTT-nose tem-
perature) is not or hardly affected. Ru prolongs the time neces-
sary to reach 1 vol. % of TCP phases. However, the effect of Ru 
is mostly evident at temperatures far away from the nose of the 
TTT curves. At a temperature of 1150°C (TTT-nose tempera-
ture) the transformation is extremely rapid. Although it is 
8 times slower than for the alloy without Ru (Astra 1-20), with 
addition of 2 at.-% Ru the alloy Astra 1-22 needs only 2.1 hour to 
precipitate 1 vol. % of TCP phases. At a temperature of 950°C 
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the time to reach this content is 320, 933 and 981 for 0, 1 and 
2 at.-% Ru, respectively. 

Figure 7.45 The time-temperature-transformation diagram for 1 vol.-% of TCP 
phases precipitated in the alloys containing 2 at.-% Re and varying content of 
Ru. The nose of the TTT curves (the highest transformation kinetics) is 
around 1150°C for all investigated alloys. Above and below this temperature 
the transformation kinetics is slower. Solid symbols and lines represent the 
conditions, where 1 vol.-% of TCP phases were observed experimentally; open 
symbol represents the situation where TCP phases were observed sporadical-
ly and their content was less than 1 vol.-%, dashed lines represent an extrapo-
lation of TTT curves to conditions, where TCP phases were not observed. 
There were no TCP phases observed at 1300°C.  

Until now, the approach to describe precipitation of TCP phas-
es quantitatively was made once before by Sato et al. (2006) 
[74]. Although the authors did not focus on preparation of 
TTT-diagrams, analysis of reported data suggests beneficial 
effect of Ru in controlling precipitation of TCP phases. To the 
knowledge of the author, there are no other literature reports 
showing the influence of Ru on the overall transformation ki-
netics of TCP phases, i.e. TTT-diagrams in Ni-base superalloys 
quantitatively. Therefore, the comparison of TTT curves pre-
sented in Figure 7.45 with literature data is impossible and 
makes current work unique in this respect. 
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7.8.5 CALPHAD driving force calculations 
The driving force for various TCP phases as a function of tem-
perature as well as Re and Ru content is described in this chap-
ter. The calculations are performed for a statistically relevant 
number of points based on the chemical composition analysis 
obtained with the use of EPMA. This procedure allowed deter-
mination of the driving force as a function of position within 
the dendritic structure.  

Driving force as a function of temperature 

To consider the driving force as a function of temperature, one 
can analyze for instance the graph in Figure 7.46. In this par-
ticular case the driving force for the σ-phase precipitation is 
plotted as a function of temperature for the alloys Astra 1-10 
and Astra 1-20, containing 1 and 2 at.-% Re, respectively.  

Figure 7.46 The driving force for σ-phase precipitation from supersaturated 
matrix as a function of temperature and Re content, as calculated with the 
use of CALPHAD techniques. The basis for calculations is chemical composi-
tion analysis with the use of EPMA. 

As calculated, the driving force decreases with increasing tem-
perature. Such trend is expected, as TCP phases nucleate in the 
γ-matrix phase. Since the γ-solid solution is stabilized by the 
entropy term at high temperatures, the tendency to ordering 
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decreases. Another effect is as follows: With increasing tem-
perature the content of the γ’-phase decreases, increasing the 
volume fraction of the γ-matrix phase. Therefore, the supersat-
uration with refractory elements decreases, resulting in a re-
duced driving force. Nevertheless, the latter is likely to be as 
well the result of the decreased tendency to ordering. 

Re influence on the driving force 

Re is found to have a significant influence on the TCP phase 
precipitation. The example of this phenomenon is presented in 
Figure 7.46 for the σ-phase. As calculated with CALPHAD 
techniques Re increases the driving force for σ-phase precipita-
tion by around 2.0 kJ/mol due to change from 1 to 2 at.-% in 
the nominal composition of the alloy. This is valid in the whole 
range of investigated temperatures. The same characteristic is 
found as well in case of the P- and µ-phase. This means that Re 
increases the driving force for the precipitation of any type of 
TCP phases detected experimentally in investigated Astra al-
loys. As an additional effect, Re increases as well the stability 
range of investigated TCP phases. Analyzing Figure 7.46, one 
can state that the σ-phase is stable up to 1100°C and more than 
1200°C in the Astra alloys containing 1 and 2 at.-% Re, respec-
tively. In other words, additional 1 at.-% Re increases the stabil-
ity range of the σ-phase by more than 100°C. 

The mapping of the driving force for the σ-phase precipita-
tion across the dendritic structure is presented in Figure 7.47a, 
while Figure 7.47b demonstrates the corresponding profiles of 
driving force as a function of solid fraction for three alloys with 
various content of Re and Ru. As can be seen, in spite of the 
relatively high degree of homogeneity (see Figure 7.1 and Figure 
7.2) the driving force for TCP phase formation varies signifi-
cantly across the dendritic structure (Figure 7.47a). This char-
acter corresponds very well to that of the residual segregation 
of Re. The highest calculated driving force is in dendrite cores, 
while interdendritic regions are thermodynamically less prone 
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to σ-phase precipitation. For the alloy Astra 1-20 containing 
2 at.-% Re the driving force within the dendrite cores and in-
terdendritic regions is equal to 4.3 and 2.5 kJ/mol on average, 
respectively (Figure 7.47b). In the alloy Astra 1-10 containing 
1 at.-% Re there is even no driving force within the interden-
dritic regions. The same characteristic is found for other inves-
tigated TCP phases, i.e. μ- and P-phase. All these results to-
gether bring the evidence that Re has a significant effect on the 
driving force for TCP phase precipitation. 

Figure 7.47 Influence of Re on the driving force for σ-phase precipitation 
from the supersaturated matrix within the dendritic structure; calculated 
with the use of CALPHAD techniques. The driving force is the highest in 
dendrite cores and the lowest in interdendritic regions, regardless Re and Ru 
content. The basis for calculations is chemical composition analysis with the 
use of EPMA. 

Ru influence on the driving force 

Figure 7.48 presents the driving force for σ-phase precipitation 
as a function of Ru and temperature. According to the thermo-
dynamic calculations, Ru does not have a significant influence 
on the driving force for TCP phase precipitation. The effect 
seems to be negligible especially at high temperatures.  

Although a slight reduction of the driving force by addition 
of 2 at.-% Ru can be found up to 1000°C, the maximum differ-
ence of 0.5 kJ/mol at 800°C does not seem to be crucial for TCP 
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phase stability. As calculated, the effect of Ru on the driving 
force is way smaller than that brought by the residual segrega-
tion of Re. Moreover, with temperature increase the difference 
in the driving force between these three alloys becomes more 
and more unclear. Eventually close to 1200°C the curves are 
overlapping.  

Figure 7.48 The influence of Ru on the driving force for σ-phase precipitation 
from supersaturated matrix, calculated for the alloys Astra 1-20 (2 at.-% Re, 
no Ru), Astra 1-21 (2 at.-% Re, 1 at.-% Ru) and Astra 1-22 (2 at.-% Re, 2 at.-% 
Ru) with the use of CALPHAD techniques and the database TTNi8. Accord-
ing to them, Ru does not have a significant effect on the driving force for TCP 
phase precipitation. The basis for calculations is chemical composition analy-
sis with the use of EPMA. 

The results presented for σ-phase precipitation are valid as well 
in case of the µ- and P-phase. Nevertheless, the calculated ef-
fect of Ru on the driving force seems to be too small to explain 
the positive effect of Ru in reducing the equilibrium volume 
fraction of TCP phases (Figure 7.43). This is the next aspect 
which sets the validity of thermodynamic databases in ques-
tion. 
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Driving force vs. sequence of precipitation 

Figure 7.49 presents the plots of driving force for distinct TCP 
phases, namely σ-, µ- and P-phase as a function of temperature 
within the alloy Astra 1-20 (2 at.-% Re, no Ru).  

Figure 7.49 Influence of temperature on the driving force for precipitation of 
various TCP phases in the alloy Astra 1-20 (2 at.-% Re, no Ru) calculated with 
the use of CALPHAD techniques. The basis for calculations is chemical com-
position analysis with the use of EPMA. 

Analysis of the graph in Figure 7.49 indicates that the driving 
force for the µ-phase precipitation is the lowest within the 
range of investigated temperature. From the other side the 
highest driving force is found for the σ-phase up to 950°C. 
Above this temperature the driving force for σ- is surpassed by 
the P-phase. This characterisitic may give a possible explana-
tion for the sequential phase transformation. However, the 
driving forces for precipitation of distinct TCP phases are very 
close to each other, namely below 0.5 kJ/mol. Due to such 
small differences and a big standard deviation from the mean 
value one can rather expect the coexistence of different types of 
TCP phases than sequential phase transformation. 
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7.9 Interface characterization 
The data presented in this chapter are focused on the interfa-
cial effects between the TCP phases and the 
γ/γ’-microstructure. Both, crystallography and chemical com-
position of the interfaces are investigated to draw the conclu-
sions about the influence of Ru.  

7.9.1 Crystallography 
The nucleation and growth of σ-phase is of special interest, 
since this phase precipitates in early stages and gives way for 
growth of equilibrium-type µ- and P- phases.  

σ/γ’-interface 

FIB-SEM, STEM and TEM investigations revealed that the par-
ticles of σ-phase exhibit plate-like morphology with plates 
aligned parallel to the family of {111} planes. Such morphology 
suggests either coherent or semi-coherent character of the in-
terface.  

A multi-length scale characterization of the σ/γ’ interface 
within the alloys Astra 1-20 (2 at.-% Re, no Ru) and Astra 1-21 
(2 at.-% Re, 1 at.-% Ru) after isothermal annealing for 1000 
hours at 950°C is presented in Figure 7.50. There, the {110} 
planes of the γ/γ’-microstructure are imaged under TEM and 
HRTEM conditions, allowing observation of the interface 
edge-on. In case of both alloys the σ-phase is surrounded by 
the local γ’-matrix (Figure 7.50a and d), as the γ-phase dissolves 
due to TCP phase precipitation process.  

Analysis of Figure 7.50a-c gives the clear evidence that the 
σ/γ’ interface in the alloy Astra 1-20 exhibits a fully coherent 
character and is atomically sharp. Isolated steps can be found 
only occasionally, but this is not shown in the image. There are 
no dislocation networks observed what would imply a semi-
coherent character of the interface. With addition of Ru (Astra 
1-21) no significant difference is observed – the σ/γ’ interface 
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exhibits as well the fully coherent character and is atomically 
sharp (Figure 7.50f).  

Figure 7.50 Characteristic of the σ/γ’ interface investigated edge-on after 
isothermal annealing for 1000 hours at 950°C: a-c) Astra 1-20 (2 at.-% Re, no 
Ru); d-f) Astra 1-21 (2 at.-% Re, 1 at.-% Ru). The σ/γ’ interface exhibits the 
same fully coherent character, regardless of Ru content. 

σ/γ-interface 

The initial σ/γ-interface characteristic for the very early stage of 
nucleation was detected in the alloy Astra 1-21 after 1 h of iso-
thermal annealing at 1150°C (Figure 7.51). From the crystallo-
graphic point of view there is no difference between the inter-
faces σ/γ and σ/γ’, i.e. σ/γ interphase boundary exhibits the 
same fully coherent character. This result is very likely since 
the FCC structure of γ-matrix phase and L12 of γ’-precipitates 
are similar in respect of crystallography (see Figure 2.3). The 
difference occurs only in the partitioning of alloying elements. 
Based on these findings it is unlikely that Ru influences the 
crystallographic contribution to the interfacial energy.  
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Figure 7.51 The interphase boundary between σ- and a) γ-phase and 
b) γ’-phase in the early stage of σ-phase precipitation within the alloy Astra
1-21 (2 at.-% Re, 1 at.-% Ru) after 1 hour of isothermal annealing at 1150°C.
There is no difference in the character of interfaces from the point of view of
crystallography.

7.9.2 Chemical composition 
The chemical composition analysis close to and at the σ/γ’ in-
terface is presented in Figure 7.52. Two alloys described in the 
previous paragraph, Astra 1-20 (2 at.-% Re, no Ru) and Astra 1-21 
(2 at.-% Re, 1 at.-% Ru) annealed isothermally at 950°C for 1000 
hours were investigated with the use of 3DAP.  

Figure 7.52 Chemical composition analysis of the σ/γ’ interface in the alloys: 
a) Astra 1-20 (2 at.-% Re, no Ru) and b) Astra 1-21 (2 at.-% Re, 1 at.-% Ru) after
isothermal annealing for 1000 hours at 950°C, as measured with 3DAP. No
elemental partitioning to the interface can be observed. Ru does not change
the partitioning characteristic of alloying elements.
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Both alloys exhibit a homogeneous distribution of alloying el-
ements within the σ- and γ’-phase. There is no preference for 
partitioning to the σ/γ’ phase boundary. Addition of Ru does 
not change the compositional characteristic of the interface. Ru 
does not exhibit preference for the σ/γ’ phase boundary and 
does not promote either lower or stronger partitioning of any 
other element. One distinction between both alloys can be 
observed in Figure 7.52. By addition of Ru the nominal concen-
tration of Re within σ-phase is reduced. However, this is the 
result of changes in the σ-phase bulk composition (compare 
with Chapter 7.7.2) and not an interfacial effect. 

Due to the small size, rapid dissolution, re-precipitation of 
secondary γ’-particles and resulting experimental problems, the 
σ/γ phase boundary was not successfully investigated with the 
use of 3DAP.  
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8 Discussion 

The full understanding of physical phenomena which control 
TCP phase precipitation process was for a long time impossible 
due to the limitations in the investigation techniques as well as 
limited number of investigated conditions and, therefore, lack 
of experimental results. In the current work the most modern 
investigation techniques are complemented with systematic 
quantitative analysis of TCP phase precipitation, resulting, to 
the knowledge of the author, in the most complex and com-
plete description of TCP phase precipitation process from the 
dendritic to atomic scale. 

Precipitation processes are, generally, controlled by diffusiv-
ity of alloying elements, driving force and interfacial effects. 
The novel scale-bridging approach presented in this study al-
lows to discuss these factors in the context of TCP phase pre-
cipitation in general, Re and Ru influence on the precipitation 
behavior as well as sequential phase transformation.  

8.1 Diffusivity of TCP forming elements 
The results presented in this work (Figure 7.14, Figure 7.17, Fig-
ure 7.20) clearly demonstrate that Re, Cr, Co, W, Mo and to 
some extent Ru can be considered as TCP phase forming ele-
ments. The interdiffusion coefficients of these elements in bi-
nary Ni-X (X – TCP forming element) FCC solid solutions are 
presented in the form of Arrhenius plots in Figure 8.1. They 
were calculated with the use of Arrhenius equation: 

 













⋅
−

⋅= TR
Q

exp0DD  (8.1) 

where: 
 R  gas constant; 
 D0 frequency factor; 
 Q activation energy barrier for diffusion 
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The values of frequency factor D0 and activation energy barrier 
Q were adapted from Karunaratne et al. (2000) for Re and W 
[132], Karunaratne and Reed (2003) for Ru [133], Karunaratne 
and Reed (2005) for Mo [134], Růžičková and Million (1981) for 
Cr [135] and  Neumann and Tuijn (2008) for Co [136]. Parame-
ters D0 and Q, as well as calculated interdiffusion coefficients 
can be found in Appendix C. 

The datapoints in Figure 8.1 and best-fit solid lines repre-
sent the values obtained experimentally in the original reports. 
The dashed lines, in turn, are calculated to get the full compar-
ison in the whole discussed temperature range. 

Figure 8.1 Arrhenius plot of the interdiffusion coefficients of TCP phase form-
ing elements within binary Ni-X (X – alloying element) FCC solid solutions. 
The solid lines represent the best-fit within the range of temperatures studied 
in original report, while the dashed one are extrapolated for the purpose of 
comparison. The data adapted from: Karunaratne et al. (2000) – Re and W 
[132]; Karunaratne and Reed (2003) – Ru [133]; Karunaratne and Reed (2005) – 
Mo [134]; Růžičková and Million (1981) – Cr [135]; Neumann and Tuijn (2008) 
– Co [136].

Analysis of the plots in Figure 8.1 clearly indicates that among 
TCP formers described in this study, Re exhibits the lowest 
diffusion coefficient in the temperature range from 900 to 
1300°C. At 1300°C its diffusion coefficient is one order of magni-
tude lower than that of W or Ru, namely 2.79·10-15, 1.37·10-14 and 
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1.93·10-14 m2·s-1 for Re, W and Ru, respectively. Therefore, at this 
point it can be stated that the mobility of Re atoms is a factor 
controlling TCP phase precipitation process, when one consid-
ers the contribution of diffusion. 

8.1.1 Influence of Re and Ru on the interdiffusion 
coefficient of Re 

The Astra 1 Ni-base superalloys studied in this work contain 
various amounts of Re and Ru (for details see Table 5.1) and 
these two elements influence precipitation process of TCP 
phases, as demonstrated in Chapters 7.6 - 7.8. Since Re is the 
TCP forming element with the lowest diffusion coefficient (see 
Figure 8.1), its dependence on Re and Ru concentration needs 
further discussion. 

Influence of Re 

The interdiffusion coefficients of Re in a Ni-Re binary system 
were studied by Karunaratne et al. (2000) [132]. The careful 
analysis of diffusion couples Ni (pure) – Ni 10 wt.-% Re and 
application of a modified Boltzman-Matano technique 
([137,138])  allowed the authors to measure the interdiffusion 
coefficients of Re as a function of its concentration within the 
range of temperatures from 900 to 1300°C. The data are pre-
sented in Figure 8.2. There, for the discussion purpose, the val-
ues of 3 and 6 wt.-% Re are highlighted, as they correspond to 
Re concentration in Astra 1-1Y (1 at.-% Re) and Astra 1-2Y 
(2 at.-% Re) Ni-base superalloys, respectively (Y represents in 
this case various Ru content). 

The analysis of the graph presented in Figure 8.2 gives the 
evidence that the interdiffusion coefficient of Re in Ni is only 
slightly dependent on the Re concentration. When one consid-
ers the concentrations of 3 and 6 wt.-% of Re almost no chang-
es can be found in the full range of investigated temperatures. 
Therefore, it becomes clear that Re additions do not change the 
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interdiffusion coefficient of Re in Ni within the class of investi-
gated Astra 1 Ni-base superalloys. 

Figure 8.2 The interdiffusion coefficient of Re in Ni in the range of tempera-
tures from 900 to 1300 °C. Data adapted from Karunaratne et al. (2000) [132]. 
The concentrations of 3 and 6 wt.-% Re are highlighted, as they correspond to 
1 (Astra 1-1Y) and 2 at.-% Re (Astra 1-2Y); Y represents various Ru content. 

Influence of Ru 

According to study by Hobbs et al. (2007), who investigated 
binary Ni-Re and Ni-Ru as well as ternary Ni-Re-Ru diffusion 
couples, Ru does not affect the interdiffusion coefficient of Re 
[139]. The data supporting this conclusion were obtained at two 
temperatures, namely 1000 and 1100°C and is presented in Fig-
ure 8.3 (only the data obtained at 1000°C). The interdiffusion 
coefficients of Re and Ru in binary solid solutions are plotted as 
solid symbols, while their equivalents in ternary alloys as open 
symbols. The interdiffusion coefficient of Re is only slightly 
influenced by Ru. However, the interdiffusion coefficient of Ru 
is reduced by addition of Re. Similar to the case of Re (compare 
with Figure 8.2), the concentrations of 1.6 and 3.2 wt.-% (of Ru) 
are highlighted, as they correspond to Ru concentration in the 
Astra 1-X1 (1 at.-% Ru) and Astra 1-X2 (2 at.-% Ru) Ni-base sup-
eralloys investigated in this study (X corresponds to various Re 
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content). These data support further the conclusion, that the 
interdiffusion coefficient of Re does not depend either on Re or 
Ru content. Therefore, at this point it can be excluded, that Ru 
controls the process of TCP phase precipitation by affecting the 
diffusion rate of Re. 

Figure 8.3 The diffusion profiles of Re and Ru in Ni in a binary and ternary 
couples. Ru does not change the diffusion rate of Re in Ni. After: Hobbs et al. 
(2007) [139]. The concentrations of 1.6 and 3.2 wt.-% Ru are highlighted, as 
they correspond to 1 (Astra 1-X1) and 2 at.-% Ru (Astra 1-X2). 

8.2 Nucleation sites 

8.2.1 General aspects 
The results presented here clearly demonstrate that generally 
there is a variety of possible nucleation places for TCP phase 
precipitation, namely dendrite cores, pre-strained regions and 
high-angle grain boundaries. The rate of precipitation depends 
strongly on the type of the place, as elucidated in Figure 7.10 
and Figure 7.11. The results show that the most rapid nucleation 
occurs at high-angle grain boundaries and pre-strained regions. 
Homogenous sites, like dendrite cores within grain interiors 
exhibit least rapid nucleation rate.  

To explain this effect the observed nucleation sites are com-
bined with those included in classical nucleation theory (CNT) 
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[108], see Table 8.1. Generally, according to CNT, the energy of 
the site increases from the top to the bottom of the list. This 
has an effect in reducing activation energy barrier for nuclea-
tion. As a consequence the rate of nucleation increases. 

Table 8.1:  Nucleation places according to classical nucleation theory and 
those detected within the range of this work. The energy of the site increases 
from the top to the bottom of the Table, resulting in increased nucleation 
rate. 

No. Classical nucleation theory This work 
1 Homogeneous sites Grain interior (dendrite cores) 
2 Vacancies  
3 Dislocations Pre-strained areas 
4 Stacking faults  
5 Grain boundaries High-angle grain boundaries 
6 Free surfaces  
 

σ-phase precipitation from the γ-matrix 

Considering the precipitation of TCP phases in the micro-scale, 
it is evidenced that the first particles of σ-phase nucleate in the 
γ-matrix phase (Figure 7.21). The reason for this is the super-
saturation of γ with TCP-forming elements.  

The equilibrium type phases start to precipitate from the 
existing σ-phase plates. The reasons for this behavior are dis-
cussed in Chapter 8.3. 

8.2.2 Precipitation at defects  
Nucleation process of TCP phases is most rapid at defects, as 
discussed in the previous chapter. This implies that long-term 
high-temperature stability is strongly dependent on the manu-
facturing and processing of material and on one side may be 
increased by elimination of the defects, e.g. by producing SC 
components. Nevertheless, the results presented in this work 
suggest strongly that TCP phases nucleate rapidly also at de-
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fects, which initiate during service conditions, i.e. on disloca-
tions (Figure 7.11). This behavior suggests that the control of 
TCP phase precipitation process may be more complicated, 
since the high-temperature operation of Ni-base superalloys 
under load is connected to creep deformation, connected to 
movement of dislocations. The hindering of dislocation move-
ment may therefore induce their accumulation and significant-
ly faster TCP phase nucleation. 

The above given considerations suggest the necessity of fur-
ther investigations on TCP phase precipitation. The aim should 
be focused on the phase stability under load and non-
isothermal conditions to clarify the kinetics of TCP phase pre-
cipitation under service conditions. 

8.3 Precipitation sequence 
In the class of Ni-base superalloys Astra 1 investigated in this 
work the TCP phases undergo sequential phase transformation. 
Experimental results demonstrate that long-term isothermal 
annealing leads to sequential nucleation of μ- or P-phase at the 
existing σ-phase plates (e.g. Figure 7.25). The possible reasons 
for this phenomenon can be: 

1. the limited diffusivity of alloying elements;  
2. the difference in chemical composition of distinct TCP 

phases and resulting effect on the driving force; 
3. the preferential orientation relationship with the matrix 

and interfacial effects. 

Diffusivity of alloying elements 

The limitations in diffusivity of TCP phase forming elements 
can be discussed based on the evolution of TCP phase chemis-
try during isothermal annealing conditions, as presented in 
Figure 7.29 and Figure 7.36. Analysis of the σ-phase evolution 
showed no difference in the chemical composition of particles 
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precipitated in the early stage with those observed in more 
advanced stages of precipitation. This implies that the diffusion 
was not a formation limiting factor. If this was the case, one 
could observe a gradual increase of slowly diffusing elements, 
most likely Re, during σ-phase precipitation. However, the first 
particles exhibited already chemistry equal to that in the later 
stages. Moreover, the comparison of chemical composition of 
metastable σ-phase with equilibrium µ- or P- phases shows 
that there is no increase according to the content of the slowest 
diffusing TCP former – Re. Based on this results it can be ex-
cluded that diffusion rate of Re controls the sequential phase 
transformations. From the other side one can observe an in-
crease in the content of W by comparison between the σ- and 
μ- or P-phase. Nevertheless, these changes are likely to be the 
effect of reduced solubility of Re in the equilibrium type parti-
cles rather than the effect of W diffusivity. 

Taking into account all the aspects connected to diffusivity 
of TCP forming elements it can be excluded that diffusion of 
any element controls sequential phase transformation. 

Differences in chemistry of distinct TCP phases 

The difference in chemical composition of distinct TCP phases 
and resulting variations in the driving force are other factors 
potentially controlling the sequential phase transformation. 
Nevertheless, quite surprisingly, the compositions of distinct 
TCP phases found in this work remain very close to each other. 
The variations are most pronounced in case of Re- and W con-
tent. However, although the ratio Re/W decreases between the 
σ- and μ- or P- phases, the cumulative concentration of both 
elements varies around 41 at.-%. The concentrations of other 
elements are influenced to a significantly lesser degree. Such 
relatively little variations in chemical composition are not like-
ly to have a significant influence on the chemical driving force 
for precipitation. This is well in accordance with CALPHAD 
calculations. According to them there are only very small dif-
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ferences in the driving force for precipitation of distinct TCP 
phases (Figure 7.49). Moreover, considering the scatter from 
the mean value, one can rather expect a competitive growth of 
TCP particles of different types than sequential phase trans-
formations.  

A comparative analysis of TCP phases was published by Rae 
and Reed (2001) [69]. The authors used TEM-EDX to investi-
gate the chemistry of various TCP phases in a series of Ni-base 
superalloys. Similar to the findings presented in this work, 
σ-phase was found to serve as nucleation sites for equilibrium 
type μ- and P- phases. The compositions of σ- and P- phases 
were measured to be close, while the μ-phase, unlike to present 
results, was significantly different. Moreover, the absolute 
compositions of TCP phases deviate from those presented in 
the current work. This indicates two phenomena: the strong 
dependence of TCP chemistry on investigated alloy system and 
broad compositional fields of TCP phases. The occurrence of 
compositional overlap may be presented well based on the 
modeling with the use of so-called structure map approach 
(Seiser et al. (2011), Hammerschmidt et al. (2013), Koßmann et 
al. (2015) [130,140,141]).  

Thanks to the collaboration within the Project SFB 
TransRegio 1034 and courtesy of J. Koßmann and 
T. Hammerschmidt from the University of Bochum the struc-
ture map approach was applied to compositions of TCP phases 
measured within this work (Figure 8.4). Both axes (x and y) 
represent chemical composition of an alloy by averaging 
schemes. The x axis corresponds to the average number of va-
lence electrons N, while y to the relative volume difference 
ΔV/V, based on metallic radii [140].  A given chemical composi-
tion translates to a point (N, ΔV/V). The colored polyhedra 
enclose the regions where TCP phases have been observed ex-
                                                      
4 Collaborative Research Center SFB TransRegio 103. Superalloy single crys-
tals. From atoms to turbine blades - a scientific approach for developing the 
next generation of single crystal superalloys. 
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perimentally in previous works, i.e. σ- is expected inside the 
red polyhedron, while μ-phase within the violet one. 

Figure 8.4 The structure map approach applied to the experimentally ob-
served chemical compositions of σ- and μ-phase. Colored polyhedra deter-
mine the stability regions for distinct TCP phases. σ- and μ-phases lay close 
to the overlap region, what can rationalize sequential phase transformation. 
The structure map approach does not explain precipitation of σ- as a first 
phase. 

The results obtained with the use of structure map approach 
indicate that the compositions of σ-phase obtained within the 
alloy Astra 1-20 and Astra 1-21 are outside the stability region of 
σ-phase. Chemical compositions of both σ- and μ- are close to 
each other and correspond to the stability region of μ-phase. 
Nevertheless, they are as well very close to the overlap region 
between σ- and μ-, where occurrence of both phases is likely. 
Therefore, with the use of structure map approach one can 
rationalize the sequential phase transformation σ- to μ-phase. 
However, this approach does not give the answer why σ precip-
itates as a first TCP phase.  

Interfacial energy effect 

The third effect is connected to the morphology and therefore 
crystallography of the phases. The σ-phase was found to exhibit 
the thin plate-like morphology, being the result of the fully 
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coherent interfaces with the matrix. This allows the possible 
minimum input to the Gibbs energy of the system. The µ- and 
P- phases exhibit lath-like and blocky particles, accompanied 
by the existence of semi-coherent and incoherent interfaces 
with the matrix. This in turn brings a relatively huge input into 
the Gibbs energy of the system. Therefore, the crystallography 
of the phases is most likely the reason of the sequential phase 
transformations. Maintaining very similar chemical composi-
tion, the interfacial effects control the activation energy barrier 
for the nucleation of new particles. This effect is very well in 
accordance with the calculations of Rettig and Singer [91], who 
showed, that the activation energy barrier for the nucleation of 
P-phase is drastically reduced when it starts from the σ-phase 
(see Figure 3.7).  

8.4 Effect of Re 

8.4.1 Thermodynamics 
Microscopic observations performed within the range of this 
study show that the alloys Astra 1-1Y containing 1 at.-% Re and 
various concentration of Ru do not precipitate TCP phases at 
all within 2000 hours of isothermal annealing. At the same 
time the alloys containing 2 at.-% Re and various concentration 
of Ru exhibit advanced precipitation of TCP phases. Thermo-
dynamic reasons are supposed to play a major role in control-
ling Re influence on the precipitation of TCP phases.  

It is demonstrated, based on CALPHAD calculations, that 
Re has a significant influence on the driving force for the pre-
cipitation of any type of TCP phases. Even slight residual segre-
gation to the dendrite cores (Figure 7.3) translates into a signif-
icant increase in the driving force for TCP phase precipitation 
(Figure 7.47). This effect is caused by supersaturation of the 
γ-phase with Re. As elucidated elsewhere by the present author 
[124] based on the investigations of DP colony within Astra 1 
alloys, the solubility limit of Re in the γ-phase is around 
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3.2 at.-%. Current investigations show that the initial concen-
tration of Re within the γ-phase is 4.2 and 7.4 at.-% for the al-
loys Astra 1-10 (1 at.-% Re, no Ru) and Astra 1-20 (2 at.-% Re, no 
Ru), respectively. Therefore by alloying with 2 at.-% Re the 
solubility limit of Re in the γ-phase is surpassed more than 
2 times, what results in high driving force to precipitate TCP 
phases.  

It is worth to mention that although the γ-phase of Astra 1-
10 (1 at.-% Re, no Ru) is as well supersaturated with Re, there 
are no TCP phases precipitated within 2000 hours of isother-
mal annealing. These results indicate that there exists an ac-
ceptable limit of supersaturation with Re, which can be bal-
anced by interfacial- and misfit strain energy effects. Moreover, 
being a temperature dependent property, such relatively small 
supersaturation may not play a significant role at temperature 
of 950°C and above. 

8.4.2 Kinetics 
The results presented in this work give the strong evidence for 
the contribution of Re in controlling the thermodynamics of 
TCP phase precipitation process. However, to the knowledge of 
the author, the TTT curves for the alloys containing 2 at.-% Re 
(Astra 1-2Y), corresponding to 6 wt.-% Re (Figure 7.45) have 
never been published before. Therefore, they may be compared 
to the literature data in the context of kinetics.  

The pioneering study of Re influence on TCP phase precipi-
tation was published by Darolia et al. (1988). The authors pub-
lished TTT curves for TCP phase precipitation in the alloys 
with various content of Re, maximum 3 wt.-%, corresponding 
to 1 at.-% (see Figure 8.5). The nose of TTT curve was deter-
mined to be around 1050°C after 20 hours of isothermal anneal-
ing [70]. 

Comparing the TTT curves proposed by Darolia et al. with 
those presented in this study (Figure 7.45), it is further con-
firmed that Re has as well a strong effect in controlling kinetics 
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of TCP phase precipitation. By alloying with additional 3 wt.-% 
Re (~1 at.-%) the nose of the TTT curves is shifted to a higher 
temperature and the precipitation is significantly faster, as elu-
cidated in Figure 8.5. Nevertheless, this effect can be as well 
explained based on the thermodynamics. As discussed in pre-
vious paragraphs Re increases significantly its supersaturation 
in the γ-phase increasing the chemical driving force. Therefore 
the chemical driving force takes over the role in controlling 
activation energy barrier for nucleation and growth of TCP 
particles. As a consequence of Equation 4.6 an increase of the 
driving force decreases the activation energy barrier signifi-
cantly. This in turn results in more rapid nucleation of TCP 
phases and changes in overall transformation kinetics. 

Figure 8.5 The TTT diagrams for the TCP phase precipitation as a function of 
Re content. The curve for 6 wt.-% Re (2 at.-%) obtained in this study is com-
bined with the TTT curve reported by Darolia et al. (1988) [70]. The results 
indicate that Re influences as well the kinetics of TCP phase precipitation, 
shifting the nose of TTT curve to higher temperature and shorter annealing 
times. 

8.5 Effect of Ru 
The results obtained experimentally within the range of this 
work show significant effect of Ru in controlling precipitation 
of TCP phases. Moreover, although the process is not sup-
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pressed by alloying with even 2 at.-% Ru, there exists evidence 
that the effect of Ru is more complex than previously thought. 
First of all, Ru decreases the equilibrium volume fraction of 
TCP phases in the full range of investigated temperatures (Fig-
ure 7.43). This translates directly into reduced driving force for 
TCP phase precipitation. Moreover, Ru decreases significantly 
particle density of TCP phases (Figure 7.39). This, in turn, 
translates into a possible influence on diffusion rate and activa-
tion energy barrier. The former can be neglected, as discussed 
in Chapter 8.1. The latter, as a consequence of Equation 4.6, 
implies the influence of Ru on the driving force as well as inter-
facial- and misfit strain energy. The discussion of these phe-
nomena is given in following subsections. 

8.5.1 Driving force 
The driving force for TCP phase precipitation may be reduced 
by changes either in the precipitated TCP phases or initial state 
of the alloys. 

Destabilization of TCP phases 

Analysis of chemical composition of distinct TCP phases re-
vealed that Ru has almost no effect on their stability (Figure 
7.35). Although Ru takes place in the formation of all investi-
gated types of TCP phases, it partitions on exactly the same 
level to γ-phase (Figure 7.36). Therefore, changes of TCP phase 
composition brought about by Ru are relatively unlikely to re-
duce the driving force for precipitation. 

Reverse partitioning effect 

Chemical composition analysis performed with the use of 
3DAP did not reveal any influence of Ru on the chemical com-
position of γ’-phase (Figure 7.7, Matuszewski et al. (2015) [125]). 
By alloying with Ru the content of Re is the same as in the al-
loys without Ru. It implies that Ru does not cause reverse parti-
tioning effect of either Re or any other element in the class of 
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investigated alloys. According to the report of Carroll et al. 
(2007), the reverse partitioning of Re occurs in the alloys con-
taining high level of Ru and no or very little level of Cr [104]. 
This finding supports the results of this work, as the Astra 1 
alloys contain 6 at.-% Cr (Table 5.1), which corresponds to in-
termediate values. Based on these two factors, it is stated that 
Ru does not have any influence on the reverse partitioning of 
either Re or any other alloying element. 

Destabilization of γ’-phase 

The results obtained in this work allow to exclude the effect of 
Ru on destabilization of the γ’-phase. This is valid when one 
considers both the chemical composition (Figure 7.7, [125]) and 
the volume fraction of γ’-precipitates (Figure 7.5). Although the 
content of γ’-phase was obtained experimentally in a narrow 
range of temperatures, there is a very good correlation between 
quantitative analysis of micrographs and ThermoCalc calcula-
tions. Therefore, analysis of property diagrams (Figure B.2 – 
Appendix B) allows to exclude the destabilization of γ’-phase 
upon alloying with Ru in the whole range of temperatures. 
Consequently it is stated that the findings proposed by Hobbs 
et al. (2008) that Ru destabilizes γ’-phase [87] are not valid for 
the Astra 1 alloys investigated in this work. 

Solubility of Re in the γ-matrix phase 

Solubility of Re as a factor controlled by addition of Ru was 
previously assumed by Sato et al. (2006) and Heckl et al. (2011) 
[74,83]. According to results presented in Figure 7.7a, the con-
centration of Re is hardly affected by addition of Ru. Neverthe-
less, these results correspond to the initial state of the alloy. As 
it is published in another report of current author the addition 
of 1 at.-% Ru results in an increased concentration of Re in the 
γ-phase when the equilibrium state is taken into account [124]. 
Although the effect is not big (~0.5 at.-% Re on addition of 
1 at.-% Ru), it is evident, that with the addition of Ru, the solu-
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bility of Re within the γ-matrix phase is increased. This reduc-
es, in turn, the supersaturation of the matrix and the effective 
driving force for TCP phase precipitation. The finding is further 
supported by the study of driving force within the dendritic 
structure (Figure 7.47). In that case, although variations of Re 
content are not big, there is a significant effect on the driving 
force for TCP phase precipitation.  

The reason for the increased solubility of Re within γ-matrix 
phase by addition of Ru may be due to the interaction of both 
elements on the atomic scale, e.g. by formation of Re-Ru bond-
ing which may be more stable than that of Re-Re. However, the 
clarification of this idea is impossible without application of 
ab-initio techniques, which are currently too expensive, when 
the computation time for multicomponent Ni-base superalloys 
is considered. 

8.5.2 Interfacial effect 
Ru was not found to affect the crystallography of either TCP 
phases or TCP/matrix interfaces (Figure 7.50, Figure 7.51), as 
elucidated with the use of HR TEM techniques. Therefore, from 
the crystallographic point of view there is no evidence for Ru to 
control the interfacial energy. However, considering the chem-
ical contribution to the interfacial energy it is not possible to 
state the final conclusions at this stage. Although the novel 
techniques have been applied and the σ/γ’-interface has been 
investigated experimentally by 3DAP there is no evidence for 
Ru to change the binding energy at the interface (Figure 7.52). 
However, the nucleation of TCP phases starts from the γ-phase. 
Due to difficulties caused by the rapid dissolution of the 
σ/γ-junctions, experimental characterization of this interface 
was not performed within the range of this work. Therefore, 
although the influence of Ru on the interfacial energy is likely 
basing on the thermodynamic calculations (Rettig (2010) [89]), 
it has not been confirmed experimentally.   
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8.5.3 Misfit strain energy 
Nucleation of precipitates exhibiting coherent interfaces with 
lattice parameters different than that of the parent phase in-
duces misfit strain energy. As determined based on the SAD 
patterns, there is no or negligible effect of Ru on the lattice 
parameter of either σ- or γ’-phase by addition of Ru. This result 
is very likely, since Ru does not change at all the chemical 
composition of γ’-phase (Figure 7.37b). Moreover, as evidenced 
with the use of 3DAP, Ru substitutes Re within the σ-phase 
(Figure 7.35) most likely due to site occupancy competition. In 
this case, as atomic radii of both elements do not differ a lot 
(137.2 and 134 pm for Re and Ru, respectively) [142], the varia-
tions in lattice parameters are not expected as well. However, 
Ru substitutes positions of Ni in the γ-matrix phase (Figure 
7.37a) and the difference in atomic radii of both elements is 
significant: 134 and 124.6 nm for Ru and Ni, respectively [142]. 
This has an effect on the lattice parameter of the γ-phase and 
therefore on the lattice misfit. Therefore, it is very likely that 
Ru controls the misfit strain energy during precipitation of 
σ-phase. This effect is well in accordance with the findings of 
Heckl et al. (2011), who showed that the absolute value of γ/γ’ 
lattice misfit increases and the sign is shifted to negative values 
by addition of Ru [10]. 

8.6 Verification of the existing thermodynamic 
databases 

The experimental results find a good correlation with those 
calculated by ThermoCalc when the property phase diagrams 
are considered for the initial γ- and γ’- phases (Figure 7.5). 
However, when the TCP phases are considered the situation 
becomes more complicated. First of all, there exists a signifi-
cant divergence between the results obtained with distinct da-
tabases, as elucidated in Figure 7.44. This suggests that the 
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calculation results are strongly dependent on the applied data-
bases.  

Considering the Re effect on the cumulative volume fraction 
of TCP phases, both databases are able to predict the trend 
correctly – Re increases the susceptibility of material to precipi-
tate TCP phases. However, the global values are divergent from 
the values obtained experimentally. 

In case of the effect of Ru the applied thermodynamic data-
bases are not able to predict either the trend or magnitude. The 
global values differ significantly from the experiments accord-
ing to the overall volume content of TCP phases. Moreover, the 
calculations predict Ru effect to increase slightly the equilibri-
um volume content of TCP phases. In case of the experiments, 
the opposite is the case. 

Summing up, the prediction of TCP phase precipitation in 
the alloys containing Re and Ru with the use of commercially 
available databases is very difficult, if not impossible. 
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9 Summary and Conclusions 

The results of current work, which were already reported in 
a number of publications [124,125,128,129,143] can be summa-
rized as follows:  

Re has a significant influence on the precipitation process of 
TCP phases. In the class of investigated alloys it segregates 
strongly to the γ-matrix phase. As a consequence, Re supersat-
urates the matrix and therefore induces a chemical driving 
force for the precipitation of TCP phases. Additionally, Re de-
creases the activation energy barrier for the nucleation of TCP 
phases, which translates into changes in precipitation kinetics.  

Nucleation sites of TCP phases correspond to those given by 
classical nucleation theory. The most rapid nucleation occurs 
in the regions of the highest enthalpy (defects), decreasing to-
wards the homogenous sites. Ru does not alter this behavior. 
The dependency of TCP phase nucleation on strain arises from 
this work to be a very important factor in predicting the overall 
transformation kinetics of TCP phases under service condi-
tions. 

TCP phases undergo sequential phase transformations. The 
metastable σ-phase precipitates in a form of very thin plates, 
possessing coherent interfaces with the matrix. With the pro-
gress of annealing, σ- gives way for growth of equilibrium type 
μ- or P- phases and dissolves gradually. Sequential phase trans-
formation is controlled by the interfacial energy TCP/matrix. 
Nucleation of equilibrium type phases from the metastable 
σ-phase is energetically favorable. 

Precipitation of TCP phases causes topological inversion of the 
microstructure. Due to depletion of refractory elements the 
γ-matrix phase dissolves gradually. As a consequence the 
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γ/γ’-lattice misfit changes towards positive values. This enables 
coarsening of the γ’-phase. Eventually γ’-phase takes over the 
role of matrix. 

Ru segregates preferentially to the γ-matrix phase. As a conse-
quence it increases slightly the solubility limit of Re within γ. 
Therefore, the supersaturation with Re is reduced, what trans-
lates into lower driving force for TCP phase precipitation. Ad-
ditionally, Ru increases the lattice parameter of the γ-phase. 
This induces higher misfit strain energy. Both effects result in 
reduced particle density of TCP phases. 

The possible influence of Ru on the interfacial energy 
TCP/matrix has not been confirmed experimentally. Ru does 
not change the crystallographic contribution to the interfacial 
energy. Further investigations of the chemistry of interfaces 
TCP/matrix are necessary to confirm or exclude effect of Ru. 
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Zusammenfassung und Fazit 

Die Ergebnisse dieser Arbeit, die schon in einigen wesentlichen 
Publikationen [124,125,128,129,143] veröffentlicht wurden, kön-
nen wie folgt zusammengefasst werden: 

Das Element Re hat einen signifikanten Einfluss auf die Aus-
scheidung der TCP Phasen. In der Gruppe der untersuchten Ni-
Basis Superlegierungen verteilt sich Re stark auf die 
γ-Matrixphase. Dadurch ist das Re in der Matrix übersättigt 
und induziert die Triebkraft zur Ausscheidung der TCP-
Phasen. Außerdem, sitzt das Re die Aktivierungsenergie herab. 
Das beeinflusst die Kinetik der TCP-Phasenausscheidung. 

Die Stellen der Keimbildung der TCP Phasen entsprechen de-
nen, die in der klassischen Keimbildungstheorie vorhergesagt 
werden. Die Keimbildungsrate ist am höchsten auf Defekten 
im Gefüge und am niedrigsten an homogenen Stellen. Ru be-
einflusst diese Phänomene nicht. Diese Arbeit wies nach, dass 
die Abhängigkeit der TCP-Phasenausscheidung von Verfor-
mung des Materials (Versetzungen) ein wichtiger Faktor für die 
Vorhersage der Ausscheidung unter Einsatzbedingungen ist. 

Die TCP Phasen scheiden sich in einer Sequenz aus. Die meta-
stabile σ-Phase scheidet sich als sehr dünne Plättchen aus und 
besitzt kohärente Grenzflächen mit der γ-Matrix Phase. An den 
Ausscheidungen der σ-Phase bilden sich die Keime der ther-
modynamisch stabilen μ- oder P- Phasen und die σ-Phase löst 
sich wieder auf. Die Ausscheidungssequenz ist kontrolliert 
durch die Grenzflächenenergie TCP/Matrix. Die Keimbildung 
der thermodynamisch stabilen Phasen an den Ausscheidungen 
der σ-Phase ist aus energetischen Gründen günstig.  

Die TCP-Phasenausscheidung führt zur einen topologischen 
Umwandlung des Gefüges. Aufgrund der Verarmung der 
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γ-Matrix an γ-Bildnern wird die γ-Phase langsam aufgelöst. Die 
γ/γ‘-Gitterfehlpassung ändert sich dadurch in der Richtung 
positiver Werte. Das ermöglicht eine Vergröberung der 
γ’-Phase. Im Endeffekt übernimmt die γ’-Phase die Rolle der 
Matrix. 

Das Element Ru verteilt sich in die γ-Matrix Phase. Dadurch 
hebt Ru die Löslichkeit von Re in der γ-Matrix Phase. Deswe-
gen setzt sich die Übersättigung der γ-Matrix Phase mit Re 
herab und dadurch ist die Triebkraft zur Ausscheidung herab-
gesetzt. Weiterhin erhöht Ru die Gitterparameter der γ-Phase 
und im Endeffekt induziert es eine höhere Gitterfehlpassungs-
energie. Beide Phänomene hemmen die Ausscheidungsrate der 
TCP-Phasen. 

Es konnte kein Einfluss des Elementes Ru auf die Grenzflä-
chenenergie TCP/Matrix experimentell gefunden werden. Ru 
ändert nicht den Gitterstrukturen. Weitere Untersuchungen 
der chemischen Zusammensetzung der Grenzfläche sind nötig, 
um einen Einfluss von Ru zu bestätigen oder auszuschließen. 
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Podsumowanie i wnioski 

Wyniki niniejszej pracy, które zostały opublikowane w szeregu 
artykułów naukowych [124,125,128,129,143], podsumowuje się 
następująco: 

Re ma znaczący wpływ na wydzielanie faz TCP. W grupie ba-
danych stopów Re segreguje silnie do osnowy γ. W konsekwen-
cji Re przesyca osnowę γ, wywołując przez to siłę napędową do 
wydzielania faz TCP. Ponadto, Re obniża energię aktywacji 
procesu wydzielania faz TCP, co przekłada się na zmiany 
w kinetyce wydzielania tych faz. 

Miejsca zarodkowania faz TCP odpowiadają tym opisanym 
w klasycznej teorii zarodkowania. Szybkość zarodkowania jest 
największa w obszarach o najwyższej entalpii (na defektach) 
i obniża się, osiągając najniższe wartości w obszarach homoge-
nicznych. Ru nie wpływa na to zjawisko. Niniejsza praca wska-
zuje, iż zależność wydzielania faz TCP od odkształcenia mate-
riału, mianowicie od dyslokacji, jest bardzo ważnym czynni-
kiem przy prognozowaniu wydzielania faz TCP w warunkach 
pracy. 

Fazy TCP wydzielają się z zachowaniem sekwencji. Metastabil-
na faza σ wydziela się w postaci bardzo cienkich płytek, charak-
teryzujących się koherentną granicą międzyfazową z osnową γ. 
W toku wyżarzania faza σ umożliwia zarodkowanie równowa-
gowych faz µ oraz P, rozpuszczając się stopniowo. Sekwencyjne 
wydzielanie faz TCP jest kontrolowane poprzez energię granicy 
międzyfazowej TCP/osnowa. Zarodkowanie faz równowago-
wych z metastabilnej fazy σ jest korzystne pod względem 
aspektów energetycznych. 

Wydzielanie faz TCP powoduje topologiczną przemianę mikro-
struktury. Z powodu wysycenia pierwiastków trudnotopliwych 
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faza γ rozpuszcza się stopniowo. W konsekwencji niedopaso-
wanie sieci γ/γ’ zmienia się w kierunku pozytywnych wartości 
oraz umożliwia koalescencję fazy γ’. W wyniku tych procesów 
faza γ’ przejmuje rolę osnowy. 

Ru segreguje preferencyjnie do osnowy γ. W wyniku tego pod-
nosi granicę rozpuszczalności Re w fazie γ. Z tego powodu 
przesycenie fazy γ Renem maleje, co przekłada się na niższą siłę 
napędową dla procesu wydzielania faz TCP. Dodatkowo, Ru 
podnosi parametr sieci fazy γ. To powoduje wyższą energię 
odkształcenia sieci krystalicznej. Oba efekty widoczne są 
w zredukowanej gęstości wydzieleń faz TCP. 

Wpływ Ru na energię granicy międzyfazowej TCP/osnowa nie 
został potwierdzony eksperymentalnie. Z punktu widzenia 
wkładu krystalograficznego, Ru nie zmienia energii granicy. 
Dalsze badania granicy TCP/osnowa są konieczne w celu po-
twierdzenia bądź odrzucenia wpływu Ru na energię granicy 
międzyfazowej pod względem wiązań atomowych. 
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Appendix A – Chemical composition of 
Ni-base superalloys 

Table A.1:  Chemical composition of commercial SC Ni-base superalloys 
(wt.-%) 

  
Al Co Cr Mo Re Ru Ta Ti W Hf Others Source 

1st  
gen. 

CMSX-2 5.6 4.6 8.0 0.6 - - 6.0 1.0 8.0  - [16] 
CMSX-6 4.8 5.0 9.8 3.0 - - 2.0 4.7 - 0.1 - [17] 
PWA 1480 5.0 5.0 10.0 - - - 12.0 1.5 4.0 - - [14] 
RR2000 5.5 15.0 10.0 3.0 - - - 4.0 - - V 1.0 [18] 
René N4 3.7 8.0 9.0 2.0 - - 4.0 4.2 6.0 - Nb 0.5 [19] 

2nd  
gen. 

CMSX-4 5.6 9.0 6.5 0.6 3.0 - 6.5 1.0 6.0 0.1 - [20] 
PWA 1484 5.6 10.0 5.0 2.0 3.0 - 8.7 - 6.0 0.1 - [21] 
René N5 6.2 8.0 7.0 2.0 3.0 - 7.0 - 5.0 0.2 - [22] 
SC180 5.2 10.0 5.0 2.0 3.0 - 8.5 1.0 5.0 0.1 - [23] 

3rd  
gen. 

CMSX-10 5.7 3.0 2.0 0.4 6.0 - 8.0 0.2 5.0 0.03 Nb 0.1 [24] 
René N6 5.75 12.5 4.7 1.4 5.4 - 7.2 - 6.0 0.15 C 0.05 [25] 
TMS-75 6.0 12.0 3.0 2.0 5.0 - 6.0  6.0 0.1. - [26] 

4th  
gen. 

PWA 1497 5.55 16.5 2.0 2.0 5.95 3.0 8.25 - 6.0 0.15 - [27] 

MC NG 6.0 - 4.0 1.0 4.0 4.0 5.0 0.5 5.0 0.1 - 
[28], 
[144] 

TMS-138 5.9 5.9 2.9 2.9 4.9 2.0 5.6 - 5.9 0.1 - [29] 
5th  
gen. 

TMS-162 5.8 5.8 2.9 3.9 4.9 6.0 5.6 - 5.8 0.1 - [30] 
TMS-173 5.6 5.6 2.8 2.8 6.9 5.0 5.6 - 5.6 0.1 - [31] 

6th gen. TMS-238 5.9 6.5 4.6 1.1 6.4 5.0 7.6 - 4.0 0.1 - [32] 
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Appendix B – Property diagrams of 
investigated alloys 

 
Figure B.1 Influence of Re on the property phase equilibria for the Astra alloys 
containing no Ru. 

 
Figure B.2 Influence of Ru on the phase equilibria for the Astra 1 alloys con-
taining 2 at.-% Re. 
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Appendix C – Interdiffusion coefficients 
of TCP forming elements 

Table C.1:  The values of frequency factor D0 and activation energy barrier Q 
obtained experimentally 

Symbol Q (kJ/mol) D0 Source 
Re 255.0 8.20·10-7 [132] 
Cr 292.1 8.52·10-4 [135] 
Co 282.0 1.80·10-4 [136] 
W 264.0 8.00·10-6 [132] 
Mo 281.3 1.15·10-4 [134] 
Ru 304.4 2.48·10-4 [133] 

 

Table C.2:  Calculated interdiffusion coefficients of TCP forming elements in 
Ni 

°C 900 950 1000 1050 1100 1150 1200 1250 1300 

K 1173 1223 1273 1323 1373 1423 1473 1523 1573 

Re 3.62·10-18 1.05·10-17 2.82·10-17 7.02·10-17 1.63·10-16 3.58·10-16 7.44·10-16 1.47·10-15 2.79·10-15 

Cr 
 

2.85·10-16 8.81·10-16 2.50·10-15 6.58·10-15 1.62·10-14 
   

Co 
   

1.32·10-15 3.37·10-15 8.02·10-15 1.80·10-14 3.83·10-14 7.78·10-14 

W 1.40·10-17 4.24·10-17 1.18·10-16 3.02·10-16 7.24·10-16 1.63·10-15 3.48·10-15 7.06·10-15 1.37·10-14 

Mo 3.42·10-17 1.11·10-16 3.30·10-16 9.01·10-16 2.29·10-15 5.43·10-15 1.22·10-14 2.59·10-14 5.24·10-14 

Ru 6.91·10-18 2.48·10-17 8.02·10-17 2.38·10-16 6.52·10-16 1.66·10-15 3.98·10-15 9.01·10-15 1.93·10-14 

 
 



The high-temperature strength of Ni-base superalloys may be strongly 
improved by alloying with Re. On the other hand, addition of Re has a 
negative influence on the long-term high-temperature stability - it leads 
to precipitation of topologically close packed phases. These phases, 
in turn, are detrimental for the high-temperature strength of Ni-base  
superalloys. Their precipitation process may be suppressed by alloying 
with Ru. Physical phenomena controlling this behavior are described  
in this work bringing the new insight into understanding of the Re- and 
Ru effect on precipitation of topologically close packed phases.
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