
Nickel and cobalt-based superalloys with a γ-γ′ microstructure are 
known for their excellent creep resistance at high temperatures. 
Their microstructure is engineered using different alloying elements, 
that partition either to the fcc γ matrix or to the ordered γ′ phase. In 
the present work the effect of alloying elements on their segregation 
behaviour in nickel-based superalloys, diffusion in cobalt-based  
superalloys and the temperature dependent solid solution strengthening 
in nickel-based alloys is investigated. The effect of dendritic segregation 
on the local mechanical properties of individual phases in the as-cast, 
heat treated and creep deformed state of a nickel-based superalloy 
is investigated. The local chemical composition is characterized using 
Electron Probe Micro Analysis and then correlated with the mechanical 
properties of individual phases using nanoindentation. Furthermore, 
the temperature dependant solid solution hardening contribution of Ta, 
W & Re towards fcc nickel is studied. The room temperature hardening 
is determined by a diffusion couple approach using nanoindentation 
and energy dispersive X-ray analysis for relating hardness to the  
chemical composition. The high temperature properties are determined 
using compression strain rate jump tests. The results show that at  
lower temperatures, the solute size is prevalent and the elements with  
the largest size difference with nickel, induce the greatest hardening  
consistent with a classical solid solution strengthening theory. At  
higher temperatures, the solutes interact with the dislocations such  
that the slowest diffusing solute poses maximal resistance to dislocation 
glide and climb. Lastly, the diffusion of different technically relevant  
solutes in fcc cobalt is investigated using diffusion couples. The results 
show that the large atoms diffuse faster in cobalt-based superalloys  
similar to their nickel-based counterparts. 
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Abstract

Nickel and cobalt-based superalloys with a γ-γ′ microstructure are known

for their excellent creep resistance at high temperatures. Their microstruc-

ture is engineered using different alloying elements, that partition either to

the fcc γ matrix or to the ordered γ′ phase. In the present work the effect of

alloying elements on their segregation behaviour in nickel-based superalloys,

diffusion in cobalt-based superalloys and the temperature dependent solid

solution strengthening in nickel-based alloys is investigated. The effect of

dendritic segregation on the local mechanical properties of individual phases

in the as-cast, heat treated and creep deformed state of a nickel-based su-

peralloy is investigated. The local chemical composition is characterized

using Electron Probe Micro Analysis and then correlated with the mechani-

cal properties of individual phases using nanoindentation. Furthermore, the

temperature dependant solid solution hardening contribution of Ta, W & Re

towards fcc nickel is studied. The room temperature hardening is determined

by a diffusion couple approach using nanoindentation and energy dispersive

X-ray analysis for relating hardness to the chemical composition. The high

temperature properties are determined using compression strain rate jump

tests. The results show that at lower temperatures, the solute size is preva-

lent and the elements with the largest size difference with nickel, induce the

greatest hardening consistent with a classical solid solution strengthening

theory. At higher temperatures, the solutes interact with the dislocations

such that the slowest diffusing solute poses maximal resistance to dislocation

glide and climb. Lastly, the diffusion of different technically relevant solutes

in fcc cobalt is investigated using diffusion couples. The results show that

the large atoms diffuse faster in cobalt-based superalloys similar to their

nickel-based counterparts.
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Kurzfassung

Nickel- und Cobaltbasissuperlegierungen mit γ-γ′ mikrostruktur sind für

ihre exzellent Kriechbeständigkeit bei hohen Temperaturen bekannt. Ihre

Mikrostruktur wird über verschiedene Legierungselemente eingestellt, wel-

che sich entweder in der fcc γ Matrix oder der geordneten γ′ Phase an-

reichern. In der vorliegenden Arbeit wurde das Segregationsverhalten ver-

schiedener Legierungselemente in Nickelbasissuperlegierungen, deren Diffu-

sivität in Kobaltbasislegierungen und die temperaturabhängige Mischkris-

tallhärtung von Nickelbasislegierungen untersucht. Der Einfluss chemischer

Segregationen auf die mechanischen Eigenschaften einzelner Phasen wurde

mittels einer Kombination aus Nanoindentierung und Elektron Probe Mi-

kroanalyse untersucht. Zusätzlich wurde der Härtungsbeitrag unterschied-

licher Legierungselemente zur Mischkristallhärtung von fcc Nickel mittels

binärer Nickelbasislegierung bestimmt. Es zeigte sich, dass bei niedrigen

Temperaturen der parelastisch Effekt dominiert und Elemente mit dem

höchsten Größenunterschied zu Nickel den größten Härtungsbeitrag leisten.

Bei höhern Temperaturen reichern sich die Legierungselemente an Verset-

zungen an, so dass die am langsamsten diffundierenden Elemente die Ver-

setzungsbewegung über Gleitung und Klettern am effektivsten verhindern.

Abschließend wurde die Diffusivität technisch relevanter Legierungselemente

in fcc Kobalt mittels Diffusionspaar untersucht. Herbei stellte sich heraus,

dass größere Atome in Kobaltbasissuperlegierungen ebenso wie in Nickelba-

sissuperlegierung schneller diffundieren als kleinere.
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1 Introduction and Objectives

The melting point of nickel (1455 ◦C) is lower than both iron (1538 ◦C) and

titanium (1668 ◦C). It is remarkable that the nickel-based superalloys can

be used at much higher service temperatures than their iron- and titanium-

based counterparts. They owe the superior high temperature properties to

the γ/γ′ microstructure that consists of L12 structured γ′ precipitates coher-

ently embedded inside the γ matrix, which is basically a nickel-based solid

solution. Since their first introduction in the 1940’s, these alloys have been

extensively developed over the second half of last century. The goal has al-

ways been to design, manufacture and optimize nickel-based superalloys for

use at highest possible service temperatures. The typical high temperature

applications for these alloys are the hottest regions of aero engines and the

stationary turbines for power generation. The efficiency of these turbo ma-

chines improves with an increase in the turbine entry temperature (TET).

This is the temperature at which hot gases enter the turbine arrangement

after the combustion chamber in an aero engine [112]. Improving the high

temperature capabilities of superalloys, therefore helps in reducing the over-

all operating cost and carbon dioxide emissions.

The nickel-based superalloys were initially used in the polycrystalline

form, where the creep properties were improved by alloying with grain

boundary strengthening elements like boron and carbon. Later, research

showed that the creep properties improve by reducing grain boundaries in

engineering materials. Therefore, as the processing capabilities developed,

the alloys were first cast in the directionally solidified form which later fol-

lowed single crystalline superalloys. Nowadays, the nickel-based superalloys

are mostly used in the single crystalline form when very high operating tem-

peratures are desired e.g., as turbine blade material for the hottest regions of

jet engine. More than 15 alloying elements are used to optimize the γ/γ′ mi-

crostructure [22, 112]. Some of these elements partition to the matrix phase

(e.g., Mo & Re) and act as solid solution strengthener, while others prefer

the ordered γ′ phase (e.g., Ti & Ta). Furthermore, these elements tend
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1 Introduction and Objectives

to segregate either to the dendritic (DC) or the interdendritic regions (ID)

during casting [68, 101]. These chemical segregations can be quantified by

chemical analysis techniques like Electron Probe Microanalysis (EPMA) or

by Energy Dispersive X-ray analysis (EDX). These segregations can lead to

different properties of the individual phases [83, 115, 135]. Nanoindentation

is a widely applicable technique used to measure the mechanical properties

at a localized scale. In the present work, the local micro-segregations in

an experimental nickel-based superalloy were examined in the as-cast, heat

treated and the creep deformed state. The segregations were quantified us-

ing nanoindentation as well as the effects of the themo-mechanical exposure

on the mechanical properties of individual phases were investigated. More-

over, Topologically Closed Packed phases (TCP) precipitate during creep

deformation. These phases are detrimental for the creep properties as they

are rich in matrix strengthening elements like W, Re & Cr [79, 110]. The

properties of these phases have been studied using a specialized nanoindent-

ing Atomic Force Microscope (AFM).

During creep deformation of the nickel-based superalloys under high tem-

perature and low stress conditions, the plastic deformation is limited to the

γ-matrix [56, 75, 100, 144]. The creep properties improve by increasing the

concentration of the γ-matrix strengthening elements. Therefore, a funda-

mental understanding of the Solid Solution Hardening (SSH) of the γ-matrix

is important for designing better nickel-based superalloys. Among the com-

mon matrix strengthening elements (like W, Cr, Ta & Re), the importance

of Re is evident from the fact that the nickel-based alloys have been clas-

sified based upon the Re content [104, 105, 112]. The creep properties are

significantly reduced by addition of Re to nickel-based superalloys. This

Re-effect has been extensively investigated during the last decade. Re is an

expensive refractory metal and reducing rhenium content in the superalloy

results in an enormous cost reduction. An optimization of these alloys is

usually performed by careful engineering of the γ/γ′ microstructure e.g.,

[44, 45, 116]. In the present work, model nickel-based alloys were used to

study the solid solution strengthening of nickel by different transition metal

solutes at ambient and high temperatures. In the absence of the precipita-

tion strengthening by the γ′ particles, it becomes possible to correlate the

effects of solute diffusion and atomic radius to the temperature dependent

solid solution strengthening of nickel. At ambient temperature, the SSH was

studied using a combinatory approach that involves nanoindentation across

6



1 Introduction and Objectives

the interdiffusion zone of a diffusion couple between Ni and Ni–X (X = so-

lute) solid solutions [46]. The thermal effects were studied by compression

tests at high temperatures. Both the strain rate and the stress controlled

tests were performed in order to elucidate the basic strengthening mecha-

nisms. Furthermore, mathematical modeling has been performed in order to

correlate the strain rate dependent mechanisms to the diffusion of solutes.

The melting point of cobalt is about 40 ◦C higher than that of nickel, so

principally, the cobalt-based superalloys could be used at even higher service

temperatures than their nickel-based counterparts. In 2006, Sato et al [118]

reported a stable ternary compound with L12 structure – Co3(Al,W) – in the

ternary Co-Al-W system. Since then, different research groups have worked

on the development of new γ′ hardened cobalt-based superalloys with a goal

of achieving creep properties akin to their nickel-based counterparts e.g.,

[76, 109, 128, 133]. Different alloying additions have been made to study

the partitioning of different elements into the γ matrix and the γ′ phase in

the cobalt-based superalloys [13, 99]. A basic understanding of the diffusion

of different technologically important solutes in fcc cobalt, is very important

to understand the high temperature creep behaviour of the cobalt-based su-

peralloys as well as for designing better solution heat treatment procedures.

Diffusion coefficients of 16 different alloying elements in cobalt were deter-

mined using the diffusion coefficient technique [81]. In this method, cobalt is

diffusion welded with a CoX (X = solute) solid solution followed by isother-

mal annealing. The change in chemical composition across the interdiffusion

zone is measured using the electron probe microanalysis (EPMA). Diffusion

coefficients have been estimated from this profile using the Sauer and Friese

method [119] and compared with the literature data for the nickel based

superalloys.
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2 Fundamentals and Literature

Overview

2.1 Solid solution strengthening

The Solid Solution Strengthening (SSH) is one of the most rudimentary

strengthening mechanism for metallic materials where an element (solute)

is dissolved into the lattice of a host metal (solvent) to form a solid solu-

tion alloy, whose strength is greater than that of the host metal. In the

present work, only substitutional solid solutions are discussed, in which the

solutes replace atoms of the solvent in the crystal lattice as illustrated in

Fig. 2.1. The localized lattice distortions induced by solute atoms interact

with dislocations resulting in a strengthening effect. With respect to the

interaction between the dislocations and the solutes, solid solution strength-

ening mechanisms can be divided into two categories (a) dislocation locking:

the interaction of stationary dislocations with solutes & (b) dislocation fric-

tion: the interaction of gliding dislocations with solutes. In practice, these

mechanisms are interrelated and the net strengthening effect in engineering

alloys is caused by the sum of individual effects. They are explained briefly

in the following [5, 22, 55, 95].

Figure 2.1: Schematic representation of a substitutional solid solution, with a

solute atom smaller (blue) and larger (red) than the solvent atom.
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2 Fundamentals and Literature Overview

2.1.1 Dislocation locking

2.1.1.1 Parelastic interaction/size mismatch

When a solute atom, larger or smaller than the solvent is dissolved in the

host lattice, it produces a localized elastic strain field, which interacts with

the dislocations and results in SSH. It is energetically favourable for the

foreign solute atoms to be positioned near dislocations, as it compensates

for the lattice distortion caused by dislocations. As screw dislocation has no

hydrostatic stress field, the interaction of a solute with an edge dislocation

is greater than that with a screw dislocation [55, 95]. A misfit parameter δ

can be used to quantify the parelastic interaction (Eq. 2.1), where c is the

concentration of solute, and a is the lattice parameter.

δ =
1

a

da

dc
(2.1)

2.1.1.2 Dielastic interaction/modulus mismatch

In a crystal lattice, solute atoms change the localized binding energies with

adjacent solvent atoms, this causes a localized change in the shear modulus.

The screw and edge dislocations interact with these elastically soft or hard

spots [42, 43] thereby causing SSH. Elastic polarizability η can be used for

quantification of the dielastic interaction; where G is the shear modulus and

c is the concentration of solute.

η =
1

G

dG

dc
(2.2)

2.1.1.3 Chemical locking/stacking-fault interaction

Certain solutes segregate preferentially to the hcp structure of the stacking

fault contained in extended dislocations. An increase in concentration of

such solutes in the solid solution results in a reduction of the stacking fault

energy (γsfe) and hence a stronger separation of partial dislocation. This

makes it difficult for the extended dislocations to move and results in an

increased strength of the solid solution [33, 95].

2.1.1.4 Electrostatic interaction

If the valency of solute is different than that of solvent, it creates an extra

charge locally, which can interact with the negatively charged expanded

dislocation core in metals. This electrostatic interaction is much weaker

10



2.1 Solid solution strengthening

than the elastic and the modulus interaction. It becomes important only

when the elastic misfit is small and a large difference of electronegativity

between the solute and the solvent exists [33, 55].

2.1.2 Dislocation friction

Dislocations interact with solute atoms distributed in the crystal lattice

during glide and the frictional forces between the solutes and the dislocations

give rise to SSH. The strengthening effect depends upon the number of

obstacles (solutes) interacting with dislocations, concentration of the solute

and resulting solute spacing (ls = b/
√
c), interaction between the solute

& the dislocation and the line tension of the dislocation [55]. The solute

pinning mechanisms also contribute to the net drag force and a sum of all

interactions determines overall SSH [5].

2.1.3 Quantification of solid solution strengthening

The plastic flow behaviour of an unalloyed metal and a solid solution is

schematically illustrated in Fig. 2.2a. The plastic flow response of the

unalloyed state is represented by the black curve, whereas the red one speaks

for the solid solution. At a constant applied strain, Eq. 2.3 is used to

determine the shear flow stress of the unalloyed metal. In this relationship

αGb
√
ρ(εpl) is the Taylor hardening term [132], where α is an empirical

constant (0.3 for fcc metals), G is the shear modulus and ρ is the dislocation

density. The Taylor term represents strengthening due to statistically stored

dislocation density ρssd. On the other hand, the shear flow stress of the solid

solution contains an additional term that considers the combined effects of

a)

∆σssh

Unalloyed

Solid solution

ε

b)

Solid solution

Unalloyed

∆Hssh

Figure 2.2: Schematic representation of the effect of solid solution strengthening

on (a) compression response and (b) indentation size effect after [35].
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2 Fundamentals and Literature Overview

all the solute dislocations interactions τsol−dis (see Eq. 2.4). At a constant

strain, the Taylor hardening term can be eliminated using Eq. 2.5. The

shear flow stress can be converted to the flow stress σ by multiplying it with

a geometrical factor M. Hence, the ∆σssh becomes proportional to ksshc
a

at a constant strain and Eq. 2.6 can be defined. Here, kssh is the solid

solution hardening coefficient, c is the concentration and a is a constant that

depends upon the nature of interaction between the solute and dislocation.

a = 0.5 for weak pinning of dislocations according to Fleischer’s theory [42,

43], where solute atoms act as point defects that resist dislocation motion.

a = 2/3 for Labusch’s theory [73, 74] which considers the solute atom to

exert a drag type force on the dislocations and considers a stronger pinning

of dislocations by the solutes [35, 37].

τ0(ε) = αGb
√
ρ(εpl) (2.3)

τss(ε) = τsol−dis + αGb
√
ρ(εpl) (2.4)

τssh = τss − τ0 (2.5)

∆σssh = σss − σ0 = ksshc
a (2.6)

∆H = Hss −H0 = ksshc
a (2.7)

Similar to the flow response, the nanoindentation hardness can be used to

quantify SSH. Nanoindentation measurements show the indentation size ef-

fect i.e. the hardness decreases with indentation depth and becomes constant

at large depths as depicted in Fig. 2.2b. The nanoindentation hardness of

a material is equivalent to the flow stress at a strain level that depends on

indenter geometry [7, 35]. Hence similar to Eq. 2.6, Eq. 2.7 can be defined

for quantification of SSH. This approach has been used to determine solid

solution hardening in nickel by different solutes in [35, 46, 48].

2.1.4 Effect of temperature on solid solution strengthening

Thermally activated processes like solute diffusion increase with tempera-

ture. At high temperatures, the solutes – that pin dislocations at room

temperature as illustrated in Fig. 2.3a – are no longer stationary. The so-

lute atoms can either diffuse through the lattice or through the dislocation

core by pipe diffusion [17]. They are attracted to the dislocations and form

solute clusters around them as shown in Fig. 2.3b. These solute clusters are

12



2.1 Solid solution strengthening

referred to as Cottrell atmosphere/clouds [18, 26]. The Cottrell atmosphere

usually forms at high temperatures (T > 0.5Tm). The dislocation mobil-

ity and the solute diffusion are a strong function of temperature and strain

rate. Hence, depending upon the temperature and strain rate, different

mechanisms are possible as shown in Fig. 2.3 [22, 61].

Figure 2.3: (a) Solute atoms pin dislocations at low temperature, (b) Cottrell

atmosphere at high temperature (T > 0.5Tm), (c) dislocation breaks

free of Cottrell atmosphere, (d) viscous glide, Cottrel atmosphere is

dragged with dislocation, (e) solutes diffuse faster than dislocation

mobility (f) dislocation annihilation [22, 61].

If the temperature is high enough and the strain rate allows ample time

for the solutes to diffuse towards dislocations, the solute clouds form. Dis-

location can then break free from such a solute atmosphere at high enough

applied stress (Fig. 2.3c). If the diffusive flux of solutes is comparable to

the dislocation velocity, then the solute atoms can rebuild the Cottrell at-

mosphere. The dislocations then move by viscous glide and drag the solute

cloud along as illustrated in Fig. 2.3d. At even higher temperatures, if the

diffusivity of solutes exceeds dislocation mobility, then the solute clouds ex-

ert neither pinning nor drag forces on dislocations. Furthermore at high tem-

peratures, dislocations can annihilate by climb thereby reducing dislocation

density and producing softening effects. The effective diffusion coefficient

for this diffusion controlled process depends upon the local concentration of

solutes [22, 95].
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2.2 Creep of solid solutions

Creep is the time dependent deformation of materials under constant stress

and temperature. The normalized creep strain rate (ε̇kbT/DGb) is schemat-

ically plotted as a function of normalized stress (σ/G) in Fig. 2.4 [87],

where σ is the stress, ε̇ is the strain rate, T is the absolute temperature,

D is the diffusion coefficient, G is the shear modulus, kb is the Boltzmann

constant and b is the Burger’s vector. Generally for the stress controlled

creep test, the creep mechanisms can be subdivided into three domains,

i.e. low, intermediate and high-stress domain. In the low-stress domain

with normalized stress (σ/G < 10−4), diffusional creep is observed. The

stress exponent in this regime is n ≈ 1. In the intermediate-stress domain

(10−4 < σ/G < 10−2) the creep rate is controlled by dislocations overcoming

obstacles by thermally assisted mechanisms like diffusion controlled climb.

A Power-law equation (Eq. 2.8) is usually used to describe the creep defor-

mation in the intermediate-stress domain, where A is a material dependent

constant. In the high-stress domain with σ/G > 10−2, the Power-law breaks

down and the creep deformation is controlled by the viscous glide of disloca-

tions. It must be pointed out that these σ/G values might vary depending

upon the particular alloy. However in literature, these stress ranges are used

for the general classification of creep mechanisms [33, 70, 82, 86, 124].

ε̇ = A

(
DGb

kbT

)( σ
G

)n
(2.8)

or

ε̇kbT

DGb
∝
( σ
G

)n
(2.9)

Sherby and Burke [124] classified the creep behaviour of solid solution alloys

into two classes i.e. class-I and class-II. In class-I alloys, the solutes have a

large size difference from the solvent which favours elastic interactions be-

tween the solute and the dislocation. The creep behaviour of these alloys

is different from pure metals. At high temperatures, the solute atoms col-

lect around dislocations to form Cottrell clouds. As the dislocation move by

viscous glide, this atmosphere provides an anchoring effect that reduces the

dislocation velocity. This viscous glide of dislocations controls the steady

state creep rate. The creep rate is not effected by the stacking fault energy

of the class-I alloys. Furthermore, these alloys show little or no primary
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Low-stress
Diffusion

creep
n ≈ 1

Intermediate-stress
Power-law creep

n ≈ 5

High-stress
Power-law breakdown

Figure 2.4: Schematic representation of power-law creep [18, 87].

creep. On the other hand, class-II/class-M alloys show a creep behaviour

similar to that of pure metals. They show normal primary creep and the

minimum creep rate is influenced by the stacking fault energy of the alloy.

If the interaction energy between the solutes and dislocations is low, no so-

lute atmospheres are formed. The minimum creep rate is controlled by the

diffusion controlled climb of dislocations. [24, 86, 87, 124]. The solid solu-

tions whose solutes have small size difference with the lattice and have high

shear modulus normally show class-II behaviour. This classification of the

creep behaviour is based upon the rate controlling mechanisms. However,

depending on the nature of solid solution, applied stresses and temperature,

a transition from climb controlled creep in the intermediate-stress regime to

a viscous glide controlled creep at high-stresses can occur [18, 86].

Alloying to form a solid solution results into a change in solidus tem-

perature, effective diffusion coefficient, the stacking fault energy, shear and
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Young’s modulus of the alloy. For a binary alloy containing two elements

A and B, the effective diffusion coefficient can be calculated using Eq. 2.10

[60], where x denotes the fraction of elements A or B in the alloy. For

class-M alloys, a decrease in the effective diffusion coefficients will result in

a reduction in the diffusion controlled climb processes.

D̃bin =
DADB

xBDA + xADB
(2.10)

For class-I alloys, a lower diffusion coefficient will reduce the solute drag

related effects depicted in Fig. 2.3(d-f). Hence, irrespective of the mecha-

nism for different alloy types, alloying with solute elements that reduce the

diffusivity results in an improvement in creep properties. Alloying elements

can either reduce or increase the solidus temperature of the solid solution.

The thermal mobility of atoms in a metal/alloy increases as the temperature

approaches the melting point (Tm). As a rule of thumb, T/Tm is used to

indicate the severity of the temperature with respect to the melting point.

At constant temperature, the effective diffusivity decreases following a re-

duction in solidus temperature by alloying [22]. Increase in shear modulus

will result into decrease in minimum creep rate. Weertman [140] compared

glide and climb processes during creep deformation and discussed that the

slowest process among glide and climb should control the minimum creep

rate. In fcc metals dislocations become immobile by forming Lomer-Cottrel

locks, which can be overcome either by an increase in the applied stress or

by climb of dislocation. The stress field of the dislocations controls the climb

step required for the dislocation to break free from this Lomer-Cottrel lock.

It increases with the elastic modulus and the solid solutions with a higher

elastic modulus provide larger resistance to dislocation climb. Therefore, an

increase in shear modulus by alloying is followed by a reduction in the creep

rate [124].

ε̇min = Aγ3.5
sfeD

( σ
G

)n
(2.11)

Sherby and Barrett [11] tested different metals (Al, Ni, Cu and Ag) un-

der conditions of constant atomic diffusivity and σ/G values. They showed

that the minimum creep rate can be related to the diffusion coefficient and

the stacking fault energy γsfe using Eq. 2.11. Firstly, the γsfe is not an
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independent material parameter like the diffusion coefficient or shear modu-

lus. Secondly, diffusivity changes with testing temperature. Hence, Sherby

and Barret achieved similar diffusivity and σ/G by conducting creep tests

at different temperatures and stresses. According to Eq. 2.11, the creep

resistance should increase by a reduction in the stacking fault energy for

class-M solid solutions. Recently, Fleischmann et al [44, 45] showed that

Eq. 2.11 can also be used for the creep of complex solid solutions. However,

the mechanism for this is not trivial. The solute atoms can either segregate

to the dislocation line or to the hcp stacking fault of the extended dislo-

cations. When they segregate to the stacking fault, this makes it difficult

to form jogs and kinks on extended dislocations and results in an increased

resistance to dislocation climb [6]. The rate controlling step during creep

deformation is the dislocation climb. It is difficult to correlate the γsfe –

determined by measuring the dislocation width at room temperature or by

DFT calculations at 0 K – with the high temperature configuration of dis-

locations. Furthermore, the stacking fault energy decreases with an increase

in temperature. Hence caution must be exercised while correlating the γsfe

with the creep at high temperatures since if more than one parameter con-

tributes to the minimum creep rate, the slowest one is rate controlling [70,

103].

2.2.1 Solid solution strengthening in nickel-based alloys

Pelloux & Grant [102] studied different polycrystalline binaries (NiCr, NiMo

and NiW) by tensile tests at room temperature. By comparing the 0.2 % flow

stresses for different solute contents, they demonstrated that the NiMo and

NiW alloys show a strengthening effect that is different from that of NiCr

alloys. This study indicated that in addition to size effect, the difference

between the valency of the solute and the solvent must also be considered

for nickel alloys. Later, Mishima et al [84] measured the 0.2 % compres-

sive flow stress and change in Young’s modulus for different B-subgroup and

transition metal solutes in nickel. Their results further validated that the

transition metal solutes make an extra contribution to the solid solution

strengthening of nickel which cannot be totally explained by the modulus

and the size mismatch of solutes using Fleischer’s theory [42, 43]. Further-

more, by studying the solute-dislocation interaction energies for different

solute types in nickel, they concluded that the transition metal solutes pro-
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vide this extra strengthening effect due to their electronic interaction with

the host nickel [125]. More recently, Franke et al [46] and Durst et al [35]

studied the SSH of nickel by Fe, Mo & Ta using nanoindentation measure-

ments of diffusion couples and binary alloys. Their results pointed out that

the Labusch theory can describe the solid solution hardening of Ni pretty

well. Later, Gan et al. [48] tested binary nickel-based solid solutions us-

ing nanoindentation, and discussed that at RT, the dominant mechanism

for the SSH of Ni is not the size difference between the solute and the sol-

vent but the electronic structure and the intrinsic stacking fault energy of

solutes. A detailed discussion about the factors contributing to the solid

solution strengthening of nickel by transition metal solutes will be provided

in chapter 5.

The influence of different alloying elements on the creep behaviour of

nickel is not completely understood so far. However, in literature some data

exists pertaining to the creep of nickel-based solid solutions, which is briefly

discussed in the following. Pelloux & Grant [102] performed tensile creep

tests on polycrystalline Ni-Cr, Ni-Mo and Ni-W binary alloys in the tem-

perature range from 650 ◦C to 815 ◦C. Tungsten showed a bigger effect in

improving the creep properties in contrast with Mo and Cr. Monma et al

[88] conducted tensile creep tests on different NiW alloys, with the maxi-

mum tungsten content of 9.2 at. % between 750 ◦C and 1200 ◦C. The steady

state creep rate of the NiW alloys decreased with increasing tungsten con-

tent. Furthermore, they reported a variation of the stress exponent between

3.9 and 7.2. The largest value for the stress exponent was shown by the

alloy containing 1.7 at. % W. Johnson et al studied [65] creep behaviour of

the NiW solid solutions with 1, 2, 4, & 6 wt. % tungsten between 850 ◦C

and 1050 ◦C. They reported a reduction in the minimum creep rate by a

factor of 10 by increasing the W content of solid solutions from 1 to 6 wt.

%. Furthermore, the alloys showed a power-law creep behaviour and a stress

exponent of 4.8 ± 0.2. Hence, depending upon testing conditions class-I or

class-II creep behaviour has been observed in NiW solid solutions. This has

also been pointed out in [24, 112]. Davies et al [31] studied the creep defor-

mation in NiCo alloys at 500 ◦C. Ni–Co is an interesting alloy system, as

γsfe systematically decreases by alloying Ni with Co. They reported an im-

provement in creep resistance of NiCo alloys with increasing cobalt content.

The variation of γsfe was suggested to influence the distance between jogs

and dislocations during secondary creep. As previously discussed in section
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2.2, care must be exercised to correlate the reduction of γsfe with alloying

and creep properties as other factors might become more important at high

temperatures.

Recently, Fleischmann et al [44] tested single crystalline multicomponent

alloys with a chemical composition similar to the γ phase in nickel-based

superalloys and with varying amounts of Re content. The chemical compo-

sition of these alloys is given in table 2.1. This made it possible to quantify

the contribution of Re towards the creep of superalloys at 980 ◦C under an

applied stress of 50 MPa. They have reported that adding 9 wt. % Re to

a matrix alloy (MSX-Re0) results in a reduction in the minimum creep rate

by a factor of 20. However the content of an important matrix strengthener

(W) in these multi-component alloys varies from 8.3 to 9.3 wt. %. Further-

more, the amount of Co, Cr, and Mo is slightly different. Therefore this

reported change in the minimum creep rate is due to a combined effect of

all the solutes and although Re does provide the main strengthening effect,

it is very difficult to deconvolute the strengthening contribution of a single

element. The contribution of one element to the creep properties of nickel

can be better studied by testing binary nickel-based alloys, which will be

discussed later in chapter 5.

Table 2.1: Chemical composition of single crystalline matrix alloys tested in [44].

All elements are given in wt. %.

Alloy Al Co Cr Mo Re Ta Ti W Ni

MSX-Re0 1.4 19.8 18.4 1.4 - 0.2 0.1 9.1 49.6

MSX-Re9 1.4 18 16.7 1.3 9.0 0.2 0.1 8.3 45.1

2.3 Creep deformation in nickel-based superalloys

Nickel-based superalloys owe their superior creep properties to their mi-

crostructure that consists of γ′ particles (ordered precipitates with L12

structure) coherently embedded inside the fcc γ matrix (nickel-based solid

solution). The γ′ phase plays a critical role in imparting superior properties

to these alloys. It is noteworthy that the combined γ/γ′ microstructure is

stronger than both the γ and the γ′ phase [14, 113]. Nickel-based superalloys

show an anomalous yield effect i.e. unlike conventional engineering alloys,

when the temperature is raised from ambient to high temperatures, the flow
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stress does not decrease exponentially but rather stays constant and in some

cases increases around 800 ◦C, before decreasing at even higher tempera-

tures. The time dependent deformation behaviour of these alloys is very

important for technological applications. The temperature and the applied

stress determine the mechanisms of creep deformation. The following tem-

perature regimes can be defined for the creep deformation of nickel-based

superalloys [104–106, 112]:

• Low temperatures (T/Tm < 0.6): deformation usually occurs at high

stress that results in the shearing of the γ′ precipitates.

• Intermediate temperatures (T/Tm ≈ 0.6 − 0.7): deformation under

low stress, which is not high enough for cutting the γ′ precipitates.

Deformation is confined to the matrix phase.

• High temperature (T/Tm ≥ 0.7): the stress induced change in the

precipitate morphologies accompanies plastic deformation.

For use at highest service temperatures, superalloys are cast in single crys-

talline form. The mechanism of creep deformation under these conditions is

particularly important for the present work. It is schematically illustrated

in Fig. 2.5 [113, 144]. In the initial stages of the creep deformation, dislo-

cations fill the narrow γ channels between the γ′ precipitates. During glide,

the dislocations face little resistance from the matrix and are arrested at

the γ/γ′ interface, since they cannot easily cut through the γ′ precipitates

due to the high APB energy. The dislocations have to circumvent the γ′

phase by the diffusion assisted climb at the γ/γ′ interface, which is the rate

controlling mechanism [1, 27, 56, 75, 108, 142, 144]. Elements with slow

diffusivity are most effective in reducing the climb process and result in

an improvement in creep properties e.g., Re [57]. Keeping the mechanism

for creep deformation under high temperature and low stress conditions in

mind, the optimum properties can be achieved by carefully selecting the alloy

chemistry, while considering the following aspects of superalloy metallurgy

as design parameters [93, 104, 113]

1. Increasing strength of the γ′ phase by alloying elements that increase

the APB energy (e.g., Ti, Ta) [27]. This increases the resistance of the

γ′ precipitate to shearing.

2. Solid solution strengthening of the matrix phase by alloying with slow
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Figure 2.5: Schematic representation of the dislocation glide-climb creep mecha-

nism in nickel-based superalloys at high temperature and low stress

conditions [144]:

(1) gliding dislocations face little resistance from the matrix and then

arrive at the γ/γ′ interface and climb by absorbing vacancies.

(2) they then arrive at the horizontal channels and climb by emitting

vacancies

(3) climb at the vertical channels follows, which is similar to 1.

diffusing elements like Re and Ru. However too much of these elements

promote the precipitation of TCP phases [80, 110, 115].

3. Similar lattice parameters of the matrix and the γ′ phase give rise

to coherency stresses/lattice misfit. These reduce the coarsening ten-

dency of γ′. It must be pointed out that the γ′ precipitates become

incoherent if the lattice misfit becomes too large and globular if it’s

too small. Both scenarios must be avoided for better creep properties.

4. Increased volume fraction of the γ′ phase so that it is close to 0.75.

These design parameters have been discussed to demonstrate the compli-

cated physical metallurgy of nickel-based superalloys. Many microstructural

parameters have to be considered in order to clearly understand the effect

of one element on creep properties. The influence of the diffusion of alloying

elements (Ta, W & Re) on creep properties of nickel-based alloys will be
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discussed in chapter 5. Re is the most potent alloying element for improv-

ing high temperature low stress creep properties of nickel-based superalloys.

Additions of small amounts of Re results in an exponential improvement in

creep properties [57, 112]. In literature, this enhancement of creep life by

Re addition is known as Re-effect. Its importance is also recognized by the

fact that the single crystalline superalloys have been classified on the basis

of rhenium contents. The first generation single crystalline alloys contained

no Re, whereas in the second and third generation the Re contents were

increased to 3 & 6 wt. % respectively. In the fourth generation superalloys

Ru was introduced to improve the thermal stability of superalloys [112]. As

adding Re to nickel-based superalloys reduces the thermal stability and re-

sults in the precipitation of Topologically Closed Packed (TCP) phases [62,

80, 110, 115].

The early publications about Re addition to nickel-based superalloys can

be traced back to the 1980s [3, 49]. It was then postulated that Re atoms

form small clusters in the γ phase. This clustering, however, was studied

using one dimensional atom probe tomography [15, 16]. The improvement

in the atom probe tomography technology made it possible to analyse Re

clustering in more detail. Recently, Mottura et al [89–92] have performed

numerous studies and found no evidence of Re-clustering. By DFT calcula-

tions they showed that Re-Re near neighbours in a nickel lattice have a large

repulsive pairwise interaction energy (-0.42 eV ). This makes it energetically

unfavourable to form small Re clusters in the nickel lattice. Re has a very

low diffusion coefficient in nickel [67]. As the diffusion controlled climb is

the rate controlling step during high temperature low stress creep, this most

likely is the reason for the enhanced creep resistance of the Re containing

nickel-based superalloys [142]. Furthermore, Re is most efficient in reducing

creep resistance since it partitions to the γ phase [93, 112, 138].

Although Re is highly beneficial for the creep properties, modern re-

search for better nickel-based superalloys focuses on designing alloys that

have no or less Re additions and contain an optimized microstructure, as

it is extremely expensive and reducing Re content in superalloys is cost-

effective. Furthermore, it promotes the precipitation of TCP phases that

are detrimental for the creep properties. By increasing the amount of slow

diffusing matrix strengthening elements into the γ phase, the creep proper-

ties of superalloys can be improved e.g., see [45, 116].
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2.4 Diffusion

Diffusion is a transport phenomenon that involves the thermally activated

migration of atoms. In solids the atoms are densely packed in the crystal

lattice and they can vibrate around their mean positions. An increase in

temperature results in an increase in both the vibration frequency and the

vibration distance. If the thermal energy is high enough, the atoms can

jump from one lattice site to the next. However, a migration of atoms is

only possible if a driving force exists. The diffusivity is dependent upon

this driving force and the rate at which atoms jump from one place to

another. According to Einstein’s mobility relationship [81], at a constant

temperature, the mean distance atoms can diffuse is
√

2Dt, where D is the

diffusion coefficient and t is the time for diffusion. For the diffusion of Al

in the Ni lattice [54] at 1000 ◦C, the Al atoms can only diffuse by 47 nm in

one second. Interestingly, this distance increases to 468 nm at 1300 ◦C due

to the exponential increase in the thermal mobility i.e. diffusivity of Al in

Ni increases by a factor of 10 following a rise in temperature by 300 ◦C. A

knowledge of diffusion is very important for understanding the elementary

plastic deformation mechanisms at high temperature as well as for the design

of homogenization heat treatment.

2.4.1 Diffusion mechanisms

In metallic solid solutions, the migration of atoms is restricted by the crystal

lattice. Two different diffusion mechanisms are defined depending upon

the size difference between the solute and the solvent i.e. interstitial and

substitutional diffusion.

Interstitial diffusion is the most simple diffusion mechanism and it is

important for the solutes whose sizes are much smaller than the solvent

(e.g., carbon in iron). Since the lattice distortion created by an interstitial

atom in a solid solution is small, the energy barrier for the movement of an

interstitial atom from one interstitial position to the next is quite low. It can

easily diffuse through the lattice as illustrated in Fig. 2.6. The interstitial

diffusion can also proceed at room temperature and its usually very fast.

This mechanism is also called direct interstitial mechanism.

In a substitutional solid solution, a large amount of energy is required

to move a solute atom to the interstitial site (self-interstitial) [10, 81]. Irra-

diating materials or subjecting them to severe plastic deformation can lead
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Figure 2.6: Schematic illustration of interstitial diffusion [81].
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Figure 2.7: Schematic illustration of substitutional diffusion in metals (a) inter-

stitialcy mechanism, (b) vacancy mechanism (c) direct (1) and ring

exchange of substitutional atoms (2) [10, 81].

to the formation of a measurable fraction of self-interstitials in a lattice. An

indirect diffusion mechanism is possible as a result of the formation of self-

interstitials. The movement of the substitutional atom from lattice position

1 to 2 consists of three steps as illustrated in Fig. 2.7a. Firstly a neigh-

bouring self-interstitial atom kicks the solute from position 1, that results in

the substitutional atom becoming the new self-interstitial. In the last step,

the solute self-interstitial takes over the lattice position of the host atom

(2). The self-interstitial lattice sites are not the equilibrium positions for
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the solutes. This mechanism for the solute diffusion is called interstitialcy

mechanism or indirect interstitial mechanism.

In the vacancy mechanism, the solute atom diffuses by exchanging lattice

sites with the nearby vacancy as shown in Fig. 2.7b. Considerable concen-

trations of vacancies are present in metallic crystals. These point defects act

as a carrier for the solute diffusion. For substitutional solid solutions, the

site exchange of a solute atom with neighbouring lattice position requires

much lower energy than a site exchange with the next host atom. [81].

The solutes can also swap places with the host lattice atoms either by

the direct or by the ring exchange mechanism as illustrated in Fig. 2.7c.

In both mechanisms the solutes must swap lattice position directly with

the neighbouring host atom. For these exchanges, a large amount of elastic

distortion is required in dense lattices. The ring exchange mechanism has a

lower activation energy than the direct exchange mechanism. However, the

exchange mechanisms have a much higher activation energy barrier than the

vacancy/interstitial mechanisms. At higher temperatures, both the vacancy

concentration and the thermal energy is high which makes the exchange

mechanisms less relevant for most engineering alloys [81].

2.4.2 Fick’s laws for diffusion

The pioneering work for understanding the diffusion phenomenon can be

traced back to Adolf Fick [40], who proposed two laws that describe diffu-

sion. They are commonly referred to as the Fick’s first and second laws of

diffusion. Due to their phenomenological nature, these laws are best suit-

able for understanding the basics of diffusional processes. Fick’s first law

of diffusion states that the flux of diffusing atoms is proportional to the

concentration gradient. It’s principle is illustrated in Fig. 2.8, where c is

the concentration, D̃ is the diffusion coefficient and Jx is the diffusion flux

i.e. the number of diffusing atoms per unit time. The negative sign in Eq.

2.12 indicates that the direction of solute diffusion is opposite to the con-

centration gradient [22, 81]. Hence, according to this law the diffusion of

atoms within the material will continue as long as a concentration gradient

prevails.

Jx = −D̃
(
δc

δx

)
(2.12)

25



2 Fundamentals and Literature Overview

Distance, x

C
o
n
ce

n
tr

a
ti

o
n
,
c

∆x
∆
c

Flux, Jx

Figure 2.8: Schematic illustration of Fick’s first law of diffusion.

δc

δt
=

δ

δx
D̃

(
δc

δx

)
(2.13)

δc

δt
= D̃(c)

δ2c

δx2
+
dD̃(c)

dC

(
δc

δx

)2

(2.14)

Fick’s second law correlates the rate of change in concentration with the

chemical potential that arises due to a concentration gradient. For the one

dimensional case, it is given by Eq. 2.13. It is also called the Diffusion

equation. Here the diffusion coefficient is dependent upon both the con-

centration and the temperature. For the case of binary alloys, consider a

diffusion couple between Ni and NiX solid solution (X=solute) as illustrated

schematically in Fig. 2.9. At t = 0 the solute content changes from 0 to its

amount in the solid solution, so that the concentration profile is a step (illus-

trated by the black line in Fig. 2.9b). This concentration gradient provides

the driving force for the diffusion. By annealing, the solute atoms diffuse in

the direction of the gradient. The concentration profile of the solute changes

to a typical S-shaped curve as illustrated by the red line in Fig. 2.9b for

t2 > 0. Theoretically, if enough time is given, the diffusion will continue

until there is no chemical gradient across the interdiffusion zone (IDZ) i.e.

till ∆c = 0. A concentration dependent interdiffusion or chemical diffusion

coefficient describes the intermixing of this system. This single interdiffu-

sion coefficient (D̃) can be used to quantify the diffusion processes in binary

alloys [81]. Now for the case of binary solid solutions, Fick’s second law

becomes Eq. 2.14. The internal driving force for the diffusion is represented

by the second term in Eq. 2.14. It is a non-linear second order partial
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differential equation and usually it is difficult to solve it analytically for an

arbitrary concentration dependence of D̃ [81]. However, the diffusivity can

be determined from the experimentally measured S-shaped concentration

profile from a diffusion couple using the classical Boltzmann-Matano [19,

78] or the Sauer and Friese method [119]. The initial and the boundary

conditions for such profile are defined in table 2.2. The diffusion equation

can now be solved analytically using methods discussed in the following.
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Ni

δc

δx
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Figure 2.9: Schematic illustration of (a) formation of IDZ between Ni and NiX

binary alloys and (b) change in concentration profile across the IDZ.

Table 2.2: Initial and boundary conditions for solving the diffusion equation [21,

78].

Initial conditions x < xm c = cmin

t = 0 x > xm c = cmax

Boundary conditions x = −∞ c = cmin

t > 0 x = +∞ c = cmax

Boltzmann-Matano Analysis: A Matano-plane is defined along the

concentration profile at a location xm as illustrated in Fig. 2.9b [19, 78].

At the Matano-plane, an equal amount of atoms have diffused from left to

right as from right to left i.e. the sum of areas 1, 2 & 3 is equal to the area

5 in Fig. 2.9b. Mathematically:

xm∫
−∞

(cxm − cmin)dx =

+∞∫
xm

(cmax − cxm)dx (2.15)
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The position xm is now set as origin and the distances along the x direction

are redefined with respect to the Matano-plane. Furthermore, the slope

of the concentration profile (δc/δx) is determined along the concentration

profile. The interdiffusion coefficient D̃ can now be determined as a function

of the concentration e.g., for c1.

D̃c1 =
1

2t

(
δc

δx

)
c1

c1∫
cmin

xdc (2.16)

The interdiffusion coefficient is dependent upon the annealing time t, the

concentration gradient (dc/dx) and the integral in Eq. 2.16. This integral

represents the areas 1 and 2 in Fig. 2.9b. The diffusion coefficients can be

easily determined using this approach. However, it is limited by the accuracy

for the determination of the Matano-plane. Furthermore, this approach is

only valid if during interdiffusion the volume of the diffusion couple stays

constant [81].

Sauer-Freise Method: In 1962, Sauer and Freise [119] modified the

Boltzmann-Matano method to consider the change in the volume of the

diffusion couple during interdiffusion. This change in molar volume is very

important for the interdiffusion in alloys with significant differences in the

atomic volumes of diffusing species. Wagner [139] and den Broeder [21]

also made modifications to the Boltzmann-Matano method and arrived at

similar conclusions. In these methods, the location of the Matano plane

does not need to be determined. This reduces the estimation error in the

interdiffusion coefficient as the diffusion equation becomes independent of

the measurement coordinate system. Furthermore, the measured concen-

tration is normalized so that it varies between 0 and 1. The normalized

concentration is defined by Eq. 2.17. If there is no volume change during

interdiffusion then Eq. 2.19 can be used to estimate D̃.

Y =
c1 − cmin
cmax − cmin

(2.17)

D̃(c) =
Vm

2t
(
dc
dx

)
x∗

(1− Y )

∞∫
x∗

(c∗ − cmin)

Vm(c)
dx+ Y

x∗∫
−∞

(cmax − c∗)
Vm(c)

dx


(2.18)
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D̃(c) =
1

2t (dc/dx)x∗

(1− Y )

∞∫
x∗

(c∗ − cmin)dx+ Y

x∗∫
−∞

(cmax − c∗)dx


(2.19)

However, when the concentration dependent molar volume Vm is considered

than Eq. 2.18 can be used to estimate the interdiffusion coefficients. A dis-

advantage of these methods for the determination of interdiffusion coefficient

is that it’s difficult to measure the slope of the concentration-distance pro-

file near the terminal concentrations. Furthermore, the diffusion coefficients

are highly sensitive to small fluctuations in the concentration profiles mea-

sured by EPMA. Usually a smoothing function [28, 117] or a curve fitting

approach [67, 69] is used to reduce these fluctuations.

2.4.3 Diffusion in nickel-based alloys

The diffusion of central d-group transition elements in nickel is of technolog-

ical reference for the development of nickel-based superalloys. Karunaratne

et al [67, 69] studied interdiffusion of different central d-group elements in

nickel using a series of binary diffusion couples between nickel and dilutely

alloyed nickel-based solid solutions. They identified correlations between

diffusion rates, activation energies and atomic numbers.

The mean interdiffusion coefficients are plotted against atomic number

for the 5d and 6d elements in Fig. 2.10(a & b). Both of these plots show

similar trends i.e. the interdiffusion coefficient decreases towards the centre

of the period. Furthermore, the size of the diffusing metal correlates strongly

with the interdiffusion coefficient; smaller elements like Ru and Re show a

several orders of magnitude lower diffusivity than the larger elements like

Ta and Nb. This fast diffusion of large atoms (see Fig. 2.10c) disproves

the classical view that a larger lattice misfit between the solute and solvent

radii leads to slower interdiffusion [64, 72]. In fcc metals, vacancies help the

substitutional atoms to diffuse through the lattice as discussed in section

2.4.1. According to Eq. 2.20 [112], the activation energy for diffusion (Q) is

the sum of diffusional energy barrier (Eb) and the vacancy formation energy

adjacent to the solute (Ebf ); where (Ebf ) is the sum of the solute-vacancy

binding energy and the vacancy formation energy of the host.

Q = Eb + EVf (2.20)
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2 Fundamentals and Literature Overview

a) b)

c)
Ni = 125 pm

Figure 2.10: Mean interdiffusion coefficients in nickel plotted against atomic

number for elements in (a) period 5 and (b) period 6 of the pe-

riodic table [67, 69] and (c) Goldschmidt atomic radii of elements

[20].

It was recently shown by DFT calculations that in the dilute limit, the slow

diffusing elements like Re exert only a weak binding force on the vacancies

and thus have a very little influence on the diffusion barrier of adjacent nickel

atoms [53, 121, 142]. Hence, the major contribution to the variation in the

interdiffusion coefficient of the transition metal solutes can be correlated to

the diffusion energy barrier, which is very high for elements like Re and Ru.

Small atoms – particularly Re – form very strong electronic bonds with the

host nickel and thus have a low interdiffusion coefficient [64, 72, 112, 113,

121, 142].
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2.4.4 Diffusion in cobalt-based alloys

In contrast to nickel-based alloys, a systematic investigation of diffusion in

cobalt-based alloys has not been performed for a large number of elements.

However, in literature some studies exist in which diffusion in cobalt-based

alloys has been studied. A summary of all the reported data is given in

Table 2.3. A detailed discussion pertaining to the literature data and a

comparison with the present work is provided in Chapter 6.

Table 2.3: Literature data for the activation energies and frequency factors of

different solutes in fcc cobalt.

Element Diffusion couple Concentration range Source Activation energy Frequency factor

/ alloy for Q/D0 in at. % (Q) in kJ/mol D0 in m2/s

Al Co-Co10.13Al 4 [29] 287 6.3× 10−4

Co-Co10.2Al 0 - 5 [54] 295 1.1× 10−3

Ti Co-Co50Ti 4 - 8 [127] 280 1.5× 10−3

V Co-Co14.8V not specified [32] 222 2.1× 10−6

Cr Co-Co15.2Cr not specified [32] 254 8.6× 10−6

Mn Co-5.2Mn∗ 5.2 [63] 256 5.0× 10−5

Fe Co-Fe 10 [137] 219 1.3× 10−6

Nb Co-Nb 0.2 [126] 301 1.9× 10−3

Mo Co-Co15Mo not specified [32] 263 2.3× 10−5

W Co-Co(8,12,14)W 2.5 & 4 [28] 276 1.6× 10−5

W Co-Co14.6W not specified [32] 249 1.7× 10−6

∗ determined by residual activity method with radioactive tracer Mn54 in Co-5.2Mn

alloy.
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3 Materials and Experimental

Methods

3.1 Materials and heat treatments

In the present work different types of material systems based upon nickel

and cobalt were investigated. These include single crystalline nickel-based

superalloys, binary nickel-based alloys and binary cobalt-based alloys. In

these alloy systems, the chemical compositions and heat treatment cycles

were designed in order to study the diffusion behaviour and the solid solu-

tion strengthening. Furthermore, the chemical segregations and mechanical

properties of individual phases were studied in an experimental nickel-based

superalloy (ERBO-1).

3.1.1 Single crystalline nickel and binary nickel-based alloys

Nickel and binary nickel-based solid solutions (Ni–2 at. % X; X = Ta, W,

Re) were cast in single crystalline form using an industrial scale investment

casting facility at the University of Birmingham, UK. This dilute concentra-

tion means complete solubility of these alloying elements in nickel according

to the alloy phase diagrams [9]. The cast rods had a diameter of 15 mm

and a length of 150 mm; they were macroetched to ensure that no cast-

ing defects like freckles are present. A specialized multi-step solution heat

treatment was applied to remove the segregations in the as-cast state. It

involved heating at 1235 ◦C for 0.5 h followed by 1260 ◦C for 0.5 h, 1288 ◦C

for 0.5 h and 1312 ◦C for 6 h. Gas fan cooling was used to cool the cast rods

from homogenization temperature, afterwords they were oriented in 〈100〉
direction using Laue back reflection method.1

1in collaboration with Institut für Werkstoffe Ruhr-Universität Bochum, Germany

within the Collaborative Research Centre SFB/TR-103.
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Thermophysical properties of binary alloys: Alloying nickel with

transition metal solutes to form a solid solution results in a change in shear

modulus, lattice parameter, diffusivity and the stacking fault energy of the

solid solutions. The data published in [67] was used to estimate the diffu-

sivity of the alloying elements in nickel. The change in lattice parameter

(da/dc) by the addition of Ta and W in Ni was derived from the XRD mea-

surements in [85] for NiTa, NiW and [39] for NiRe. The change in lattice

parameter by the addition of Pt and Ir were taken from [48]. Shang et al

[123] have calculated the stacking fault energies of Ni–1.4 at. % X (X =

Ta, W, Re, Ir & Pt) binaries using DFT calculations. It has been assumed

in the present work that the trend of stacking fault energy for the Ni–2 at.

% solid solutions is quite similar to the one shown by Ni–1.4 at. % solid

solutions.

3.1.2 Cobalt-based alloys

Commercially pure cobalt (99.95 %) and Co-X (X = alloying element) binary

alloys were purchased from MaTeck GmbH in the form of cylindrical rods

with a diameter of 5 mm and a length of 30 mm. The chemical composition

of different alloys was selected from the available binary phase diagrams [9],

so that solute elements remain soluble in the cobalt-based solid solution and

the precipitation of intermetallic phases could be avoided.

Table 3.1: Chemical composition and homogenization heat treatment parameters

of binary cobalt-based alloys.

Period of alloy- Concentration in Heat treatment

ing element wt. % at. % temperature, time

3 Co-2.84 Al Co-6 Al 1300 ◦C, 14 h

Co-4.93 Ti Co-6 Ti 1300 ◦C, 14 h

Co-5-23 V Co-6 V 1300 ◦C, 14 h

4 Co-5.33 Cr Co-6 Cr 1300 ◦C, 14 h

Co-5.62 Mn Co-6 Mn 1300 ◦C, 14 h

Co-5.70 Fe Co-6 Fe 1300 ◦C, 14 h

Co-4.65 Nb Co-3 Nb 1250 ◦C, 14 h

5 Co-9.41 Mo Co-6 Mo 1300 ◦C, 14 h

Co-9.84 Ru Co-6 Ru 1300 ◦C, 75 h

Co-8.67 Ta Co-4 Ta 1300 ◦C, 14 h

6 Co-16.61 W Co-6 W 1300 ◦C, 75 h

Co-16.83 Re Co-6 Re 1300 ◦C, 75 h
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3.2 Compression tests

These rods were then annealed to remove the residual segregation from

the casting process. The temperatures and duration for heat treatment of

the alloys are reported in table 3.1. For the alloys containing Ru, W and Re

a longer heat treatment duration of 75 h was used due to low diffusivity of

these elements. This homogenization heat treatment was carried out in an

inert gas atmosphere (Ar) and the rods were subsequently quenched in water

in order to retain the high temperature microstructure and to suppress the

formation of precipitates.

3.1.3 Nickel-based superalloy (ERBO-1)

An experimental nickel-based superalloy based upon the chemical composi-

tion of CMSX-4 was purchased from Doncasters precision castings GmbH

(Bochum, Germany). Its chemical composition was determined using wet

chemical analysis as shown in table 3.2. It was cast using the conventional

Bridgman casting process. The as-cast state was designated as ERBO-1A.

The alloy was solution heat treated for 1 h at 1295 ◦C followed by 6 h at

1315 ◦C. Primary ageing was performed at 1140 ◦C for 4 h, followed by a

secondary ageing heat treatment of 16 h at 870 ◦C. This heat treated state

was designated as ERBO-1C. Interrupted tensile creep tests on 〈100〉 ori-

ented specimen were performed2 up to 5 % plastic strain. Details about the

testing procedure can be found in [77]. The relevant creep curves are given

in appendix-B.

Table 3.2: Chemical composition of ERBO-1, determined using wet chemical
analysis. All elements are given in at. %.

Al Co Cr Hf Mo Re Ta Ti W Ni

6 12.8 7.8 0.04 0.4 1 2.3 1.4 2.2 Balance

3.2 Compression tests

3.2.1 Compression under constant strain rate

The compressive stress–strain behaviour of single crystalline nickel and bi-

nary nickel-based alloys was studied using an Instron 4505 compression test-

2in collaboration with Institut für Werkstoffe Ruhr-Universität Bochum, Germany

within the Collaborative Research Centre SFB/TR-103.
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a) b)

Figure 3.1: (a) Set-up of compression testing machine & (b) calculation of plastic
strain from the measured elastic-plastic response.

ing machine schematically as shown in Fig. 3.1a. A load cell with maximum

load of 10 kN and a PID controller was used to vary the applied strain rate

(ε̇) as shown schematically in Fig. 3.1. The cylindrical specimen was placed

between the ceramic push rods, and a S-type (Pt-RhPt) thermocouple was

placed in contact with the specimen so that its temperature can be accu-

rately measured during the test. The changes in specimen dimensions were

recorded using an extensometer that converted measured displacement to

an electrical signal using linear variable differential transformer (LVDT).

This signal was then used to calculate the strain and the strain rate. The

strain rate was varied at specific strain values as shown in table 3.3 and

Fig. 3.1b. These strain rate jump tests were performed in the temperature

range: 800 ◦C 6 T 6 1200 ◦C. A pre-load of 20 N (≈ 2 MPa) was applied

on the cylindrical specimen before heating them to the test temperature.

The specimen had a height of 5 mm and a diameter of 3.5 mm. This sample

geometry corresponds to an aspect ratio (h/
√
A) of 1.5, which ensures that

no buckling or shearing of the specimens occurs during compression.

Table 3.3: Conditions for strain rate jump tests.

ε̇ / s−1 10−4 10−5 104 10−3 10−4

εel−pl / % 6 3.5 3.5 3.5 3.5

3.2.2 Compression under constant stress

The creep properties were studied by deformation under a constant applied

stress of 20 MPa in the temperature range from 1000 ◦C to 1200 ◦C. A
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3.2 Compression tests

pneumatic compression creep testing machine was used for this purpose and

the experimental setup was similar to the one shown in Fig. 3.1a. The

load was applied using compressed air, in contrast with the servohydraulic

loading mechanism of the Instron 4505. Further details about the machine

setup can be found in [12]. Cylindrical specimen with a height of 7.5 mm

and a radius of 5 mm were used. They had an aspect ratio (h/
√
A) of 1.5,

similar to the specimen used for the strain rate jump tests. They were placed

between the ceramic rods and two S-type thermocouples were attached to

the samples for an accurate measurement of the test temperature. This two

thermocouple setup allowed for a better monitoring and control of sample

temperature. The investigated nickel-based alloys were prone to oxidation at

high temperatures; therefore its external surfaces were manually coated with

water glass (Na2SiO3). A pre-load of 20 N was applied and the specimen

was heated till 600 ◦C, held at that temperature for 0.5 h and subsequently

heated to the testing temperature. This intermediate heating to 600 ◦C

ensures the formation of a viscous layer of water glass. Multiple experiments

showed that the oxidation resistance improved by this intermediate heating

step. The samples were again held for 0.5 h at the test temperature, to

ensure thermal stability of the system before starting the test. This thermal

exposure was kept constant for all creep tests reported in this work.

Evaluation of compression results: Similar evaluation procedures were

used for both the strain rate jump and the compression creep tests. The

change in the initial length due to the thermal expansion caused by heating

was compensated using Eq. 3.1. The coefficient of thermal expansion α

was taken to be 13.1 ×10−6K−1 [47]. The engineering strain e and the true

strain ε were calculated using Eq. 3.2 and Eq. 3.3. The true stress σ was

calculated using Eq. 3.4, where σengg is simply the engineering stress at test

temperature [33]. For the strain rate jump tests, the strain rate sensitivity

was determined in the steady state regime using Eq. 3.5.

l = l0(1 + α∆T ) (3.1)

e =
∆l

l0
(3.2)

ε = −ln(1− e) (3.3)

σ = σenggexp(−ε) (3.4)
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m =
∂ lnσ

∂ ln ε̇
≈ 1

n
(3.5)

3.3 Nanoindentation

Instrumented indentation testing or nanoindentation is used to determine

the hardness and Young’s modulus of materials at small length scales. Dur-

ing nanoindentation, the load and displacement are continuously measured,

as the material is indented using an indenter of known geometry. A typi-

cal load displacement response is schematically illustrated in Fig. 3.2. The

hardness can be calculated using the maximum force Pmax and the relevant

contact area Ac (Eq. 3.6).

Figure 3.2: Schematic illustration of load displacement plot.

H =
Pmax
Ac

(3.6)

hc = h− εP
S

(3.7)

The initial part of the loading curve shows a displacement burst, which is

referred to as a pop-in (see Fig. 3.2). This pop-in event is usually inter-

preted as the transition from elastic to elastic-plastic deformation and it’s

associated with a sudden nucleation of a dislocation burst like event [52].

The Hertzian contact model [36, 41] can be used for fitting the initial load-

displacement response (Eq. 3.8). The pop-in load, tip radius R and reduced

modulus Er are then used to determine the maximum shear stress τmax

under the indenter tip using Eq. 3.9. The value of τmax is close to the theo-

retical shear strength of materials. The reduced modulus can be calculated
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using Eq. 3.10, where ν is the Poisson’s ratio and the subscript i represents

the indenter.

P =
4

3
Er
√
Rh3/2 (3.8)

τmax = 0.31

(
3P

2πRh

)
(3.9)

1

Er
=

1− ν2

E
+

1− ν2
i

Ei
(3.10)

S =
2√
π
Erβ
√
Ac (3.11)

Ac(hc) = C0h
2
c +C1hc+C2h

1/2
c +C3h

1/4
c +C4h

1/8
c +C5h

1/16
c + ... (3.12)

After the pop-in, the sample undergoes elastic-plastic deformation. How-

ever, during the unloading from maximum load, the contact between the

indenter and the sample is purely elastic. The stiffness S from unloading

is used to calculate the final contact depth hc using Eq. 3.7, where ε is a

constant that depends on the indenter geometry. The hardness of the ma-

terial is then determined using the Oliver-Pharr method [98]. This method

is based upon Sneddon’s equation (Eq. 3.11), where β is an indenter geom-

etry dependant constant. The tip shape is calibrated by indenting into an

isotropic material with known Young’s modulus. The contact area is then

fitted as a function of the indentation depth using Eq. 3.12. Two different

indentation devices were used for measurements, i.e. XP (MTS, USA) and

G200 (Agilent technologies, USA). Tip shape calibrations were performed by

indentation on fused quartz. In load controlled testing, the maximum load

is specified and then the hardness is determined from the unloading stiff-

ness, whereas in CSM, the maximum indentation depth is specified and an

oscillating load is applied with a prescribed frequency. Using this method,

the stiffness is continuously measured as a function of indentation depth en-

abling the determination of a depth dependent hardness and Young’s mod-

ulus. This method was used in the diffusion couples for determining the

hardening coefficients by nanoindentation.

3.3.1 Nanoindenting AFM

The indentation measurements of 5 % creep deformed ERBO-1 were per-

formed using an AFM based indenter from Hysitron (Hysitron INC., Min-

neapolis, MN, USA). This nanoindenting AFM uses a diamond indenter
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ImagingIndenting

Figure 3.3: Illustration of the imaging and indentation of the creep deformed
ERBO-1 using a nanoindenting triboscope.

for imaging the sample surface and for indenting on specific locations [36,

50] as illustrated in Fig. 3.3. The indenter tip was calibrated using the

Oliver-Pharr method [98] by performing multiple indents in fused silica. In

additional to normal polishing till 1 µm, the superalloy samples were chem-

ically polished using nanodispersed silica (SiO2), followed by vibrational

polishing for 12 h. These polishing steps ensured the removal of plastically

deformed layers.

The used Hysitron system did not have a continuous stiffness measure-

ment capability; therefore, a continuous extraction of hardness as a function

of the penetration depth is not straight forward. Nevertheless, a continu-

ous calculation of the hardness under load is possible, based on the load

divided by the contact area calculated from the indentation depth and the

calibrated tip shape. This hardness number neglects the elastic deformation

contribution and leads to somewhat higher hardness values. However, it has

been shown e.g., by Wheeler et al [141] that with such an approximation,

the hardness can still be studied with reasonable accuracy.

3.4 Diffusion couples

For manufacturing diffusion couples, the samples were cut in the form of

cylinders with a height of 3.5 mm and a diameter of 5 mm. They were me-
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3.4 Diffusion couples

Figure 3.4: Schematic illustration of the diffusion couple holder. The red lines
show the Al2O3 plates; all dimensions are in mm.

chanically polished until 4000 grit SiC paper, so that plane-parallel surfaces

with an accuracy of ±10 µm could be achieved. The surfaces to be placed in

contact were further polished using 3 µm diamond suspension followed by

electropolishing using commercial electrolyte A2 from Struers using a volt-

age of c.a. 50 V for 10-30 seconds at –30 ◦C. The polished specimen were

then placed in a specially designed Mo holder as illustrated in Fig. 3.4. Mo

screws were used to apply pressure on the samples, so that they stay in con-

tact during the heat treatment process. Thin ceramic plates of Al2O3 were

placed between the samples and the Mo screws, so that welding of the diffu-

sion couple with the screws could be impeded. The whole fixture was placed

in a vacuum furnace and annealed for the duration of diffusion heat treat-

ment. It was not possible to quench the samples after diffusion annealing

in the vacuum furnace. Therefore, these diffusion couples were additionally

heated to annealing temperature under protective argon atmosphere for 1

h and later quenched in water, so that the microstructure at high temper-

ature could be retained. The diffusion couples for the cobalt-based alloys

were annealed at 1100 ◦C, 1200 ◦C and 1300 ◦C for a total duration of 201,

151 and 76 h respectively. The couples were then embedded in Technovit

4071 and mechanically ground and polished perpendicular to the diffusion

direction. In this way, a cross-section perpendicular to the diffusion direc-

tion was prepared. The chemical gradients across the interdiffusion zones

were analysed using EPMA.

The nickel-based diffusion couples were supplied by the group of Prof.

Reed3. The annealing conditions for the diffusion couples are given in table

3.4. The NiTa, NiW and NiRe couples were annealed at 1200 ◦C for 100

h. On the other hand, the NiIr and NiPt couples were heat treated at 1100
◦C & 1300 ◦C for 144 h and 24 h respectively. In addition to mechanical

3R. C. Reed, Department of Materials, University of Oxford UK.
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grinding and polishing till 1 µm finish, these couples were electropolished

using a commercial electrolyte A3 from Struers (-30 ◦C & 30 V).

Table 3.4: Annealing temperature and time for Ni-NiX (X=Ta, W, Re, Ir & Pt)
diffusion couples.

T (◦C) time (h)

Ni-NiTa 1200 100
Ni-NiW 1200 100
Ni-NiRe 1200 100
Ni-NiIr 1100 144
Ni-NiPt 1300 24

3.5 Microstructural analysis

The microstructure of different alloys was analysed by embedding them in

Technovit followed by grinding and polishing using conventional metallog-

raphy techniques. A Zeiss ESB 1540 dual beam focused ion beam (FIB)

microscope was mainly used for imaging microstructures of different alloys

and diffusion couples. The 3D tomography of the creep deformed ERBO-

1 was perfomed using Helios Nanolab 600i FIB. A Ga ion gun was used

to cut slices of material with a thickness of 200 nm and SE images were

taken after each cut. The resultant images allowed to reconstruct the three

dimensional microstructure using a commercial software (Amira). Further

details about this procedure can be found in [80]. ImageJ was used to quan-

tify the volume fraction of different phases in the investigated alloys. The

chemistry of different phases and the concentration profiles in the diffusion

couples were evaluated using electron-probe microanalysis (EPMA)4 and

energy dispersive X-ray analysis (EDX). EPMA is more accurate than EDX

as it measures both the energy and the wave-length of the X-rays emitted

by the material under investigation. This improves the quantification of the

measured data. The experimental conditions for different measurements are

mentioned below:

• The solute contents in the interdiffusion zone of nickel-based diffusion

couples and the size of the IDZ in the cobalt-based diffusion couples

was determined using EDX. A working distance of 8 mm and an ex-

4At the Institute of Technology of Metals (WTM), FAU Erlangen-Nürnberg.
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3.5 Microstructural analysis

citation voltage of 20 kV was used. A 99.99 % pure cobalt standard

was used for detector calibration.

• The chemical segregation at the dendritic scale in the ERBO-1 was

analyzed using a JEOL JXA-8100 EPMA operating at a voltage of 20

kV, using a spot size of 5 µm and a dwell time of 5 ms. The analysing

crystals for detecting elements are mentioned in table 3.5.

• The length of the IDZ in the cobalt-based diffusion couples was ini-

tially determined using EDX, followed by EPMA measurements for

the accurate quantification of the diffusion profile across the interdif-

fusion zone. The excitation voltage was always selected to be 20 kV,

with a dwell time of 100 ms. The concentration of cobalt and that of

the diffusing element was measured. The step size was varied from 0.5

µm and 2 µm depending upon the length of the interdiffusion zone,

e.g., a step size of 0.5 µm was used for the interdiffusion of Re at 1100
◦C and 2 µm was used for the interdiffusion of Al at 1300 ◦C. The

measurements were calibrated by setting the cobalt side of the diffu-

sion couple to be 100 % cobalt and using a ZAF based correction with

pure element standards. (Z, A and F are the correction factors for the

atomic number, absorption and fluorescence of the elements).

Table 3.5: Crystals used for detecting different elements in the EPMA.

Crystals Elements

LiF Co, W, Ta
TAP Al, Ni, Hf
PETJ Ti, Cr
LiFH Mo, Re
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4 Mechanical Properties of the γ/γ ′

& µ-phase in Dependence of the
Dendritic Microstructure

The superior creep properties of nickel-based superalloys are due to their

γ/γ′ microstructure, which is optimized by carefully selecting the alloy

chemistry and processing conditions. More than 10 alloying elements are

needed for optimum properties. The slow diffusing refractory elements like

Re [67] increase the creep life of nickel-based superalloys [57]. Furthermore,

elements like Re, Cr and W segregate strongly to the dendrite core during

casting [59, 68, 101, 135]. These segregations at the dendritic scale cannot

be completely removed using commercial heat treatment processes. Hence

two inherent length scales of segregation exist in nickel-based superalloys:

(a) the dendrite scale and (b) the precipitate scale, i.e. the γ and the γ′

phases as shown in Fig. 4.1 [101]. The effect of dendritic segregation on the

mechanical properties of individual γ/γ′-phases and TCP phases (formed

as a result of creep deformation at 1050 ◦C) is also discussed in the present

chapter.

Figure 4.1: Length scales of segregation in ERBO-1 [101].

45



4 Mechanical Properties of phases in Dependence of the Microstructure

4.1 Chemical segregations

The segregation of elements at the dendrite scale in as-cast, heat treated

and creep deformed ERBO-1 was studied using EPMA measurements. The

cross sections with 〈100〉 orientation are given in Fig. 4.2. This elemental

segregation can be quantified by estimating the segregation coefficient k′

defined in Eq. 4.1, where cDC is the concentration in the dendirte core and

cID is the concentration in the interdendritic regions. It must be pointed out

that for the as-cast ERBO-1, the concentration of elements in the eutectic

regions ceut was used in for estimating k′. Whereas, the concentration in the

ID regions was used to calculate k′ for the heat treated and creep deformed

state. A segregation coefficient of 1 means that equal amounts of alloying

elements are present in the dendritic and interdendritic regions [22]. In the

as-cast state, the γ formers (Re, W and Cr) segregate to the dendrite core

as indicated by k′ > 1, whereas the γ′ stabilizers (Ti, Ta and Al) segregate

to interdendritic regions and show k′ < 1 (see Fig. 4.3). The segregation

coefficients of Mo and Hf were not calculated due to their low concentration

in ERBO-1. It contains only 0.6 wt. % Mo (≈ 0.4 at. %) and 0.12 wt. %

Hf (≈ 0.04 at. %). During EPMA measurements, it was difficult to clearly

differentiate the signals of Mo and Hf atoms from the background noise.

Mo is a γ strengthener [45], whereas Hf is usually added to improve the

castability of the alloy [22].

a) c) e)

b) d) f)

Figure 4.2: Quantified EPMA maps of the 〈100〉 cross sections of ERBO-1.
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4.1 Chemical segregations

k′ =
cDC

cID/EUT
(4.1)

After the standard heat treatment, the chemical segregation at the dendritic

scale was not completely homogenized. Diffusion during the heat treatment

resulted in a reduction in chemical segregation, the extend of which de-

pended on the diffusion coefficients of elements involved. The fast diffusing

elements Ta, Ti & Al show k′ close to 1, indicating negligible residual seg-

regation. However, the refractory elements Re and W still show a strong

segregation to the dendritic regions, due to their slow diffusion coefficient

[67]. A longer solution heat treatment could be used for complete homog-

enization of the alloy chemistry with respect to the Re segregation [96].

However, in practice, the time at high temperature should be limited during

processing of nickel-based superalloys. This reduces the cost of heat treat-

ment and the environmental effects (e.g., oxidation). A strong segregation

tendency of refractory elements is commonly found in commercial nickel-

based superalloys. Hence, in the present case, the residual segregation of

Re and W is still present after heat treatment, so that the heat treated

microstructure replicates commercial alloys.

Figure 4.3: Segregation coefficient k′ for elements in ERBO-1.

A 〈100〉 oriented miniature tensile specimen of the ERBO-1 was creep

deformed up to 5 % plastic strain at a temperature of 1050 ◦C, under a

stress of 160 MPa, corresponding to 135 hours at the test temperature1.

This thermo-mechanical exposure resulted in solid state diffusion followed

by a further reduction in the chemical segregation at the dendritic scale

as shown in Fig 4.2. The fast diffusing elements (Ti, Ta and Al) show a

k′ ≈ 1. Whereas, the refractory elements (Re and W) still show a residual

1See appendix B for the creep data.
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4 Mechanical Properties of phases in Dependence of the Microstructure

segregation to the dendrite core (k′ > 1). This results in an increased driving

force for the precipitation of TCP phases in the dendritic regions [79, 80],

which will be discussed in section 4.2.3.

4.2 Microstructure

4.2.1 As-cast state

In the as-cast state of ERBO-1, three different regions could be identified.

The microstructure in the dendrite core (DC), interdendritic region (ID) and

eutectic region (EUT) is shown in Fig. 4.4 and Fig. 4.5, here the γ phase

has bright contrast, whereas the γ′ phase has dark contrast. Moreover, it

contains fine particles of secondary γ′ embedded inside the γ matrix [101].

The area fractions of the different phases were estimated using ImageJ. The

DC has a γ′ area fraction of 0.72 (including the secondary γ′ inside γ). The

Interdendritic regions, on the other hand, has a higher γ′ area fraction of

0.78. Hence the γ′ particles are coarser than in the DC and no secondary γ′

particles were present inside γ as shown in Fig. 4.4b. The eutectic region,

which solidifies last, is shown in Fig. 4.5. Due to a higher segregation of γ′

forming elements like Ta, Ti, it consists mainly of the coarse γ′ phase. The

shape of this eutectic is strongly dependent upon the solidification history of

the alloy [58]. A higher-magnification image of the eutectic region is shown

in Fig. 4.5b. The width of the γ phase is very small. The mechanical

properties of the individual phases were measured by nanoindentation at

two different length scales, i.e. indents smaller than the γ/γ′ phases and

deep indentations with an indentation depth greater than both the phases.

a) b)

Figure 4.4: The microstructure of (a) dendrite core (DC) and (b) interdendritic
(ID) regions of as-cast ERBO-1.
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4.2 Microstructure

a) b)

Figure 4.5: ERBO-1: microstructure of (a) eutectic region (EUT) and (b) zoomed
region of EUT, marked in (a).

4.2.2 Heat treated state

The main purpose of the solution heat treatment of a nickel-based super-

alloy is the reduction of chemical segregations by solid state diffusion, the

dissolution of eutectic microstructure and the generation of a fine and ho-

mogeneous γ/γ′ microstructure [22, 58, 112]. Hence, in the heat treated

state of ERBO-1, the microstructure in the dendritic and the interdendritic

regions was very similar as shown in Fig. 4.6. The area fraction of γ′ was

0.81 in the DC and 0.79 in the ID region.

a) b)

Figure 4.6: (a) DC and (b) ID regions of heat treated ERBO-1.

4.2.3 Creep deformed state

A negative lattice misfit exists between the γ matrix and the γ′ precipitates

in the heat treated state [22, 112]. This lattice misfit gives rise to coherency

stresses, which are reduced during tensile creep deformation along 〈100〉 di-

rection under high temperature and low stress conditions. A rafted γ/γ′

microstructure is formed. These rafts are perpendicularly oriented to the
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Figure 4.7: The microstructure of creep deformed ERBO-1 with µ phase in DC (a
& b) and γ/γ′ phases in the ID region (c & d). The µ phase appears
bright in the BSE image and is always embedded in the γ′ phase.

loading axis as shown by the 〈010〉 cross section in Fig. 4.7b [93, 112, 114].

An inversion of the microstructure takes place, i.e. instead of the γ′ particles

coherently embedded inside a continuous γ matrix, it now consists of a con-

tinuous γ′ network that contains the γ phase [93, 112]. The microstructure

of the dendritic and the interdendritic regions of the creep deformed alloy is

shown in Fig. 4.7. The light phase is γ, whereas γ′ is the darker phase. The

microstructure is elongated in the 〈100〉 direction. TCP phases precipitate

in the dendrite core due to the segregation of the refractory elements like Re,

Cr and W to these regions [79]. They appear bright in the BSE detector in

the SEM as shown in Fig. 4.7(a & b) and have been imaged as ovals, needles

and plates in the 2D metallographic cross section. In the interdendritic re-

gions, no TCP phases were present as shown in Fig 4.7(c & d). The growth

direction and the morphology of the TCP phases in nickel-based superalloys

depend upon the alloy chemistry as well as the thermal exposure [79, 80].

FIB tomography has been used to study the three dimensional configuration
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4.2 Microstructure

d)

Figure 4.8: (a) TEM micrograph showing a µ phase precipitate (b) its SAD pat-
tern (c) simulated SAD pattern for the same orientation & (d) recon-
struction of the three dimensional network of the TCP phases in the
dendrite core, showing needle shaped µ particles [115].

of the TCP phases as shown in Fig. 4.8d. This reconstruction showed that

these phases form a three dimensional network and they grew in the form

of needles.

The TCP phases in the creep deformed state were further character-

ized using transmission electron microscopy (TEM)2. Multiple samples were

analysed and it was found that only one type of TCP phase was present after

creep deformation. This phase was identified as the µ phase using selective

area electron diffraction (SAD) [115]. A representative diffraction pattern

along the [022̄1] zone axis is shown in Fig. 4.8. The chemistry of five dif-

2In collaboration with the Institut für Werkstoffe, Ruhr-Universität Bochum, Germany,
within the Collaborative Research Centre SFB/TR-103.
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4 Mechanical Properties of phases in Dependence of the Microstructure

Table 4.1: Average chemical composition of the µ phase using TEM EDX. All
elements are given in at. %

Al Ti Cr Co Mo Hf Mo Ta W Re Ni

0.4 0.2 18.2 18 2.9 0.26 2.9 1.4 17 14.5 balance

ferent µ particles was analysed using TEM EDX and the mean chemical

composition is reported in table 4.1. The main constituents of the µ phase

are Re, Cr, Co, W and Mo. These elements are known to partition into the

γ phase in nickel-based superalloys and provide high temperature strength

to it [22, 112]. TEM studies showed that the µ phase is embedded in the γ′

phase and it grows on {111} planes as it exhibits the orientation relationship:

[{111}γ′‖{0001}µ].

4.3 Large scale indentation

The two phase microstructure of ERBO-1 comprises of γ′ precipitates coher-

ently embedded inside the γ matrix, where the γ′ is harder than the γ phase

[36, 50]. Durst et al [38] have shown that the properties of a hard particle (γ′)

surrounded by a soft phase (γ) could be measured using nanoindentation, if

the contact radius stays below 70 % of the size of phase being measured. As

the indent becomes larger than the individual phases, the properties of the

harder γ′ phase can not be measured and it sinks-in into the softer γ matrix

at large indentation depths [38, 115]. Hence, a composite response of the

phases underneath the indenter tip is measured, with the softer phase being

the larger contributor to the measured hardness. Indentation measurements

were performed in the dendritic and the interdendritic regions of 〈100〉 cross

sections of ERBO-1, using the CSM method with a maximum indentation

depth of 500 nm. The measured hardness for the different alloy states are

given in table 4.2. Two factors contribute to this hardness namely: (a) the

area fraction of the γ′ phase and (b) the segregation at the dendritic scale.

The area fraction and the size of γ′ particles determine the number of γ–γ′

interfaces underneath the indenter tip, whereas the dendritic segregations

contribute to the chemical composition of individual phases.

Firstly, the heat treated state is discussed, as it contains similar area

fraction of the γ′ phase in the DC and the ID regions. It has been previously

discussed that in the heat treated state, no segregation of the elements (Al,
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4.3 Large scale indentation

Ta, Ti) exists as k′ = 1. Furthermore, the matrix strengthening elements

(Cr, W & Re) show a residual segregation with k′ > 1. Nanoindentation

measurements of the heat treated state show that the hardness difference

between the dendritic (DC) and the interdendritic (ID) regions is about 210

MPa. Due to a similar volume fraction of the γ′ phase in the DC and the

ID regions, the number of γ/γ′ interfaces should be very similar. Hence, the

different concentration of γ strengthening elements is the main contributing

factor for this higher hardness in the DC.

Table 4.2: Indents in different states of ERBO-1, all values are in GPa.

Dendrite core Interdendritic Eutectic

Heat treated 5.89 ± 0.20 5.68 ± 0.13
As-cast 5.78 ± 0.10 5.45 ± 0.20 6 ± 0.06
Creep deformed 5.65 ± 0.16 5.51 ± 0.13

In as-cast state of the alloy, the eutectic region shows the highest hard-

ness followed by the DC and the ID regions. A comparison of the den-

dritic and the interdendritic regions is interesting because in addition to the

chemical segregation, they contain different area fractions of the γ′ phase.

Therefore, both the number of γ/γ′ interfaces and the amount of refractory

elements in the matrix are different. The ID region has a slightly higher

volume fraction of the γ′ phase and the γ′ particles are coarser than in the

DC region (see Fig. 4.4). The composition of γ′ strengthening elements in

the DC and in the ID regions is quite similar e.g., for Ta see the EPMA

map in Fig. 4.2b. Furthermore, secondary γ′ particles are present inside

the γ phase in the dendritic regions. Hence, during indentation the number

of γ/γ′ interfaces underneath the indenter tip is more in the DC than in the

ID region. Despite this increased number of interfaces, the hardness of DC

is more than the ID region, which shows that the number of γ/γ′ interfaces

is not the main contributory factor to the measured ∆H. The hardness dif-

ference between the DC and ID region tends to follow the segregation of the

refractory elements, i.e. the γ-matrix is softer in the ID region than the DC.

On the other hand, the eutectic comprises mainly of the γ′ phase and con-

tains a high amount of γ′ strengthening elements (Ti, Ta, Al). Hence, the

present indentation measurements of the γ′ phase in eutectic region show

highest values.
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4 Mechanical Properties of phases in Dependence of the Microstructure

a) b)

Figure 4.9: Schematic illustration for indenting crept ERBO-1 (a) with indent
greater & (b) smaller than individual phases.

After 5% creep deformation, the microstructure is changed, now after

matrix-inversion, γ′ is the continuous phase with γ inside it [93]. Further-

more, the µ phase has precipitated in the dendritic regions as discussed in

section 4.2.3. A schematic illustration of the indent > γ/γ′/µ is given in Fig.

4.9a. Interestingly, when we consider the experimental scatter, the hardness

of the DC is quite similar to the ID region as shown in table 4.2. Further, as

a result of the thermo-mechanical exposure during creep, the segregation of

the γ′ forming elements is low and the precipitation of µ phases has altered

the local chemistry of the γ phase. Therefore this hardness value averages

over large areas and should represent the hardness of the softest phase. This

will be further discussed in section 4.4.2.1.

4.4 Small scale indentation

The heterogeneity of the γ/γ′ microstructure in nickel-based superalloys

makes it difficult to precisely measure the mechanical properties of each

phase with sufficient reproducibility. Indentation measurements smaller

than the individual phases were performed in the as-cast and the creep

deformed ERBO-1. No measurements were performed in the heat treated

state as a similar area fraction of the γ′ phase was found in the dendritic

and the interdendritic regions, which made it difficult to distinguish between

them in the nanoindenting AFM and G200 indenter. The microstructure of

the as-cast alloy and the presence of TCP phases in the dendritic regions of

the crept alloy made it easy to identify DC and ID regions.

4.4.1 As-Cast ERBO-1

Indentation mapping method: The properties of the γ and the γ′

phases in as-cast ERBO-1 are determined using a statistical indentation

mapping method. A grid of 400 indents was placed in the dendritic, the
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4.4 Small scale indentation

γ/γ′

γ γ′

Figure 4.10: Schematic representation of indentation mapping of a nickel-based
superalloy. For indentation depth << γ/γ′, the properties of in-
dividual phases can be measured, whereas for indentation depth
>> γ/γ′, the properties of a homogenized medium are measured
after [25].

interdendritic and the eutectic regions. If the maximum indentation depth

is considerably larger than the individual phases, as shown in Fig. 4.10, a

composite mechanical response is obtained. On the other hand – by a care-

ful selection of the indent size and spacing – the mechanical properties of

the individual phases are measured and each such indentation measurement

can be considered a unique statistical event [2, 25, 135, 136]. The statistical

data from such indentation grids contains overlapping distributions of the γ

& the γ′ phases as illustrated in Fig. 4.10. Therefore, an analytical deconvo-

lution of statistical data is needed. The probability density function (PDF)

is disadvantageous for performing such deconvolution as it is dependent on

the bin size. According to Ulm et al [25, 136], it is better to use the cumula-

tive distribution function (CDF) for this purpose, as CDF is independent of

bin size. Hence the measured hardness values Hi, i ∈ [1, ..., N ] were sorted

in an ascending order, where N is the total number of indentations and the

experimental CDF was estimated using Eq. 4.2.

Fitting the experimental CDF using Eq. 4.3 should yield unique mechan-

ical properties of the γ and the γ′ phase. It contains the surface fraction of
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4 Mechanical Properties of phases in Dependence of the Microstructure

the γ phase fγ and the γ′ phase fγ′ = (1−fγ). Furthermore, the mean hard-

ness values (m̄γ , m̄γ′) and the standard deviations (σγ , σγ′) are the other

four “fitting parameters” that are used for deconvolution of the experimental

CDF. Ulm et al [136] have discussed that for the application of statistical

deconvolution to a two phase microstructure, if indents are smaller than

phases being measured, their properties could be determined by a probabil-

ity that equals their surface fraction. Hence – if enough statistical data is

obtained – the fraction of the γ phase fγ obtained by curve fitting should

be similar to the experimentally determined γ surface fraction.

D(Hi) =
i

N
for i ∈ [1, ..., N ] (4.2)

Dfit(H) =
1

2
fγ

(
1 + erf

(
H − m̄γ√

2σγ

))
+

1

2
(1− fγ)

(
1 + erf

(
H − m̄γ′√

2σγ′

))
(4.3)

Indentation measurements: A typical indentation experiment using

load controlled testing takes about 6 – 15 minutes, depending upon the

maximum load/indentation depth and the relative drift between the inden-

ter tip and the sample. This standard load controlled indentation method

has been modified to reduce the indentation time to less than one minute, so

that large amount of statistical data can be obtained. The surface approach

distance and the time for measuring the drift rate have been reduced. This

has no influence on the measured mechanical properties. The load–time

plot and the corresponding load–displacement response for one such mea-

surement using Berkovich indenter is shown in Fig. 4.11. The maximum

load, Pmax is 400 µN and the distance between indents has been specified to

be 1 µm, which is the resolution of the XY movement of the piezo controlled

stage of the nanoindentation device. The hardness is determined from the

load displacement data using the Oliver-Pharr method [98].

Indentation measurements in the DC, the ID and the EUT regions of

as-cast ERBO-1 are shown in Fig. 4.12, where γ′ is the darker phase and

γ is the lighter phase. The EPMA concentration maps of Re and Ta with

respect to the dendritic segregation and the experimental CDF are shown

in Fig. 4.13. As before; Ta has segregated to the eutectic region and Re

has segregated to the dendrite core. A line has been placed at the CDF
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4.4 Small scale indentation

a) b)

Figure 4.11: (a) Load-time and (b) load-displacement plots for indentation map-
ping.

values of 0.5, to indicate the mean hardness in the different regions. The

EUT region shows the highest mean hardness followed by the ID and the

DC regions. Interestingly – similar to the indents larger than the individual

phases that are already discussed in section 4.3 – the eutectic region has the

highest mean hardness. However, the mean hardness in the DC is smaller

than that in the ID region. It is expected that the γ and the γ′ phase

in the DC, the ID and the EUT regions should contain different amount

of the alloying elements due to dendritic segregation. Therefore, dissimilar

mechanical properties of these phases are expected.

a) b) c)

Figure 4.12: Microstructure of as-cast ERBO-1 with indents in (a) dendritic
(DC), (b) interdendritic (ID) and (c) eutectic regions (EUT).

Statistical deconvolution: The experimental CDF in Fig. 4.13b was

fitted using the trust-region algorithm for non-linear equations in MATLAB.

Later, the CDF of the individual phases was determined using Eq. 4.4 for the

γ phase and Eq. 4.5 for the γ′ phase. The de-convoluted distributions are
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4 Mechanical Properties of phases in Dependence of the Microstructure

plotted in Fig. 4.14 and the fitting parameters obtained are listed in table

4.3. Furthermore, the CDF histograms are calculated using MATLAB’s

distribution fitting tool box by selecting a bin size of 0.5 GPa. Fitting these

histograms with a normal distribution shows a continuous trend. As before;

this is not suitable for statistical deconvolution since it is strongly dependent

upon the selected bin size. Hence, the probability density function (PDF)

of individual phases is obtained by differentiating the de-convoluted CDF

function and is plotted in Fig. 4.15.

CDFγ(H) =
1

2
fγ

(
1 + erf

(
H − m̄γ√

2σγ

))
(4.4)

CDFγ′(H) =
1

2
(1− fγ)

(
1 + erf

(
H − m̄γ′√

2σγ′

))
(4.5)

a) b)

Figure 4.13: The location of the indentation mapping marked in (a) dendritic
(DC), (b) interdendritic (ID) and (c) eutectic regions (EUT).

The indentation maps are placed randomly with respect to the γ and

γ′ phase in the DC, the ID and EUT regions. Three types of indents are

possible, i.e. in the γ-phase, the γ′-phase and at the γ/γ′ interface. As

shown in Fig. 4.12, most of the indentation measurements were performed

in the γ′ phase. The fγ from the curve fitting (0.28 in the DC and 0.3 in

the ID region) is comparable to the γ surface fraction measured by image

analysis (0.28 in DC and 0.22 in ID region; already discussed section 4.2).

Keeping the experimental scatter in mind, these values agree well. The

eutectic region had the lowest area fraction of the γ phase; therefore, a low

value of fγ was obtained after curve fitting.

The results of statistical deconvolution show that the hardness of the γ

phase decreases from the DC to the EUT region by circa 1 GPa (see table
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4.4 Small scale indentation

a) b)

c)

Figure 4.14: Deconvolution of statistical data for the indents in the (a) dendrite
core (b) interdendritic and (c) eutectic region.

a) b)

c)

Figure 4.15: The measured and de-convoluted distributions for as-cast ERBO-1
in (a) dendrite core (b) interdendritic and (c) eutectic regions.
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4.3), which is in agreement with the dendritic segregation. The EUT region

has lower concentration of γ strengthening elements in comparison with the

DC as shown in Fig. 4.2. Moreover, the difference of 0.1 GPa between the

hardness of the γ phase in the DC and ID regions is within the experimen-

tal scatter. Since most of the indentation measurements were performed in

the γ′ phase, this difference does not represent the dendritic segregation of

matrix strengthening elements. The hardness of the γ′ phase increases from

DC to ID to EUT regions, this trend follows the segregation of γ′ strength-

ening elements (Ta, Ti). These results clearly show that the segregations

at the dendritic scale can be related to the mechanical properties of the γ′

phase using the indentation mapping method.

Table 4.3: Parameters from data deconvolution of experimental CDF using Eq.
4.3.

Dendrite Interdendritic Eutectic
core region region

fγ 0.28 0.3 0.09

m̄γ (GPa) 6.65 6.74 5.56
m̄γ′ (GPa) 8.12 8.61 10.86

σγ (GPa) 0.40 1.38 0.67
σγ′ (GPa) 1.26 1.84 1.75

4.4.2 Creep deformed state

For indents smaller than microstructural features, an indenting triboscope

was used to image and measure the mechanical properties of individual

phases in the dendritic and the interdendritic regions as shown in Fig. 4.16.

The load-displacement response and the hardness data for the three phases

in the creep deformed state have been plotted in Fig. 4.17. Each hardness

value represents an average of at least 12 measurements. For load-controlled

indentation, the maximum load was selected to keep the plastic zone smaller

than the size of individual phases. Thus, plastic deformation of the indented

phase was limited.

The µ phase is harder than both the γ and the γ′ phases. This high

hardness is caused by its close packed crystal structure and the presence

of refractory elements. Present measurements in the dendrite core show a

hardness ratio (γ : γ′) of 1:1.3, which is remarkably similar to the ratio

reported by Durst et al [36] for CMSX-4. The hardness of the γ and the γ′
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a) b)

c) d)

Figure 4.16: AFM and SEM (BSE contrast) images of the rafted microstructure
of the creep deformed ERBO-1 alloy in the dendrite core (a & b)
and interdendritic regions (c & d). The µ phase appears bright in
the BSE image and is always embedded in the γ′ phase. Nanoin-
dentations in the µ phase are marked by arrows in (a) [115].

a) b)

Figure 4.17: (a) Load displacement response for nanoindentation with sharp tip
(b) hardness measurements in the dendritic and the interdendritic
regions with Pmax = 400 µN [115].

phases in the DC and ID regions is plotted in Fig. 4.17b, with both showing

similar hardness values despite the dendritic segregations. The mechanical

properties of the µ phase will be further discussed in the next section 4.4.2.1.

Negligible residual segregation of the γ′ forming elements like Ta & Ti

(see Fig. 4.2) exists in the creep deformed state. Therefore, no measurable

difference in γ′ hardness was observed. The γ strengthening elements, par-

ticularly Re segregate strongly to the dendrite core as shown in Fig. 4.13

and [101]. It has been previously shown that both in the heat treated and

61



4 Mechanical Properties of phases in Dependence of the Microstructure

the as-cast state, the segregation of Re to the dendrite core results in an

increased hardness of the γ phase in the dendritic regions. Similarly, in the

heat treated state of ERBO-1, the hardness of γ in the dendrite core should

be more than that in the interdendritic regions due to the Re segregation.

The present investigation shows that after creep deformation the γ phase

has a similar hardness in the dendritic and the interdendritic regions al-

though the Re segregation is not completely removed. This is caused by the

precipitation of the µ phase which alters the local chemistry of the γ phase

and it will be further explained in the next section.

4.4.2.1 Chemical composition and hardness in the vicinity of the
µ phase

The µ phase precipitated as a result of thermal exposure during creep defor-

mation. The matrix strengthening elements (W, Re, Mo & Cr) are its main

constituents. Rae et al [110] have suggested that this should lead to a de-

pletion of these elements in the nearby γ phase. Therefore it can be inferred

that these elements are segregated across two different length scales, i.e. the

dendritic scale and next to the µ particles. Even though a long thermal

exposure has taken place during the heat treatment and the creep deforma-

tion, significant variations in the Re concentration still exist at the dendrite

scale as shown by EPMA maps in Fig. 4.2e. Hence, if local fluctuations in

the Re concentration exist next to the TCP particles, the local mechanical

properties of the γ phase should change as a function of the distance from

the µ phase. Interestingly, no such variations in the hardness of the γ phase

could be found as shown in Fig. 4.18a, suggesting that there is no gradient

of the matrix strengthening elements next to the µ particles. TEM EDX

measurements were performed for a further validation of this effect as shown

in Fig. 4.18b. In the transmission electron microscope, the µ phase appears

very bright as indicated by a red arrow. EDX was performed at locations

marked by the red boxes and the concentration of elements is plotted as a

function of the distance from the TCP phase. Only small fluctuations in

the concentration of the matrix strengthening elements were found, which

can be correlated to the typical measurement error in TEM EDX. Therefore,

both the hardness and the EDX measurement clearly prove that no gradient

of matrix strengthening elements exists next to the individual µ phases. Fur-

thermore, the present measurements have shown that the hardness of the γ

phase is the same for the dendritic and the interdendritic region in the creep
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a) b)

Figure 4.18: (a) Hardness of the γ phase as a function of the distance from a
nearby µ phase (b) TEM EDX across multiple γ phases near a µ
phase. The red squares in the γ phase indicate measurement loca-
tions close to the µ phase.

deformed state. The amount of TCP forming elements (Cr+W+Re+Mo)

in the γ phase is 22 at. %, which is lower than the concentration of these

elements in the γ phase of the dendrite core in the heat treated state (31.7

at. %) [101]. Hence, the nucleation and growth of the µ phase result in a

reduction of matrix strengthening elements in the dendrite core, since they

are consumed by the TCP phase.

4.4.2.2 Mechanical properties of the µ phase

Nanoindentation of small particles like the µ phase is a challenging task as

the indentation response is strongly influenced by the pop-in phenomenon.

This pop-in is a statistical event that is related to the sudden onset of

plasticity by nucleation and propagation of dislocations underneath the in-

denter tip [52]. It was studied using a blunt tip, with a tip radius of circa

405 nm, as reduced tip radius results in an increased probability of ob-

serving pop-in’s during indentation [120]. The indentation responses of the

γ/γ′/µ phases have been plotted in Fig. 4.19. A lower load is required to

achieve the same indentation depth using a sharper tip in contrast to that

needed for a blunt tip. Therefore, a maximum load of 1400 µN was used

for indenting the µ phase in contrast to the lower load of 400 µN required

by the sharper tip (see Fig. 4.17a). In addition to the evaluation of in-

dentation results using the Oliver-Pharr method [98], a Hertzian fit of the

load-displacement response was performed to determine the reduced modu-

lus ER and the maximum shear stress τmax underneath the indenter tip [52].

A good agreement was found between the reduced moduli from the Hertzian
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4 Mechanical Properties of phases in Dependence of the Microstructure

fit and the Oliver-Pharr method as shown in Fig. 4.19. The µ phase shows

the highest Young’s modulus, which is to be expected as it contains large

concentrations of refractory elements like Re, W & Cr. A similar trend is

shown for the maximum shear stress, with the µ phase showing the largest

value.

a) b)

c) d)

Figure 4.19: Load displacement response in the dendritic regions using a blunt
tip with tip radius 405 nm: (a) γ (b) & γ′ & (c) µ phase. (c)
Reduced modulus and the maximum shear stress from Hertzian fit.
The reduced modulus from the Hertzian fit (hatched columns) is
compared with that from Oliver-Pharr method [98].

The work hardening behaviour of different phases can be qualitatively

studied using the change of hardness after the pop-in [51]. The hardness/-

contact pressure under load has been calculated as a function of the inden-

tation depth in Fig. 4.20. Here it must be pointed out that during the

measurements, a continuous extraction of the hardness as a function of the

indentation depth was not straight forward, since the used Hysitron system

did not have a continuous stiffness measurement capability. Therefore, the

calibrated tip shape function was used to correlate the indentation depth

with the contact area. Such an estimation does not consider the elastic de-

formation and leads to higher hardness values. However, it has already been

shown in [141] that the hardness can still be studied with a reasonable accu-
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4.4 Small scale indentation

a) b)

Figure 4.20: (a) Contact pressure Cp/ or Hardness under load for indents with
blunt tip at Pmax = 1400µN for µ phase and Pmax = 400µN for
γ and γ′ phases (b) Schematic illustration of the change in hard-
ness with indentation depth and the effect of work hardening and
indentation size effect [115].

racy. Lets consider the hardness/contact pressure-displacement plot in Fig.

4.20. Initially, the contact pressure steadily increases due to pure elastic

deformation of the phases underneath the indenter tip. At the pop-in, the

contact pressure drops to what is here called the initial hardness. In case of a

strong work hardening behaviour of the material, this initial hardness slowly

increases. On the other hand in plastically deforming metals, the indenta-

tion size effect should lead to a decrease in hardness with the indentation

depth. However, the indentation size effect is not always that striking and

a visible decrease of hardness is only observed at larger indentation depths.

After the pop-in event, the initial hardness of both the γ and the γ′

phases decreases as shown in Fig. 4.20a. The γ phase shows slightly stronger

work hardening than the γ′ phase. However, such a behaviour is not shown

by the µ phase. This is to be expected, as the hard phases generally show

less plasticity and thus less work hardening during load controlled testing.

This means, on the other hand, that the hardness measured here directly

after the pop-in should show values which are quite close to the data at

high loads and are therefore quite realistic. The decrease in hardness of

the µ phase after an indentation depth of circa 40 nm can be explained

by considering the mechanism schematically illustrated in Fig. 4.9. The

hardness decreases as the plastic deformation spreads to the γ′ phase and

the µ particle sinks into it.
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5 Temperature Dependent Solid
Solution Strengthening of Nickel

In this chapter, different experiments are discussed in order to study the

role of transition metal solutes (Ta,W, Re, Ir & Pt) towards solid solution

strengthening of nickel. These elements were selected due to their technolog-

ical relevance for nickel-based superalloys. Since they lie beside each other

in d-block of the periodic table, it becomes possible to identify trends which

arise as a consequence of atomic number. Hence, binary nickel-based solid

solution alloys have been used to investigate the solid solution strengthening

mechanisms. The experiments are divided into two temperature ranges (a)

RT and (b) 800 – 1200 ◦C. The room temperature properties were studied

by performing nanoindentation measurements on diffusion couples. Single

crystal specimen were grown and tested along the relevant 〈001〉 crystallo-

graphic direction to study SSH by Ta, W and Re at high temperatures using

isothermal strain rate and stress controlled compression tests. In this way,

fundamental insights are provided into the physical phenomena promoting

hardening in nickel-based alloys.

5.1 Solid solution hardening at room temperature

The solid solution strengthening of Ni at room temperature was studied

using binary Ni–NiX (X = Ta, W, Re, Ir & Pt) diffusion couples. Each solid

solution binary NiX alloy contained 10 wt. % of the solute. Nanoindentation

was used to measure mechanical properties, which were then correlated with

the chemical composition measured by EDX. In the following, the principle

of determining SSH using this combinatory approach is discussed.

5.1.1 Diffusion couple approach

In a Ni–NiX diffusion couple, a gradient of the element X exists across the

interdiffusion zone (IDZ). Combining nanoindentation measurements in the

IDZ with local chemical composition allows to determine the relationship
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5 Temperature Dependent Solid Solution Strengthening of Ni

between the solid solution strengthening and the chemical composition [35,

46] as illustrated in Fig. 5.1. The solid solution hardening coefficient kssh

estimated using such an approach is much more accurate than using binary

alloys due to increased number of data points. However, this approach is

not without limitations. In order to determine SSH using this combinatory

approach, a uniform gradient of alloying elements in the interdiffusion zone

is required. Furthermore, the impressions from the nanoindentations should

be smaller than the grain size so that the Hall-petch type strengthening [33]

can be neglected [46].

Figure 5.1: Principle of determination of SSH by combining nanoindentation and
chemical composition using EDX.

Figure 5.2: Effect of electropolishing on indentation hardness of nickel.

The metallographic sample preparation by mechanical polishing results

in the plastic deformation of surface layers. Electopolishing ensures the re-

moval of these layers e.g., the hardness of nickel is considerably influenced

by mechanical polishing as shown in Fig. 5.2. If not removed, these de-

formation layers can lead to large errors while determining ∆Hssh. The

pop-in phenomenon can be used as an indicator to ensure that these layers

are successfully removed. A pop-in is the transition from elastic to elastic-

plastic deformation that results in a burst like propagation of dislocations
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5.1 Solid solution hardening at room temperature

[52]. All measurements showed pop-in behaviour, indicating good sample

preparation with no plastically deformed surface layers.

5.1.2 Ni-NiW diffusion couple

The NiW solid solution has a higher hardness than unalloyed nickel as shown

by indentation measurements on the Ni and the NiW side of the diffusion

couple in Fig. 5.3. Ni and NiW solid solution show a similar indentation

size effect and the difference in hardness in the depth range of 900 – 950

nm was used to determine ∆Hssh. The length of the interdiffusion zone

was estimated using EDX analysis and a tilted indentation field was placed

across it as shown in 5.4a. It must be pointed out that for correlating

hardness with the mechanical properties, there should be no gradient of

W along the x-axis i.e. it’s concentration should only vary perpendicular

to the diffusion couple bonding plane. EDX analysis was performed along

the red lines and next to individual indents schematically marked in Fig.

5.4a. The composition measurements in the three regions agree well (see

Fig. 5.4b), validating that the gradient of W exists along y-direction only.

Furthermore, by performing area scans next to the individual indents, the

number of data points in the IDZ are increased, thereby improving the

accuracy of chemical analysis. The motorized stage of the nanoindenter

makes it possible to precisely determine the location of individual indents.

Hence, x and y coordinates can be assigned to each hardness and chemical

composition measurement. This makes it possible to correlate the hardness

with local chemistry.

a) b)

Figure 5.3: Nanoindentation measurements in the NiW and nickel side of the
diffusion couple with (a) load and (b) hardness plotted against in-
dentation depth.
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5 Temperature Dependent Solid Solution Strengthening of Ni

a) b)

c)

Hss = H0 + ksshc0.66

d)

Figure 5.4: (a) Ni-NiW diffusion couple (b) EDX measurements in the IDZ (c)
hardness, modulus and chemistry of IDZ (d) fitting of hardness vs
composition data, bulk indents are marked as arrows .

The nanoindentation hardness and the fitted chemical composition are

plotted in Fig. 5.4c. The hardness increased from 1.2 GPa at the Ni side

to 1.8 GPa at the NiW side of the diffusion couple (marked by arrows in

Fig. 5.4c). The hardness in the IDZ shows a S shaped profile similar to

the chemical composition. It can now be plotted as a function of solute

content (c0.67) in Fig. 5.4d. Here, the exponent a is set to be 0.67. This

exponent was varied between 0.5 and 0.7 to differentiate weak pinning of

dislocations by solutes (Fleischer theory [43]) from strong pinning (Labusch

theory [73]). The exponent of 0.67 provided the best fit for the hardness

data, which agrees with the results of Franke et al [46] and [48, 134]. They

have shown that Labusch’s theory describes the solute strengthening of Ni

pretty well. Hence, by fitting the hardness-composition data with Eq. 2.7,

the solid solution hardening coefficient kssh was estimated. In addition to

measurements in the IDZ, a simple fit of the ∆H from bulk hardness values

was performed to compare the solid solution hardening coefficient with IDZ

as shown in table 5.1. The kssh estimated from the bulk hardness agrees

nicely with that determined using hardness measurements in the IDZ.
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5.1 Solid solution hardening at room temperature

5.1.3 NiTa, NiRe, NiIr & NiPt diffusion couples

Nanoindentation measurements in the diffusion couples between Ni and bi-

nary alloys of Ni with Ta, Re, Pt & Ir are shown in Fig. 5.5. The plots

depict similar data with hardness measurements in the bulk and the IDZ

of the diffusion couple, along with the fitted chemical composition across

the interdiffusion zone. The length of the IDZ varies for different diffusion

couples, due to a variation in their interdiffusion coefficients in Ni [67, 69].

Hence, the number of data points is different for each diffusion couple and

the NiTa diffusion couple has the largest IDZ length of 600 µm. The NiRe

and the NiIr diffusion couples have the smaller interdiffusion zones, each

with a width of circa 150 µm. Hence, a much lower number of hardness

a) b)

c) d)

Figure 5.5: Indentation measurements and fitted concentration profiles in the in-
terdiffusion zone of (a) NiTa (b) NiRe (c) NiIr & (d) NiPt diffusion
couple.

measurement is available. Still the accuracy of these measurements is bet-

ter than using binary alloys to estimate the kssh (e.g., [48, 102, 125]). All

these diffusion couples show an increase in hardness with an increase in so-

lute content. The hardness measurements at the nickel side and the solid
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5 Temperature Dependent Solid Solution Strengthening of Ni

solution side (marked by arrows) is similar to the hardness values at the

extreme edges of the interdiffusion zone as shown in Fig. 5.5.

It is interesting to note that in the NiTa, the NiRe and the NiPt diffusion

couples, hardness increases with solute content and shows small measure-

ment scatter. In NiIr diffusion couple, a higher scatter in the hardness

measurements is found in the middle of the interdiffusion zone (50 to 90

µm in Fig. 5.5c). Multiple sources can cause such a scatter in hardness

values. Firstly, a small step can form at the diffusion couple interface af-

ter electropolishing [46] and the indents on such tilted surfaces result in

erroneous hardness values. Secondly, since the diffusion couples consists of

polycrystalline alloys – multiple grains in the IDZ are inevitable – there-

fore hardness fluctuations are observed whenever grain boundaries are in-

dented. These effects are most pronounced in the NiIr diffusion couples. As

before; the hardness measurements in the interdiffusion zones were fitted

using Labusch’s theory [73, 74] and the solid solution hardening coefficient

was determined as shown in table 5.1. The kssh of the central d-shell ele-

ments shows the order: Ta > W > Pt > Re/Ir. Further details about the

strengthening mechanisms at room temperature are discussed in section 5.3.

Table 5.1: Comparison of solid solution hardening coefficient kssh estimated from
measurements in the bulk and the interdiffusion zone.

Diffusion couple ∆Hssh kssh (Bulk) kssh (IDZ)
(GPa) (GPa/at.%0.67) (GPa/at.%0.67)

Ni-NiTa 1.13 0.45 0.51
Ni-NiW 0.69 0.23 0.29
Ni-NiRe 0.44 0.18 0.18
Ni-NiIr 0.40 0.18 0.18
Ni-NiPt 0.52 0.24 0.21

5.2 Effect of temperature on solid solution

strengthening

Two types of tests were used to study the effects of temperature on SSH

of nickel i.e. the strain rate jump tests and the creep tests. The aim of

these experiments is to investigate the effects of diffusion on solid solu-

tion strengthening at high temperatures up to 1200 ◦C. Nanoindentation

measurements were unsuitable for this purpose, as the maximum high tem-
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5.2 Effect of temperature on solid solution strengthening

perature capabilities of the commercial nanoindentation devices currently

available are limited to 500 ◦C.

5.2.1 Strain rate jump tests

The stress-strain plots of the monocrystalline binary alloys tested along

〈100〉 direction at the temperatures of 800 ◦C, 1000 ◦C and 1200 ◦C are

shown in Fig. 5.6. The investigated alloys demonstrate the strain rate de-

pendent flow behaviour at these temperatures. At the initial temperature

of 800 ◦C, maximum SSH is shown by the NiTa solid solution, followed by

NiW and NiRe solid solutions. Furthermore, increasing the testing temper-

ature resulted in a decrease in the flow strength accompanied by an increase

in the strain rate sensitivity (SRS) due to a gradual increment of the ther-

mally activated processes. In particular, the Ta containing solid solution

became highly sensitive to the strain rate at 1000 ◦C. It is the strongest

alloy at the strain rate of 10−3 s−1 and its strength considerably drops at

the lowest strain rate of 10−5 s−1 as shown in Fig. 5.6b. Interestingly, NiRe

is stronger as compared to NiTa at this temperature and strain rate. This

effect is further amplified at 1200 ◦C, where the flow stress of NiTa drops

close to that of pure Ni and only a negligible solid solution hardening con-

tribution exists at a strain rate of 10−5 s−1. A short transient behaviour is

observed after each strain rate jump, since the dislocation structure is not

constant during the initial straining. A quasi-steady state is reached after

some plastic deformation via the dynamic equilibrium between the gener-

ation, multiplication and annihilation of dislocations. Therefore, the flow

stresses have been determined at the end of constant strain rate interval

(see the arrows in Fig. 5.6a). These stresses were used for (a) determining

the solid solution strengthening contribution ∆σssh, which is plotted as a

function of temperature in Fig. 5.7 and (b) comparing results from tests at

different temperatures after normalization as shown in Fig. 5.11.

During compression of solid solutions, multiple slip systems should be

active due to plastic deformation along the 〈100〉 direction. In unalloyed

nickel, the forest dislocation network provides resistance to plastic defor-

mation and a climb-glide mechanism controls the plastic deformation. A

dislocation gliding on one plane becomes pinned by a dislocation on an-

other plane and a small thermally activated dislocation climb is sufficient

for forward glide. However, the interaction of solutes with dislocations pro-
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800 ◦C

a)

∆σssh

1000 ◦C

b)

1200 ◦C

c)

Figure 5.6: Strain rate jump tests at (a) 800 ◦C, (b) 1000 ◦C and (c) 1200 ◦C.
The solid solution hardening contribution (∆σssh) was determined
at constant strain & strain rate.

vides an additional strengthening effect in solid solution alloys. The solutes

can interact with dislocations in two ways, i.e. (a) they can simply pin

the dislocations or (b) they can form solute clouds/Cottrell atmospheres at

high temperatures by collecting on the dislocation line [18, 22]. Analytical
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5.2 Effect of temperature on solid solution strengthening

a) b)

Figure 5.7: The solid solution hardening contribution (∆σssh) for strain rate of
(a) 10−4 s−1 & (b)10−5 s−1.

modelling has been performed to correlate the dislocation velocity with the

strain rate, the diffusion of solutes and the formation of clusters, which will

be discussed in sections 5.2.4 and 5.3.2. Further, for considering the net

strengthening effect, the recovery controlled processes must also be consid-

ered e.g., the diffusion controlled dislocation climb which contributes more

strongly to plastic deformation at lower strain rates and high temperatures.

The net SSH at any temperature and strain rate is dependent upon the bal-

ance of these two rudimentary mechanisms. The diffusion controlled pro-

cesses contribute more strongly to the plastic deformation at 1000 ◦C and at

the strain rate of 10−5 s−1. This analysis confirms that at low temperatures

and high strain rates Ta confers the most significant strengthening and Re

the most for lower temperatures and high strain rates. This transition in

strengthening behaviour occurs at a temperature of approximately 1000 ◦C

at strain rate of 10−5s−1 as shown by arrows in Fig. 5.7.

5.2.2 Creep tests

The minimum strain rate ε̇min during the strain rate controlled jump tests

was 10−5 s−1. Isothermal compression creep tests under a constant stress

of 20 MPa have been performed to investigate the plastic flow behaviour

at lower strain rates. The testing temperatures were 1000 ◦C, 1050 ◦C and

1100 ◦C. The creep experiments were performed in ambient air, therefore

the oxidation of samples also strongly influenced the plastic deformation be-

haviour. In the strain rate jump tests, the duration of the test was constant

for all the investigated alloys (approximately 3 hours). Hence, the oxidation

of samples could be neglected due to similar thermal exposure. During creep

tests, the SSH contribution of transition metal solutes to nickel resulted in
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an exponential difference between the minimum creep rate depicted by each

alloy and as a result each alloy experienced different thermal exposure at

test temperature.

The strain rate is plotted against plastic strain in Fig. 5.8a. These plots

show that the time at high temperature during the test varied from 1.1 h for

Ni to 14.3 h for NiRe. A layer of water glass (Na2SiO3) was manually applied

to the sample surface, to act as a barrier against oxidation of the samples.

Experiments showed that this layer lost its function after some time and the

creep rate started decreasing. This decreasing creep rate can be justified by

an increase in cross sectional area of the sample due to oxidation e.g., for

the deformation of NiRe after about 5 hours, the sample shows steady state

and later after circa 5.4 hours, the creep rate decreases due to oxidation

of the samples as shown in Fig. 5.8a. The strain rate at 5 hours has been

plotted in Fig. 5.9 and a downward arrow has been used to indicate that the

oxidation effects have set in. Furthermore, it appears that a steady state

creep minimum has not been reached. However, it can be assumed that

this value is quite close to the creep minimum since, for the case of solid

solution alloys the creep minimum is reached after a small amount of plastic

deformation. Therefore, these values have been used for further discussions.

The yield stress of nickel at 1050 ◦C is lower than 20 MPa, hence upon the

application of load, there is an instantaneous plastic deformation as marked

by the arrow in Fig. 5.8b. This results in the generation of dislocations

and a fast strain rate. These dislocations form a network and the strain rate

decreases till a steady state is reached, where this dislocation generation and

multiplication is in equilibrium with dislocation annihilation. The nickel

a) b)

Figure 5.8: Compression creep tests at 1050 ◦C with (a) strain rate ε̇ plotted
against the plastic strain εpl & (b) the plastic strain ε plotted against
time.
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samples did not reach a minimum creep rate at 1050 ◦C as shown in Fig.

5.8a. On the other hand, the solid solution alloys show a different behaviour,

there is no instantaneous plastic deformation upon the application of load, as

the applied stress is lower than the yield strength of the solid solution alloys.

All alloys reach the creep minimum after a small strain interval and later

with further straining, the strain rate does not show large variations, except

when the oxidation effects set in. This observation validates the results of

strain rate jump tests, i.e. the slow diffusing Re is the most potent solute at

high temperatures and low strain rates. Furthermore, the minimum strain

rates have been normalized with the shear modulus similar to the jump

tests and are plotted in Fig. 5.11. The empty symbols represent the strain

rate jump tests, whereas the filled symbols show the creep tests and a good

agreement between both the strain controlled and the stress controlled tests

has been found.

a) b)

Figure 5.9: The minimum strain rate ε̇min at the applied stress of 20 MPa plot-
ted as a function of (a) temperature & (b) interdiffusion coefficient
[67]

The creep resistance of the investigated alloys varied in the order NiRe

> NiW > NiTa > Ni. The ε̇min for the solid solutions is plotted in Fig.

5.9. The activation energy for creep is not reported as the minimum strain

rates must be evaluated with caution due to the oxidation of samples. Fur-

thermore, the single crystalline specimen used for the creep tests were not

oriented which means that the anisotropy of samples also contributed to the

measured minimum creep rate. The samples orientations were measured

using EBSD and the maximum misorientation of the crystals from the 〈100〉
direction is less than 15◦. The minimum strain rate at 1050 ◦C has been

plotted as a function of the solute interdiffusion coefficient from [69] in Fig.

5.8b. It is remarkable that alloying nickel with 2 at. % Re results in a

minimum creep rate of around 1.3×10−6 s−1. In contrast to the minimum
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creep rate of approx 1.8×10−5 s−1, when it’s alloyed with 2 at. % Ta, i.e.

the SSH contribution of Re to nickel is one order of magnitude higher than

that of Ta.

5.2.3 Effect of temperature on plastic flow

In order to elucidate the role of temperature on the plastic deformation

caused by strain rate dependent solute-dislocation interaction, the strain

rate sensitivity (SRS) and the normalized stress are discussed in the follow-

ing. The SRS from the strain rate jump tests has been plotted as a function

of temperature in Fig. 5.10. At 800 ◦C, the SRS is quite similar for all

alloys. It increases with temperature and the NiTa solid solution shows the

maximum change with a clear transition at 1000 ◦C. Remarkably, this is the

temperature at which Ta becomes the less potent solute than Re at a strain

rate of 10−5 s−1.

The normalized strain rate has been plotted as a function of the normal-

ized stress in Fig. 5.11. Firstly, such normalization makes it easy to com-

pare measurements performed at different temperatures and strain rates.

Secondly, the results from the strain rate jump tests can be compared with

creep experiments and lastly, the stress exponent of the power-law creep

(Eq. 2.8) can be directly read from the slope of the log-log plot. The change

in this exponent across different temperature ranges can indicate the de-

formation mechanisms. These plots show a higher stress exponent at large

values of ε̇kbT/DGb, i.e. at low temperatures. In unalloyed nickel, a stress

exponent of about 7 is observed. The NiRe solid solution shows the highest

stress exponent followed by NiW and NiTa solid solutions. The stress expo-

nent of Ta containing alloy is 4.7 at high temperature (T ≥1000 ◦C), this

Figure 5.10: Strain rate sensitivity versus temperature.
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indicates class-M creep behaviour and climb of dislocations is rate control-

ling [112, 124]. The stress exponent of 6.7 for Ni–2 at. % W solid solution

is close to the stress exponent of 7.2 measured by Monma et al. [88] for

Ni–1.7 at. % W using tensile creep tests in the temperature range of 750 ◦C

to 1200 ◦C. For Ni, NiRe and NiW, the stress exponents and the shape of

the normalized plots indicate that the viscous glide of the dislocations is the

rate controlling process at higher temperatures. In case of NiTa, the stress

exponent and the shape of the normalized plot indicate a transition from

creep controlled by viscous glide of dislocations at low temperatures towards

diffusion controlled climb at high temperatures and slow strain rates. For

NiRe, despite an increase in temperature, the climb of dislocations does not

control the deformation processes and the viscous glide with formation of

solute drag is rate controlling. This is due to the slow diffusion coefficient

of Re in Ni [67], where Re shows a two orders of magnitude lower diffusion

rate compared to Ta.

Figure 5.11: Normalized strain rate plotted against normalized stress. The empty
symbols represent the strain rate jump tests, whereas the filled sym-
bols represent the creep tests.
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5.2.4 Physical modelling of glide and climb forces

The solute atoms can interact with moving dislocations at low tempera-

tures, either by pinning them or by exerting a frictional force that retards

dislocation glide. At high temperatures (typically > 0.5 Tm), solute atoms

can accumulate around moving dislocations, as it reduces the stress field of

the dislocation. The solute-dislocation interaction now depends upon solute

and dislocation mobility. The solute mobility is dictated by the diffusivity

of the solute. According to Hirth and Lothe [61], the diffusion of solutes

can only contribute to the dislocation mobility, if the time required by the

dislocation to move by b is greater than the time needed for the diffusion of

solute atoms across the same distance i.e. if b/v > b2/Dsol, where v is the

dislocation velocity. This implies that the solute diffusion can contribute

to deformation at sufficiently high temperatures or slow strain rates. This

explains that the temperature, where Re becomes a better solute than Ta,

depends on the strain rate (see Fig. 5.7). The collection of solutes around a

dislocation is schematically illustrated in Fig. 5.12. This solute environment

can exert a drag force on the moving dislocation that creates an anchoring

effect. This process of solute drag was first proposed by Cottrell and Jas-

won [26]. A Peach-Koehler type relationship can be used to calculate the

forces on the dislocation. In the following, firstly the dislocation velocity is

estimated, followed by the estimation of drag coefficients for drag and climb

of dislocations. Lastly, the drag and climb forces are calculated. These

calculations have been performed for the strain rate of 10−5 s−1.

b2/Dsol

b/v

Figure 5.12: Solute clusters form by accumulation of solute atoms on dislocations
after [22, 61].

Dislocation velocity The macroscopic strain rate ε̇ in the strain rate

jump experiments can be related to the average dislocation velocity using

Orowan’s equation (Eq. 5.1) provided that the mobile dislocation density
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5.2 Effect of temperature on solid solution strengthening

ρm and the inverse Schmidt factor M are known. It must be mentioned here

that the dislocation velocity v in the Orowan equation is not the velocity

of a single gliding dislocation. A complicated dislocation network is present

inside the crystal, and v is the effective averaged velocity of many mobile

dislocations [94]. The mobile dislocation density has been approximated

using the Taylor model [132] i.e. ρm = (τ/αGb)2 (see Eq. 5.2). Argon

[4] suggested a similar time-averaged mobile dislocation density: (τ/αGb)2.

The combination of Eq. 5.1 and Eq. 5.2 leads to Eq. 5.3. The macroscopic

strain rate can now related to the velocity of gliding dislocations using this

mathematical approach [143]. During the strain rate jump tests, ρm changes

with the applied strain rate resulting in a variation of the flow stress.

ε̇ =
1

M
bρmv (5.1)

ρm =
( σ

MGb

)2

(5.2)

ε̇ =
1

M
b
( σ

MGb

)2

v (5.3)

The flow stress – required for estimating dislocation velocity using Eq. 5.3 –

consists of two components, i.e. the thermal (σ∗) and the athermal compo-

nent (σ0) according to Eq. 5.4 [122]. At high temperatures (T ≥ 1000 ◦C),

the athermal component is very small, and is therefore neglected so that

σ ≈ σ∗. The thermal component of stress provides the net driving force for

the thermally activated motion of dislocations.

σ = σ0 + σ∗ (5.4)

Compressive deformation along the 〈100〉 direction means that the disloca-

tions glide on multiple slip planes. Hence, the a/2〈11̄0〉{111} type disloca-

tions control the plastic deformation. Therefore, a Schmidt factor of 0.408

was used. The steady state flow stress was used to calculate the dislocation

glide velocity using Eq. 5.3. It is plotted as a function of temperature in

Fig. 5.13. As previously discussed, this is the approximate average velocity

of the mobile dislocations. The average velocity increases with a decrease of

the flow stress and vice versa. At low temperatures (800 ◦C), Ta provides

the maximum resistance to the dislocation movement, depicted by the slow-

est dislocation velocity in NiTa. The high resistance to dislocation motion
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provided by Ta at 800 ◦C disappears at 1200 ◦C, where the dislocation ve-

locity in NiTa and NiRe is similar to that in Ni. This change in dislocation

velocity agrees well with the ∆σssh measurements in Fig. 5.7.

Figure 5.13: Average dislocation velocity at a strain rate of 10−5 s−1, calculated
using Eq. 5.3.

Drag coefficients: Takeuchi and Argon [130, 131] proposed a model that

considers how the solute atmosphere provides a resistance to dislocation

motion by glide and climb. The glide resistance Fg can be calculated using

Eq. 5.5 and Eq. 5.6. Where kb is the Boltzmann constant, T is the absolute

temperature, Dsol is the solute diffusion coefficient, v is the velocity of the

dislocation and Ω is the atomic volume of solvent. The size misfit parameter

εa is related to the radius of solute rs and solvent r0 using Eq. 5.7. For the

drag coefficient in Eq. 5.6, c0 is the concentration of solute at a distance away

from the dislocation, i.e. the bulk solute concentration. The term ln(r1/r2)

is important for the definition of the interaction between the solute clusters

and the moving dislocations. r1 is the inner cut-off radius and is equal to

the length of Burger’s vector b, while r2 is the outer cut off radius and is

dependent upon the velocity of the dislocations and the diffusion coefficient

of solute atoms: r2 = Dsol/v [61, 130]. Bg is dependent on the lattice

mismatch, the interdiffusion coefficient of solute and the ln(r2/r1). Hence,

the resistance to dislocation glide increases with an increase in lattice misfit

and velocity of dislocations.

Fg = Bgv (5.5)

Bg = c0

(
Gb4

3
εa

)2
ln(r2/r1)

DsolΩkbT
(5.6)
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5.2 Effect of temperature on solid solution strengthening

εa =
r0 − rs
r0

(5.7)

Fc = Bcv (5.8)

Bc =
b2kbT ln(r2/r1)

2πDsolΩ
(5.9)

Similar to glide, the climb force on the dislocations can be calculated using

Eq. 5.8 & 5.9 [23, 61, 130]. The solute clusters can also resist the dislocation

climb. The diffusion of solutes control the resistance to dislocation climb,

hence Dsol is used in Eq. 5.9. The interaction between the solute clusters

and the dislocations is considered using ln(r2/r1) [61, 75, 130]. Therefore

mathematically, the drag coefficient for dislocation climb (Bc), considers

that the resistance to the climb of dislocations increases with a decrease in

the solute diffusivity and an increase in the dislocation velocity.

Glide and climb resistance: The drag force exerted by solute clusters

on mobile dislocations is plotted in Fig. 5.13 for T ≥ 1000 ◦C. These qual-

itative calculations of the drag forces show that Re – which is the slowest

diffusing element – exerts the maximum drag force on dislocations. Further-

more, the resistance to solute drag decreases with temperature, which can

be rationalized by considering the increased solute diffusion. Similarly, the

climb force exerted by the solute on the dislocations was estimated using

Eq. 5.8 & Eq. 5.9. At the same applied strain rate, the climb force shows

an identical trend with fast diffusing Ta providing the least resistance to the

climb of dislocations.

a) b)

Figure 5.14: Calculated (a) glide and (b) climb forces acting on dislocations in
the temperature range 1000 ◦C – 1200 ◦C, at ε̇ = 10−5 s−1.

In the present work the same dislocation velocity has been used to esti-

mate the Fc and Fg. However the, rate of dislocation climb is significantly
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5 Temperature Dependent Solid Solution Strengthening of Ni

lower than the dislocation glide, i.e. (vc << vg) and it is not possible to

directly correlate glide with climb e.g., [8, 30, 56]. If Fc is estimated by

assuming vc = 1/100×vg – similar to the approach in [75] – the trend of the

climb resistance at high temperatures is the same as in Fig. 5.14 i.e. fast

diffusing Ta provides the least resistance to dislocation climb. The conse-

quences of this lower glide and climb resistance offered by the fast diffusing

solute are discussed in section 5.3.2

5.3 Strengthening mechanisms

The present experiments have shown that Ni–X (X = Ta, W, Re, Ir and Pt)

alloys exhibit different strengthening mechanisms depending upon the test-

ing temperature and strain rate. Furthermore, there is a systematic change

in Young’s modulus, diffusion coefficient, stacking fault energy and lattice

parameters, when nickel is alloyed with these transition metal solutes. The

strengthening mechanisms can be divided into three temperature regimes

i.e. ambient, low and high temperature. The SSH is independent of the

strain rate at RT. On the other hand, at high temperatures, the deforma-

tion behaviour of the solid solution alloys was found to be a strong function

of the strain rate.

5.3.1 Room temperature

The measurement of SSH using diffusion couples showed that Ta is the most

potent solute at RT, followed by W, Pt, and (Re/Ir). The solid solution

hardening coefficient kssh has been plotted as a function of atomic number

in Fig. 5.15b. The hardening potency decreases towards the centre of the

period i.e. from Ta to Re/Ir. It was pointed out in section 2.2.1 that

in comparison with B-group metals (e.g., Al, Ga, Si) the transition metal

solutes provide an extra hardening contribution to the SSH of nickel that

can be related to their electronic interaction with the host nickel lattice

[55, 84, 102, 125]. Recently, Gan et al [48] have shown that the SSH of

Ni by transition metal solutes can be related to the intrinsic stacking fault

energy of solute elements. Therefore in the following, properties of the solid

solutions will be discussed for identifying the dominating contribution to

SSH at RT.

84



5.3 Strengthening mechanisms

Shear modulus: The shear moduli of the transition metals are plotted in

Fig. 5.16a. Ir shows the highest value followed by Re, W, Pt and Ta. Inter-

estingly, the most potent solute (Ta) has the lowest shear modulus, which

suggests that the modulus interaction of solute atom with the dislocation

does not contribute strongly to SSH.

a) b)

Figure 5.15: (a) Goldschmidt’s atomic radius of the solutes in pm [20] & (b)
solid solution hardening coefficient kssh for transition metal solutes
in nickel at room temperature, plotted against atomic number.

a) b)

Figure 5.16: (a) Shear modulus of solutes [20] & (b) stacking fault energy change
for the Ni-1.4 at. % solutes in nickel [123].

Stacking fault energy: The increase in strength of fcc metals with a

decrease in stacking fault energy γsfe is called Suzuki effect. Shang et al [123]

calculated the stacking fault energies for Ni-1.4 at. % X (X = Ta, W, Re, Ir

& Pt) binaries using DFT calculations. Here a similar trend is expected for

the present solid solutions with 2 at. % solute. The γsfe of solid solutions is

plotted in Fig. 5.16b. In unalloyed state, the crystal structure of Ta & W is

bcc, Re is hcp, whereas Ir & Pt are fcc. All the binary solid solution alloys

studied in the present work were fcc. It is interesting to see that among these

85



5 Temperature Dependent Solid Solution Strengthening of Ni

a) b)

Figure 5.17: (a) Change in lattice parameter (da/dc) with addition of 1 at. %
solute [48, 85] & (b) kssh plotted against change in lattice parame-
ters.

elements, alloying Ni with Re results in the lowest stacking fault energy

of the binary NiX solid solution. If the stacking fault energy contributes

significantly to the measured hardness, then alloying nickel with rhenium

should result in maximum SSH – which is opposite to the experimental

observation – where Ta confers the most SSH. This clearly indicates that

the stacking fault energy of individual solutes can not be related to that

of solid solutions as suggested recently by Gan et al [48]. Therefore, it is

concluded that the change in flow stress/Hardness of the solid solutions can

not be explained by this small change in the stacking fault energy.

Lattice parameter: The addition of solutes to nickel to form dilute nickel-

based solid solutions creates localized distortions, as the nickel lattice is

strained to accommodate the foreign atoms. This localized lattice strain is

directly proportional to the size of the solute atom. The radius of transition

metal solutes decreases towards the centre of the period as shown in Fig.

5.15a. Furthermore, the atomic radii of these solutes is larger than that of

nickel (125 pm) [22]. The interaction of the lattice distortions caused by a

solute with moving dislocations results in solid solution strengthening and

the change in lattice parameter with alloying (da/dc) can be used to quan-

tify it [55]. Alloying nickel with tantalum results in the maximum change in

lattice parameters as shown in Fig. 5.17a. Therefore, kssh at RT is plotted

against da/dc from [39, 48, 85] in Fig. 5.17a. It is directly proportional

to da/dc, indicating that the amount of strengthening increases with the

size of solute. Furthermore, Labusch’s theory [73, 74] has been used to esti-

mate the strengthening contributions of transition metal solutes similar to
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5.3 Strengthening mechanisms

previous works [35, 46]. Hence, it is concluded that at room temperatures,

atoms with the largest size difference with nickel confer the maximum solid

solution strengthening to nickel.

5.3.2 Effect of temperature on solid solution strengthening

At temperatures typically of the order of 0.5Tm, recovery processes – like

diffusion controlled dislocation climb and annihilation – start contributing

to the plastic deformation behaviour. Forest dislocation network provide re-

sistance to dislocation motion in unalloyed nickel and the solute-dislocation

interactions provide additional strengthening in solid solutions. During the

strain rate jump tests, two temperature regimes could be identified: namely

intermediate temperature (800 ◦C), where Ta is the most potent solute and

high temperature (1200 ◦C) where Re is the most potent solute. The tran-

sition between these two regimes is dependent upon the diffusivity of the

solute and applied strain rate. In the following, these regimes are discussed.

Intermediate temperature (800 ◦C): The deformation mechanisms

are controlled by the lattice distortion at low temperatures. At 800 ◦C, Ta

is the most potent solute followed by W and Re. This behaviour is similar to

the observations made at RT. Therefore, the ∆σssh at 800 ◦C (ε̇ = 10−5 s−1)

is plotted against the change in lattice parameters with alloying da/dc from

[39, 85] in Fig. 5.18a. It is directly proportional to da/dc indicating that

the amount of strengthening increases with the size of solute. The stacking

fault energy and the shear modulus of the solid solutions contribute little

to the SSH – similar to the observations at room temperature – since Re

has the highest shear modulus and lowest stacking fault energy as shown in

Fig. 5.16. Therefore, the modulus interaction and the stacking fault energy

are not the main contributing factors to SSH, also at 800 ◦C. Similarly, the

diffusion of the solutes does not contribute largely to the SSH mechanisms,

as indicated by the similar strain rate sensitivity of the solid solution alloys.

Hence, the dominant SSH mechanism at this temperature (also at the strain

rate of 10−5 s−1) is the size of alloying element i.e. SSH increases with an

increase in solute size

High temperature (1200 ◦C): The diffusivity of solutes increases expo-

nentially by increasing the testing temperature to 1200 ◦C. The solid solution

strengthening contribution ∆σssh decreases with an increase in the interdif-
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800 ◦C

ε̇ = 10−5 s−1

a)

1200 ◦C

ε̇ = 10−5 s−1

b)

Figure 5.18: Change in flow stress ∆σssh plotted against (a) change in lattice
parameter da/dc [39, 85] at 800 ◦C & (b) interdiffusion coefficient

D̃ at 1200 ◦C [67].

fusion coefficient at strain rate of 10−5 s−1 as shown in Fig. 5.18b. This

indicates that the deformation mechanism is no longer dependent upon the

solute size and diffusion controlled processes dominate. Re – with the lowest

diffusivity and the smallest atomic radius – confers the highest strengthen-

ing effect. In addition to the diffusion coefficient, the second important

factor that can contribute to SSH at high temperatures is the stacking fault

energy. Recently, Fleischmann et al [45] observed a lower minimum creep

rate for the nickel-based solid solution alloys with lower γsfe. At 1200 ◦C, a

similar effect might be expected, as the NiRe solid solution has the lowest

stacking fault energy [123]. Furthermore during creep tests, the NiRe solid

solutions showed the lowest minimum creep rate. However, the effect of

γsfe on the SSH at high temperatures is difficult to rationalize. The dislo-

cation width increases with a reduction in γsfe and one may infer that it

will become more difficult to form kinks and jogs on extended dislocations,

making glide and climb of dislocations difficult [6, 31, 103]. However, the

difference in γsfe between NiRe and NiTa solid solutions is only 4 mJ/m2

[123], whereas the diffusivity of these elements in nickel differ by almost two

orders of magnitude [67]. Therefore, present results unambiguously show

that the diffusion controlled processes play a decisive role when it comes to

strengthening at high temperatures and the slow diffusing Re confers the

maximum solid solution hardening at 1200 ◦C.

Transition from athermal to diffusion controlled plastic deforma-

tion At high temperatures, the solutes – that hinder dislocation motion

at low temperatures – are no longer stationary. They can either diffuse

through the lattice or along the diffusion core though pipe diffusion. This
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5.3 Strengthening mechanisms

results in the formation of a solute cloud/environment as illustrated in Fig.

5.12. The dislocations now move by a viscous glide and the solute cloud is

dragged along. The dynamic equilibrium between the solutes atoms caught

by moving dislocations and those left behind by dislocation motion deter-

mine the configuration of the solute cloud [17]. In order to rationalize the

conditions leading to formation of such a cloud, two terms are defined, i.e.

diffusion time tD = b2/Dsol and the waiting time of dislocations tw = b/v.

The formation of solute cloud is dependent upon the balance of tw and tD

[18, 55, 95]. Therefore, if

• tw << tD: the solutes are relatively immobile. This condition is simi-

lar to low temperatures, where the solutes exert forces on dislocations.

When a direct interaction between the solute and the dislocation ex-

ists, the atom with the largest radius provides the maximum resistance

to dislocation movement.

• tw ≈ tD or tw > tD: There is an exponential increase in the inter-

diffusion coefficients with an increment in temperature. It was dis-

cussed in section 5.2.4 that solute diffusion starts to contribute to-

wards plastic deformation by forming solute clouds when the condi-

tion b/v > b2/Dsol is met. At the slowest strain rate of 10−5 s−1,

this condition was fulfilled for all solid solution alloys at T ≥ 1000 ◦C.

Note that this is the transition temperature where Re becomes more

potent solute than Ta at the slow strain rate of 10−5 s−1. The solute

atmosphere creates an anchoring effect that slows down the disloca-

tion motion. Depending upon the strain rate, viscous glide or climb

of dislocations can be rate controlling.

• tw >> tD: At very high temperatures – where the diffusion time is

considerably smaller than the waiting time of the dislocations – the

solutes can vibrate over larger distances than for (tD ≈ tw), this re-

sults in a very large solute cloud. Under such conditions, the solute

atoms then exert no drag/pinning force on dislocations, since the di-

rect interaction between the solutes and dislocations is considerably

reduced. This effect was observed at 1200 ◦C (ε̇ = 10−5 s−1), where

the flow strength of the NiTa solid solution becomes close to that of

unalloyed nickel and no SSH effect is present.

Hence, depending upon the relative contribution of the diffusivity to the

plastic deformation processes at different strain rates, athermal or the diffusion-
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5 Temperature Dependent Solid Solution Strengthening of Ni

controlled processes can be rate controlling. A comparison of all the strain

rate jump and creep tests using the normalized plots indicates that at high

temperatures – NiTa shows a lower stress exponent than NiRe and NiW.

This is used as an indication for class-M creep behaviour, where the dif-

fusion controlled climb of dislocations is rate controlling. The NiRe solid

solution shows a larger stress exponent and the plasticity is governed by the

viscous glide. This creep behaviour is similar to class-I solid solutions and

according to literature viscous glide of dislocations with solute drag is rate

controlling e.g. see [4, 17, 18, 86, 95]. At very high temperatures, Re atoms

resist dislocation movement by glide and climb, Ta - on the other hand -

provides lower resistance to both of these processes and hence its strength-

ening contribution is small/negligible. The tantalum solutes form expanded

solute clouds (tw >> tD), and thereby provide little resistance to dislocation

motion by glide. These effects were verified using qualitative calculations

of the glide and climb forces during solute drag conditions, which clearly

show that slow diffusing Re provide much higher resistance to dislocation

movement than the fast diffusing Ta .

In nickel-based superalloys, Re is the most efficient element for improving

the creep life. The substantial improvement in creep life by the addition of

small amounts of Re is known as Re-effect [89–92, 113]. This effect is most

pronounced as (a) Re partitions preferentially to the γ phase and (b) it is

most effective in reducing diffusion controlled climb of dislocations. Present

work shows that in binary nickel-based solid solutions, where there is no

strengthening by the γ′ phase, Re provides a considerable strengthening

effect at high temperatures.
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6 Diffusion in Cobalt-based Alloys

Cobalt-based superalloys are a potential candidate for replacing nickel-based

superalloys for high temperature application. The deformation behaviour of

superalloys at high temperatures is strongly influenced by the diffusional

processes as discussed in the previous chapters. Diffusion of different so-

lutes in nickel has been extensively studied in literature as discussed in

section 2.4.3. However, a systematic study of the diffusion of different al-

loying elements in cobalt-based alloys has not been undertaken so far. The

present chapter focuses on the diffusion of different alloying elements in

cobalt. These were studied by manufacturing Co–CoX (X=alloying ele-

ment) diffusion couples. The solutes investigated in the present study are

highlighted as red in Fig. 6.1. The relationship between the solute diffusion

coefficients and the atomic number z will be studied to find out if the solute

diffusion in cobalt-based alloys is similar to their nickel-based counterparts.

22 47.867

Ti

Titanium

40 91.224

Zr

Zirconium

72 178.49

Hf

Halfnium

23 50.942

V

Vanadium

41 92.906

Nb

Niobium

73 180.95

Ta

Tantalum

24 51.996

Cr

Chromium

42 95.94

Mo

Molybdenum

74 183.84

W

Tungsten

25 54.938

Mn

Manganese

43 96

Tc

Technetium

75 186.21

Re

Rhenium

26 55.845

Fe

Iron

44 101.07

Ru

Ruthenium

76 190.23

Os

Osmium

13 26.982

Al

Aluminium

p-3

p-4

p-5

p-6

IV-B V-B VI-B VII-B VIII-B

IIIA

Z mass

Symbol

Name

Figure 6.1: Selected regions of the periodic table of elements. The diffusion coef-
ficients of the elements marked in red have been studied in the present
work. Z is the atomic number and the atomic mass has units of a.m.u.
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The aim of this investigation is to identify the mechanisms that contribute to

the diffusivity of solutes in fcc cobalt and compare them with those observed

in fcc nickel.

6.1 Determination of interdiffusion coefficients

A S-shaped concentration curve is formed as a result of diffusion annealing

process and the interdiffusion coefficients can be estimated from such profile

using the Sauer & Friese method [97, 119]. The length of the interdiffusion

zone varies across different diffusion couples. Hence, the electron probe mi-

croanalysis (EPMA) measurements have been adjusted accordingly. Further

details about the measurement parameters are already discussed in section

3.5. A MATLAB code based upon [116] has been modified to determine

the interdiffusion coefficients from the EPMA profiles. It is reported in ap-

pendix C. The atomic weights of the diffusing solutes and that of cobalt are

used to convert the concentration measurements from EPMA from wt. % to

at. %. The localized fluctuations in the EPMA measurements have been re-

moved using a moving point average filter followed by a normalization of the

concentration according to Eq. 6.1 [21, 119, 139]. Finally, D̃ is determined

using Eq. 6.2. In the present work, the change in the molar volume of the

diffusing species is not considered similar to the work of Karunaratne et al

[67, 69] for diffusion in nickel-based alloys [97]. Near the terminal composi-

tions (i.e. cmin & cmax), it is difficult to determine dc/dx and the integrals

in Eq. 6.2, due to infinitesimally small value. Hence, determined interdif-

fusion coefficients contain considerable error near these concentrations and

these values have been removed for subsequent data analysis. The chemical

composition range used to estimate ¯̃D is mentioned for each diffusion couple.

The mean interdiffusion coefficient was determined using Eq. 6.3 [69]. This

value is independent of the number of data points in the interdiffusion zone.

Y =
c1 − cmin
cmax − cmin

(6.1)

D̃(c) =
1

2t
(
dc
dx

)
x∗

(1− Y )

∞∫
x∗

(c∗ − cmin)dx+ Y

x∗∫
−∞

(cmax − c∗)dx

 (6.2)

¯̃D =

∫ cmax

cmin
Ddc∫ cmax

cmin
dc

(6.3)
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6.1 Determination of interdiffusion coefficients

Diffusion occurs as a result of temperature dependent migration of atoms.

The thermally activated nature of the diffusion coefficient can be quantified

by an Arrhenius type relationship [81]. D̃ is plotted against 1/T to determine

the activation energy using Eq. 6.4, where Q is the activation energy and

D0 is the pre-exponential/frequency factor. D0 is a material constant and

describes the vibration frequency of the diffusing atoms.

D̃ = D0exp

(
−Q
RT

)
(6.4)

The Co-CoCr diffusion couple is discussed in the following to demonstrate

the estimation of D̃ from the concentration profile. The microstructure after

diffusion annealing for 76 h at 1300 ◦C is shown in Fig. 6.2a. The CoCr

solid solution contained 6 at. % Cr. During cooling from the annealing tem-

perature, an allotropic transformation from fcc to hcp structure takes place.

However, the estimated interdiffusion coefficients are not effected as no dif-

fusion of Cr is expected during this transformation. Furthermore, diffusion

annealing has resulted in precipitation of chromium rich phases at the cobalt

side of the diffusion couple. According to the phase diagram, Cr should be

completely soluble in fcc cobalt at the annealing temperature [9]. Still if any

Cr rich phases are to nucleate, they are expected to form at the CoCr side of

the diffusion couple. However, precipitates were found at the cobalt side as

shown in Fig. 6.2a. EDX analysis showed that these are rich in chromium

and oxygen indicating formation of chromium oxides. Similarly, Swalin et al

[129] have reported that aluminium oxide Al2O3 formed during interdiffu-

sion of Al in Ni–NiAl diffusion couples, annealed in the temperature range

from 1100 to 1300 ◦C. They have discussed that at annealing temperature,

the solubility of oxygen is high in the unalloyed side of the diffusion couple

and the solutes diffuse from the solid solution side to the unalloyed side of

the diffusion couple during heat treatment. The solute atoms react with

this dissolved oxygen to form oxides and the formation of such oxides does

not contribute to the interdiffusion coefficients [97, 129].

The concentration across the interdiffusion zone was measured with

EPMA with the help of an area scan consisting of 900× 50 data points

across the interdiffusion zone. Both the concentration of Cr and Co were

measured using a LiF detector. The concentration map (see Fig. 6.2b)

shows a gradual decrease in concentration of chromium while moving from

the CoCr side to the cobalt side of the couple. The concentration profile can
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a)

b)

c) d)

e)

Figure 6.2: (a) Co-CoCr diffusion couple after annealing at 1300 ◦C (b) EPMA
map of the interdiffusion zone, showing Cr concentration in at. %, (c)
concentration profile averaged over the area shown in b, the signals
from Cr2O3 are marked by arrows (d) concentration only along the

grey line in b and (e) D̃ estimated from line and area scans [97].

either be obtained by averaging over the whole length of the diffusion couple

or by performing a line scan (see Fig. 6.2c). Although averaging over the

complete length of the diffusion couple leads to a lower scatter, the effects of

precipitates are difficult to deconvolute. Local Cr peaks were found in the

interdiffusion zone, marked in Fig. 6.2c. One way is to remove the localized
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peaks manually from the EPMA profile and hence not consider them for

determining the interdiffusion coefficient as shown by the red line in Fig.

6.2c. An alternative is to perform a line scan across the interdiffusion zone

as shown in Fig. 6.2d. The modified profiles from the area scan and the line

scan were used to determine the interdiffusion coefficients that are plotted

in Fig. 6.2e. Interestingly, both plots agree very well i.e. the formation of

oxides on the cobalt side of the diffusion couple can be neglected for the

estimation of interdiffusion coefficients. The measured interdiffusion coeffi-

cients in cobalt dependent only slightly on the concentration. Most of the

diffusion couples showed no precipitates in the interdiffusion zone. Diffusion

couples like CoTa, CoAl, CoCr etc showed some solute oxides in the cobalt

side of the diffusion couple, these were not considered for the evaluation of

the interdiffusion coefficients [97, 129].

6.2 Interdiffusion coefficients

6.2.1 Period-3 (Al)

Aluminium is an important constituent of the γ′-phase (Co3(Al,W)) in γ/γ′

strengthened cobalt-based superalloys. Moreover, the interdiffusion of alu-

minium is important for understanding the corrosion behaviour of cobalt-

based superalloys. It partitions equally in the γ and the γ′ phase in cobalt-

based superalloys [99]. The solid solution side of the Co-CoAl diffusion

couples contained a maximum of 6 at. % Al. According to the Co-Al phase

diagram [9], this composition range lies below the solubility limit of alu-

minium in fcc cobalt at the used annealing temperature. The concentration

profile of Al after diffusion annealing at 1100 ◦C, 1200 ◦C and 1300 ◦C is

plotted as a function of the distance from the Matano plane in Fig. 6.3a.

The empty symbols represent the EPMA data, whereas the solid line depicts

the smoothed concentration profile obtained after using the moving point

average filter in Matlab. These curves indicate that the length of the inter-

diffusion zone increases with annealing temperature. At 1300 ◦C, there are

some Al rich precipitates on the cobalt side of the diffusion couples, indi-

cated by black arrows in Fig. 6.3a. As discussed in section 6.1 and published

in [97, 129], they do not influence the estimated interdiffusion coefficients.

The estimated interdiffusion coefficients of Al in fcc cobalt (at 1100 ◦C,

1200 ◦C and 1300 ◦C) are plotted as a function of concentration in Fig. 6.3.
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a) b)

Figure 6.3: (a) Concentration of Al across the IDZ plotted against the distance
from Matano plane and (b) interdiffusion coefficient as a function of
Al content.

Figure 6.4: Interdiffusion coefficient of aluminium in cobalt plotted against the
inverse temperature and compared with literature data [29, 54].

As before; it is difficult to estimate dc/dx near the terminal compositions

and it can lead to errors in determining D̃. Hence, the data points near

the terminal compositions have been removed. The interdiffusion coefficient

of Al in cobalt does not vary significantly the concentration. The mean

interdiffusion coefficients ¯̃D have been calculated for the concentration range

0.5-5 at. % Al in Co using Eq. 6.3 [69] and plotted as a function of inverse

temperature in Fig. 6.4. Fitting this diffusion data with an Arrhenius

relationship (Eq. 6.4) yielded an activation energy of 281 ± 7.9 kJ/mol and

a pre-exponential factor of 3.62 × 10−4 m2/s.
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Green and Swindells [54] studied the interdiffusion of aluminum in cobalt

and nickel. They used diffusion couples between Co/Ni and their binary

alloys with 5 wt. % Al. They have reported an activation energy of 295

kJ/mol and a pre-exponent factor of 10.5 × 10−4 m2/s. Whereas, Cui et

al. [29] reported an activation energy of 287 kJ/mol and a frequency factor

of 6.3× 10−5 m2/s. The present values agree well with those published in

literature as shown in Fig. 6.4. The D̃ of Al in Ni from [54] is plotted as a

gray dashed line. The interdiffusion coefficient of Al in fcc cobalt is lower

than that in fcc Ni. Furthermore, the activation energy for diffusion of Al

in cobalt (281 kJ/mol) is higher than in nickel (257 kJ/mol) [54].

Table 6.1: Interdiffusion coefficients of Al in Co.

Diffusion couple ¯̃D1100◦C
¯̃D1200◦C

¯̃D1300◦C Q D0

m2/s m2/s m2/s kJ/mol m2/s

Co-Co6Al 7.06×10−15 4.27×10−14 1.61×10−13 281 ± 7.9 3.62 × 10−4

Co-Co4Al [29] 287 6.3 × 10−5

Co-Co10.2Al [54] 295 10.5× 10.5−4

6.2.2 Period-4 (Ti, V, Cr, Mn, Fe)

The investigated elements from the 4th period of the periodic table are Ti,

V, Cr, Mn & Fe. In cobalt-based superalloys, Ti & V partition to the γ′

phase, whereas Cr, Mn and Fe partition to the γ matrix [99, 107]. Most

of the diffusion couples showed no precipitates in the interdiffusion zone.

However, for certain diffusion couples like CoMn, CoV at 1100 ◦C and CoCr

at 1300 ◦C, some precipitates were found at the cobalt side of the diffusion

couple. As discussed in section 6.1, their contributions were not considered

for determining the D̃. The estimated interdiffusion coefficients at 1100 ◦C,

1200 ◦C and 1300 ◦C are plotted in Fig. 6.5. All the elements in period-4

show an increase in the interdiffusion coefficient with the temperature. The

mean interdiffusion coefficient was determined in the concentration range

0.5–5.5 at. %. Furthermore, the D̃ do not show a strong dependency on

composition. ¯̃D has been plotted as a function of temperature in Fig. 6.6.

The activation energies for interdiffusion of solutes were estimated by fitting

measurements with Eq. 2.20 and are given in table. 6.2.

Straten et al [127] studied interdiffusion in the Co-Ti system using Co–

Co50Ti diffusion couples. They selected an annealing temperature in the
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a)
201 h, 1100 ◦C

b)
151 h, 1200 ◦C

c)
76 h, 1300 ◦C

Figure 6.5: Interdiffusion coefficients of period-4 elements, plotted as a function
of concentration at (a) 1100 ◦C, (b) 1200 ◦C and (c) 1300 ◦C [97].

range from 900 to 1140 ◦C. This resulted in the formation of different in-

termetallic phases (Co3Ti, Co2Ti & CoTi) in the interdiffusion zone and a

region with a Co-CoTi solid solution phase. The data for the composition

range from 4–8 at. % Ti in cobalt yielded an activation energy of 280.5

kJ/mol and a pre-exponential factor of 1.5 × 10−3 m2/s. These values

have been used for extrapolating D̃ for comparison with the present work

as shown in Fig. 6.6a. Both the measured mean interdiffusion coefficient

and the activation energy are lower than those reported by Straten et al

[127]. These lower diffusion data have arisen due to two reasons. Firstly,

the diffusion coefficients have been extrapolated to higher temperatures and

secondly, a different Co-Ti solid solution composition is used in the present

work.

Davin et al [32] studied interdiffusion of Cr and V in cobalt at 1100
◦C, 1200 ◦C and 1300 ◦C using Co-Co15Cr & Co-Co15V diffusion couples.

They reported an activation energy of 254 kJ/mol and a frequency factor

of 8.6×10−6 m2/s for the interdiffusion of chromium in cobalt. These val-

ues agree well to the estimated activation energy of 255 ± 19 kJ/mol and

frequency factor of 9.77×10−6 m2/s. Davin et al [32] reported an activation
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a) b)

Figure 6.6: Interdiffusion coefficients of Ti, V, Cr, Mn & Fe in Co plotted against
inverse temperature and compared with literature data from [32, 63,
127, 137].

energy of 221 kJ/mol and a pre-exponential factor of 2×10−6 m2/s for the

interdiffusion of V, these values are lower than the present measurements.

Interestingly, fitting the reported mean interdiffusion coefficients with Eq.

6.4 yielded Q = 257 kJ/mol and D̃0 = 2.67×10−5 m2/s which agrees well

with the estimated values in the present work and has been plotted in Fig.

6.6. Iijima et al [63] used a radioactive tracer Mn54 to determine the D̃

of Mn in fcc cobalt using residual-activity method. They used a Co–5.22

at. % alloy in the temperature range from 868 to 1200 ◦C. Iijima et al

[63] reported an activation energy of 256 kJ/mol and a frequency factor of

5.01×10−5 m2/s. Their measurements lie a bit higher than those determined

in the present work as shown in Fig. 6.6b. However, the activation energy is

comparable to the one determined in the present work (279 kJ/mol). Ustad

and Sørum used EPMA analysis of Co–Fe diffusion couples, annealed in the

temperature range from 635 ◦C to 1426 ◦C, to determine the interdiffusion

coefficients using the Boltzmann-Matano method. The data for 10 at. %

Fe in Co has been used to compare with the present work as shown in Fig.

6.6b. The activation energy for the diffusion of Fe in Co determined in the

present work is 254 ± 8.8 kJ/mol and the frequency factor is 1×10−5 m2/s.

These values are higher than the activation energy of 219 kJ/mol reported

by Ustad and Sørum [137]. A different Fe content of the diffusion couples

99



6 Diffusion in Cobalt-based Alloys

in [137] and the sensitivity of the Bolzmann-Matano method towards the

accurate determination of the Matano interface lead to this discrepancy.

Table 6.2: Activation energy and frequency factors for the interdiffusion of period-
4 elements in cobalt.

Diffusion couple ¯̃D1100◦C
¯̃D1200◦C

¯̃D1300◦C Q D0

m2/s m2/s m2/s kJ/mol m2/s

Co-Co6Ti 1.03×10−14 5.59×10−14 1.90×10−13 262 ± 8.15 1.0×10−4

Co-Co6V 2.55×10−15 1.59×10−14 5.48×10−14 276 ± 11.7 8.76×10−5

Co-Co6Cr 1.70×10−15 1.07×10−14 2.88×10−14 255 ± 19.4 9.77×10−6

Co-Co6Mn 3.80×10−15 2.89×10−14 8.35×10−14 279 ± 22.6 1.77×10−4

Co-Co6Fe 3.08×10−15 1.62×10−14 5.22×10−14 254 ± 8.8 1.59×10−5

6.2.3 Period-5 (Nb, Mo & Ru)

The investigated elements from the 5th period of the periodic table are Nb,

Mo & Ru. In cobalt-based superalloys, Nb partitions strongly to the γ′

phase, whereas Mo partitions slightly more to the γ′ phase than to the

γ phase [99]. In nickel-based superalloys Mo partitions to the γ matrix

and it’s a strong matrix strengthening element e.g., [116]. The partitioning

behaviour of Ru in cobalt-based superalloys is unknown. The measured

interdiffusion coefficients of the period-5 elements at 1100 ◦C, 1200 ◦C and

1300 ◦C are plotted in Fig. 6.7. Only 3 at. % Nb could be used for the

CoNb diffusion couple due to its low solubility in cobalt at the annealing

temperatures [9]. D̃ does not vary largely as a function of solute content.

The interdiffusion coefficient of Nb at 1300 ◦C shows a slight increase for

high Nb contents, however, this lies within the experimental scatter. The

concentration range of 0.5 to 2.5 at. % Nb was used to determine ¯̃D for Nb

diffusion in cobalt. For Mo and Ru, the mean interdiffusion coefficient was

calculated from the concentration range of 0.5 to 4 at. %. The diffusivity

increases in the order Ru < Mo < Nb.

Sprengel et al [126] investigated diffusion in the Co-CoNb system using

the Boltzmann-Matano method. They diffusion welded cobalt with niobium

and used the temperature range from 1000 ◦C to 1180 ◦C for diffusion an-

nealing. This resulted in the formation of Co2Nb, Co7Nb, CoNb phases and

a Co-Nb solid solution region with varying Nb content in the interdiffusion

zone. The activation energy at 0.2 at. % niobium in cobalt was deter-

mined to be 301 kJ/mol with a frequency factor of 1.9 ×10−3 m2/s. This is
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a)
201 h, 1100 ◦C

b)
151 h, 1200 ◦C

c)
76 h, 1300 ◦C

Figure 6.7: Interdiffusion coefficients of period-5 elements (Nb, Mo & Ru), plot-
ted as a function of concentration at (a) 1100 ◦C, (b) 1200 ◦C and
(c) 1300 ◦C.

remarkably close to QNb = 305 ± 20.8 kJ/mol (D0 = 2.82×10−3 m2/s) de-

termined in the present work. The data from [126] have been extrapolated

to compare with the present measurements in Fig. 6.8 and a reasonable

agreement is found.

Davin et al [32] studied interdiffusion of Mo in cobalt using Co–Co15Mo

diffusion couples in the temperature range 1100 ◦C to 1300 ◦C and deter-

mined QMo as 262 kJ/mol with a frequency factor of 2.3×10−5 m2/s. A

good agreement is found between the activation energy of 261 kJ/mol (D̃0

= 1.98×10−5 m2/s) determined in the present work with that determined in

[32] as shown in Fig. 6.8. Divya et al [34] studied Co–Mo diffusion couples

in the temperature range from 1050 ◦C – 1225 ◦C. This lead to the precipi-

tation of Co7Mo phase in the interdiffusion zone and a dilute cobalt-based

solid solution. Their diffusion coefficient measurements yield an activation

energy of 372 kJ/mol for 6 at. % Mo, which is much higher than the one

determined in the present work. Therefore, no comparison with the data

from Divya et al [34] has been made. The interdiffusion of Ru in cobalt has

not been studied so far. Fitting the mean interdiffusion coefficients of Ru in
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Figure 6.8: Interdiffusion coefficients of Nb, Mo, & Ru in Co plotted against
inverse temperature and compared with literature data [32, 126].

Co lead to an activation energy of 206 kJ/mol, which is low in comparison

with the activation energy of Nb and Mo in cobalt as shown in table 6.3.

The interdiffusion coefficient of Ru at 1300 ◦C increases slightly for near 2

at. % Ru (see Fig. 6.7c). Estimation of activation energy by fitting the ¯̃D

at 1200 ◦C and 1300 ◦C with Eq. 6.4 leads to QRu = 275 kJ/mol with D̃0

= 1.33×10−5 m2/s. This activation energy is comparable to that of Mo and

therefore appears more reasonable.

Table 6.3: Activation energy and frequency factors for the interdiffusion of period-
5 elements in cobalt.

Diffusion couple ¯̃D1100◦C
¯̃D1200◦C

¯̃D1300◦C Q D0

m2/s m2/s m2/s kJ/mol m2/s

Co-Co3Nb 6.23×10−15 5.37×10−14 1.84×10−13 305 ± 20.8 2.82×10−3

Co-Co6Mo 2.02×10−15 1.14×10−14 3.71×10−14 261.9 ± 10.4 1.98×10−5

Co-Co6Ru 4.25×10−16 2.19×10−15 4.15×10−15 275 ± 25.4 1.33×10−5

6.2.4 Period-6 (Ta, W, & Re)

The technologically important elements from the period-6 are Ta, W and

Re. Among these elements, Ta and W are known for stabilization of the

γ′ phase in cobalt-based superalloys [76, 99]. The partitioning behaviour
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of Re in cobalt-based alloys is not known so far. The CoTa solid solution

contained only a maximum of 3 at. % Ta due to the low solubility of tan-

talum in fcc cobalt at annealing temperatures. The estimated interdiffusion

coefficients of the period-6 elements have been plotted as a function of solute

content in Fig. 6.9. They are relatively independent of the solute content for

the investigated chemical compositions. Ta shows the maximum diffusivity,

followed by W and Re. It is interesting to note that similar to its diffusion

behaviour in Ni, Re shows the lowest interdiffusion coefficient in cobalt.

a)
201 h, 1100 ◦C

b)
151 h, 1200 ◦C

c)
76 h, 1300 ◦C

Figure 6.9: Interdiffusion coefficients of period-5 elements (Ta, W & Re), plotted
as a function of concentration at (a) 1100 ◦C, (b) 1200 ◦C and (c)
1300 ◦C.

Davin et al [32] have used Co–Co14.6W diffusion couples to study in-

terdiffusion of tungsten in cobalt in the temperature range from 1100 ◦C

to 1300 ◦C. Fitting their published data yielded an activation energy of

249 kJ/mol and a frequency factor of 1.7×10−6 m2/s. Furthermore, Cui

et al [28] have measured the interdiffusion coefficient of tungsten in cobalt

using Co–Co(8, 12, 14)W diffusion couples in the temperature range from

1000 ◦C to 1300 ◦C. They have used the Sauer and Freise [119] method

for determining the interdiffusion coefficients. Further, they considered the

change in molar volume associated with alloying fcc cobalt with tungsten

for calculating the interdiffusion coefficient. This change in molar volume
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was not considered in the present work, similar to the work of Karunaratne

et al [67, 69] for nickel-based alloys. Cui et al [28] have reported an acti-

vation energy of 276 kJ/mol and a frequency factor of 6.0×10−5 m2/s for

Co–4 at. % W alloys. These values are close to the activation energy of

289 kJ/mol (D̃0 = 5.55×10−5 m2/s) as shown by the semi-logarithmic plot

of D̃ against inverse temperature in Fig. 6.10. Furthermore, these results

validate the argument that the contribution of the change in molar volumes

with interdiffusion can be neglected for the estimation of D̃ of dilute bi-

nary cobalt-based solid solutions, similar to nickel-based superalloys. Ravi

& Paul [111] studied interdiffusion of tungsten in cobalt using Co–W diffu-

sion couples and have reported an activation energy of 202 kJ/mol. This is

considerably lower than the activation energy for grain boundary diffusion

(230 kJ/mol) reported in [145]. Hence, it has not been compared with the

present work.

Figure 6.10: Interdiffusion coefficients of Ta, W & Re in Co plotted against in-
verse temperature and compared with literature data [28, 32, 97].

Table 6.4: Activation energy and frequency factors for the interdiffusion of period-
6 elements in cobalt.

Diffusion couple ¯̃D1100◦C
¯̃D1200◦C

¯̃D1300◦C Q D0

m2/s m2/s m2/s kJ/mol m2/s

Co-Co3Ta 4.62×10−15 2.73×10−14 1.07×10−13 282.5 ± 6.0 2.7 ×10−4

Co-Co6W 5.72×10−16 2.85×10−15 1.44×10−14 289.2 ± 7.0 5.6 ×10−5

Co-Co6Re 9.04×10−17 5.60×10−16 4.35×10−15 346.8 ± 14.7 1.3 ×10−3
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6.3 Mean interdiffusion coefficients

In nickel-based alloys, diffusivity of the transition metal solutes of the 4th,

5th and 6th period of the periodic table decreases towards the centre of

the period (see section 2.4.3) [69, 112]. This disapproves the traditional

viewpoint that a larger size difference between the solute and the solvent

leads to a lower interdiffusion coefficient. In order to investigate, if the same

effect can be found in cobalt-based alloys, the mean interdiffusion coefficients

have been plotted as a function of atomic number in Fig. 6.11. Further, the

interdiffusion coefficients of the relevant transition metal solutes in nickel as

well as their Goldschmidt’s atomic radii have also been plotted to provide a

comparison between the solute size and the solute diffusivity in nickel- and

cobalt-based alloys.

For the 4th period, a local minimum is found at atomic number 24, where

Cr has the lowest mean interdiffusion coefficient as shown in Fig. 6.11a. ¯̃D

then increases for Mn, followed by a decrease in the diffusivity for Fe at the

far edge of the period. This effect is comparable to the diffusion behaviour of

4d solutes in nickel-based alloys (see Fig. 6.11a). Krčmar et al [72] used ab

initio calculations based upon the density-functional theory to show that this

local minimum in the diffusivity of 4d solutes in nickel-based superalloys,

is due to their magnetic behaviour which is different from the 5d and 6d

solutes. Similarly, in the 5th period and the 6th period the diffusivity of

solutes decreases towards the centre of the period. Ru exhibits the lowest

diffusivity among all 4d solutes, whereas Re has the minimum D̃ among all

5d solutes as shown in Fig. 6.11(c-f). Therefore, this trend of diffusivity

shown by the solutes of 4d, 5d and 6d transition metals in both nickel- and

cobalt-based alloys follows their atomic radius. Although the interdiffusion

coefficients of Rh & Pd from the 4th period and Ir & Pt from the 6th period

were not determined in the present work, the strong correlation between the

size of solutes and diffusivity suggests that for the 5d solutes, Ru should have

the lowest interdiffusion coefficient in fcc cobalt and for the 6d solutes Os/Ir

should have the lowest diffusivity as they possess the smallest Goldschmidt

atomic radii in these periods (see Fig. 2.10c).

The present measurements clearly show that the trend of interdiffusion of

cobalt-based alloys is akin to their nickel-based counter parts. Furthermore,

the same mechanism controls the diffusivity of solutes in both nickel- and

cobalt-based alloys. This trend is persistent over the measured temperature
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a)

¯̃D in Co
¯̃D in Ni

b)

c)

¯̃D in Co
¯̃D in Ni

d)

e)

¯̃D in Co
¯̃D in Ni

f)

Figure 6.11: Mean interdiffusion coefficients and atomic radii of transition metal
solutes of the 4th, 5th and 6th period in cobalt and nickel [20, 32,
66, 67, 69, 71, 129, 137], plotted as a function of atomic number.

range from 1100 ◦C to 1300 ◦C. In order to rationalize the fundamentals of

the diffusion process, the basic diffusion mechanism is schematically illus-

trated in Fig. 6.12 [72, 142]. The activation energy for the solute diffusion

is the sum of the energy barrier Eb and the vacancy formation energy EVf ,

where the vacancy formation energy is the sum of the solute-vacancy bind-

ing energy and the vacancy formation energy of the host [64, 112]. It has

been recently shown that for interdiffusion in dilute nickel-based alloys the

vacancies are not influenced by the solute atoms [53, 121]. Therefore, the

diffusion energy barrier provides the majority contribution to the activation
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Figure 6.12: Schematic illustration of the diffusion energy barrier (Eb) for the
jump of a solute atom from one lattice position to the next [72,
142].

energy for solute diffusion in nickel-based alloys. The energy difference be-

tween the initial atomic configuration (solute atoms at their lattice sites)

and the maximum energy configuration at the transition stage (solute atom

at the saddle point) determines the height of this diffusion energy barrier Eb.

The two configurations are schematically illustrated in Fig. 6.12. Smaller

atoms like Re and Ru build strong directional bonds with the host resulting

in a lower diffusivity in nickel-based superalloys [72, 112]. This bonding

directionality results in a large Eb for smaller transition metal solutes. Fur-

thermore, it is difficult to compress smaller atoms due to large attractive

forces between the electrons and the nucleus. The Re atom, for example,

has a high charge density and the electrons are attracted towards it result-

ing in a smaller atomic radius and therefore low compressibility. On the

other hand, for the Ta atom, the electron-electron repulsion overcomes the

low charge density of the Ta nucleus resulting in a large atomic radius and

therefore a higher compressibility. Therefore it is easier to move Ta to the

saddle point in contrast to Re due to its higher compressibility and weaker

bonding with the host lattice. This effect is reflected in the high diffusivity

of tantalum in comparison with rhenium.

In solids, the atoms vibrate over their mean positions. In the presence

of a driving force these atoms can migrate or diffuse in the direction of the
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concentration gradient [40]. Both the vibration frequency and the vibration

distance increases as the temperature gets closer to the melting point of

the metal or alloy. The homologous temperature (T/Tm) is usually used to

define the severity of the temperature in relation with the melting point. The

melting point of cobalt is about 40 ◦C higher than that of nickel, therefore it

logically follows that at a similar temperature, the interdiffusion coefficient

of the same solute in cobalt-based alloy should be lower. This effect was

observed by Swindels and Green [54] for the interdiffusion in the Co–Al

system, i.e. at the same temperature the diffusivity of aluminium in cobalt is

lower than in nickel. Interestingly, for the case of 4d transition metal solutes

a similar effect is observed. However, the interdiffusion behaviour of 5d and

6d solutes in nickel and cobalt-based alloys is quite similar. It therefore

appears that the difference between the diffusivity of solutes in fcc cobalt

and nickel decreases as one moves from period-3 to period-6. However, care

must be exercised in this case as the interdiffusion coefficients for nickel-

based alloys have been taken from the literature and compared with the

present measurements. Further measurements and ab initio calculations

must be performed in order to clarify this difference in diffusivity among

different periods.
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Superalloys are primarily used under conditions of extreme temperate and

stress that require superior creep, oxidation, corrosion and fracture resis-

tance. These properties are engineered by optimizing the two phase γ/γ′

microstructure using a complicated alloy chemistry comprising typically of

more than 10 alloying elements. In nickel- and cobalt-based superalloys, the

alloying elements either provide strength to the γ matrix or stabilize the γ′

precipitates. Furthermore, during high temperature creep deformation, the

diffusion controlled processes contribute strongly to the mechanism control-

ling strength [75, 108, 113, 144]. In the present work, the influence of alloying

elements on three different aspects of the superalloys has been investigated

i.e. the influence of dendritic segregation on the mechanical properties of

individual phases in nickel-based superalloys, temperature dependent solid

solution strengthening of nickel-based alloys and the diffusivity of different

elements in cobalt-based alloys.

In nickel-based superalloys, the alloy chemistry inevitably results in

chemical segregation across two length scales during solidification, i.e. (a)

dendritic scale (≈ 200-500 µm) and (b) individual phases (≈ 20-500 nm)

[101]. These segregations have been quantified using a combination of

nanoindentation and chemical characterization techniques for an experi-

mental nickel-based superalloy whose chemistry is akin to a commercially

available alloy (CMSX-4). In the as-cast state, a strong segregation of the

alloying elements was found with the γ-strengthening elements (e.g. Re, W,

Cr) segregating to the dendrite core (DC) and the γ′-formers (e.g. Ta, Ti)

segregating to the interdendritic (ID) and eutectic regions (EUT). Indents

larger than the individual phases were used to measure an increase in hard-

ness of the matrix phase in the DC due to a higher amount of γ-formers.

An indentation mapping method was used to measure the hardness of the

γ′ phases in different regions. The results show that the hardness of the γ′

phase correlates strongly with the dendritic segregation of γ′ forming ele-

ments like Ta & Ti. It is the highest in the EUT region, followed by the ID

and the DC regions. The hardness of the γ phase in the heat treated state
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is higher in the DC than in the ID regions. On the other hand, the hardness

of the γ′ phase in the DC and the ID regions was not measured due to low

residual segregation of the γ′ forming elements after thermal exposure dur-

ing heat treatment. A matrix inversion takes place after creep deformation

under high temperature and low stress conditions, i.e. the microstructure

now consists of γ phase surrounded by a continuous γ′ phase, instead of γ′

particles coherently embedded inside the γ matrix. Furthermore, the den-

dritic segregation of the refractory elements (especially Re and W) is not

completely removed as a result of creep deformation. TCP phases form in

the dendritic regions due to a higher concentration of refractory elements.

TEM measurements were used to identify the µ phase as the sole TCP phase

present in crept ERBO-1 [115]. It grows along {111} planes of the γ′ phase

and is normally surrounded by it. The mechanical properties of this phase

were investigated for the first time in the present work. It is harder than

both the γ and the γ′ phase, and shows less work hardening than both

phases. Furthermore, as a consequence of the precipitation of the µ phase,

a similar hardness of the γ matrix was found in the DC and the ID regions,

since the µ phase comprises mainly of the matrix strengthening elements

like W, Re, Mo, Cr etc. However, by using both nanoindentation and TEM,

a gradient of these elements in the γ-matrix near individual µ particles was

not found. Lastly, the hardness of the γ′ phase in the DC region was similar

to the ID region as the amount of γ′ formers in these regions is similar.

The γ matrix in nickel-based superalloys is a solid solution strengthened

fcc nickel. A fundamental understanding of the temperature dependent solid

solution hardening (SSH) mechanisms is very important for understanding

the creep deformation behaviour of nickel-based superalloys. These mech-

anisms were investigated across two temperature regimes, i.e. room tem-

perature and from 800 ◦C – 1200 ◦C. A combinatory approach involving

indentation measurements across the IDZ of a Ni–Ni 10 wt. % X (X = Ta,

W, Re, Ir and Pt) diffusion couple was used to study the SSH of nickel.

The results show that at room temperature, the SSH mechanism can be

described by the classical parelastic effect with the SSH increasing with the

size of the solute. The stacking fault energy of the solid solutions and the

shear modulus of the solutes do no contribute significantly to the SSH at

room temperature.

The temperature and strain rate dependent SSH contributions of the

transition metal solutes (Ta, W and Re) have been identified by testing
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model single crystals using strain rate jump tests and creep tests under

constant stress. At intermediate temperature (800 ◦C), Ta is the most po-

tent solute agreeing with the effects at RT, i.e. SSH arises from the in-

teraction of solutes with dislocations; the larger the size of the solute the

greater the hardening. At high temperatures – depending on the strain rate

– diffusion-controlled climb of dislocations contributes to the observed hard-

ening mechanisms. Thermally activated diffusion overcomes the interaction

friction/locking force exerted by solute atoms on dislocations. The solutes

form Cottrell clouds/atmosphere and the solute with the lowest diffusion

coefficient provides the highest resistance to dislocation motion by glide and

climb. Therefore at 1000 ◦C and strain rate of 10−5 s−1, Re becomes more

potent solute than Ta. On the other hand, Ta exerts a lower drag force

since it has a higher diffusivity; therefore at high temperatures it creates no

solid solution strengthening. This mechanism causes Re to be a better solid

solution strengthener than Ta at slow strain rates. Hence, at high tempera-

ture and lower strain rates – if the strain rate is small enough that diffusion

controlled processes contribute to the plastic deformation – Re confers a

higher SSH to nickel than the fast diffusing Ta.

The present work has significant implications for the design of nickel-

based alloys. Elements with the maximum size difference from nickel are

most potent for conferring high strength to nickel alloys in the athermal

regime; thus Ta is effective for achieving high levels of hardening in nickel-

based turbine disk alloys for use at moderate temperatures up to 800 ◦C. At

high temperatures (>1000 ◦C), on the other hand, a significant strengthen-

ing in nickel alloys can only be achieved by using slow diffusing solutes such

as Re and possibly W. In most applied situations, a balance of these two

contributions is needed.

Lastly, the diffusion coefficients of different technologically relevant so-

lutes, from the 3rd, 4th, 5th and 6th periods of the periodic table, in fcc

cobalt have been determined using binary Co – CoX diffusion couples in

the temperature range from 1100 ◦C to 1300 ◦C. It has been shown that

the den-Broeder method [21] can be used for determining the interdiffu-

sion coefficients from the concentration profile across the interdiffusion zone

[97]. The interdiffusion coefficient only shows a slight dependence on the

solute concentration. Furthermore, the diffusivity of different solutes in the

cobalt-based alloys is very similar to that in the nickel-based alloys, i.e.

larger atoms diffuse faster. The interdiffusion coefficients of the investigated
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solutes from the 3rd and 4th period in fcc cobalt is lower than in fcc nickel.

This can be explained by the higher melting point of cobalt-based alloys

than nickel-based alloys. On the other hand – for the elements of the 5th

and the 6th period – a smaller difference between the interdiffusion coef-

ficients in fcc cobalt and fcc Ni has been found. These results show that

the thermally activated diffusion controlled processes in fcc cobalt should be

slower than in their nickel-based counterparts. This is advantageous for the

high temperature properties of cobalt-based alloys e.g. creep resistance.
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Nickelbasissuperlegierungen werden als Turbinenschaufelwerkstoff in moder-

nen Flugtriebwerken verwendet. Da die Temperaturen in den Brennkammern

von Triebwerken recht hoch sind, müssen diese Legierungen hohen mechani-

schen Belastungen und Temperaturen standhalten. Die γ/γ′ Mikrostruktur

ist der Schlüssel zu den guten Hochtemperatureigenschaften dieser Legie-

rungen, welche mit Hilfe von mehr als zehn Legierungselementen erzeugt

werden. In Nickel– und Kobaltbasissuperlegierungen stabilisieren die hinzu-

gegebenen Legierungselemente entweder die γ′–Phase oder die γ–Matrix.

Desweitern beeinflussen die Legierungselemente die Hochtemperaturkriech-

eigenschaften erheblich, da die Verformungsmechanismen bei hohen Tempe-

raturen stark von der Diffusivität der Zusatzelemente abhängig sind [75, 108,

113, 144]. In der vorliegenden Arbeit wurde der Einfluss der Legierungsele-

mente auf drei verschiedene Aspekte der Superlegierungen untersucht. Diese

sind: das Segregationsverhalten in den Nickelbasissuperlegierungen, die tem-

peraturabhängige Mischkristallhärtung von Nickelbasislegierungen und die

Diffusivität in Kobaltbasislegierungen.

Während des Abgießens einer einkristallinen Nickelbasissuperlegierung

kommt es zur chemischen Segregation der Legierungselemente, sowohl auf

der dendritischen Ebene (≈ 200-500 µm) als auch auf der Phasenskala (≈
20-500 nm) [101]. Die chemische Segregation wurde durch eine Kombinati-

on aus Nanoindentierung und chemischen Charakterisierungsverfahren für

eine experimentelle Nickelbasissuperlegierung quantifiziert, deren chemische

Zusammensetzung ähnlich der kommerziellen Superlegierung CMSX-4 ist.

In dem as-cast Zustand reicherten sich die Matrix verstärkenden Elemente

(wie Re, W, Cr) im dendritischen Kern an, wohingegen sich die γ′–Bildner

(wie Ta, Ti, Al) im interdendritischen und dem eutektischen Bereich anrei-

cherten. Indents größer als die jeweiligen Phasen wurden genutzt, um einen

Anstieg der Härte der γ–Matrix im dendritischen Kern zu messen, welcher

durch einen hohen Anteil der γ–bildnenden Elemente zu Stande kam. Ei-

ne neue Indentierungsmapping Methode wurde entwickelt, um die Härte

der γ–Phase in den verschiedenen Bereichen des as-cast Zustandes zu be-
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stimmen. Die Ergebnisse zeigten, dass die Härte der γ′–Phase stark mit der

dendritischen Segregation von γ′–bildenden Elementen wie Ta und Ti korre-

lierten: die Härte ist im eutektischen Bereich am höchsten, gefolgt von dem

interdendritischen und dem dendritischen Bereich. Im wärmebehandelten

Zustand konnte erneut eine höhere Härte der γ′–Phase in den DC Berei-

chen im Vergleich zu den ID Bereichen festgestellt werden. Der Einfluss

der Wärmebehandlung auf die Härte in den verschiedenen Bereichen (DC,

ID) der γ′–Phase konnte nicht gemessen werden, da die Elemente (Al, Ta)

inzwischen nahezu gleichmäßig in die beiden Bereiche segregiert waren.

Nach Kriechverformung bei hoher Temperatur und niedriger Spannung

kommt es immer noch nicht zu einer gleichmäßigen Verteilung der Re-

fraktärelemente (insbesondere Re und W), weshalb es zu einer Nukleation

von TCP–Phasen im dendritischen Kern kommt. Durch TEM–Untersuchun-

gen an einer kriechverformten ERBO-1 Legierung konnte festgestellt wer-

den, dass die µ–Phase die einzige vorhandene TCP–Phase ist. Die µ–Phase

wächst innerhalb der γ′–Phase entlang der {111}–Ebenen. Die mechani-

schen Eigenschaften dieser Phase wurden zum ersten mal in dieser Arbeit

gemessen. Diese ist härter als die γ und als auch die γ′–Phase und zeigt deut-

lich weniger Kaltverfestigung als die beiden genannten Phasen. Des Weite-

ren bewirkte die Ausscheidung der µ–Phase eine gleiche Härte der γ–Phase

in den DC und den ID Bereichen. Da sich die µ-Phase hauptsächlich aus

matrixverstärkenden Elementen zusammensetzt, wird ein Gradient der Re-

fraktärmetalle in der umgebenden γ–Phase erwartet. Mit Hilfe von TEM–

Untersuchungen und Nanoindentierung konnte festgestellt werden, dass kein

Gradient dieser Elemente vorhanden ist. Es zeigte sich, dass nach der Kriech-

verformung die Härte der γ′–Phase im DC Bereich ähnlich zu der im ID

Bereich ist.

Die betrachtete γ–Matrix ist nichts anderes als ein nickelbasierter Misch-

kristall. Um die Kriechverformungsmechanismen in Nickelbasissuperlegie-

rungen zu verstehen, ist ein grundlegendes Verständnis des Mischkristall-

verhaltens von Nickel elementar. Diese Mechanismen wurden in zwei unter-

schiedlichen Temperaturbereichen untersucht, einmal bei Raumtemperatur

und zum anderen in einem Bereich von 800 ◦C – 1200 ◦C. Die Kombi-

nation aus Nanoindentierung in der Interdiffusionszone von Ni–NiX (X =

Ta, W, Re, Ir, Pt) Diffusionspaaren zum einen und EDX zum anderen hat

es ermöglicht, die Mischkristallhärtung in Nickel zu untersuchen. Die Er-

gebnisse zeigen, dass bei Raumtemperatur die Mischkristallhärtung mit der
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klassischen paraelastischen Wechselwirkung erklärt werden kann. Das heißt,

je größer das mischkristallhärtende Element ist, desto größer ist dessen Bei-

trag an der Mischkristallhärtung. Die Stapelfehlerenergie des Mischkristalls

und der Schubmodul des Legierungselements haben keinen Einfluss auf die

Mischkristallhärtung bei Raumtemperatur.

Die temperatur- und dehnratenabhängigen Mischkristallhärtungsbeiträ-

ge der Übergangsmetalle (Ta, W, Re) wurden mittels Dehnratenwechsel-

versuchen und Kriechversuchen bei konstanter Spannung an einkristallinen

Modellegierungen ermittelt. Wie auch schon bei Raumtemperatur ist Tantal

bei niedriger Temperatur (800 ◦C) das beste mischkristallhärtende Element.

Die Mischkristallhärtung beruht auf den Wechselwirkungen der Versetzun-

gen mit dem jeweiligen Legierungselement. Bei höheren Temperaturen trägt

das diffusionskontrollierte Klettern von Versetzungen zum beobachteten Ver-

festigungsmechanismus bei. Thermisch aktivierte Diffusion überwindet die

Wechselwirkung zwischen dem Legierungselement und der Versetzung. Die

Legierungselemente bilden Cottrell–Wolken und das am langsamsten diffun-

dierende Element bietet den höchsten Widerstand gegen Versetzungsbewe-

gung durch Gleiten und Klettern. Deswegen ist Re bei 1000 ◦C und einer

Dehnrate von 10 −5 s−1 ein besseres mischkristallhärtendes Element als Ta.

Andrerseits übt Ta auf Grund seiner höheren Diffusivität einen geringeren

Widerstand aus, weshalb es bei hohen Temperaturen keinen Beitrag zur

Mischkristallhärtung leistet. Dies ist auch der Grund, weshalb Re bei hoher

Temperatur und niedrigen Dehnraten ein besseres mischkristallhärtendes

Element als Ta ist.

Die vorliegende Arbeit hat signifikante Konsequenzen für die Entwick-

lung von Nickelbasissuperlegierungen. Die Legierungselemente mit dem ma-

ximalem Großenunterschied zu Nickel sind am besten für hohe Festigkei-

ten von Nickelbasis–Legierungen im athermischen Regime geeignet. Das

heißt, für Turbinenscheibenlegierungen ist Tantal als mischkristallhärtendes

Element für Anwendungen bei Temperaturen bis zu 800 ◦C wirksam. Bei

höheren Temperaturen (> 1000 ◦C) kann eine bedeutsame Zunahme der

Festigkeit nur durch den Einsatz von langsam diffundierenden Elementen

wie Re und W erreicht werden. Für die meisten Anwendungen ist jedoch

eine Mischung aus beiden notwendig.

Abschließend wurden die Diffusionskoeffizienten von verschiedenen tech-

nologisch wichtigen Legierungselementen aus der dritten, vierten, fünften

und sechsten Periode des Periodensystems in fcc Kobalt mit Hilfe von binären
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Co–CoX Diffusionspaaren im Temperaturbereich von 1100 ◦C – 1300 ◦C un-

tersucht. Es wurde gezeigt, dass die den-Broeder Methode zur Bestimmung

der Interdiffusionskoeffizienten verwendet werden kann. Die Interdiffusions-

koeffizienten zeigten nur eine geringe Abhängigkeit von der Konzentrati-

on des gelösten Legierungselements. Weiterhin ist die Diffusionsfähigkeit

von unterschiedlichen Legierungselementen in Kobaltbasislegierungen sehr

ähnlich zu der in Nikelbasislegierungen. Das heißt, größere Atome diffundie-

ren auch in Kobaltbasislegierungen schneller. Die Elemente aus der dritten

und vierten Periode diffundieren in Kobaltbasislegierungen langsamer als in

Nickelbasislegierungen. Dies kann durch den höheren Schmelzpunkt von Ko-

baltbasislegierungen erklärt werden. Für die Elemente aus der fünften und

sechsten Periode wurde hingegen ein kleiner Unterschied zwischen den In-

terdiffusionskoeffizienten in fcc–Kobalt und fcc–Nickel gefunden. Diese Er-

gebnisse zeigen, dass die durch thermisch aktivierte Diffusion gesteuerten

Prozesse in fcc–Kobalt langsamer ablaufen als in fcc–Nickel. Dies ist für die

Hochtemperatureigenschaften von Kobaltbasislegierungen, wie zum Beispiel

die Kriechfestigkeit, von Vorteil.
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in Ni-Fe solid solutions, Acta Materialia 55, no. 20 (2007), pp. 6825–
6833.
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[93] H Mughrabi: Microstructural aspects of high temperature deforma-
tion of monocrystalline nickel base superalloys: some open problems,
Materials Science and Technology 25, no. 2 (2009), pp. 191–204.

[94] E Nadgornyi: Dislocation dynamics and mechanical properties of
crystals, Progress in materials science 31 (1988), pp. 1–530.

[95] H Neuhäuser and C Schwink:
”
Solid solution strengthening“, Mate-

rials Science and technology. Ed. by H Mughrabi. Willey-VCH Wein-
heim Germany, 1996, pp. 191–250.
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A List of Symbols and
Abbreviations

Symbol Description

a Lattice parameter

b Burgers vector

bcc Body centred cubic crystal structure

Bc Drag coefficient for dislocation climb

Bg Drag coefficient for dislocation glide

c Concentration

D Diffusion coefficient

D̃ Interdiffusion coefficient
¯̃D Mean interdiffusion coefficient

e Engineering strain

E Young’s modulus

Eb Diffusion energy barrier

Er Reduced modulus

η Elastic polarizability

ε True strain

εpl True plastic strain

εa Lattice misfit

ε̇ Strain rate

ε̇min Minimum strain rate

fγ Fraction of the γ phase

fγ′ Fraction of the γ′ phase

Fg Glide force

Fc Climb force

G Shear modulus

γsfe Stacking fault energy

h Indentation depth
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A List of Symbols and Abbreviations

Symbol Description

hc Contact depth

hmax Maximum indentation depth

k′ Segregation coefficient

kb Boltzmann constant

kssh Solid solution hardening coefficient

L0 Initial length of specimen

Mn54 Radioactive isotope of Manganese

m Strain rate sensitivity of flow stress

n Stress exponent of strain rate

Ω Atomic volume

Q Activation energy

r0 Radius of solvent

rs Radius of solute

R Tip radius

ρm Mobile dislocation density

S Stiffness

σ True stress

σengg Engineering stress

τmax Maximum shear stress

T Temperature

Tm Melting point

va Activation volume

v Dislocation velocity

vc Dislocation climb velocity

vg Dislocation glide velocity

Vm Molar volume

ν Poisson’s ratio

Z Atomic number
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A List of Symbols and Abbreviations

Abbreviation Description

AFM Atomic Force Microscope

BSE Back-Scattered Electron Detector

CDF Cumulative Distribution Function

CSM Continuous Stiffness Method

DC Dendrite Core

DFT Density Functional Theory

EBSD Electron Backscattered Diffraction

EDX Energy Dispersive X-Ray Analysis

EPMA Electron Probe Microanalysis

ERBO Erlangen-Bochum superalloy

EUT Eutectic region

FIB Focussed Ion Beam

fcc Face Centred Cubic crystal structure

hcp Hexagonal Close Packed crystal structure

ID Interdendritic Region

IDZ Interdiffusion Zone

PID Proportional Integral Differential Controller

PDF Probability Distribution Function

RT Room Temperature

SEM Scanning Electron Microscope

SSH Solid Solution Strengthening

SRS Strain Rate Sensitivity

SAD Selected Area Diffraction

TCP Topologically Close Packed

TEM Transmission Electron Microscope

XRD X-Ray Diffraction

131





B Experimental Data

Interrupted creep test on ERBO-1

A tensile creep test of 〈001〉 oriented, heat treated ERBO-1 was performed

at 1050 ◦C under an applied stress of 160 MPa. The test was stopped after

a total plastic strain of 5%.

a) b)

Figure B.1: Interrupted creep tests of ERBO-1 with (a) plastic strain εpl plotted
against time & (b) strain rate ε̇ plotted against εpl.
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B Experimental Data

Fits of nickel-based diffusion couples

The ∆Hssh for the Ni-NiX (X = Ta, Re, Ir & Pt) diffusion couples is plotted

as a function of the chemical composition, and fitted with Eq. 2.7; where, a

= 0.67 according to Labusch theory [46, 73].

a)

Ta

b)

Re

c)

Ir

d)

Pt

Figure B.2: Fitting of the hardness against composition plots for Ni–NiX (X =
Ta, Re, Ir and Pt) diffusion couples.
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C Matlab Codes for Evaluation of
Interdiffusion Coefficients

The input file for the codes is an ASCII file with two column format, con-

sisting of x-position data points from EPMA and concentration in wt. %.

Each code has to be adjusted for the atomic weight of the diffusing solute.

Furthermore, the step size during the EPMA measurement, atomic weights

of solvent as well as the moving point average filter parameters have to be

checked for an accurate determination of the interdiffusion coefficients.

Boltzmann-Matano method

It should include the function files boltzmannMatanoCore.m and matanoPlane.m

in the same folder as the main boltzmann-matano file.

1 c l e a r a l l
time = 151∗60∗60; % d i f f u s i o n time in seconds
awX= 183 . 85 ; % atomic weight o f the s o l u t e in

amu
awCo=58.9332; % atomic weight o f coba l t in amu

6 % read in data
data = load ( f i l ename ) ;
pos = data ( : , 1 ) ∗0.5∗1 e−6;
c = data ( : , 2 ) /100 ;

11 % convert weight percent to atomic percent
massX=c/awX;
massCo=(1−c ) /awCo ;
f o r i =1: s i z e ( c , 1 )
cX( i )=(massX( i ) /(massX( i )+massCo ( i ) ) ) ∗100 ;

16 end
conc=transpose (cX) ;
cOrg=conc ;

%moving point average smoothing o f p r o f i l e and der iv
21 movingAveragePct = 0 . 0 5 ;

movingAveragePctDeriv = 0 . 0 5 ;

% moving point average f i l t e r
conc = smooth ( conc , movingAveragePct ) ;

26
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C Matlab Codes for Evaluation of Interdiffusion Coefficients

% c a l c u l a t e p o s i t i o n o f Matano plane and s h i f t p r o f i l e
matanoPos = matanoPlane ( pos , conc ) ;
posn = ( pos − matanoPos ) ;

31 % c a l c u l a t e f i r s t d e r i v a t i v e o f the concent ra t i on p r o f i l e
de r i v = d i f f ( conc ) . / d i f f ( posn ) ;

% apply moving po int average f i l t e r to the d e r i v a t i v e
de r iv=smooth ( der iv , movingAveragePctDeriv ) ;

36

% c a l c u l a t e d i f f u s i o n c o e f f i c i e n t s
[ c ,D] = boltzmannMatanoCore ( posn , conc , der iv , time ) ;

41 semi logy ( c ,D, ’∗ ’ )
t i t l e ( ’ D i f f u s i o n c o e f f i c i e n t obtained from Matano Boltzmann

Method ’ )
x l a b e l ( ’ Concentrat ion / at . %’ )
y l a b e l ( ’ D i f f u s i o n C o e f f i c i e n t /m2/ s ’ )
f i g u r e (2 ) ;

46 p lo t ( posn , cOrg ’ , ’∗ ’ , posn , conc ’ , ’−r ’ , ’ LineWidth ’ ,4 )
x l a b e l ( ’ Po s i t i on with r e sp e c t to Matano i n t e r f a c e /m’ )
y l a b e l ( ’ Concentrat ion / at %’ )
f i g u r e (3 )
hold on

51 p lo t ( d i f f ( conc ) . / d i f f ( posn ) , ’∗ ’ )
p l o t ( der iv , ’−r ’ , ’ LineWidth ’ ,4 )
hold o f f
y l a b e l ( ’ dc/dx ’ )
x l a b e l ( ’ Data Points ’ )

boltzmannMatanoCore.m

f unc t i on [ c ,D] = boltzmannMatanoCore ( pos , conc , der iv , time )
c = ze ro s ( s i z e ( pos , 1)−1, 1 ) ; % concent ra t i on
D = ze ro s ( s i z e ( pos , 1)−1, 1 ) ; % d i f f u s i o n s c o e f f i c i e n t
f o r x=( s i z e ( pos )−1) : −1:2 % along the whole p r o f i l e

5 % grad i ent f o r c
dxdc = 1 / der iv (x ) ;

% i n t e g r a t i o n
iMax = f ind ( conc >= conc (x ) , 1 , ’ l a s t ’ ) ;

10 i n t e g r a l = 0 ;
f o r i=s i z e ( conc , 1 ) : −1: iMax
i n t e g r a l = i n t e g r a l + pos ( i ) ∗ ( conc ( i −1) − conc ( i ) ) ;
end

15 % se t output data
c (x−1) = conc (x ) ;
D(x−1) = − 1 / (2 ∗ time ) ∗ dxdc ∗ i n t e g r a l ;
end
end

matanoPlane.m
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C Matlab Codes for Evaluation of Interdiffusion Coefficients

1 f unc t i on [ matanoPos ] = matanoPlane ( pos , conc )
m i n d i f f = I n f ; % d i f f e r e n c e o f i n t e g r a l o f l e f t and r i g h t

s i d e
cMax = max( conc ) ; % maximum concent ra t i on o f curve

% f ind optimum by i t e r a t i n g
6 f o r xm=2: s i z e ( pos )

% i n t e g r a l o f l e f t s i d e ( s i d e with sma l l e r boundary
concent ra t i on )

l e f t s i d e = 0 ;
f o r x=xm: s i z e ( pos )
l e f t s i d e = l e f t s i d e + conc (x ) ∗1 ;

11 end

% i n t e g r a l o f r i g h t s i d e ( s i d e with l a r g e r boundary
concent ra t i on )

r i g h t s i d e = xm ∗ cMax ;
f o r x=2:xm

16 r i g h t s i d e = r i g h t s i d e − conc (x ) ∗1 ;
end

% check i f i n t e g r a l d i f f e r e n c e i s sma l l e r than be f o r e
i f ( abs ( r i g h t s i d e − l e f t s i d e ) < m i n d i f f ) ;

21 m i n d i f f = abs ( r i g h t s i d e − l e f t s i d e ) ;
matanoIndex = xm;
end
end
% se t Matano plane

26 matanoPos = pos ( matanoIndex ) ;
end

den Broeder method

It should include the function file fun.m in the same folder

c l e a r a l l
t = 151∗60∗60; % time o f d i f f u s i o n [ s ]

3 movingAveragePct = 0 . 0 5 ;
movingAveragePctDeriv = 0 . 0 5 ;

% load concent ra t i on p r o f i l e
data = load ( ’ 4XTi . txt ’ ) ; %load EDX/WDX p r o f i l e

8 x = data ( : , 1 ) ∗2∗1e−6;
% x = data ( : , 1 ) ;
conc = data ( : , 5 ) /100 ; % conc in at . % f o r the

o r i g i n a l f i l e
% conc=f l i p u d ( conc ) ;

13 %conve r s t i on o f wt . % to at . %
awX=47.88; % atomic weight o f the

d i f f u s i n g s p e c i e s in amu
awCo=58.9332; % atomic weight o f coba l t in

amu
massX=conc/awX;
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C Matlab Codes for Evaluation of Interdiffusion Coefficients

massCo=(1−conc ) /awCo ;
18 f o r i =1: s i z e ( conc , 1 )

cX( i )=(massX( i ) /(massX( i )+massCo ( i ) ) ) ∗100 ;
end
cX=transpose (cX) ;
cOrg=cX ;

23 c=cX ;

% perform moving average f i l t e r i n g o f the concent ra t i on data
c = smooth ( c , movingAveragePct ) ;

28 minVal = min ( c ) ; % minimum concent ra t i on
maxVal = max( c ) ; % maximum concent ra t i on

% c a l c u l a t i o n o f normal ized concent ra t i on from the conc p r o f i l e
Y =( c − minVal ) . / ( maxVal − minVal ) ;

33

% c a l c u l a t e f i r s t d e r i v a t i v e o f the concent ra t i on p r o f i l e
de r i v = d i f f ( c ) . / d i f f ( x ) ;

%remove no i s e from dc/dx
38 der iv2=smooth ( der iv , movingAveragePctDeriv ) ;

t i l=s i z e (Y, 1 ) ;
D=ze ro s (1 , t i l ) ;
% c a l c u l a t i o n o f d i f f u s i o n c o e f f i c i e n t s with den Broeder Method

43 f o r i =2:( s i z e (Y, 1 ) −1)
i n t e g r a l 1 = quad ( @( xVal ) fun ( xVal , x , c ) , 0 , x ( i ) ) ;
i n t e g r a l 2 = (max(x )−x ( i ) )∗ maxVal− quad ( @( xVal ) fun ( xVal , x , c

) , x ( i ) , max(x ) ) ;
D( i )=1 / ( ( 2 ∗ t ) ∗ der iv2 ( i −1) )∗ ( ( 1 − Y( i ) ) .∗

i n t e g r a l 1 + Y( i ) .∗ i n t e g r a l 2 ) ;
end

48 D=transp (D) ;
f i g u r e (1 )
p l o t ( x , cOrg ’ , ’∗ ’ , x , c ’ , ’−r ’ , ’ LineWidth ’ ,3 ) ;
f i g u r e (2 )
hold on

53 p lo t ( der iv , ’∗ ’ ) ;
p l o t ( der iv2 , ’−r ’ , ’ LineWidth ’ ,3 ) ;
hold o f f
f i g u r e (3 )
semi logy ( c ,D, ’∗ ’ )

58 ax i s ( [ min (min ( c ) ) max(max( c ) ) 1e−18 1e−10 ] )

fun.m

f unc t i on yVal = fun ( xVal , x , c )
2 yVal = in t e rp1 ( x , c , xVal , ’ s p l i n e ’ ) ;

end
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Nickel and cobalt-based superalloys with a γ-γ′ microstructure are 
known for their excellent creep resistance at high temperatures. 
Their microstructure is engineered using different alloying elements, 
that partition either to the fcc γ matrix or to the ordered γ′ phase. In 
the present work the effect of alloying elements on their segregation 
behaviour in nickel-based superalloys, diffusion in cobalt-based  
superalloys and the temperature dependent solid solution strengthening 
in nickel-based alloys is investigated. The effect of dendritic segregation 
on the local mechanical properties of individual phases in the as-cast, 
heat treated and creep deformed state of a nickel-based superalloy 
is investigated. The local chemical composition is characterized using 
Electron Probe Micro Analysis and then correlated with the mechanical 
properties of individual phases using nanoindentation. Furthermore, 
the temperature dependant solid solution hardening contribution of Ta, 
W & Re towards fcc nickel is studied. The room temperature hardening 
is determined by a diffusion couple approach using nanoindentation 
and energy dispersive X-ray analysis for relating hardness to the  
chemical composition. The high temperature properties are determined 
using compression strain rate jump tests. The results show that at  
lower temperatures, the solute size is prevalent and the elements with  
the largest size difference with nickel, induce the greatest hardening  
consistent with a classical solid solution strengthening theory. At  
higher temperatures, the solutes interact with the dislocations such  
that the slowest diffusing solute poses maximal resistance to dislocation 
glide and climb. Lastly, the diffusion of different technically relevant  
solutes in fcc cobalt is investigated using diffusion couples. The results 
show that the large atoms diffuse faster in cobalt-based superalloys  
similar to their nickel-based counterparts. 
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