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Abstract 

Thin films are complex systems exhibiting remarkable mechanical properties 
compared to their bulk counterparts. The most thoroughly described size effect is the 
increase of the strength of various materials with decreasing film thickness. Most of 
the knowledge about freestanding films has been gathered from bulge tests. In this 
work this technique was improved in order to allow the investigation of the fracture, 
time-dependent, and fatigue properties of thin films. Experiments were performed 
both ex-situ to provide accurate quantitative measurements, and in-situ in an AFM to 
qualitatively investigate the corresponding mechanisms. 

The new methods were applied to LPCVD SiNx and PVD gold films with thicknesses 
ranging from 30 to 400 nm.  

The properties of the amorphous SiNx do not vary with the film thickness. It was 
shown that even its fracture toughness is insensitive to the transition from plane-
strain to plane-stress. 

On the opposite, the crystalline gold films exhibit strong size effects. In detail, 
different behaviors are evidenced for freestanding films and films on a SiNx substrate. 
The freestanding gold specimens show a dramatic decrease of their fracture 
toughness, a huge increase of their strain-rate sensitivity, and a strong ratcheting at 
low film thickness. Apart from the nanocrystalline microstructure, a likely explanation 
is the grain boundary sliding observed at the surface during every kind of test. The 
quantitative measurement of the stress exponent indicates that this ill-documented 
process is limited by dislocation activity. Grain boundary sliding most likely occurs 
because of the columnar microstructure of the films, which results in a low 
geometrical constraint on the grains for out-of-plane displacement. 

Gold films on SiNx exhibit an even higher strength than their freestanding 
counterparts. Their strain-rate sensitivity is on the opposite much lower, and seems 
exclusively due to their nanocrystalline microstructure. The good adhesion to the 
substrate indeed suppresses grain boundary sliding, and as a consequence, the 
effects occurring during the creep, strain-rate jump, and fatigue tests are weaker. 
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Zusammenfassung 

Dünnschichten sind komplexe Systeme, die im Vergleich zu Bulk-Proben 
bemerkenswerte mechanische Eigenschaften aufweisen. Dabei ist die Zunahme der 
Festigkeit mit abnehmender Schichtdicke der meistuntersuchte Größeneffekt. Die 
meisten Erkenntnisse an freistehenden Membranen wurden anhand des Bulge Tests 
gewonnen. In dieser Arbeit wurde diese Technik weiterentwickelt, um die 
Untersuchung der Bruchzähigkeit, des zeitabhängigen Verhaltens und der 
Ermüdungseigenschaften dünner Schichten zu ermöglichen. Es wurden sowohl ex-
situ als auch in-situ Experimente in einem Rasterkraftmikroskop durchgeführt, 
wodurch genaue Messungen der Materialkennwerte sowie Erkenntnisse über die 
darunterliegenden Mechanismen erlangt wurden. 

Die neuen Methoden wurden auf LPCVD SiNx und PVD Gold mit Schichtdicken 
zwischen 30 und 400 nm angewandt. 

Die Eigenschaften des amorphen SiNx sind von der Schichtdicke unabhängig. Es 
wird zudem gezeigt, dass die gemessene Bruchzähigkeit bei einem Wechsel von 
einem ebenen Dehnungszustand zu einem ebenen Spannungszustand gleich bleibt. 

Die kristallinen Goldschichten zeigen hingegen ausgeprägte Größeneffekte. Das 
Verhalten der freistehenden Dünnschichten weicht von dem der Dünnschichten auf 
SiNx-Substrat ab. Bei kleiner Schichtdicke zeigen die freistehende Goldschichten 
eine enorme Abnahme der Bruchzähigkeit, eine deutliche Zunahme der 
Dehnratenabhängigkeit und ein beträchtliches „Ratcheting“. Eine mögliche Erklärung 
hierfür ist neben der nanokristallinen Mikrostruktur auch Korngrenzgleiten, welches 
bei allen Versuchen an der Oberfläche beobachtet wurde. Der gemessene 
Spannungsexponent legt nahe, dass dieser noch wenig untersuchte Mechanismus 
versetzungskontrolliert ist. Korngrenzgleiten findet vermutlich nur wegen der 
stängelförmigen Mikrostruktur statt, welche die Verschiebung der Körner aus der 
Schichtebene nur begrenzt behindert. 

Gold-Dünnschichten auf SiNx-Substrat besitzen eine höhere Festigkeit als die 
entsprechenden freistehenden Membranen. Im Gegensatz dazu ist deren 
Dehnratenabhängigkeit viel niedriger, weil sie ausschließlich von der nanokristallinen 
Mikrostruktur verursacht wird. Durch die gute Haftung auf dem Substrat wird das 
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Korngrenzgleiten verhindert, weshalb die Effekte während der Dehnratenwechsel-, 
Kriech- und Ermüdungsversuche schwächer sind. 
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1 Introduction 

There are several motivations for investigating the mechanical properties of thin films. 
From an engineering point of view, there is a need for assessing the reliability of 
these structures, as they are used in a growing number of products, some of them 
being safety relevant. From a scientific point of view, there is a strong interest for 
understanding why the mechanical properties of these materials are scale 
dependent. These two aims are not contradictory: scientific progress requires access 
to experimental data gathered during microscopic testing. In return, a thorough 
understanding of the mechanisms governing thin films enables a more efficient 
design of micro electro mechanical systems (MEMS), and spares costly tests. 

 

  
    a.       b. 
Figure 1-1: DMD Micromirror array from Texas Instruments. a. schematics – b. electron 
micrographs. Source: Texas Instruments (www.ti.com). 

The micromirrors array is a perfect example of how the outstanding mechanical 
properties of materials can benefit MEMS functionalities. This microchip has become 
a standard piece of equipment for all digital cinemas throughout the world. It consists 
of hundreds of thousands of microscopic mirrors, which shape pixels on the screen 
by being electrostatically tilted between angles of +10° and -10°. These mirrors have 
been successfully tested and are now certified for over 100 000 hours of operation at 
65°C, which corresponds to the tilting of each mirror over a trillion of times [1]. The 
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puzzling fact that these structures made of aluminum do not fail by hinge fatigue can 
only be accounted for by a modification of the deformation mechanisms at small 
dimensions. 

The size effect on the strength of materials has been known as early as in the 1960s’ 
and has been intensively investigated [2,3] since. The publicity done around it led to 
the widespread belief that “smaller is stronger”. Even engineers got accustomed to 
use macroscopic data as worse-case values for designing micro-components. But in 
reality, the famous motto is misleading and more caution is required. The present 
work will for instance show that certain material properties are not precisely improved 
by the reduction of scale. 

 

Thin films are very demanding research objects among small-scale structures. 
Compared to their bulk counterparts, they are affected by many specific factors which 
interact together and result in original mechanical properties. Thin films generally 
involve two competing length scales (thickness and grain size), and often possess a 
columnar microstructure and a strong texture. The presence of a substrate and the 
strength of the bonding further modify their mechanical behavior. 

Compared to thin films on substrate, freestanding samples require special 
preparation methods, handling techniques, and testing facilities. This explains the 
scarcity of data concerning their mechanical behavior. In the last twenty years, the 
bulge test has yet emerged as one of the few micromechanical testing techniques 
suited for them. It has however never been used to reach a comprehensive 
understanding of their deformation mechanisms. 

 

The aim of the thesis is to characterize and further develop the bulge test as a 
universal tool for probing the mechanical properties of thin films. It involves applying 
it to the investigation of gold and silicon nitride films of various thicknesses. The 
loading conditions are to be varied, and the experimental setup is to be used both ex-
situ and in-situ in an AFM. The present thesis begins with the characterization of the 
film specimens. 
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2 Thin films 

2.1 Thin films fabrication 
The most commonly used fabrication processes can be divided into two groups: 
chemical deposition, and physical deposition. 

2.1.1 Chemical deposition 

Chemical vapor deposition (CVD) films are obtained from the chemical reaction 
between the substrate and a vapor gas or between two gases [4]. Typical reactions 
are oxidation or nitridation. The quality and the properties of the films depend on the 
environmental conditions. The deposition rate is mostly controlled by the process 
temperature, which cannot however be increased at will, lest the thermal expansion 
mismatch between the film and the substrate might worsen and the microstructure of 
the substrate be modified. 
The most advanced techniques for depositing SiNx are: 

 Low Pressure CVD (LPCVD) which is carried at a pressure lower than 1 bar 
and yields films with low density of defects and very uniform thickness. 

 Plasma Enhanced CVD (PECVD) which increases the deposition rate at low 
temperature by assisting the reaction with plasma.  

Both techniques yield amorphous materials. It is possible to influence the properties 
of the film by varying the stoichiometry of the components. Silicon-rich SiNx is usually 
called “low-stress” silicon nitride, because its residual stress is lower than 
stoichiometric Si3N4. As will be seen later, its elastic Young’s modulus is also lower. 

SiO2 can be obtained by the thermal oxidation of silicon at 700°C – 1200°C. The 
resulting material is the amorphous form of SiO2 called fused silica [5]. 
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2.1.2 Physical deposition 

2.1.2.1 Processes 

Physical Vapor Deposition (PVD) consists into transferring material atom by atom by 
physical means from a source to a substrate. The most widely used processes are 
evaporation and sputtering [6,7]. 

Evaporation 
Evaporation is performed under high or ultra-high vacuum (typically 10-6-10-10 mbar). 
The substance to evaporate is placed into a crucible made of a material with high 
melting point (tungsten, molybdenum, graphite…). The binary phase diagram of both 
considered materials should not contain any eutectic point, to avoid the crucible 
melting (as it happens with e.g. W/Al and W/Ni). In the case of resistance 
evaporation, an electrical current passes through the crucible, heating up the material
it contains above its evaporation point. Alternatively, electron-beam evaporation uses 
a focused electron-beam in order to locally heat up and evaporate the target material. 
This prevents any risk of contamination from the crucible, the temperature of which is 
kept low by water cooling. Upon evaporation, the target material condenses on every 
cool surface of the deposition chamber, including the intended substrate. 

 

  

Figure 2-1: Resistance evaporation device Balzers MED-020 of the chair WW7 in Erlangen used 
for almost all gold depositions presented in this work. 
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Figure 2-2: Electron-beam deposition device (self-built model) mostly used for copper 
deposition. 

The microstructure of the films is affected by the temperature of the substrate, the 
deposition rate, and the vacuum level. A heated substrate provides the incoming 
atoms – the so-called adatoms – with a supplementary energy that increases their 
mobility. This favors the further growth of pre-existing condensation islands, and 
therefore increases the mean grain size [8]. Increasing the heating of the source 
material boosts the deposition rate, and therefore the flow of adatoms, reducing their 
individual mobility and the resulting grain size. The grain size can also be reduced by 
the presence of impurities which acts as multiple initiation sites for condensation. 
Compared to other production techniques, the purity of evaporation-deposited films is 
excellent. It is of course even better if electron-beam evaporation is used, and is in 
any case affected by the ratio between the mean free path of the atoms and the 
distance between the crucible and the substrate, which depends mostly on the 
vacuum level. Using extreme conditions (slow deposition rate, high temperature, and 
ultra-high vacuum), epitaxial growth of single crystal can even be achieved by 
evaporation-deposition. 

Sputtering 
Sputtering takes place in a vacuum chamber partially filled with an argon plasma 
(pressure of 10-4–10-1 mbar). Thanks to a voltage bias, the Ar+ ions are accelerated 
toward the target, a foil made of the material to deposit. Upon arrival, their kinetic 
energy is transformed to the atoms of the surface, creating a gas which condensates 
among others on the sample substrate. The microstructure of the resulting film 
depends on the sputtering parameters. A high sputtering power provides the 
incoming adatoms with a high energy therefore increasing their mobility on the 
surface of the substrate, and favoring a coarser microstructure. The grain size also 
inversely scales with the argon gas pressure. A higher argon pressure increases the 
sputtering rate, therefore reducing the mobility of individual adatoms and as a 
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consequence the mean size of the crystallites. More accurate predictions can be 
made by using the Thornton structure zone model [9]. 

In comparison to evaporation, sputtering provides adatoms with a higher kinetic 
energy (acceleration towards the target) and a much lower thermal energy (Brownian 
motion). The higher kinetic energy results in a generally better adhesion of the film to 
its substrate, but also introduces a much higher concentration of defects in the 
material. But before all, since the overall energy of the adatoms is lower, their 
mobility is also lower, so that sputter-deposited films evidence a smaller grain size 
than evaporated ones. Because of the imperfect vacuum level, they also contain 
more impurities, which possibly stabilize the finer microstructure. 

2.1.2.2 Morphology 

 

 

 
 a.    b. 
Figure 2-3: AFM micrograph showing the topography of a gold thin film produced a. by thermal 
evaporation – b. by sputtering. 

Deposited thin films may macroscopically look very flat, but nonetheless possess a 
certain surface roughness. The gold films obtained by evaporation and sputtering 
which are shown in Figure 2-3 have for instance a roughness Ra of 5.0 and 4.3 nm, 
respectively. This roughness is a consequence of the randomness of the deposition 
process [5], and is more pronounced at low temperature. On the opposite, 
moderately heating the substrate increases the mobility of the incoming adatoms and 
results in a flatter film. The surface morphology does not necessarily reflect the
underlying microstructure, as illustrated by the comparison presented in Figure 2-4. 
The secondary electron micrograph (Figure 2-4a) evidences the same small surface 
hillocks as detected by atomic force microscopy (Figure 2-3), while the underlying 
grains revealed by electron-backscattering (Figure 2-4b) are one order of magnitude 
larger. The observed topography most likely reflects the early atom condensation
islands that coalesced into larger grains at a later stage of deposition. 
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 a.  b. 
Figure 2-4: SEM micrographs of a 250 nm freestanding PVD gold film. The same area was 
imaged with a. secondary electron contrast providing surface information – b. electron back-
scattering contrast providing information from the depth. 

2.1.2.3 Microstructure

 
Figure 2-5: Typology of the structure zone models [8,9] describing the microstructure of thin 
films. 

As mentioned above, the microstructure of thin films strongly depends on the 
deposition parameters. Structure zone models for both evaporation [8] and sputtering 
[9] predict three possible kinds of microstructure, depending on the level of mobility of 
the adatoms (see Figure 2-5). At low mobility (zone 1), the grains are tapered and the 
growth is strongly influenced by the substrate. As soon as surface mobility is granted 
(zone 2), the grains become columnar. Lastly, at higher mobility (zone 3), the atoms 
are allowed to move within the volume, thus the thermodynamically most favorable 
state of equiaxed grains is reached. 
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Figure 2-6: FIB cross-section of a 600 nm EBPVD gold film showing a “zone 1 – zone 2” 
transition microstructure. 

The gold films produced for the present work usually exhibited a microstructure 
corresponding to the transition between zone 1 and zone 2. Figure 2-6 shows a
typical example with rather columnar grains, albeit not all of them extending through 
the whole thickness. Another interesting observation is that quite many grains are 
affected by twinning. This phenomenon, which is not taken into account by the 
structure zone models, is common among fcc metals with low stacking fault energy 
(gold, silver, copper…). The twins visible in Figure 2-6 have been created during film 
growth. Gold has such a low stacking fault energy that it however can also twin at 
room temperature in response to mechanical straining [10]. 

It is possible to modify the microstructure and increase the mean grain size by heat 
treating the deposited film [11]. Unfortunately, this also causes a strong roughening 
of the surface [12], which is detrimental to bulge testing. Further concerns exist about 
the diffusion of Si atoms from the substrate into the film (Au-Si eutectic at 363°C 
[13]), causing its embrittlement. For these reasons, no heat treatment was performed 
for the present work. 

2.1.2.4 Adhesion 

The adhesion of a film on substrate is influenced by many factors. First of all, it 
depends on the considered materials: it is often more problematic to satisfactorily 
bond a crystalline film to an amorphous substrate than to a crystalline material (of the 
same Bravais group). Secondly, it depends on the PVD technique: sputtering usually 
leads to a better adhesion than vacuum evaporation [7,14]. It is also possible to 
introduce an interlayer to promote adhesion. In the special case of gold on silicon 
nitride, it is common to use Ti, Cr, NiCr, Mo, or Nb [15]. Chromium was favored 
throughout the present work due to its easier deposition process. It has the only 
disadvantage that the film should not be subsequently heated above 220°C, least 
diffusion would occur [16]. Adhesion depends on the respective residual stresses of
the substrate, interlayer, and film, which in turn vary during film growth. For a given 
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gold film thickness, it is necessary to follow a trial and error procedure in order to 
determine the optimal thickness of the chromium adhesion layer. Each sample was 
tested by tape peeling. In case the film delaminated at the SiNx/Cr interface, the next 
chromium layer was grown to a larger thickness. In case the delamination occurred at 
the Cr/Au interface, it was reduced. On the whole, the highest adhesion was reached 
when the chromium interlayer was about 4% of the gold film thickness. 

  

Figure 2-7: High Resolution Transmission Electron Microscope (HRTEM) micrographs showing 
the interfaces between the successively deposited film layers. 

In order to understand the mechanisms responsible for the adhesion, the interfaces 
were examined with a Philips CM 300 High Resolution Transmission Electron 
Microscope (HRTEM) at the chair for electron microscopy in Erlangen. The 
micrographs shown in Figure 2-7 revealed that a 1 nm native oxide had grown on top 
of Si3N4, as expected from literature [5], so that the chromium actually provided 
adhesion to SiO2. The separation between chromium and gold looked in comparison 
less sharp, suggesting that limited inter-diffusion had already taken place, 
strengthening the interface. 

2.1.3 Micromachining 

Micromachining is a general term encompassing a wide range of photolithographic 
and chemical etching processes used for the production of integrated circuits and 
MEMS devices. The preparation of bulge test samples heavily relies on anisotropic 
etching. 

 Potassium hydroxide (KOH) etching 
This anisotropic etching technique is the most commonly used in the 
semiconductor industry. A KOH solution etches (100) silicon along the (111) 
planes, creating pits with faces at an angle of 54.7°. Using elevated 
temperatures, very fast etching rates can be achieved. Such fast rates are 
however accompanied by a strong production of hydrogen gas, which is a 
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serious threat to large freestanding films. Therefore, a 20% (w/w) KOH 
solution heated to 50°C only was used, which experimentally resulted in an 
etching rate of about 15 μm silicon per hour, in good agreement with literature 
[17]. KOH has a pretty good selectivity for silicon. More precisely, it does not 
affect SiNx at all, while SiO2 is etched very slowly. For instance, a 20% (w/w) 
KOH solution at 50°C etches SiO2 at a rate of about 20 nm/h. 

 Tetramethyl ammonium hydroxide water (TMAH) etching 
TMAH is an anisotropic [(CH3)4NOH] based etchant with excellent selectivity 
for Si over SiO2 and SiNx. Specifically, it is hardly capable of removing the 
weak native SiO2 film that grows on top of Si at room temperature. Like KOH, 
it etches silicon along its (111) planes, albeit at a slightly slower etching rate 
[4]. Figure 2-8 evidences the effect of KOH and TMAH on a Si3N4/SiO2 bilayer: 
SiO2 is removed by KOH only. 

 Orthophosphoric (H3PO4) acid
H3PO4 is an isotropic etchant with low selectivity. It is nonetheless widely 
used, because of its rare ability of removing SiNx. It also etches SiO2 and Si. 
In a solution of 80% (w/w) H3PO4 homogenized at 120°C, LPCVD Si3N4 is
etched at a rate of about 4 Å/min. 

 Reactive Ion etching (RIE) 
RIE is a dry etching technique which consists into accelerating ions toward the 
surface of the sample. Upon arrival, they chemically react with atoms from the 
surface and/or sputter them due to their high kinetic energy. Provided a 
suitable mask is used, very sharp edges can be obtained in the direction of the 
incoming ions. Using a sputtering power of 100 W, a CF4 flow of 30 sccm, and 
a working pressure of 13.33 Pa (100 mtorr), the LPCVD SiNx material used in 
this study is etched at about 50 nm/min. 

 

 
Figure 2-8: Comparison of bulge pressure-deflection data for Si3N4/SiO2 bilayer 
membranes after prolonged etching with KOH and TMAH at 50°C. The SiO2 layer was 
removed by the 20% (w/w) KOH solution within approximately 3 hours, while it was left 
intact by the 25% (w/w) TMAH solution, even after much longer time. 
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2.2 Texture and anisotropy 

2.2.1 Texture 

Unlike bulk materials, films usually exhibit a texture, i.e. a non-uniform distribution of 
crystallographic orientations among their grains. Deposited thin films often have a 
uniaxial symmetry in the out of plane axis, referred to as fiber texture. The reason is 
that film growth occurs by the successive condensations of adatoms on top of the 
different growth islands following the energetically most efficient stacking. This leads 
to a prevalence of the crystallographic planes with the closest packing of atoms 
perpendicular to the growth direction, i.e. parallel to the substrate. The in-plane 
orientation distribution is however usually uniform because there is no energetic 
driving force for the initial adatoms to condensate in a certain direction. Not 
surprisingly, fcc materials often have a {111} fiber texture [18], while {110} is more 
common for bcc ones [19]. Not all deposited thin films follow this pattern. On the one 
hand, the crystallographic orientation of very thin films can be influenced by the 
underlying substrate. On the other hand, certain deposition parameters such as very 
high rates can hinder the correct ordering of adatoms, resulting in a loss of the 
texture. Figure 2-9 shows pole figures obtained by EBSD measurements which 
illustrate this behavior. The gold films fabricated for the present work were produced 
by evaporation, and had a strong {111} texture similar to Figure 2-9a. Generally, thin 
films produced by sputtering are less prone to strong fiber textures than the one 
obtained by evaporation, because of the lower energy available to the adatoms, 
which prevents them from seeking the energetically most favorable positions [7]. 

a. 

 

b. 

 
Figure 2-9: Pole figures of gold thin films 
a. 500 nm gold film electron-beam deposited at a rate of 5 Å s-1 showing a {111} texture –  
b. 150 nm gold film sputter-deposited at a rate of 2 Å s-1 showing no texture. 

Their texture confers thin films different mechanical properties than bulk samples.  
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Table 2-1: Zener anisotropy factor A = 2c44/(c11-c12) calculated from the elastic constants given 
in [20] for room temperature. 

Material Gold Copper Aluminum Chromium Nickel Tungsten 

Zener ratio 2.87 3.21 1.21 1.31 2.37 1.00 

2.2.2 Elastic anisotropy

It is common to calculate the so-called Zener anisotropy factor in order to quantify the 
deviation from isotropic properties, see Table 2-1. Tungsten is the only metal 
exhibiting perfectly isotropic Young’s modulus and Poisson’s ratio, therefore it has a 
Zener ratio of 1. Among the materials commonly used for thin films, aluminum and 
chromium have Zener ratios approaching 1, meaning that their elastic behavior is 
almost isotropic. Chromium is often used as adhesion layer between a silicon 
compound and a metal. Aluminum is another material of major significance for the 
semiconductor industry. For material scientists, it is valuable for modeling size effects 
almost independently from texture influences. As can be seen in Table 2-1, gold is a 
material with a moderately high anisotropy factor. As a consequence, its Young’s 
modulus heavily depends on its crystallographic orientation, see Figure 2-10. 

 
Figure 2-10: Anisotropic Young’s modulus of gold represented in spherical coordinates. The 
calculations were carried out with Maple based on the elastic constants given in [20]. The red 
line shows that the Young’s modulus is constant in all directions perpendicular to [111]. 

It should however be noted that since gold has an fcc structure, its Young’s modulus 
is constant - at 81.23 GPa - for any direction on the {111} planes. Any film of fcc 
material with a perfect {111} texture has for this reason transversely isotropic elastic 
properties whatever its in-plane orientation distribution is. As mentioned earlier, thin 
films usually exhibit a fiber texture associated with a statistically uniform in-plane 
orientation distribution, so that they can also be considered transversely isotropic. In 
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such a case, the values of the elastic parameters can be calculated as an average 
over all possible orientations. 

Beside the Young’s modulus, the mechanical parameters of interest in thin films with 
focus on bulge testing are the Poisson’s ratio and the plane-strain modulus. In a 
coordinate system C’ {x’,y’,z’}, the Young’s modulus in the x’ direction, the Poisson’s 
ratio between the x’ and y’ directions, and the plane-strain modulus in the x’ direction 
with regard to the y’ directions are given by [21-23]: 

 =  (2-1) 
 

 =  (2-2) 

 =  (2-3) 

where the are the elastic constants of the material expressed in the C’ coordinate 
system. In the case of fiber texture, planar properties are obtained by integrating 
these values over all the directions contained in the considered plane. Such a 
calculation has been performed with Maple, and the numerical results for the most 
common textures are reported for several materials in Table 2-2. 
Table 2-2: Planar elastic values calculated for films of different fiber textures from the crystal 
elastic constants given in [20]. The results for (110) and (100) are obtained by averaging over 
all possible in-plane directions and are thus only valid for fiber textured materials. The results 
for the (111) texture are exact and still valid even if there is an in-plane preferred orientation. 

(111) texture Gold Copper Aluminum Chromium Nickel 
Young’s modulus / GPa 81 131 72 266 201 

Plane-strain modulus / GPa 121 174 83 277 247 

Poisson’s ratio 0.57 0.50 0.38 0.19 0.43 
 

(110) fiber texture Gold Copper Aluminum Chromium Nickel 

Young’s modulus / GPa 82 132 71 275 198 

Plane-strain modulus / GPa 141 192 82 287 243 

Poisson’s ratio 0.49 0.41 0.36 0.21 0.37 
 

(100) fiber texture Gold Copper Aluminum Chromium Nickel 
Young’s modulus / GPa 59 94 67 295 155 

Plane-strain modulus / GPa 64 100 75 315 165 

Poisson’s ratio 0.25 0.19 0.33 0.25 0.21 
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Lee [22] provided analytical expressions for directly calculating the Young’s modulus 
and Poisson’s ratio of fiber textured thin films. During the present work, a series of 
typos was discovered in his original paper [22], and an erratum [23] was published. 
Besides, following his framework, expressions were derived for plane-strain moduli, 
see Table 2-3. 
Table 2-3: Analytical expressions for the planar plane-strain elastic modulus for films of 
different fiber textures. 

Fiber 
texture Plane-strain modulus 

(111) 9 + 18 + 182( + )( + 4 + 8 ) 

(110) 1 + [ 2( )] cos (1 + 3 sin )( + + 1/4[ 2( )] cos )( + 1/4[ 2( )][cos + 6 sin ])  

(100) 1 + [ 2( )] sin cos( + )( + 2[ 2( )] sin cos )  

 

In case a thin film does not have a perfect fiber texture, but a mixture of several, the 
elastic parameters have to be calculated as a weighted average according to a given 
rule. If one considers that the strain is the same in all grains, the calculations are 
performed by averaging stiffness values, yielding the so-called Hill (or Voigt) average 
[24,25]. In turn, if the stress is assumed to be constant among the grains, the 
calculations rely on averaging compliance values, leading to the Reuss average [26]. 
In reality, neither of these conditions is satisfied, and it is common to take the mean 
of the Hill and Reuss values, the so-called Voigt-Reuss-Hill approximation [27]. Note 
that the gap between the Hill and Reuss estimates is typically rather large. 
Alternatively, it is possible to use the Hashin-Shtrikman bounds [28] which provide a 
tighter estimate. 
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 Young’s modulus Poisson’s ratio Plane-strain modulus 
    

Au 

 

Cu 

  

Al 

 

Ni 

 

Figure 2-11: Planar elastic properties of fiber-textured films for several common thin film 
materials with any possible orientation. a. Young’s modulus – b. Poisson’s ratio – c. Plane-
strain modulus. 
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2.2.3 Plastic anisotropy 

Of course, the crystalline nature of the studied materials does not only affect their 
elastic properties, but also makes their plastic behavior anisotropic. The reason is 
that plastic deformation in a single crystal usually occurs by dislocation glide, which 
only takes place on favorably oriented planes. More precisely, it is the glide system 
where the so-called critically resolved shear stress (CRSS) is first reached which is 
activated. The CRSS depends on the considered material, dislocation type, strain-
rate, and – especially for bcc materials – temperature. The ratio between the 
resolved shear stress and the applied stress is called Schmid factor [29]. In a 
polycrystalline material, the grains with the highest Schmid factor are prone to yield 
first. This simple concept is however not sufficient in order to predict the macroscopic 
yielding behavior, because it does not take into account the interaction between 
grains and thus the need for compatible deformations. Taylor [30] solved this 
problem by noticing that any deformation could be accommodated by activating five 
slip systems in each grain. Since there are in total 12 possible slip systems in fcc 
materials, finding the activated set of 5 systems amounts to examining 792 
possibilities only [31]. Taylor found that the ratio between macroscopically applied 
tensile stress and critically resolved shear stress was equal to 3.1 for face-centered 
cubic polycrystalline materials with uniform orientation distribution [32]. This ratio is 
commonly called Taylor factor. It can be calculated for any such material, a more or 
less severe deviation from the value of 3.1 quantifying the degree of plastic 
anisotropy. Such an algorithm is implemented in the software package Flamenco 
(Oxford Instruments). Taking the data from the thin films obtained by EBSD and 
shown in Figure 2-8 as input, a Taylor factor of 3.26 was found for the electron-beam 
deposited film, and of 3.10 for the thin sputtered film. This correlates well with the 
observations reported earlier. The thin sputtered film with random orientation 
distribution has the same Taylor factor as macroscopically isotropic polycrystalline 
materials. The electron-beam deposited film with a strong (111) fiber texture appears 
in turn to be slightly weaker (yield stress predicted 5% lower) than its bulk isotropic 
counterpart. 

Apart from the Taylor factor, there are few other experimental values, such as the 
Lankford parameter [33], which can be used for quantifying the degree of anisotropy 
of a material. They are however only suited for tensile testing, which is not 
appropriate for thin films requiring careful handling. In the specific case of bulge 
testing, a real quantitative study of the effects of anisotropy on the yielding behavior 
would require varying the geometry of the membrane in order to vary the stress state 
from biaxial to plane-strain. 

All in all, the texture of most thin films has a real but limited influence on their 
mechanical properties.  
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2.3 Mechanical properties 
The mechanical properties of thin films often differ a lot from these of their bulk 
counterparts. Since those values are of utmost importance for designing integrated 
and micro-electro-mechanical systems, they have often been investigated, giving rise 
to an abundant literature about so-called size effects. 

2.3.1 Young’s modulus 

Many researchers claimed to have measured unusually high or low Young’s moduli 
for thin films made of different materials. There is however no sound reason why the 
elastic properties should be affected by the length scale, and therefore one cannot 
claim a general size effect. The only exception is when the relative volume of the 
grain boundaries becomes large enough for the elastic behavior to be dominated by 
these not long range ordered areas. According to measurements from Goudeau et al. 
[34] this happens for a grain size smaller than 3 nm. Since this is not the case for the 
huge majority of thin films, it is more likely that the reported observations of modified 
Young’s modulus are caused by process related effects, like texture, diffusion and 
porosity, or by measurement errors. 

2.3.2 Strength 

On the opposite, the yield strength is subject to a well-documented (since the 1950s 
[2,35]) and partially understood size effect. While the details are still disputed, it is 
generally accepted that the mechanisms of dislocation nucleation and motion 
responsible for yield are modified when a dimensional parameter becomes smaller 
than the material specific length scale. The dimensional parameter that is referred to 
can either be the grain size, or the film thickness, or a combination of both [12,36-40]. 

The effect of the grain size on the yield strength is best accounted for by the famous 
Hall-Petch relationship [41,42]: 

 = +  (2-4) 

where 0 is the yield stress of an equivalent single crystalline material, D the grain 
size, and k the Hall-Petch coefficient. While this simple model works well for bulk 
materials, it is not sufficient in order to account for the stronger variation observed in 
thin films, presumably because it does not take free surfaces and passivation into 
account. 

An early model used for describing the contribution of the film thickness to the 
increase of the yield strength is the Nix-Freund model [43,44] which describes how a 
dislocation is compelled to thread within a confined film layer. The motion of this 
dislocation is mostly hindered by the interaction between the dislocation segments 
and the impermeable interfaces. This model was further improved in order to account 
for the influence of misfit obstacle dislocation created by prior dislocation glide [45-
47]. Though conceptually attractive, the Nix-Freund model could not be supported by 
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strong experimental evidence. On the contrary, TEM observations [48,49] suggested 
that a weak interface between a crystalline film and an amorphous substrate rather 
behaves like a sink where dislocations annihilate, while dislocation segments are 
actually blocked or even generated at the boundary between two crystalline 
materials. Besides, all the early analytical models [43,44,47] have been developed 
for a single crystalline film, and are not suitable for describing the experimentally 
reported size effects in polycrystalline thin films [50]. In order to avoid these 
shortcomings, complex dislocation dynamics simulations were carried out on 
polycrystalline models [51]. They predicted a large pile-up of dislocations at the 
impermeable film-substrate boundary, which caused a strain gradient and accounted 
well for the observed strength enhancement [51,52]. As grain boundaries similarly act 
as barriers to dislocation motion, the presence of a substrate only significantly 
influences the strength of thin films with a high ratio between grain size and film 
thickness – i.e. a low average number of grains through the thickness [53,54]. 

2.3.3 Residual stress 

There is a strong technological interest in characterizing residual stresses, as they 
can deeply affect the functional properties of thin films. Large residual stresses are 
often responsible for the formation of micro-cracks or for the delamination from the 
substrate. 

Almost all thin films bonded to a substrate are subjected to residual stresses. 
Actually, the bonding causes forces to be balanced between both bodies, but this 
results in a negligible shift of the stress in the substrate, because of its much larger 
thickness. For this reason, the discussion is often limited to the stress state in the thin 
film. Residual stresses appear as soon as during fabrication, and can be divided into 
two categories depending on their origin [7]. 

Intrinsic stresses are associated with the growth process. The sign of the intrinsic 
stress can vary even during deposition. In the usual case of Volmer-Weber growth 
[55], it is for instance compressive in the early stage of the process, and becomes 
tensile after cluster coalescence and subsequent grain boundary area reduction. 

The second kind of residual stresses are extrinsic stresses, which originate from 
external influences. The major cause for extrinsic stresses is the thermal expansion 
mismatch between film and substrate. 

As explained before, thin films are generally fiber textured or isotropic. In either case, 
they do not have preferred in-plane orientation so that both intrinsic and extrinsic 
stresses can be regarded as equi-biaxial. The residual stress is therefore governed 
by the equi-biaxial expression of Hooke's law: 

 = 1  (2-5) 

where stress  and strain  in any direction are related by the biaxial modulus /1 . 
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When pressurizing a thin rectangular membrane during a bulge test, a plane-strain 
stress is superimposed to the initial stress state. This sometimes leads to confusions 
in the literature. In fact only the externally applied stress and corresponding strain are 
related to each other by the plane-strain modulus /1 , while the residual stress 
keeps being equi-biaxial. The correct interpretation of an idealized stress-strain curve 
derived from rectangular bulge testing will be shown in chapter 3. 

2.3.4 Fatigue properties 

The fatigue properties of thin films are also of both technological and scientific 
interest. 

2.3.4.1 Films on substrate 

Most of the knowledge about the fatigue mechanisms affecting films bonded to a 
substrate comes from the extensive testing performed on copper samples. Fatigued 
thick films usually display the same extrusion-intrusion pairs at the free surface as 
macroscopic samples. TEM observations by Schwaiger et al. [56] on 4 μm copper 
films have revealed the same walls and cells dislocation structures as in macroscopic 
samples, leading to the conclusion that the same persistent slip bands formation 
mechanisms were operating. Such a similitude disappears for thinner copper 
specimens. In the transition regime corresponding to a thickness range of 200 nm –
1 μm in copper, the dislocations are more randomly organized [57], and extrusions 
are more rarely found on the surface [56]. Lastly, for copper films below 200 nm, 
damages are mostly localized at interfaces such as grain boundaries or twin 
boundaries [57,58]. In order to understand these findings, one should remember that 
the grain size of thin films roughly scales with the films thickness. Thus, reducing the 
film thickness leads to the strong size effects discussed in paragraph 2.3.2. The 
explanation which has been proposed for explaining the transition in cyclic 
deformation mechanisms is that the dimensional and microstructural constraints 
become too strong to allow the formation of organized dislocations structures [59] 
(PSBs in bulk copper have a characteristic wall-spacing of 1.4 μm [60]). Since the 
yield strength of thinner films is higher – possibly because the mechanisms 
responsible dislocation nucleation and motion are changed (see paragraph 2.3.2) – 
they cannot deform plastically until a high stress is reached, which is larger than the 
stress needed for cracking at grain boundaries [58]. This explains why grain 
boundary cracking dominates fatigue life, while some extrusions can still form if 
testing is continued after cracking has occurred [61]. A general observation is that 
very thin films tested with the same stress amplitude exhibit a longer fatigue life than 
thicker ones [62], whichever definition is adopted for fatigue life [61,63]. While the 
general picture of the size effect is clear, there are certain factors which can influence 
its magnitude, or the transition thickness range. A good adhesion of the film to the 
substrate can for instance postpone the local debonding which is needed for the slip 
bands to develop, and thus extend the fatigue life of the sample and possibly lead to 
grain boundary cracking [61]. The fatigue life of thick copper samples is further 
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influenced by the fraction of (100) oriented grains [58,62]. (100) is indeed a weak 
fiber texture orientation compared to the dominating (111), see paragraph 2.2.1. 
(100) oriented grains have a flow stress that is 41% only of the (111) grains, 
therefore they promote the formation of extrusions and reduce the fatigue life of the 
film [58]. Another interesting finding from Lu et al. [64] is that as-deposited copper 
films with an unstable microstructure are not extremely fatigue resistant. Such films 
are indeed subject to local abnormal grain growth during testing, which leads to the 
creation of weak spots (cf Hall-Petch, paragraph 2.3.2) where deformation is 
immediately localized and extrusions can grow. 

2.3.4.2 Freestanding films 

There are so few results concerning freestanding films that no general trend can be 
evidenced. The point deflection experiment of Abbas et al. [65] suggests that both 
cracking at the grain boundaries and limited plastic deformation might take place in a 
100 nm gold freestanding film. However, since their membrane failed after 5 cycles 
only, it is questionable whether their observation is at all connected to fatigue. 
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3 Basics of bulge testing 

3.1 Introduction 

3.1.1 History 

The first bulge tests on thin films were reported by Beams [66] in 1959. At that time, 
experiments were clearly hindered by the involved sample preparation. Gold or silver 
were grown on a rock salt crystal, which had to be carefully dissolved by water in a 
circular area. The choice of this circular geometry was further motivated by the 
availability of the analytical spherical cap model, providing simple equations for the 
stress and strain in the center of the membrane. 

The interest for bulge testing rose again at the end of the 80s’ when the development 
of the semiconductor industry made micromachining methods widely available. They 
greatly eased the fabrication of freestanding samples, albeit allowing only for 
rectangular and squared geometries. Tabata et al. [67] reported the first experiments 
made on rectangular micromachined samples, but the technique started spreading 
only after W. Nix and J. Vlassak in Stanford further developed and validated the 
analytical tools needed for the evaluation of bulge experiments [68-72]. They 
particularly promoted the use of long rectangular membranes, which reach a pure 
plane-stress plane-strain state and offer a very uniform stress state suitable for 
studying plastic deformation. 

3.1.2 Used geometries 

There are three common types of bulge sample geometries. 

3.1.2.1 Circular membranes 

Circular samples allow for an equi-biaxial loading of the material in their center. This 
is certainly the most appropriate geometry in order to study effects related to the 
internal stress of a deposited film – which is also equi-biaxial, therefore the loading 
will not produce any discontinuity. In the center of the sample, the planar stress and 
strain taken in any direction are related by the biaxial modulus = /1 . 
More precisely: 
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 = 1 ( ) +  (3-1) 

where 0 is the internal stress of the film and 0 its corresponding pre-straining. 

However, this only holds true in the geometrical center of the membrane. Further 
away, the stress state is influenced by the clamped boundary and deviates from 
perfect equi-biaxiality [68,72]. The cumbersome sample preparation has made the 
use of circular membranes rare in the latest years [73]. 

3.1.2.2 Squared membranes 

Squared membranes are easy to fabricate using macromachining but are not of 
frequent use because they are subjected to a very inhomogeneous stress state. 
There is also no straightforward equation linking the stress and strain in their center. 

3.1.2.3 Rectangular membranes 

Long rectangular membranes with an aspect ratio greater than 4:1 are the most 
commonly used, mostly because they create a very uniform stress field in a large part 
of the sample [71,74]. This avoids local strain hardening, and makes this geometry 
ideal for studying the plastic deformation of thin films. Besides, sample preparation is 
relatively easy thanks to micromachining techniques. 

The use of long rectangular membranes is sometimes referred to as plane-strain 
bulge testing, since the boundary conditions prevent the material located in the 
center from flowing in the longitudinal direction. As a consequence, the lateral stress 
and strain in the central section of the samples are related by the plane-strain 
modulus = /1 . More precisely: 

 = 1 ( ) +  (3-2)  

where  is the residual stress of the film and  its corresponding pre-straining. 

3.1.2.4 Combined use of several geometries 

Testing the same material with several geometries allows calculating the Poisson’s 
ratio of the material [70]. The most robust strategy consists in using both circular and 
long rectangular geometries, which respectively provide values for the biaxial 
modulus = /1  and plane-strain modulus = /1 , wherefrom  
can be extracted as: 

 = 1 (3-3) 

This of course requires that the studied material is planar isotropic, which is 
fortunately most of the time the case.  

It should however be noted that the fabrication of the required circular membranes is 
not straightforward, therefore experiments have so far mostly been conducted by 
comparing rectangular and squared geometries [70,75,76]. Martins et al. [76] 
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successfully performed the analysis for several materials but reported a strong 
scattering in their results. The reason is that the experimental data is a weak function 
of the Poisson’s ratio for both squared and rectangular geometries; therefore the 
result is strongly influenced by any small experimental variation. 

Note that Sun et al. [77] recently published an alternative method for simultaneously 
determining the Young’s modulus and Poisson’s ratio from a single bulge test on a 
circular film. Their method is unfortunately of little practical interest, because it is 
restricted to the unlikely case of high strength films with poor adhesion to the 
substrate and no residual stress. Not surprisingly, the authors have so far failed at 
reporting about any experimental application. 

A last method proposed for measuring Poisson’s ratio consists into combining bulge 
testing with a circular membrane and nanoindentation [78]. It is unclear which 
advantages its authors sought to gain: not only is it difficult to produce circular 
membranes, but reliably measuring the elastic properties of a thin film on substrate 
by nanoindentation proves a real challenge. 

3.2 Evaluation procedures 
Independently of the shape of the membrane, there are two kinds of approaches 
which can be used for evaluating a bulge test experiment. 

3.2.1 Generalized pressure-displacement equation 

The first approach consists in extracting the Young’s modulus and internal stress by 
fitting the elastic part of the experimental pressure-displacement curve. It has indeed 
been shown that these data are well described by the two separate contributions of 
the film stiffness and the internal stress [67,72,79,80]: 

 = + 1  (3-4) 

where 0 is the internal stress, t the thickness of the film, a its half-width, and c1 and 
c2 coefficients which depend on the geometry of the membrane. These coefficients 
have been compiled in Table 2-1. Alternative values obtained by other researchers 
have been thoroughly listed by Hohlfelder [72]. 
Table 3-1: Coefficients used for the analysis of pressure-deflection curves for bulge testing 
with different sample geometries. 

Geometry c1 c2 Reference 
Circular 4 8/3 [66,68] 
Squared 3.393 1.996 0.  [71,79] 

Rectangular 2 4/[3(1 + )] [70] 
 

The main issue with this evaluation method is that it is only valid for an elastic 
deformation. It does therefore not allow investigating plasticity. Worse, if it is applied 
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to bulge data where micro-yielding has started unnoticed, the returned value of the 
Young’s modulus will be biased. 

3.2.2 Analytical expressions of stress and strain 

Exact analytical expressions of the stress and strain have been derived for bulged 
circular [66] and infinitely long rectangular [71] films. Both expressions mostly rely on 
geometrical considerations which do not depend on the exact nature of the 
deformation. Therefore, they hold true for an elastic-plastic deformation, and offer a 
valuable tool for studying plasticity in thin films. 

3.2.2.1 Spherical membrane 

 
Figure 3-1: Schematics of the center of a circular membrane during bulge testing. 

From the spherical cap model for the deflection of circular membranes, following 
equations [66,68,72] have been obtained for calculating the radial stress and strain in 
the geometrical center of the membrane : 

 =  (3-5) 

 = 23 +  (3-6) 

 

where a is the radius of the membrane, t its thickness, p the applied gas pressure, 
and h the deflection in the center of the membrane, as indicated in Figure 3-1. 
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3.2.2.2 Long rectangular membrane 

 
Figure 3-2: Schematic of the central section of a long rectangular membrane during bulge 
testing. 

Vlassak [71] noticed that the deformed shape of an infinitely long clamped 
rectangular membrane is alike the shape of a section of a thin vessel loaded with an 
inner gas pressure. This was later confirmed by direct measurements [81]. Using this 
simple model, Vlassak could show that the lateral stress and strain in the central 
section of the sample can be calculated from the recorded pressure and deflection by 
the following expressions [71,74]: 

 = ( + )
 (3-7) 

 = +2 arcsin 2+ 1 +  (3-8) 

 

which he further simplified into: 

 =  (3-9) 

 = 3 +  (3-10) 

where a is the half-width of the membrane, t its thickness, p the applied gas 
pressure, and h the deflection in the center of the membrane, as indicated in Figure 
3-2. As Eqs. (3-9) and (3-10) are the most common equations in the literature, they 
have consistently been used throughout the present work.  

Strictly speaking, these equations are only valid for infinitely long membranes. Based 
on Finite Elements simulations, Vlassak [70,71] showed that they also accurately 
describe the stress and strain states in the central section of finite size rectangular 
membrane, as long as they had an aspect ratio of at least 4:1. Several authors 
[82,83] later questioned whether this membrane model which neglects flexural rigidity 
could really be applied to any thin films. Ziebart et al. [82] and Bonnotte et al. [84] 
proposed more complex evaluation schemes based on plate models for films thicker 
than several micrometers. But since the samples used in the present work are not 
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thicker than 400 nm, the membrane approach from Vlassak is the most appropriate, 
and was kept. 

Another major advantage of the expressions provided by Vlassak is that they can 
readily be adapted to a bilayer system, see Figure 3-3. 

 

 
Figure 3-3: Schematic of the central section of a long rectangular bilayer membrane during 
bulge testing. 

Provided that the adherence between both layers is perfect, they experience the 
same strain xx. The macroscopic stress results in turn from the contribution of each 
layer, so that: 

 = , + ,  (3-11) 

   

where xx is the mean stress through the whole thickness t, xx,1 the stress of the first 
layer of thickness t1, and xx,2 the stress of the second layer of thickness t2. 

Most of the time, the mechanical properties of the base layer are known from 
previous testing, and the stress in the upper layer can be calculated as: 

 , = ,  (3-12) 

or, using (3-9): , = 1 ( ) + ,  (3-13) 

where  is the known Young’s modulus,  the Poisson’s ratio, and ,  the internal 
stress of the base layer of the film. 
 

3.2.3 Overview of evaluation methods for different geometries 

Table 2-1 sums up the most useful information reached in the previous paragraphs
for each kind of membrane geometry.
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3.3 Finite Element validation 

3.3.1 Verification of the analytical model 

In the present work, bulge experiments are carried out on rectangular membranes, 
and are evaluated by the analytical equations provided by Vlassak. In order to 
assess the validity of his model, simulations were carried out with the general 
purpose Finite Elements software Abaqus (Dassault Systems) and compared with 
actual experiments. While general FEM simulations use 3-D elements, these are not 
adapted at all for simulating membranes. Indeed, such elements require a balanced 
aspect ratio, making it necessary to use hundreds of millions of them for simulating a 
thin film. Therefore, purpose specific 2-D shell elements were used instead. 

 
Figure 3-4: Finite Elements simulation of a 100 nm thick 1 x 4 mm SiNx membrane loaded to 
100 kPa showing the highest principal stress xx. 

More precisely, a 100 nm thick low-stress SiNx film produced by Silson Ltd 
(Northampton, UK) was modeled as a clamped 2-D surface made of 20 000 STRI3 
triangular shell elements. The model was given the exact dimensions of the tested 
sample, as well as the Young’s modulus and residual stress measured by bulge 
testing. The resulting lateral stress , visible in Figure 3-4, is fairly constant over 
approximately 80 % of the membrane, and becomes lower only in the vicinity of the 
short edges. The elements in contact with the long edges are subjected to a higher 
stress, due to the encastre boundary condition applied there and the subsequent 
bending [85]. These higher stresses are however constricted to such a narrow band 
that they do not affect the deflection of the membrane in any measurable way. Figure 
3-5a reveals a perfect agreement between the experimental and simulated 
deflections for a stress increasing up to 100 kPa. Figure 3-5b shows that the stress 
and strain calculated from the experimental load-displacement data by Eqs. (3-9)
also (3-10) perfectly correspond to the stress and strain present in the center element 
of the simulated membrane. Besides, the slope of the linear loading is equal with a 
deviation of only 0.5% to the plane-strain modulus of the simulated material.   
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      a.       b. 
Figure 3-5: Comparison between a bulge test experiment on a 100 nm SiNx membrane and the 
corresponding Finite Element simulation: a. pressure deflection data – b. stress-strain curves 
for the center of the sample. 

Further confirmation of the validity of the analytical model was achieved by 
comparing the stress and strain present in the center element with the prediction by 
Eqs. (3-9) and (3-10) taking the simulated pressure and deflection data as inputs, 
see Figure 3-6. Intrinsically, the use of Eqs. (3-9) and (3-10) results in errors of only 
0.1 % for the stress and 0.7 % for the strain.  

  
a. b.

Figure 3-6: Comparison between the stress (a.) and strain (b.) as calculated by Eq. (3-9) and 
(3-10) from the simulated pressure-displacement data and the output in the center element of 
the FE model, for a rectangular 100 nm SiNx membrane. 

The Finite Element model was further used for verifying that the variation of the 
stress  is indeed independent from the stress in the transverse direction , as 
assumed by the infinitely long rectangular assumption in Eq. (3-9). For this purpose, 
the initial residual stress set for the y direction before the beginning of the simulation 
was varied over one order of magnitude. This did not lead to any noticeable change 
of  reached at peak load in the center of the mesh. 
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All this evidences that the analytical model based on an infinitely long membrane is 
well adapted for describing the stress and strain situations in the center of a 
rectangular membrane with an aspect ratio larger than 4:1. 

3.3.2 Effect of imperfect sample preparation 

Bulge test samples are produced by the micromachining techniques described in 
paragraph 2.1.3. The membrane is obtained by anisotropic etching of the underlying 
silicon, which usually results in very sharp edges along given crystallographic 
directions. In case the lithographic mask has not been properly aligned, or contains 
defects, the membrane geometry might suffer some imperfection and show some 
steps which correspond to the overetching of a few rows of atoms. This was 
simulated by a step of 10 μm, which is very large compared to the lattice parameter 
of silicon a = 5.4 Å. This worse-case simulation is illustrated by Figure 3-7. 

a.  b.  

Figure 3-8: Finite element simulation showing the effect of an etching defect on the principal 
stress : a. membrane with a 10 μm defect – b. equivalent defect-free geometry. 

As can be seen from Figure 3-8, the step defect does not noticeably change the 
stress state away from the border. The stress still appears to be pretty constant in a 
large section of the sample. In fact, the defect does create a long-range distortion of 
the stress field, but it is extremely weak, and can only be visualized with an extremely 
magnified color scheme such as in Figure 3-9. In the simulated case, the defect 
reduces  in the center by 3% only. This decrease seems in fact mostly due to the 

 
Figure 3-7: Finite element mesh used for quantifying the 
influence of a 10 μm large step along the edge. 
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reduction of the effective width of the membrane. Interestingly, the analytical model 
from Vlassak (Eq. (3-9)) returns a value of  in as good agreement with the output 
of the FEM simulation as it was the case for a perfectly rectangular membrane. 

 
Figure 3-9: Refinement of the color scale showing the exact stress distortion caused by the 
10 μm step defect.  in the center is reduced by 3% in comparison with the defect-free film. 

On the whole, the presence of a step-defect at the boundary does not affect the 
correct evaluation of the stress and strain in the center of the membrane. It however 
locally creates a very high distortion which is likely to initiate a crack at the film-frame 
boundary, and could be the cause of early failures of the samples reported in the 
literature [86-88]. 

3.4 Experiments in Erlangen 
The bulge test setup developed in Erlangen has been used over 100 times in order to 
test long rectangular membranes. 

3.4.1 Erlangen setup 

The device initially built by Elmar Schweitzer [86,89] for in-situ investigations in an 
AFM was further improved in order to allow freestanding quantitative ex-situ 
measurements. 

This bulge test setup avoids the use of liquids which have been used in most 
previous setups. It relies on the concept of dynamic gas pressurization as proposed 
by Kalkman et al. [81]. Gaseous nitrogen flows at a constant rate into the pressure 
chamber, on top of which the sample is mounted. The pressure below the film is
varied by modifying the opening of the exhaust valve. In the ex-situ mode – which is 
most often used in this work – a laser autofocus displacement sensor continuously 
measures the deflection in the center of the sample. In combination with the recorded 
pressure data, this allows calculating a continuous stress-strain diagram. The setup 
is controlled by a Labview program running on a computer and operating over a 
hardware PID controller. The software requires the operator to provide a pressure 
profile and is able to repeat it a given number of times for the purpose of cyclic tests. 
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Figure 3-10: Erlangen bulge test setup in ex-situ operation mode. 

In ex-situ mode, the core plate is screwed onto a precision table which allows manual 
X-Y positioning with an accuracy of 5 μm. The laser displacement sensor is held 
above the membrane by a steady frame made of invar steel – a material with a 
coefficient of thermal expansion lower than most ceramics. This frame is positioned 
on an active damping table, while the cables are made traction-free by a remote 
holding frame. The whole setup is therefore fairly well isolated from mechanical 
vibrations. 

An overview of the device is shown in Figure 3-10 and further technical details are 
provided in [86]. 

3.4.2 Sample preparation 

The samples used in the present thesis are rectangular membranes with an aspect 
ratio of 4:1. They are produced by the micromachining techniques presented in 
paragraph 2.1.3, starting with a (100) silicon wafer.  

Firstly, the wafer is totally coated with silicon nitride. Rectangular windows aligned 
with the crystallographic directions are then opened by photolithography through the 
silicon nitride layer of the back side. Secondly, freestanding rectangular SiNx films 
are obtained by potassium hydroxide etching. At this point, gold is deposited onto the 
surface. In case needed, the adhesion of gold on silicon nitride can be promoted by 
introducing a thin chromium interlayer. The sample can then either be tested as a 
bilayer SiNx/gold, or as a freestanding film provided the SiNx layer is removed by hot 
phosphoric acid etching or reactive ion etching (RIE). In detail, the removal with hot 
phosophoric acid is performed by depositing a drop of H3PO4 into the central well of 
the sample, and locally heating it thanks to a halogen lamp. The distance between 
the filament and the sample is chosen so that the temperature of H3PO4 reaches 
~ 100°C, resulting in the SiNx layer being etched in ~ 36 h. RIE is in comparison 
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much faster (~ 2 min), avoids heating up the film material and results in a more 
uniform etching, but requires a special and costly equipment. 

 
Figure 3-11: Typical steps for the preparation of a freestanding gold sample. 

The steps of the sample fabrication are summarized in Figure 3-11. Note that these 
steps are exactly the same if one wants to use a Si3N4/SiO2 bilayer instead of a SiNx 
film. Roughly half of the samples used for the present work were fully produced in 
Erlangen, while the second half of the silicon nitride substrates were processed by 
Silson Ltd (Northampton, UK) following the same procedure. 

 
Figure 3-12: Optical micrograph showing the top-view of a 100 nm SiNx bulge sample. 

A fully processed sample is typically a squared piece of wafer of dimensions 12.5 x 
12.5 mm² consisting of a 1 x 4 mm² freestanding window surrounded by a silicon 
frame of 525 μm thickness, see Figure 3-12. This piece of wafer is finally glued onto 
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a threaded brass sample holder which is screwed on top of the pressure chamber. 
The orientation of the membrane does not significantly influence the determination of 
the mechanical properties. Figure 3-13 shows successive bulge tests performed on 
the same 100 nm SiNx membrane mounted with both possible orientations. There is 
an overall extremely good superposition of both measurements. A closer look reveals 
that the membrane mounted with the “usual” orientation (pressurization from inside 
the cavity, blue curve) is 4% stiffer than when mounted “upside-down” (pressurization 
from outside the cavity, black curve). This discrepancy could be due to a difference in 
frame stiffness [90], or more simply corresponds to an experimental fluctuation 
between both measurements. Mitchell et al. [91] have examined the orientation issue 
quite carefully, and reported a much larger stiffness increase of 9% to 21% when the 
membrane was pressurized from inside. They however did not perform both tests on 
the same sample, as it was the case here. Lastly, they recommended using the 
“upside-down” orientation because the shape of the deformed membrane is then in 
better agreement with the prediction by Vlassak [70] and simulation by Pan [92]. This 
might be true, but there is a more important reason why the “upside-down” 
orientation should be favored. As demonstrated by Figure 3-13, it is a much more 
robust orientation: the same membrane could be loaded up to 100 kPa with this 
orientation, while it failed at 64 kPa only when pressurized from inside the cavity. 
Such an earlier failure of the sample is most likely due to delamination at the Si/SiNx

interface, resulting in an expanding crack. When the film is pressurized from outside 
the cavity, the interface between the layers is in a rather compressive stress, which 
prevents delamination. 

 
Figure 3-13: Bulge testing of the same 100 nm SiNx membrane tested in two different 
orientations. The sample withstood a pressure of 100 kPa in the upside-down direction (black), 
but failed at 64 kPa when mounted in the conventional direction (blue). 

Since it did not seem that the mounting orientation could significantly affect the 
evaluation of the mechanical properties of the film, and since the pressurization from 
outside the cavity generally allowed reaching higher strains prior to sample failure, it 
was favored whenever possible. 
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3.4.3 Plane-strain bulge testing results 

The Erlangen bulge tester is used for testing both brittle and ductile materials. 
Typically, loading is performed at a constant pressure loading rate (~ 250 Pa s-1), and 
is followed by a holding segment and a subsequent unloading at the same pressure 
rate. 

 
Figure 3-14: Identification of the plane-strain modulus and the residual stress from the 
experimental stress-strain curve. 

After each experiment, the pressure and deflection data is transformed into stress-
strain curves by Eqs. (3-9) and (3-10). From this diagram, the plane-strain modulus is 
identified as the slope of the elastic segment, while the residual stress is read at the 
intersection with the stress axis, see Figure 3-14. Practically, it is difficult to identify 
the yield point, because the transition between purely elastic and elastic-plastic 
deformation is usually smooth. The plane-strain modulus is therefore rather 
calculated from the slope of the final unloading.  

 
Figure 3-15: Determination of the residual strain 0 of a bulge tested film. 

Note that the x-axis parameter is not the total strain of the film, but rather the 
deformation caused by the bulging which is superimposed to the pre-deformation 
associated with the residual stress of the film. Since this residual strain 0 is of equi-
biaxial nature, it should be determined by extrapolating the initial experimental data 
with a line of slope /(1 ), and looking for its intersection with the x-axis, see 
Figure 3-15. 
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stress

-

biaxial modulus
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3.4.3.1 Brittle materials 

  
      a.       b. 
Figure 3-16: Comparison of different brittle materials possibly used as substrate layers. Bulge 
tests comprising both loading and unloading: a. recorded pressure-deflection data –  
b. corresponding stress-strain curve. 

The first materials of interest are brittle ceramic films, which can also be used as 
substrates in bilayer films. This includes the silicon nitride and silicon dioxide films 
grown by the processes presented in paragraph 2.1.1. From the literature, thermally 
grown silicon oxide is not suited as a freestanding film, because it is subjected to a 
strong compressive residual stress [5] which results into buckling and possibly 
destruction of the sample. Therefore it can only be used in a bilayer in combination 
with another material prone to strong tensile stresses, such as silicon nitride. Typical 
bulge test measurements made on the usual ceramic materials are shown in Figure 
3-16. Loading and unloading curves overlap perfectly, showing that all tested 
materials behaved perfectly elastic, as expected from such brittle materials. 
Table 3-3: mechanical properties of different ceramic thin films measured by bulge testing. 
The values reported for the moduli and residual stresses have been rounded respectively to 
the nearest 5 GPa and 10 MPa. 

Material Supplier Thickness Plane-strain 
modulus 

Residual 
stress 

Si3N4/SiO2 Nanoworld 104/65 nm 160 GPa 400 MPa 

Si3N4 Nanoworld 104 nm 220 GPa 900 MPa 

Si-rich SiNx (1) Silson 100 nm 255 GPa 500 MPa 

Si-rich SiNx (2) Silson 100 nm 270 GPa 360 MPa 
 

The values of the corresponding plane-strain modulus and residual stress values are 
given in Table 3-3. It can be seen that stoichiometric LPCVD Si3N4 has a very high 
residual stress, which is detrimental to the achievable strain. The compressive 
residual stress of Si3N4 can be reduced by half by either using a bilayer Si3N4/SiO2, 
or shifting the ratio of the precursor gases so as to deposit non-stoichiometric Si-rich 
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SiNx instead. In fact, the latter solution was preferred in order to avoid the strong 
internal stress gradient and the supplementary interface of the Si3N4/SiO2 bilayer. A 
further reason for this choice is that the available supplier of Si-rich SiNx membranes 
could guarantee a better film quality than the supplier of Si3N4/SiO2 bilayers. It can 
however be seen in Table 3-3 that the mechanical properties of Si-rich SiNx films 
varies with the different production batches. In fact they depend on the density and 
exact stoichiometry of the SiNx film, which are strongly influenced by the exact 
temperature and gas ratio used during deposition.

3.4.3.2 Elastic-plastic materials 

As mentioned in paragraph 3.2.2, the analytical model from Vlassak is well suited for 
evaluating bulge experiments on elastic-plastic materials. 

      a.       b. 
Figure 3-17: Bulge test of a 230 nm thick gold freestanding film successively loaded to 20 kPa 
and 50 kPa. a. recorded load-deflection data – b. evaluated stress-strain diagram. 

Figure 3-17 provides a representative example of a bulge test experiment on a 
freestanding gold film. The membrane was first loaded to a pressure of 20 kPa, and 
fully unloaded. In a second cycle, it was reloaded to a pressure of 50 kPa, which was 
held constant during 30 s before final unloading took place. It is obvious from the lack 
of a clear initial linear segment in Figure 3-17b that plasticity occurs from an early 
stage of the straining on. The unloading curve is also non-linear, and together with 
the reloading segment, it forms a hysteresis loop. A comparison with the perfectly 
overlapping curves of SiNx (see Figure 3-16) shows that this hysteresis loop is not 
caused by a visco-elastic behavior of the sample holders or machine, but is a pure 
material effect. It is in fact typical for nanocrystalline materials: the back-stress of the 
piled-up dislocations grows so high that it allows some of them to move back as soon 
as the external stress is removed [51,93,94]. The as-deposited gold film is in a tensile 
stress state, as can be seen from the loading segment of Figure 3-17b. This tensile 
residual stress is totally overcome by the plastic deformation of the first loading. The 
subsequent reloading even shifts the membrane to a very compressive residual 
stress. A clarification is needed here: the residual stress is defined as the stress that 
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the membrane would experience if it would be taken back to its initial flat position. Of 
course, since the film is not constrained by a substrate, there is no driving force for 
this to happen. A freestanding film cannot bear an overall compressive stress, so the 
residual stress is accommodated by buckling, which explains why the unloading 
saturates at a value of 0 MPa. Optical micrographs from the unloaded gold 
membrane before and after testing are shown in Figure 3-18. 

  
 a.  b. 

Figure 3-18: Optical micrographs of an unloaded 230 nm gold membrane a. before testing, the 
membrane is flat due to the tensile residual stress b. after testing, the resulting compressive 
residual stress is accommodated by buckling. 

Though it is actually never reached, the exact value of the residual stress (-380 MPa) 
can still be measured by extrapolating the unloading curve and looking for its 
intersection with the y-axis. Lastly, it can be seen in Figure 3-17b that the 
freestanding gold membrane experiences a strong creep deformation during the 30 s 
hold segment. 

  
      a.       b. 
Figure 3-19: Bulge test of a 250 nm thick gold film on a 100 nm thick SiNx substrate, using a 
pressure of 150 kPa. a. stress strain diagrams of the bilayer film and the single SiNx film –  
b. extracted contribution of the gold layer. 

For comparison, gold films were also tested on a silicon nitride substrate. Figure 3-19
shows the result of a bulge test on a 250 nm gold film with 100 nm SiNx substrate. 
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The striking difference with the previous testing of a freestanding gold film of 
comparable thickness is that only a limited strain is achieved, although a much higher 
gas pressure was used. As a consequence, the plastic deformation of the bilayer is 
very limited (0.1%), see Figure 3-19a. Since the SiNx substrate behaves perfectly 
elastic, it is relatively easy to calculate the stress-strain diagram of the gold layer 
using Eqs. (3-10) and (3-13), see Figure 3-19b. Interestingly, fitting the unloading of 
the gold contribution provides the same plane-strain modulus (109 GPa) than found 
from a freestanding test with a comparable gold film (108 GPa), thus further 
validating the model used for evaluating experiments on bilayers. 

3.5 Other thin films testing techniques 
There are many other techniques than bulge testing for determining the mechanical 
properties of thin films [95]. The most common and the most promising ones will be 
introduced here. 

3.5.1 Nanoindentation 

Nanoindentation is a quite recent testing technique which has gained a prominent 
status over the last two decades, as emphasized by the abundant related literature 
(over 10 000 research articles). Specifically, it has become the reference method for 
locally measuring the mechanical properties of materials at the nano and micro-
scale, to the point that it has even been standardized [96]. 

Nanoindentation is a method also called “Instrumented Indentation Testing” which 
consists in indenting a sample with a diamond pyramid while recording both load and 
displacement data [97,98]. Its development started in the 1980s’ [99-102], but it is not 
until the 1990s’ when the evaluation method of Oliver and Pharr [103,104] became 
available that it widely spread. 

3.5.1.1 Oliver-Pharr method [103,104]  

This method builds on the work of the mathematician Sneddon, who calculated 
analytical relationships between load and indentation depth for a variety of indenter 
geometries [105]. Pharr et al. [106] generalized his results to any axisymmetric 
indenter of smooth geometry, leading to two main equations: 

 =  (3-14) 

 = 2  (3-15) 

where S is the contact stiffness, Er the reduced modulus, and the other parameters 
are shown in Figure 3-20. 
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Figure 3-20: Schematics showing an indenter pressed onto the surface of an elastic-plastic 
material. 

Oliver and Pharr also introduced an experimental calibration procedure for indirectly 
measuring the geometry of the indenter. It actually consists of a plain measurement 
performed on a well-behaving reference material, usually fused silica. This calibration 
yields the coefficients mi of the tip area function: 

 = ( ) = + + / + / + +  (3-16) 

Data from indentation on an unknown material are in turn evaluated using Eqs. (3-14) 
and (3-15): 

 Eq. (3-14) describes the elastic sink-in of the surface around the indenter, and 
is used for calculating the contact depth . Oliver and Pharr advise to use = 0.75 for a Berkovich indenter. This seems surprising at first, since a 0.75
value corresponds to the parabolic indenter case treated by Sneddon, but is 
well understood now [103,107-110]. In fact, the plastic deformation in the 
material smoothens the elastic stress field under the indenter, so that the 
overall behavior is equivalent to a purely elastic indentation with an indenter of 
smoother, parabolic-like, shape. A method was developed in Erlangen [108] in 
order to directly visualize the shape of this so called “effective indenter” from 
the measurement data. Provided the tip area function is known, the knowledge 
of the contact depth  allows calculating the hardness : 

 =  (3-17) 

 Eq. (3-15) is the central equation used for calculating the reduced elastic 
modulus Er of the material. S is determined from the measurement, while  is 
calculated from  by the tip area function.  is a constant which slightly 
depends on the indenter geometry and material, but which can safely be 
assumed as1.055 [70,103,111-117] for a Berkovich punch. 

Though the many critical papers published in the literature, the Oliver-Pharr method 
has proved a pretty robust technique for evaluating elastic modulus and hardness of 
different materials. Inconsistent data reported in the literature were often caused by 
an insufficiently careful sample preparation. The rare cases for which the Oliver-Pharr 
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method is intrinsically not suited are: very anisotropic materials [118-120], materials 
which experience a strong pile-up [121], and thin films [122]. 

3.5.1.2 Issues with thin films 

There are three distinct problems when indenting thin films on a substrate.  

First of all, a valid hardness measurement requires that the plastic deformation 
remains fully contained within the film. According to Durst et al. [123], for a Berkovich 
indenter, the depth of the plastic zone is about 5 times the indentation depth, which 
means that the hardness can only be reliably evaluated in the first 20% of penetration 
into the film.  

Secondly, it is often difficult to identify the intrinsic hardness of the film because of 
the superposed indentation size effect [124,125] occurring at low indentation depth. 
This is especially the case for single crystals and samples with very large grain sizes. 

Lastly, the Oliver-Pharr method, which was developed for indentation on an infinite 
half-space, cannot account for the elastic mismatch between film and substrate and 
thus introduces a bias in the evaluation. Specifically, the elastic sink-in of the surface 
around the indenter is either over or underestimated, depending whether the film is 
softer or harder than the substrate [122,126-128]. The error is usually more critical for 
the latter case. 

3.5.1.3 Yu’s solution for layered half-spaces 

Yu [129] performed a similar analysis as Sneddon [105], but considered layered half-
spaces instead of infinite half-spaces. He showed that the relationship between load 
and indentation depth can be obtained by solving the following Fredholm integral 
equation of the second kind: 

 ( ) 1 [ ( + ) + ( )] ( ) = ( ) (3-18) 

where   ( ) = 1 2 + cosh(2 ) + sinh (2 )+ cosh(2 ) + sinh(2 ) 2 cos  (3-19) 

= 1 (1 )(1 ) 4 (1 )(1 ) 3 1(1 ) 1  
 

(3-20) = 8 (1 )(1 ) 1 ( 1) (3-21) 

= 3 4 + 1(1 ) 2 + 3 1(1 ) 4 4 1 + 1(1 ) 2  (3-22) 

= 1(1 ) (4 3) 2 1(1 ) 2 1 (2 1) + 4 2 3 + 5 (3-23) 

 



3 Basics of bulge testing  

42  

In this equation system, the only required parameters are the Poissons’s ratios ( , ) 
and the indentation moduli (Mf, Ms) of both film and substrate, as well as the ratio 
between contact radius and film thickness / . Once known, the function ( ) can be 
used in order to correct Sneddon’s equations and achieve a more reliable evaluation 
of the nanoindentation data: 

 = 2 ( )  (3-24) 

There is unfortunately no analytical solution to Eq. (3-18), but since it is well-
conditioned, it can be solved numerically using for instance a Nystrom method with 
gaussian quadrature [130,131]. 

Chen and Vlassak [132] first verified by Finite Element simulations the correctness of 
Yu’s solution for different film/substrate systems. Han and Nix [133,134] published 
the first method for evaluating indentation experiments based on Yu’s solution. Their 
method is relatively straightforward to implement, and has proved efficient at 
correcting hardness data, but requires the knowledge of the indentation modulus of 
the film, which has to be measured beforehand by a separate method – such as 
bulge testing. Li and Vlassak [135,136] proposed a purely Yu-based nanoindentation 
method in order to simultaneously measure the indentation modulus and the 
hardness of a film. It involves calculating Yu’s solution for a whole range of assumed 
moduli, and selecting the most likely value by using a perturbation algorithm involving 
the tip area function. Another difference with Han and Nix, is that Li and Vlassak 
considered the plastic thinning of the film under the indenter, and defined an effective 
film thickness, which they assessed by recursive calculations. Their method is not 
only complex to understand, it also requires huge computational time, unless the 
normalized solutions to Yu’s Fredholm equation have previously been calculated and 
stored in a file. Last, but not least, the determination of the elastic modulus of the film 
is largely affected by the quality of the measurement, which in turn affects the final 
evaluation of the hardness. 

 
Figure 3-21: Hardness obtained from nanoindentation on a 100 nm thick SiNx film on silicon 
substrate as evaluated by three different methods. 
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As an example, a 100 nm thick SiNx film on a silicon substrate was indented with a 
cube-corner diamond pyramid. This corresponds to the indentation of a hard film on a 
soft substrate. Figure 2-1 shows the evaluation of the experimental data by the three 
previously introduced methods. The Oliver-Pharr method does not require any 
knowledge about the indented material, but underestimates the elastic sink-in of such 
a hard film on soft substrate system, resulting in an underestimation of the hardness. 
The Han-Nix method corrects for this underestimation, but requires the knowledge of 
the plane-strain modulus of the film. In this case, the value of 255 GPa measured by 
bulge testing was used. Note that the hardness curve evaluated by Han-Nix 
collapses to the Oliver-Pharr curve at large indentation depth, where the influence of 
the film is almost negligible. Lastly, the Li-Vlassak method returns in the present case 
a very different – and unexpected – hardness trend. This is due to the erroneous 
determination of the indentation modulus (200 GPa compared to the more reliable 
255 GPa value from bulge testing) which is probably due to a deviation from ideal 
experimental testing conditions.  

As can be shown in Figure 2-1, all methods reveal a steep variation of the hardness 
at low indentation depths, which might be an effect of the tip rounding. It is followed 
by a plateau which is usually taken as the intrinsic hardness of the film. Last, the 
growing influence of the substrate causes a decrease of the hardness when getting 
closer to the interface. The hardness curves are more jagged when using Han-Nix or 
Li-Vlassak evaluation methods. This is because those methods more heavily rely on 
the continuous stiffness signal, which is very noisy compared to the load and 
displacement data, than the Oliver-Pharr method. 

3.5.2 Uniaxial testing 

3.5.2.1 Films on substrates 

Tensile testing of films on substrates is fairly easy to perform [137]. To date, the most 
popular substrate is polyimide (commercially known as Kapton), a very compliant 
polymer with very high ductility [38,138,139]. Note that many other materials can be 
used as a substrate, although materials softer than the film are usually favored – for 
instance steel can be used when testing Diamond Like Carbon films [140]. Testing on 
a substrate requires using a model for extracting the stress of the film layer, and it is 
not always straightforward to separate the intrinsic properties of the film from the 
effect of the interaction with the substrate. 

3.5.2.2 Freestanding films 

Experiments on freestanding samples are more straightforward to evaluate, but 
require a complex sample preparation. 

The first possible approach uses photolithography to produce a freestanding dog-
bone sample held by a rigid silicon frame [141]. This rigid frame avoids any damage 
to the sample during mounting and aligning in the tensile machine. It is finally cut 
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before testing takes place on the actual freestanding film. This strategy has been 
successfully applied to samples as thin as 500 nm [142].  

A more radical approach applicable to even thinner films consists in miniaturizing the 
whole uniaxial testing device. The materials research group of Louvain is for instance 
using macromachining techniques for producing on-chip devices [143-145]. One of 
their testing chips consists of several arrays of freestanding strips of different lengths, 
connected to an actuator made of silicon nitride, a material with high tensile residual 
stress. When released from its substrate, the actuator contracts and strains the gage 
section. The stress is then readily calculated from the previously known properties of 
the silicon nitride, while the strain is measured in the scanning electron microscope. 
Since the experiment is performed in parallel on samples with different gage length 
over actuator length ratios, different levels of straining are achieved, and plotting all 
the results provides a discrete stress-strain diagram. Due to processing reasons, this 
method is however limited to few materials. 

Focused Ion Beam milling makes it in opposite possible to shape almost every 
material. A very successful method based on FIB milling is the micro-beam bending 
experiment. Although known for long [146], it has recently become increasingly 
popular for measuring the mechanical properties of coatings [147-150]. Micro-beam 
bending is however not suitable for very thin films, which do not have any bending 
stiffness. Instead, a micro-bridge geometry was proposed. It consists of a long strip of 
freestanding material clamped on both sides, which is deflected in its center by a 
wedge indenter. This results into tensile stretching of the film. In order to measure the 
strain in the film, the displacement of the indenter has to be determined with a high 
accuracy, which can be achieved by optical interference measurement [151]. 
Alternatively, Herbert et al. [152] have developed an enhanced method based on the 
measurement of the harmonic contact stiffness. 

3.5.3 Biaxial testing 

3.5.3.1 Wafer curvature measurement 

The residual stress of a thin film deposited on a wafer makes the substrate slightly 
bend. Stoney [153] showed that a careful measurement of this curvature allows 
calculating the stress present in the film: 

 = 6 1
 (3-25) 

where tf and ts are the respective thicknesses of the film and substrate, Ms the biaxial 
modulus of the substrate and R its radius of curvature. By heating up the wafer, it is 
possible to vary the straining, and thus obtain a kind of stress-strain diagram [44]. 
Such an experiment is very useful for studying the thermo-mechanical fatigue life of 
thin films, but does otherwise not compare well with isothermal tests, because the 
respective contributions from the stress and the temperature are too difficult to 
separate. 
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3.5.3.2 Point deflection technique 

The point deflection technique is a hybrid method aimed at combining the accuracy 
of bulge testing with the faster actuation and easier sample mount of 
nanoindentation. It consists in deflecting a clamped membrane by applying a central 
point force with the indenter. The method was introduced by Hong and Nix [154] for 
circular membranes, based on equations provided by Timoshenko [79]. Different 
authors have endeavored to extend this analysis to different geometries, by 
introducing correction factors determined by Finite Elements simulations [155-157]. 
According to Martins et al. [156] the generalized point-deflection equation is: 

 = 8 ( ) + , ,  (3-26) 

where , , C and g’ are constants and functions which depend on the geometry of 
the membrane, while the other symbols are the same than for bulge testing. This 
equation is reminiscent of the generalized bulge test equation Eq. (3-4): one term 
depends on the residual stress , while the other is only determined by the elastic 
constants. Eq. (3-26) is however numerically much more complex, and its robustness 
has not yet been demonstrated since only little experimental work has been carried 
out [158,159]. It is nonetheless a promising technique. 
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4 Fracture of thin films 

Fracture is the mode of failure that is most dreaded by design engineers. It consists 
in the dramatic extension of a crack by the successive breaking of atomic bonds, 
occurring with little or no plasticity. Although known since the time of Leonardo da 
Vinci [160], the issue of crack initiated failures did not start drawing real engineering 
attention until the beginning of the 20th century, when the spreading of steel-based 
structures caused an increase in accident numbers. Yet the scientific research did 
not start until the 1920s’, when the demand for higher performing materials was met 
by the introduction of high-strength materials, which triggered a new area of 
unexpected accidents. From the 1960s’ to the 1980s’, fracture mechanics has 
established as a research area of its own, and multiple tools have been developed 
for anticipating the effect of future material and design progress. However, since this 
golden age of fracture mechanics, a trend for miniaturization of structures has 
appeared. On the one hand, such microscopic devices are known to exhibit very 
different mechanical properties than their macroscopic counterparts. On the other 
hand, they are on the verge of becoming essential to daily life. There is therefore an 
acute need for investigating the fracture properties of small structures and thin films 
in detail. 

4.1 Fracture toughness measurement 

4.1.1 Basic theories 

4.1.1.1 Linear elastic fracture mechanics (LEFM) 

The first successful fracture mechanics analysis was developed by Griffith [161] for 
the brittle failure of glass plates. Considering a crack in an infinite plate and subjected 
to a remote tensile stress, he showed that it only propagates if the elastic energy 
release caused by the loss of stiffness of the plate compensates the energy 
consumed by the crack extension.  
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Figure 4-1: Infinite plate containing a crack and loaded in mode I, as studied by both Griffith 
and Irwin. 

For a crack of length 2  – as represented in Figure 4-1 – under plane-stress 
condition the critical energy release rate is: 

 =  (4-1) 

where  is the remote stress at failure.  is a measurement of the strength of the 
atomic bonding in the material, and hence a material parameter. 

A later and even more successful fracture mechanics analysis is the stress intensity 
approach proposed by Irwin [162]. The stress intensity factor is a central parameter 
which repeatedly appears in the Westergaard [163] equations describing the stress 
field in front of an elliptical crack. Irwin showed that a crack in a plate under tension 
only propagates if the stress intensity factor reaches a critical value, the fracture 
toughness of the material: 

 =  (4-2) 

whre  is the critical remote stress causing the extension of the crack. 

This fundamental equation is only valid for an infinite plate containing a crack of 
length 2 loaded in mode I. For slightly different geometries, it is common to 

modify eq. (4-2) by introducing a geometrical shape factor : 

 =  (4-3) 

As obvious when comparing eqs. (4-1) and (4-2), there is a direct relationship 
between critical energy release rate and fracture toughness of a plate (under plane-
stress condition): 

 =  (4-4) 

This shows that the stress criterion of Irwin is equivalent to the energy criterion of 
Griffith. Though less intuitive, Irwin’s definition is most often preferred for engineering 
purposes, because the determination of the fracture toughness does not require the 
separate measurement of the Young’s modulus of the material. It has proved over 
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the years a valuable and reliable tool for predicting the occurrence of fracture in 
brittle materials. 

4.1.1.2 Elastic-plastic fracture mechanics (EPFM) 

Since both Irwin’s and Griffith’s theories have been developed under the assumption 
of a linear elastic material behavior, neither eq. (4-1) nor eq. (4-2) hold true for very 
ductile materials. This issue has been addressed by Irwin, who has introduced a 
simple correction to eq. (4-2). Since plasticity weakens the material in front of the 
crack tip, Irwin proposed to consider an effective crack length consisting in the real 
crack length augmented by the size of the plastically yielded zone [162,164]. Dugdale 
[165] performed an even more thorough analysis and concluded that: 

 + 8  (4-5) 

where  is the yield strength of the material. For brittle materials, the ratio /  
tends towards zero, and eq. (4-5) degenerates into (4-2). 

Though useful, the plastic zone correction does not fundamentally modify the fact 
that fracture toughness is inherently a concept suited to describe brittle failure only. 
Rice [166] therefore introduced a different parameter: the J-integral, which is a 
generalization of the energy release rate concept to elastic-plastic materials. Though 
more appropriate for plastic deformation, the J-integral has not yet widely replaced 
fracture toughness measurements, because it is comparatively more difficult to 
obtain. 

4.1.1.3 Alternative LEFM failure criterion 

The widely used failure criterion by Irwin only applies to the extension of brittle – i.e. 
atomically sharp – cracks. In case testing is performed with a blunt notch, the stress 
concentration in front of it is weaker [167] than predicted by the Westergaard 
equations [163], so that a higher remote stress is necessary to provoke failure than if 
the notch had been atomatically sharp. As a consequence, evaluation by Eq. (4-2) 
returns an artificially high fracture toughness. In order to avoid such issue, all 
standardized testing methods require the machine-cut notches be pre-fatigued, so 
that a sharp crack develops. Unfortunately, this is often difficult to achieve. There is 
therefore a strong theoretical interest for an alternative failure criterion suited for non-
atomically sharp cracks. The criterion developed by Novozhilov [168] and extended 
by Seweryn [169] is most often invoked. It considers the average value of the stress 
over a characteristic distance in front of the crack, and predicts failure when this 
average reaches the stress at failure of the same material without crack. A practical 
issue with the method is of course the determination of the characteristic length 
scale, which apparently depends on both the tested material and the notch geometry. 

The concepts presented here will be applied in the following sections to the bulge 
test measurement of the fracture toughness of ultra-thin films. 
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4.1.2 Adaptation to bulge testing 

4.1.2.1 Method 

Figure 4-2: Electron micrograph of a 10 μm long slit FIB-milled into the center of a 100 nm 
freestanding SiNx film. The arrows represent the subsequent loading during the bulge test. 

Fracture toughness measurements with the bulge test require a special sample 
preparation. The method that was independently adopted by several research groups 
[170-172] directly builds on the fundamental work of Irwin and consists into milling a 
slit of controlled length in the geometrical center of the membrane using a Focused 
Ion Beam (FIB). FIB processing occurs at the very last stage of the sample 
preparation, when the film is already in a freestanding state. In the present work, the 
slits were introduced with a Zeiss CrossBeam 1540 EsB system operated in “fine 
line” mode and using a 20 pA current. The typical length of a slit was 10 μm. With 
such settings, SiNx was removed at an approximate rate of 0.5 nm s-1. The final notch 
radius as well as the width of the slit depend mostly on the instrumental drift during 
milling but are most of the time of the order of 100-200 nm, respectively 200-400 nm, 
see Figure 4-2. 

 
Figure 4-3: Schematics of the central section of a bulged membrane containing a FIB-milled 
slit. 

In the next step, the membrane is pressurized following the usual bulge test 
procedure described in paragraph 3.4 and illustrated in Figure 4-3. At this point, it is 
assumed that the FIB-milled slit, being of negligible length compared to the sample 
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dimensions, does not affect the overall membrane deflection. As a consequence, the 
standard bulge equation Eq. (3-9) allows calculating the uniform stress  away from 
the slit. Reaching a certain pressure, failure of the sample occurs by extension of the 
FIB-milled pre-crack. Again, because the length of this pre-crack is negligible 
compared to the dimensions of the sample, this setup is a good approximation of a 
crack in an infinite plate, so Irwin’s equation (4-2) can be used for calculating the 
fracture toughness without need for a corrective geometry factor. The only needed 
inputs are the critical stress before failure acting perpendicularly [173] to the 
crack, as calculated by Eq. (3-9), and the crack half-length, which is known from 
scanning electron imaging. 

4.1.2.2 Validation of the method 

 
Figure 4-4: Finite elements simulation showing the influence of a 10-μm slit on the stress field 

xx of a 100 nm thick and 1 mm x 4 mm wide SiNx membrane. 

The obvious question that arises is whether the perturbation caused by the FIB-
milled slit reduces the uniformity of the stress field so significantly that the analytical 
model used for the calculation of  (see Eq. (3-9)) should be considered invalid. In 
order to assess this issue, a Finite Element model mimicking a 10 μm x 200 nm slit in 
a 1 x 4 mm2 SiNx membrane of 100 nm thickness has been developed. It comprises 
around 100 000 thin shell elements (mostly STRI3, but due to convergence issues 
also S3 close to the slit) organized as an adaptive mesh refined in the vicinity of the 
slit. The membrane was loaded to a pressure of 20 kPa, which is realistic for such 
experiments, and the results of the simulation are displayed in Figure 4-4. While 
there is obviously a severe stress concentration at the tip of the slit, the perturbation 
is constrained to a very limited area. 100 μm away from the crack, the stress field  
can be considered as absolutely uniform again, and is in extremely good agreement 
(difference <1%) with the prediction from the analytical model of Eq. (3-9) based on 
the deflection of the simulated membrane. Thus, the value of  calculated at failure 
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from Vlassak’s analytical model can be considered a reliable measurement of the 
remote stress perpendicularly acting on the crack. 

 
Figure 4-5: In-situ AFM micrograph showing a 10 μm slit loaded to a pressure of 32 kPa. 
Though taken shortly before sample failure (p = 34 kPa), this micrograph does not reveal any 
signs of preliminary extension of the crack. 

A further pre-requisite for using the proposed method is that the crack does not grow 
before failure of the specimen. Otherwise, the crack length measured in the SEM 
would not be applicable in Eq. (4-2). AFM measurements performed in situ during 
bulge tests have confirmed that this is the case for SiNx, as it is presumably for every 
other extremely brittle material, see Figure 4-5. Because failure occurs dramatically, it 
is not possible to image the surface of the sample during this event.  

 
Figure 4-6: Electron micrograph of a failed Si3N4 membrane. 

As emphasized by Figure 4-6, the failed samples are too badly destroyed to deliver 
any useful information. In order to validate the chosen approach, it is however 
necessary to ensure that the failure of the sample is really prompted by the extension 
of the artificially introduced pre-crack rather by any extrinsic influence.  



 4.1 Fracture toughness measurement 

  53 

 
Figure 4-7: Experimental validation of Eq. (4-2) for the determination of KIC. The measurements 
correspond to identical 100 nm SiNx membranes containg a FIB-milled slit of different length 
(5 to 15 μm). The general slope corresponds to a KIC value of 5.6 MPa m1/2. 

This was confirmed experimentally by varying the length of the FIB-milled slit 
(between 5 μm and 15 μm) in a series of identical SiNx membranes. As can be seen 
from Figure 4-7, the stress at failure directly scales with the half-length of the slit. 
Furthermore, the relation between both parameters exactly follows the form of 
Eq. (4-2), which confirms the validity of Irwin’s theory for the evaluation of the fracture 
toughness by means of bulge testing. The limited discrepancy observed in Figure 4-7 
corresponds to the experimental scattering of the bulge setup. 

4.1.2.3 Experimental issues 

The first issue concerns the positioning of the slit. While it does not necessarily need 
to be placed in the geometrical center of the sample – since the stress field is fairly 
uniform throughout the film – it has to be perfectly aligned with the long direction of 
the membrane. If not, the extension of the crack will not be caused by the well-known 

 stress, but rather by a more difficult to determine combination of  and . 
Since the crack is not oriented perpendicularly to the maximal stress direction, 
fracture will then also be initiated in a mixed I – II mode, with the crack growing non-
collinear to the slit (but rather parallel to the long direction of the membrane). This 
introduces a bias in the evaluation of the fracture toughness by Irwin’s formula (4-2). 
Anderson [174] has carefully studied such mixed-mode fracture problems, and 
proposed to define an equivalent mode-I crack length. Following his method, it was 
calculated that a misorientation limited to 5° would induce an increase of the effective 
crack length of no more than 0.7%. 
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Figure 4-8: Hardness of Si3N4 after Ga+ bombardment during 2000 s at 30 keV with different 
intensities. The indentation was performed with a cube-corner tip using a peak load of 200 μN 
(~20 nm), and the hardness was evaluated by the general Oliver-Pharr and the thin film specific 
Han-Nix methods, see paragraph 3.5.1. 

The second issue with the Focused Ion Beam concerns the possible implantation of 
gallium ions in the membrane. As emphasized by the nanoindentation experiment 
presented in Figure 4-8, an irradiation with a gallium ion beam weakens the silicon 
nitride material, which implies that the exposed material could yield before the rest of 
the specimen. Fortunately, gallium implantation occurs on a very limited range. 
Thompson et al. [175] have for instance evidenced a 30 nm penetration limit, which is 
negligible compared to the length of the slits (10 μm), so that the effective crack 
length is not significantly modified. 

Last but not least, the accuracy of the calculated KIC depends on the reliability of the 
instruments used for the measurement of the pressure and the deflection. Based on 
the figures provided by Schweitzer [86], the experimental scattering associated with 
the Erlangen setup accounts for variations of ±0.18 MPa m1/2 of the calculated KIC.

A low scatter of data does however not necessarily ensure that the measurement is 
reliable. Indeed, as stated in paragraph 4.1.1, Irwin’s analysis applies to a natural – 
atomic sharp – crack, which is far from being the case here. As a blunter crack 
results in a lower stress concentration [167], there is a risk that the apparent KIC

value is artificially high. Several methods for assessing this overestimation have been 
proposed in the literature. Table 2-1 shows the prediction of three different models for 
the extreme case of a slit with a 400 nm tip radius. 
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Table 4-1: Correction to apply to the apparent value KIC,apparent of a SiNx film assuming a crack 
with a 400 nm tip radius has been used.  

Method , ,,  

Drory [176] <50% 
Pugno [177] 33% 
Picard [178] 7% 

 

Drory’s prediction [176] simply results from the observation that the ratio between the 
stress intensity factors of the Westergaard equations [163] for an elliptical crack and 
for an atomic-sharp crack has an upper bound of 2. It therefore ascertains that the 
overestimation cannot be more than 100% whatever the tip radius is. Such an 
indication is however of limited practical interest. Pugno based his model [177,179] 
on Novozhilov’s fracture criterion [168] rather than Irwin’s, while Picard [178] used 
the combined stress-energy Leguillon criterion [180]. Picard’s model has been 
especially developed for and tested on ceramics, therefore it might be more suitable 
for SiNx. In order to discriminate between the models, bulge experiments were 
conducted with tip radii of FIB-milled slits varied between 200 and 400 nm. No 
significant variation of the KIC value other than the usual experimental scattering 
could be observed. It was therefore concluded that the influence of the blunt tip – if 
any at all – could not be larger than Picard’s prediction. Given the very limited 
difference and the remaining theoretical uncertainty, the KIC values were not 
corrected at all from the blunt tip influence in the rest of the present work. 

4.2 Size effects in fracture 

4.2.1 The thickness effect 

In the literature, it is usually distinguished between plane-strain and plane-stress 
fracture testing, depending on whether the material in front of the crack tip is 
constrained or can freely flow in the thickness direction. A useful indication for this is 
how the size of the plastic zone compares with the specimen thickness.  

If the plastic zone reaches the size of the thickness, all the material in front of the 
crack is free to flow in the vertical direction, and the film is in a full plane-stress state. 
The corresponding critical thickness can be calculated as the size of the plastic zone 
in plane-stress condition following Irwin’s analysis [181]:  

 = 13  (4-6) 

where  is the stress intensity factor, and  the yield strength of the material. 

The material in the bulk of specimens much thicker than the plastic zone size is on 
the opposite constrained by the surrounding material, and cannot flow in the vertical 
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direction. The film is therefore in a plane-strain state. This however does not hold
true in the vicinity of the surface, where no constraints apply, and where the material
is in a local plane-stress state. From experience, it has been recognized that the 
effects of the free surface become negligible as soon as the specimen thickness is 
larger than [182]: 

 = 2.5  (4-7) 

Such a condition is usually referred to as plane-strain fracture testing. 

The stress state affects the underlying fracture mechanism, as can easily be 
ascertained by examining the surface morphology of fractured tensile specimens
[174,181,183]. For sufficiently thick samples, the fracture surface is often reported to 
be flat in the inner section, and slant next to the outer surface. This is connected to 
the fact that the maximum shear stress occurs on planes either parallel to the crack if 
the state is plane-strain, or oriented at 45° if it is plane-stress. Therefore, the flat 
section corresponds to the area which was in plane-strain condition, while shear lips 
are indicative of plane-stress. Note that the vocabulary traditionally used is slightly
idealized: computer simulations have since shown [174] that the material does not 
actually reach a pure plane-stress state around the surface, but the stress rather 
becomes more biaxial in comparison to the highly triaxial state found in the bulk of 
the sample. The evolution of the fracture surface with the specimen thickness has 
been schematically illustrated in Figure 4-9. 

 
Figure 4-9: Typical fracture surfaces of tensile samples: a. slant fracture for thin specimens – 
b. mixed mode with shear lips and flat central area – c. predominantly flat fracture for thicker 
specimens. 

One can clearly see that plane-stress fracture results in the creation of more free 
surface than plane-strain facture. This together with the fact that the plastic zone has 
a larger extension in the plane-stress case [181] suggests that the work needed for 
crack extension is greater for plane-stress, which should logically influence the 
measured value of the fracture toughness. A systematic increase of the fracture 
toughness as the stress state is shifted towards plane-stress has indeed been 
observed by Anderson [184], who has derived the basic model shown in Figure 4-10. 
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Figure 4-10: Model from Anderson [184], arbitrary units.  and  are given by Eq. (4-6) and 
Eq. (4-7). 

This model is the simplest possible description of the thickness effect, and assumes 
that two ideal states – plane-stress and plane-strain – are connected by a linear 
transition. Actually, Anderson supported his model by observations made on the 
brittle failure of aluminum and nickel-iron samples, albeit only in the transition regime 

 as well as for thicknesses > . This implies that prediction of a constant 
fracture toughness value below  is speculative, but since t1 is rarely greater than a 
few micrometers, knowledge about the behavior in this very thin regime was not of 
any industrial interest at the time the model was developed by Anderson (in the 
1960s’). It was therefore widely adopted, and the work of Anderson even supported 
the drafting of the ASTM E399 norm [182]. The result was that ASTM E399 requires 
test samples to be strictly thicker than , in order to measure the so-called plane-
strain fracture toughness KIC. The plane-strain fracture toughness is usually 
considered to be a material parameter – since it before all represents the work of 
separation – in opposition to values measured outside the plane-strain condition, 
which mostly depend on structural factors. Such values are however of engineering 
interest, because they are needed to predict fracture of structures of equivalent 
thickness. It would actually be possible to measure the plane-strain fracture 
toughness on thin samples by using side grooves in order to prevent shear lips 
formation [174], but this would in turn not provide any useful information for the 
fracture behavior of real thin not side-grooved structures. 

While the transition of the measured fracture toughness between  and  has been 
well studied and found to be present for both metals and ceramics, technological 
challenges have long hindered research about the pure plane-stress regime (< ). 
Contradictory results have also been reported for this case. While some researchers 
[185,186] could measure an almost constant fracture toughness level as predicted by 
Anderson, it appeared to others [187,188] that the measured fracture toughness was 
on the opposite decreasing with the sample thickness. Sophisticated
micromechanical tests recently performed on ultra-thin samples of different crystalline 



4 Fracture of thin films  

58  

materials [189-194] actually confirm this latter trend, with extremely low fracture 
toughness values being reported for otherwise ductile materials. Ironically, such a 
behavior has been predicted as early as in the 1960s’ by Bluhm [195] based on 
energetic considerations. Bluhm’s main assumptions are that the depth affected by 
shear lips formation is constant, and that it is a volumetric process compared to the 
surface phenomenon of flat fracture. The model from Bluhm is schematically shown 
in Figure 4-11.  

 
Figure 4-11: Model from Bluhm [195], arbitrary units 

Compared to the model from Anderson, it also predicts a smoother – physically more 
likely – transition from plane-stress to plane-strain fracture toughness, which is 
however not possible to confirm due to the high scattering present in the reported
experimental data. The linear decrease of the toughness for samples thinner than t1
is however a major difference. It is due to the reduction of the available volume for 
the storage of energy in form of plastic deformation. A similar explanation has 
recently been suggested by dislocation dynamics simulations [196]. Other possible 
causes are mentioned in the literature. According to Knott [183], the reduction of the 
thickness might cause a loss of flexural rigidity which in turn could cause a local 
buckling and a separation in mode III instead of mode I. This would as well contribute 
to the reported decrease of the measured fracture toughness. 
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4.2.2 KIC thickness dependence of Si3N4
1 

4.2.2.1 Motivation 

The thickness dependence of the fracture toughness of amorphous LPCVD Si3N4 
was carefully studied with the bulge test. The main challenge consisted into ensuring 
that exactly the same material was tested with different thicknesses. The composition 
and structure of silicon nitride indeed so strongly depend on the deposition 
parameters that it is highly unlikely that two films grown independently will have the 
same properties. This is illustrated in Figure 4-12, which shows a strong dependence 
of the elastic modulus of the membranes on the production batch, although 
depositions had been performed in the same furnace with the same temperature and 
gas pressure settings. This difference in stiffness is an indication that the density of 
the membranes and thus the material itself is different. 

 
Figure 4-12: Plane-strain modulus of SiNx membranes from 4 different production batches of 
the same day. This shows the strong dependence of the membrane properties on the exact 
deposition parameters. 

In order to avoid any material variation, all the samples should originate from the 
same production batch. The tedious approach that was selected thus consisted into 
starting with identical films and thinning them down to different thicknesses. 

4.2.2.2 New experimental method 

The sample preparation slightly differs from the general approach presented in 
paragraph 3.4.2, and will therefore be exposed in details here. The main steps are 
summarized in Figure 2-1. 

 

1 Some of the results presented in this paragraph have been published in [172].
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Figure 4-13: Main steps for the preparation and testing of Si3N4 membranes of different 
thicknesses. 

The process starts with (100) silicon wafers being coated on both sides with 64 nm 
thermally grown SiO2 and 104 nm LPCVD Si3N4. Rectangular openings are then as 
usual patterned by photolithography in the back of the wafers. The next step is truly 
new, and consists in etching the wafers in a 85% (w/w) phosphoric acid solution 
homogenized at 120°C. As mentioned in paragraph 2.1.3, such a solution is a 
selective etchant of Si3N4. The duration of the chemical process can be varied, 
resulting in Si3N4 layers of different thicknesses. Due to the homogenization, etching 
occurs in a very homogeneous way. The roughness Ra of the new surface was 
accordingly measured as 0.3 nm in the AFM, see Figure 4-14. 
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Figure 4-14: AFM micrograph of the surface after H3PO4 etching. 

The next processing steps are alike the general method: the Si3N4 membrane is
made freestanding by KOH etching, a slit is introduced by FIB-milling, and the 
sample is pressurized to failure in the bulge tester. Afterwards, the Si3N4 layer is 
selectively removed at a corner of the frame by hot phosphoric acid etching for 5 h, 
the rest of the sample being protected by non-miscible synthetic oil. This introduces a 
very sharp step in the topography, the height of which can be measured in the AFM, 
see Figure 4-15. 

 
Figure 4-15: AFM micrograph of a step created by H3PO4 etching of the Si3N4 layer. 

This step measurement directly provides the film thickness parameter which is 
needed for the evaluation of the bulge test. Alternatively, the Si3N4 thickness can be 
determined from the data measured during the bulge test. As explained in paragraph 
2.3.2, there is no elastic size effect for amorphous materials, so the plane-strain 
modulus should remain constant for all the samples. The thickness parameter can 
thus be varied during the evaluation of the experimental bulge data of the different 
samples until the plane-strain value of 220 GPa known from measurements on the 
non-thinned 100 nm thick films is reached.  
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Figure 4-16: Comparison between AFM measurement and elastic calculation of the film 
thickness of the different samples. 

Figure 4-16 shows that both methods deliver extremely similar results. More 
precisely, the AFM measurement is on average 2 nm smaller than the calculation, 
which might originate from a minimal diffusion of H3PO4 into the protective oil layer 
and subsequent etching of the top of the step. In comparison to the elastic 
calculation, the AFM-based measurement however appears more cumbersome and 
less reliable, inasmuch as a too short etching time can lead to a dramatic 
underestimation of the film thickness. This is why the former method was favored 
whenever possible. 

4.2.2.3 Results 

Figure 4-17: Typical pressure-displacement data and corresponding stress-strain diagram from 
a bulge test on a Si3N4 membrane with 10 μm slit. The membrane was unloaded after 10 kPa 
and 20 kPa, before failing at 34 kPa. 

Typical loading diagrams obtained from a bulge test with a Si3N4 membrane 
containing a FIB-milled flaw are shown in Figure 4-17.  The lack of deviation from a 
linear elastic behavior until failure of the sample occurs indicates an extremely brittle 
behavior, which is confirmed by the perfect overlapping of the multiple unloading 
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segments in both measured pressure-deflection and calculated stress-strain 
diagrams. Fitting the stress-strain curve directly provides the elastic plane-strain 
modulus and the residual stress of the different membranes.

Figure 4-18: Residual stress and plane-strain modulus as calculated from bulge test on thinned 
Si3N4 membranes. The evaluation was based on the AFM measured film thicknesses. 

Results for all samples are shown in Figure 4-18. While the elastic plane-strain 
modulus is – not surprisingly – constant over the whole thickness range, the residual 
stress is found to decrease with decreasing film thickness. Since all samples 
originate from the same batch of films thinned to different extents, this indicates a 
residual stress gradient formed during the course of deposition. Specifically, the 
residual stress is more tensile in the upper part of the films than at their bottom, 
which is a likely explanation for the typical upward buckling observed at the free 
edges of FIB-milled cracks, see Figure 4-5. 

 
Figure 4-19: Fracture toughness of the Si3N4 films of different thickness. 

The most important finding in the former paragraph is the fact that fracture occurs in 
an extremely brittle manner, and can thus be analyzed following the linear elastic 
fracture mechanics patterns. Accordingly, the fracture toughness was calculated by 
Eq. (4-2), and the results for all samples are plotted in Figure 4-19. These 
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measurements do not show any correlation of KIC with the film thickness, but rather 
suggest an experimental scattering around a constant value. On overall, the fracture 
toughness of the Si3N4 films was found to be 6.3 ± 0.4 MPa m1/2. The standard 
deviation is on the order of 6% of the mean value, which is comparable to the 
scattering usually encountered during macroscopic fracture toughness tests. 

The measurement compares well with the value of 7.0 MPa m1/2 reported by Liddle et 
al. [170] for 300 nm LPVCD Si3N4 films characterized by bulge tests. It is also close 
to the range of 4-6 MPa m1/2 usually found for macroscopic samples of sintered and 
hot pressed silicon nitride [197]. This slightly lower value is probably due to the voids 
and cracks natively present in such materials, while the tested thin films are in 
comparison almost defect free. In fact, even within thin films, there are significant 
differences depending on the type of the silicon nitride. Plasma enhanced deposited 
(PECVD) silicon nitride films are for instance less dense and contain more defects 
than their LPCVD counterparts [4]. Not surprisingly, their fracture toughness is much 
lower, and was for instance measured as 1.6 MPa m1/2 by the beam bending tests 
performed by Matoy et al. [148,149]. 

4.2.2.4 Discussion 

In order to compare the results with the predictions of Anderson’s model, it is 
necessary to calculate the expected size of the plastic zone in LPCVD Si3N4, which in 
turn requires the knowledge of the yield stress of this material. This value is 
unfortunately extremely difficult to measure, because of the extreme brittleness of 
LPCVD Si3N4 and the lack of availability of macroscopic samples. The best possible 
estimate is achieved by nanoindentation. According to Tabor [198], the hardness 
measured by nanoindentation is directly related to the flow stress of the material 
under the indenter: 

 =  (4-8) 
where C is the so-called constraint factor, which depends on both indented material 
and indenter geometry. Bolshakov et al. [121] provided a method to calculate an 
estimate of this coefficient, based on the ratio between the residual and the maximal 
indentation depth. They unfortunately limited their analysis to the Berkovich 
geometry. In the considered case of LPCVD Si3N4, the films are so thin that it is 
experimentally more attractive to use a cube-corner indenter, which develops a 
smaller plastic zone [123,199] and thus allows valid measurements up to a larger 
relative depth.  
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Figure 4-20: Hardness of the 100 nm Si3N4 film evaluated from a cube-corner nanoindentation 
measurement by the thin-film specific Han-Nix method [133,134]. The plateau at 34 GPa is 
taken as the intrinsic hardness of the film. 

Such a nanoindentation experiment, evaluated by the Han-Nix [133,134] thin film 
specific method yielded a film hardness of 34 GPa, see Figure 2-1. Using a 
constraint factor of 2.7 calculated by Shim et al. [200] for the cube-corner indentation 
of the quite similar material SiC, a flow stress of 13 GPa is found for Si3N4. This is 
slightly higher than the yield stress of 9.2 GPa reported from macroscopic testing 
[201]. This latter measurement was however performed on a fully crystalline silicon 
nitride material, which is expected to have a lower strength than its amorphous 
counterpart. Another difference is that the nanoindentation measurement was 
performed at an overall higher strain of 22% [97]. As it was the only available 
experimental measurement, the value of 13 GPa derived by indentation was however 
kept for the subsequent analysis, but even a lower value of 9.2 GPa would not have 
changed the final conclusions. 

From eqs. (4-6) and (4-7), it is found that the thickness range corresponding to the 
transition between fully developed plane-stress and plane-strain states is 24–587 nm. 
Since all measurements fall within this range, the experimental result of a constant 
fracture toughness is therefore in apparent contradiction with Anderson’s model 
[184]. What this model however does not predict is the magnitude of the transition. 
While there is no accurate formula for predicting it, Broek and Vlieger [202] provide a 
rough estimate: 

 = 1 + 12 (4-9) 

where  is the tensile fracture strain of the non-cracked material. In the case of the 
Si3N4 films, the maximal experimentally measured fracture strain is 7.5 10-3, so 
eq. (4-9) predicts a variation of the fracture toughness by 2% only, which might be 
entirely concealed by the experimental fluctuation. Therefore, the model from 
Anderson must not necessarily be discarded. Since no measurements have been 
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performed under fully developed plane-stress state, it is however not possible to 
compare its predictions with the model from Bluhm. 

In conclusion, bulge tests have shown that LPCVD Si3N4 films have a thickness-
independent fracture toughness of 6.3 ± 0.4 MPa m1/2. The lack of size effect is in 
contradiction with the literature results concerning many metals [187-192] and is 
presumably due to the amorphous microstructure and the extreme brittleness of the 
Si3N4 material. 

4.3 Fracture behavior of gold thin films 
The previously introduced fracture mechanics concepts and techniques were further 
applied to the reference crystalline material of this study: gold. 

4.3.1 KIC measurement 

 
Figure 4-21: Preparation steps of gold membranes for bulge fracture testing. 

The method for preparing the bulge samples is similar to that of paragraph 4.2.2, and 
schematically illustrated by Figure 4-21. The minor difference is that gold was
thermally evaporated on the freestanding SiNx membrane prior to any FIB 
processing. This SiNx substrate was then removed by hot phosphoric acid etching 
(see paragraph 2.1.3), and the resulting freestanding gold film processed with a
focused ion beam. Slits about 10 μm long were milled using the FIB “fine line” mode 
with a 20 pA Ga+ current. Under such conditions, the etching rate was about 5 nm s-1.  



 4.3 Fracture behavior of gold thin films 

  67 

 
Figure 4-22: Scanning electron micrograph showing the slit introduced by FIB milling in a  
400 nm freestanding gold film, top view. 

The fast etching rate allowed keeping the milling time and thus the thermal drift low. 
As a result, the slits had very sharp notches with radii of about 50–100 nm, see 
Figure 4-22. 
Table 4-2: KIC values calculated for several gold films following Irwin’s LEFM eq. (4-2) and 
Dugdale’s plastic correction from eq. (4-5). The first film was electron-beam deposited, while 
the others were obtained by thermal evaporation. 

Sample 
type 

Slit length 
/ μm 

KIC / MPa m1/2  
LEFM-Irwin 

KIC / MPa m1/2 
EPFM-Dugdale 

Au 250 nm – EBPVD 10.47 2.90 7.02 

Au 250 nm – PVD 9.99 1.91 4.36 

Au 400 nm – PVD 9.97 1.86 4.15
 

The membranes were then inserted in the bulge test. In order to avoid failure by 
delamination from the substrate rather than by extension of the artificial pre-crack, 
the membranes were systematically mounted “upside-down” on the pressurization 
chamber (see paragraph 3.4.2). The measured stress at failure was used to calculate 
the fracture toughness by Irwin’s eq. (4-2). The results for the few tested samples are 
listed in Table 4-2. While they include differently produced gold films of different 
thicknesses, all the reported values are abnormally low for such a ductile material as 
gold. The fracture toughness of bulk gold samples is rather in the range of 40–90 
MPa m1/2 [203]. Of course, Irwin’s calculation relies on assumptions from linear 
elastic fracture mechanics, which are not valid for gold, but even the plastic zone 
correction from Dugdale of eq. (4-5) does not yield more likely KIC values. These 
experimental findings are however perfectly consistent with many observations of a 
dramatic reduction of the fracture toughness of crystalline materials at very low 
thicknesses reported in literature [189-194]. It is also close to the KIC value of 
0.7 MPa m1/2 reported by Olliges et al. [203] for 40 nm gold interconnects. These 
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recent observations of reduced fracture toughness for samples in full plane-stress 
conditions favor the model from Bluhm over that from Anderson. 

In order to understand the dramatic decrease of the fracture toughness of gold at 
small thicknesses, the in-situ capabilities of the bulge test device are used in the 
following. 

4.3.2 In-situ deformation experiments 

The bulge test setup in Erlangen was originally designed by Schweitzer et al. [86,89] 
for in-situ observations in a Dimension 3100 atomic force microscope (Bruker Nano, 
Santa Barbara, USA). Preliminary experiments on plain membranes however did not 
permit observing plastic events, presumably because the chances of selecting the 
area where deformation localizes are statistically infinitesimal. The case of a 
membrane containing a single artificially introduced crack is however much more 
attractive, because – if one can exclude delamination – failure occurs by propagation 
from the crack tip. In ductile materials, the extension of the crack is supported by 
significant plastic deformation occurring ahead of it. 

The required sample preparation is similar to the one for quantitative KIC tests. The 
minor difference is that the membrane has to be mounted in the “usual” orientation 
(pressurization from inside the cavity), because of geometrical constraints from the 
AFM. The adhesion of the gold layer to the SiNx substrate has therefore to be 
boosted by introducing a thin chromium interlayer before growing the gold film. The 
chromium layer in the freestanding section is removed together with the SiNx 
substrate during the hot phosphoric acid etching step, but is left intact everywhere 
else. Thus, while the gold membrane is totally freestanding, it is firmly held by the 
frame. 

The testing procedure itself is rather tedious. The pressure is increased in steps, with 
sufficiently long holding sequences in order to allow AFM imaging. The task of 
engaging, centering, and withdrawing the AFM tip being time consuming, it proves 
more efficient to engage the tip once and keep it in contact with the surface during 
the whole bulge test. The transition between two pressure plateaus has however to 
be slow enough for the operator to carefully re-center the AFM piezo as the 
deflection of the membrane increases. A further issue is the nitrogen gas flowing 
through the FIB-milled slit. While its influence is negligible at the beginning of an 
experiment, it starts interacting with the AFM cantilever when the gas pressure is 
increased. In order to avoid measurement artefacts in the AFM micrographs, the tip is 
not directly moved over the slit, but rather constrained to the impermeable area 
ahead of the crack tip. Even so, the gas flow tends to lift the tip off the surface, which 
is compensated by gradually increasing the AFM contact force. The gas flow issue 
prevents using any imaging mode but contact. 

A full in-situ bulge test of a sample takes 4–6 h and usually ends with the 
catastrophic failure of the sample caused by the extension of the FIB-milled crack. 
The membrane itself is usually ripped to shreds which are blown away by the gas 
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flow. The AFM cantilever is also torn off, but the rest of the system does not suffer 
any damage, as it would have resulted if a fluid had been used instead of the 
nitrogen gas. 

 

 

 

 
Figure 4-23: AFM in-situ bulge test of a 300 nm freestanding gold membrane. The red-marked 
area in front of the 20 μm long FIB-milled slit was subsequently imaged at different pressure 
levels, see next page. 

Figure 4-23 shows an AFM micrograph of the FIB-milled slit taken before 
pressurization. Its edges are slightly bent upward (deflection of 60 – 70 nm, see 
Figure 4-24), indicating the relaxation of internal stresses through buckling. Away 
from the slit, the surface is globally flat, but exhibits some distinct bumps, which 
probably correspond to local variations of the residual stress of the film. Globally, the 
surface is very smooth, with a roughness Ra of only 3 nm. 

 
Figure 4-24: AFM cross-profile through the slit before pressurization. The slit is clearly 
extending through the whole thickness of the 300 nm gold film. 
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Figure 4-25: AFM in-situ imaging of a crack tip in a 300 nm gold film at different pressure 
levels. The sample finally failed when the pressure was increased from 27.5 to 30 kPa. 

Figure 4-25 shows the images acquired from a typical in-situ fracture experiment on a 
gold membrane and correspond to the red-marked 5 x 5 μm2 area in front of the 
crack tip indicated in Figure 4-23. On the first picture at p = 0 kPa, the surface looks 
very flat and smooth (Ra = 2.7 nm). Its morphology consists of hillocks formed during 
PVD deposition of gold. The underlying microstructure of the film remains invisible 
(see paragraph 2.1.2). As the pressure is increased to 5 kPa, no change in the 
topography is visible. The surface roughness also remains the same, which is a 
further indication that deformation is still fully elastic and reversible at this point. 
Shifting to p = 10 kPa, some clear changes are visible: two roughly triangular areas 
sink 5–10 nm below the level of the surface. When increasing the pressure to 
15 kPa, this trend grows stronger, with the depth of the pits reaching 25 nm. 
Interestingly, the main pit is not in direct contact with the crack tip – but rather 1 μm 
away from it – and its geometry encompasses a conspicuously straight edge. On the 
other side of the edge, the surface appears to be raised, albeit with a much lower 
magnitude (~ 3 nm) than the sink-in of the pit. This phenomenon grows stronger as 
the gas pressure increases, so that the depression even locally becomes as deep as 
60 nm, i.e. 20% of the total film thickness, shortly before failure of the sample 
(p = 27.5 kPa). 
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Figure 4-26: AFM cross-profile showing the gradual surface sink-in in front of the crack tip 
when the N2 gas pressure is increased. 

Figure 4-26 shows the variation of the surface height within this section when the 
membrane pressure is increased. It seems that the pit formation mainly occurs by a 
rotation of the surface around the left edge of the sinking area. The surface itself 
remains quite flat within this area, but while initially horizontal, it reaches a tilting of 8° 
at the final pressure of 27.5 kPa. The transition with the surrounding surface on the 
right of the dip is, from the beginning on, vertical. Such sharp and well defined 
boundaries suggest that the area affected by tilting consists of a single grain. From 
the microstructural investigation performed outside the freestanding section, the grain 
size of ~700 nm corresponds to a relatively large grain, see Figure 4-27. 
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 a.  b. 

 
 c. 

Figure 4-27: Microstructural analysis of the tested 300 nm gold film a. secondary electron 
micrograph showing the topography – b. electron channeling contrast revealing the underlying 
grains – c. FIB cross-section. The microstructure is bimodal with some grains extending 
through the thickness. 

From the AFM observations (Figure 4-25 – Figure 4-26), it thus seems that a large 
grain is rotated and slid along a grain boundary. This is not surprising, as grain 
boundaries are usually weaker than the interior of the grain, so that bonds can be 
broken there first, provided the geometrical constraints are favorable for grain sliding 
[204-208]. Because of this, grain boundary sliding most of the time requires prior 
accommodation of the shape of grains by intra-granular plasticity, see for instance 
the pile-up forming at the surface of the neighboring grain in Figure 4-25. 

 
Figure 4-28: Possible interpretation of the observed rotation of the surface 
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Such a possible mechanism has been schematically illustrated in Figure 4-28 (since 
the grain is large, it is likely that it extends through the whole film thickness, as 
observed elsewhere, see Figure 4-27). The effects of such a rotation are serious: the 
thickness of the film is locally reduced by up to 2 x 60 = 120 nm – i.e. 40% of the 
initial thickness. Consequently, the stress level is raised at this spot, thus yielding will 
occur prematurely there. 

From Figure 4-25, it appears that the sink-in of the surface occurs at several distinct 
spots in front of the crack between p = 15 and 25 kPa. Such observation further hints 
at a deformation localized at distinct grains. At p = 27.5 kPa, two distinct hollows 
become connected. It is likely that the final failure occurs by the repetition of this 
process, leading to the formation of a continuous band of weakened material in front 
of the crack. 

The observations reported here were confirmed by other in-situ bulge experiments. 
Figure 4-29 shows for instance a test on a 400 nm gold film, where the same kind of 
activity is found in front of the crack tip. Grain boundary sliding is particularly obvious 
at p = 35 kPa. 

 

All in all, the in-situ AFM observations suggest that individual grain motion takes 
place in front of the crack, locally reducing the film thickness. With increasing load, 
these separated areas finally get connected, thus forming a continuous path where 
the crack easily propagates. It therefore seems that the microstructure and crystal 
orientation of a thin film play an important role for its fracture behavior. This might be 
why the traditional fracture mechanics theories – which have been developed for 
macroscopic samples on a continuum mechanics basis – fail to account for the 
fracture of thin films. On the other hand, the observed discrete mechanism amounts 
to the local film thinning and twisting assumption made by Knott [183] for explaining 
the reduced KIC value measured for very thin films, which was confirmed by 
quantitative bulge measurements on gold thin films. 
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Figure 4-29: AFM in situ bulge test of a 
400 nm freestanding gold film. The 
micrographs show the topography in front of 
the FIB-milled crack tip. The sample failed 
when the pressure was increased from 35 to 
40 kPa. 
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5 Creep and strain-rate 
effects in thin films 

5.1 Time-dependent deformation 

5.1.1 Typology 

Unlike coarse grained bulk metals, thin films often exhibit a time-dependent behavior 
at room temperature [209]. This dependence does not only change the strength of 
thin-film structural components depending on the loading conditions, but also 
compromises their reliability on the long term. It is for instance the life-limiting factor 
of radio frequency microswitches [210]. 

Time-dependence manifests itself as two interrelated effects. The first obvious one is 
creep, which is usually defined as the time-dependent deformation of a material 
under the action of a constant load or stress [211]. It is usual to divide creep-driven 
deformation into three successive stages. The primary – or transient – stage 
corresponds to a rapid deformation of the sample. The second – or steady-state – 
stage is characterized by a constant strain-rate and a stable microstructure, while the 
third and last stage is related to the progressive failure of the specimen. The steady-
state usually attracts the most attention, since it is well described by the Mukherjee-
Bird-Dorn equation [212], which predicts: 

  (5-1) 
where n is a parameter of interest called stress-exponent. Transient creep is rarely 
evaluated, but can have serious consequences for a material: it might affect the 
monotonous deformation and make it strain-rate sensitive. In this case, the strength 
of the material is affected, following: 

  (5-2) 
where m is the strain-rate sensitivity. 

As early as 1956, Weertman [213] showed that the parameters m and 1/n are equal, 
i.e. the same physical parameter is measured by monotonic tests at different strain-
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rates and by steady-state creep experiments at different stresses. This proves that 
both creep and strain-rate sensitivity originate from the same underlying time-
dependent deformation mechanism. These mechanisms are usually divided in three 
categories [214]: 

 Diffusive processes rely on the emission, migration, and annihilation of 
vacancies. The vacancies can either migrate through the bulk (Nabarro-Herring 
creep [215,216]) or along the grain boundaries (Coble creep [217]). Diffusion is a 
slow process which is usually dominant at high temperatures only. Some 
researchers argue that Coble creep could possibly also play a role at room 
temperature in nanocrystalline materials, given the short diffusion path involved 
[218,219]. Voids found at the grain boundaries of failed samples can be indicative 
of diffusion creep, but most often it is evidenced by a stress-exponent n close to 
1. 

 Dislocation based processes encompass power-law creep and dislocation 
glide. Power-law creep occurs by the diffusion-controlled climb or glide motion of 
dislocations, while during dislocation glide creep, the obstacles have to be 
overcome by thermal activation. A typical example for this is the cutting of forest 
dislocations. Dislocation-based processes are characterized by a stress exponent 
n higher than 2, the transition between power-law and dislocation glide usually 
taking place around n = 8–10. 

 Grain boundary sliding (GBS) is a controversial process specifically proposed 
for nanocrystalline materials. It consists in the relative motion of grains by sliding 
along their common boundary. While the weak atomic bonding at the grain 
boundary is no serious obstacle to it, it is obvious that the relative sliding is limited 
by the geometrical compatibility with the surrounding grains. The original 
proponents of grain boundary sliding have therefore considered accommodation 
by diffusion to be the rate-controlling mechanism [220,221]. Later, it has been 
suggested that other mechanisms, such as dislocation activity at the grain 
boundary, might as well provide for the necessary accommodation [222]. Anyway, 
signature of classical diffusion assisted grain boundary sliding is a stress 
exponent n = 2 [223,224]. 

Athough all mechanisms possibly compete during deformation, only one dominates, 
depending on the stress and temperature levels. Thanks to the introduction of 
deformation-mechanisms maps [225] by Ashby and Weertman, the behavior of 
coarse-grained bulk materials is pretty well understood. This does however not hold 
true for the case of thin films. 

5.1.2 Creep of thin film 

Thin films are different from common bulk materials, insofar as they often have a 
nanocrystalline microstructure, a large ratio of free surface, and are possibly bonded 
to a substrate. 
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5.1.2.1 Creep mechanisms 

There are no deformation-mechanisms maps available in the literature for very thin 
films. As for moderately thin films, the maps established by Huang [226] for ~ 4μm 
thick copper films reveal large differences compared to coarse-grained bulk copper, 
the most striking one being a significant extension of the high-temperature power-law 
regime towards lower stress regions.  

From the different research works on freestanding gold films of submicrometer 
thickness, the most widespread opinion is that, at room temperature, the dislocation 
glide mechanism found in coarse-grained bulk specimens is replaced by power-law 
creep. The designation “power-law” is here used in a phenomenological sense, 
based on the experimental value of the stress exponent. It however does not 
guarantee that the mechanisms exactly correspond to the diffusion-controlled climb 
or glide motion of power-law creep in bulk samples. Anyway, the tangible 
consequence is that most thin films are strain-rate sensitive at room temperature. 
Emery et al. [227,228] showed that thin films with a grain size of 0.5 μm exhibit a 
stress-exponent of 6, but become insensitive to the strain-rate after a heat treatment 
causing an increase of the grain size to 1.5 μm. Wang et al. [229] reported that the 
strain-rate sensitivity increases – i.e. the stress exponent decreases – with 
decreasing thickness and grain size. According to Jonnalagadda et al. [230] and 
Karanjgaokar et al. [231], power-law behavior is however limited to slow to moderate 
strain rates. They observed a breakdown at a strain-rate of 10-4 s-1, and attributed the 
subsequent higher stress exponents to a shift from grain-boundary controlled 
deformation to intragranular plasticity. 

Gruber et al. [232] showed that diffusion processes were not dominating at room 
temperature, but could be at higher temperature provided the grain size was below 
30 nm, see also [233]. Although Wei et al. [234] reported a convincing case of grain 
boundary diffusion-driven recovery at room temperature, it involved a characteristic 
strain rate of 10-9 s-1 only, making it unlikely to dominate during monotonic testing. 

All in all, it appears that the strain-rate sensitivity of thin films is related to the kinetics 
of dislocations, and is prompted by the high incidence of grain boundaries. 

5.1.2.2 Anelastic effects 

One property unique to thin films is that a part of the creep induced deformation is 
non-permanent. The reverse plastic recovery that occurs after removal of the load is 
usually termed “anelasticity”, and seems to occur through diffusional processes. 
According to Rajagopalan et al. [235], it is driven by the reduction of the 
inhomogeneities introduced in the microstructure during loading. Wei et al. [234] 
gave a slightly different explanation based on chemical potential gradients due to 
residual stresses. The processes described by Rajagopalan and Wei are reminiscent 
of the older concept of “zero-creep stress”, which is a stress threshold for creep 
deformation to start. While traditionally understood as a drive to reduce the free 
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energy of the surface and interface of a film [209], it can also be understood in 
diffusional terms as equilibrium between surface and grain boundaries.

5.2 Strain-rate sensitivity of thin films 

5.2.1 Experimental testing concepts 

There have already been several attempts to measure the strain-rate sensitivity of 
freestanding films using bulge tests. As early as 1973, in USSR, Solonovich [236] 
applied an increment of stress to circular copper membranes during their transient 
creep relaxation. He could observe an instantaneous modification of the creep rate, 
whence he calculated the corresponding activation volume. More recently, Alaca et 
al. [90] tested rectangular gold membranes at different strain-rates, and calculated 
the strain-rate sensitivity by comparing the measured yield strength. While 
theoretically attractive, this method requires the availability of a strain-controlled 
bulge test setup and many identical samples. Since none of these conditions were 
fulfilled, the present study relies on the use of strain-rate jumps during loading, as 
they are commonly used during macroscopic tensile, compression [237], and bulge 
[238] tests. 

5.2.1.1 Strain-rate control 

Unlike the bulge tester used in [90], the setup developed in Erlangen was not 
designed for operating with a feedback loop. This means that the pressure over time 
data has to be provided by the user prior to testing, and that there is no way to 
guarantee that the strain-rate remains constant during the bulge test. 

 
Figure 5-1: Typical pressurization profile used for a strain-rate jump. The values of 50 Pa s-1

and 250 Pa s-1 were consistently used throughout this chapter, but the choice of the maximum 
pressure was optimized based on prior knowledge about the expected failure stress of the 
membrane. 

Fortunately, experiments have shown that the strain-rate varies only smoothly when 
the pressure increases linearly over time. In other words, the instantaneous strain-
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rate can be approximated as constant. In order to implement strain-rate jumps, the 
pressurization-rate was simply abruptly varied, see Figure 5-1. The amplitude of the 
jump was a trade-off between sufficient precision for the evaluation of the strain-rate 
dependence and sufficient time available for the membrane to overcome the 
transient. The maximum pressure achievable without failure was identified from 
preliminary tests performed on similar membranes. Care was taken that the 
pressure-rate jump was carried out after significant straining, in order to avoid the 
initial transient behavior (see next paragraph).

  
      a.       b. 
Figure 5-2: Effect of sudden pressurization-rate change on the strain-rate of a gold film. 
a. freestanding film – b. film on SiNx substrate. The raw data was filtered with a 20 s sliding 
window. 

The effect of the pressurization-jumps is exemplarily shown in Figure 5-2 for a 
freestanding film and a film on substrate. The variation of the strain-rate is of the 
same order as the increase in pressurization-rate – i.e. a factor of 5. After the reverse 
jump to the original pressurization-rate, the strain-rate settles to a value close to – but 
not exactly equal to – its initial value. The reason for this small discrepancy is that the 
strain-rate always slightly varies during straining, but here this change is magnified 
by the large strain increment accumulated during the fast pressurization segment. 
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5.2.1.2 Evaluation of the strain-rate sensitivity 

      a.       b. 
Figure 5-3: Evaluation of the strain-rate sensitivity from the stress-strain diagrams. 
a. freestanding film – b. film on SiNx substrate. The calculation of m is based on the difference 
between the measured and the extrapolated stress values (blue arrow) as well as the average 
strain-rate measured before and after the jump. 

The measurement of the strain-rate sensitivity is mostly hampered by the limited 
maximum strain (in the most favorable case 1%). This prevents reaching the plastic 
dominated stage, so the strain-rate jumps have to take place in the mixed elastic-
plastic stage, associated with a fast stress variation. Besides, the high strain-rate 
step has to be strongly limited in duration, making it difficult to assess whether the 
transient in stress response has ended. For these reasons, the evaluation procedure 
differs from that of macroscopic strain-rate jump tests. From the data of the initial and 
final slow loading segments, the material response at the slow rate is extrapolated to 
the full measurement range. This is performed by fitting a power-law function to the 
data, excluding the obvious transients. The strain-rate sensitivity of the sample is 
then obtained by evaluating the second strain-rate jump, i.e. comparing the stress 
level at the end of the fast loading with the value extrapolated for the slow loading 
rate. Based on Eq. (5-2), the strain-rate sensitivity is calculated as: 

 =      (5-3) 

This method is illustrated in Figure 5-3, where the effects of the pressurization-rate 
jump on the stress level are clearly visible.  



 5.2 Strain-rate sensitivity of thin films 

  83 

 
Figure 5-4: Validation of the experimental setup. The stress-strain curve of LPCVD SiNx does 
not evidence any discontinuity when the strain-rate is varied.  

In order to demonstrate that these effects are purely material related, and do not 
originate from the experimental setup, the same procedure was applied to the strain-
rate insensitive reference material LPCVD SiNx. As can be seen from Figure 5-4, its 
stress response is – as expected – measured to be strain-rate insensitive. 

5.2.2 Results and discussion 

5.2.2.1 Results 

The bulge test was used to investigate the influence of the thickness on the strain-
rate sensitivity of gold films of different thicknesses. The results are summarized in 
Figure 5-5. 

 
Figure 5-5: Strain-rate sensitivity of gold thin films as measured by bulge tests. 

The most important finding is the striking difference in strain-rate sensitivity between 
freestanding films (mean value m = 0.094) and films on a substrate (mean value m = 
0.020). Since the films are otherwise identical, the reduction of this value by a factor 
of 5 can only be attributed to the presence of the substrate. Note that in the current 
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case, the bonding to SiNx is excellent due to the use of a chromium interlayer, 
making the interface a strong obstacle to dislocation motion. 

The measured value of the strain-rate sensitivity of the freestanding gold films falls 
within the range of 0.05 – 0.17 [228,230] reported in the literature for submicrometer 
gold films tested in tension at similar strain-rates.  

The strain-rate sensitivity of the films on a substrate is in comparison much lower. 
Unlike coarse-grained gold films [227], the effect of the jump is however clearly 
noticeable. In order to validate the bulge test measurements, a 400 nm gold film was 
deposited on a SiNx substrate and investigated by nanoindentation. In detail, the 
strain-rate jump test method of Maier et al. [239] was combined with the Li-Vlassak 
correction for thin films (see paragraph 3.5.1). The measured value of m = 0.039 (at a 
depth of 150 nm) confirms the order of magnitude of the bulge test measurement. 

For both freestanding films and films on a substrate shown in Figure 5-5, the strain-
rate sensitivity seems to increase with decreasing film thickness. Such a trend is not 
surprising, as film thickness and grain size of PVD materials are weakly correlated, 
and it is known that a reduction of the grain size prompts an increase of the strain-
rate sensitivity [207,237]. It however does not explain the large difference in slopes 
between freestanding films and films on a substrate. It might either be due to a 
measurement artifact, or a significant difference in deformation mechanisms. 

5.2.2.2 Deformation mechanisms 

For comparison with the literature, the measured strain-rate sensitivities are 
converted into stress-exponents (see paragraph 5.1.1), yielding n = 50 for the films 
on SiNx and n = 10 for the freestanding films. A strict comparison with the limits 
summarized in paragraph 5.1.1 indicates that the dominant deformation mechanism 
is dislocation glide in both cases. Care should however be taken about direct 
comparison with values that have been established based on considerations on very 
different samples (bulk coarse grained ones). It would for instance be reckless to 
ascertain that the lower n value for the freestanding films indicates a stronger 
contribution of climb-controlled deformation. What these numbers clearly show is that 
both values are way too high for diffusion to play any significant role. This de facto 
excludes diffusion-controlled grain boundary sliding. 
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5.3 Creep tests 

5.3.1 Experimental setup 

Creep was investigated using a constant pressure rather than a constant stress in 
order to stick to the most common operating condition of thin films. Besides, keeping 
the stress constant would have required a feedback loop, which the Erlangen bulge 
setup had not been designed for. 

In details, the samples are first pressurized at a rate of either 50 or 250 Pa s-1, and 
the pressure is subsequently held constant for 1–12 hours. During this time, the 
displacement is continuously monitored, allowing for the offline calculation of the 
corresponding strain and stress. In order to validate the experimental setup, 
preliminary tests were carried out on the reference material LPCVD SiNx. 

 
      a.       b. 
Figure 5-6: Creep test on a 100 nm SiNx film. a. Pressure – b. Displacement in the center of the 
membrane, during the 12 h long testing at p = 150 kPa. 

The data recorded during the 12 h long test are shown in Figure 5-6. While the 
pressure is satisfactorily kept constant within ±60 Pa, the displacement changes by 
0.4 μm. This variation is in the opposite direction as caused by creep of the 
membrane, which confirms that LPCVD SiNx is insensitive, and suggests an extrinsic 
influence. The fast oscillation of the displacement signal visible in Figure 5-6b has the 
same period (15 min) as the operation cycles of the air conditioner present in the 
room. It therefore corresponds to the thermal expansion of the bulge setup produced 
by the change of ±1 °C. The long term variation of the displacement is in turn most 
likely due to a change in atmospheric pressure. The constant pressure evidenced in 
Figure 5-6a indeed corresponds to the absolute measurement performed by the 
sensor against a vacuum reference, and does not guarantee that the pressure 
difference between both sides of the membrane is kept absolutely constant. An 
overnight variation of the atmospheric pressure of ~1 kPa – which is quite common in 
Erlangen – could readily explain the contraction of 0.4 μm. All in all, the 
environmental influences result in a reduction of the membrane strain of only 0.01%, 
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and therefore it does not appear likely that they can significantly bias conclusions 
about a creeping material. 

5.3.2 Creep measurements 

For the creep tests, gold films were PVD-deposited on SiNx samples previously 
coated with a very thin chromium interlayer. Other gold films were made freestanding 
by RIE etching of the substrate (cf paragraph 2.1.3). Both freestanding gold films and 
films on a substrate were tested over 12 hours by the previously described 
procedure. The dwell pressure of the freestanding films was chosen as high as 
possible without risking an early failure, based on preliminary experiments. Given the 
sufficient stretchability of SiNx, the maximum pressure obtainable with the 
experimental setup (150 kPa) was used for the films on a substrate. 

The behavior of two representative samples is shown in Figure 5-7 and Figure 5-8. 

  
      a.       b. 

 
                                               c.  
Figure 5-7: Creep test on a 300 nm freestanding gold film, performed at p = 55 kPa during 12 h. 
a. Strain evolution – b. Stress evolution – c. Strain-rate evolution. 
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      a.       b. 
Figure 5-8: Creep test on a 200 nm gold film on SiNx substrate, performed at p = 150 kPa during 
12 h. a. Strain evolution – b. Stress evolution. The fast oscillations are machine effects. 

As expected from a creep test at constant load, the strain increases and the stress 
decreases with time for both samples. The magnitude of the changes is however 
strikingly higher for the freestanding film – although the stress level is 2–3 times 
lower than in the film on SiNx. In detail, the strain increase during the 12 h creep test 
is of 2x10-2 – i.e. 63% of the initial value – for the freestanding film, and only 5x10-4 – 
i.e. 7% of the initial value – for the film on SiNx substrate. From Figure 5-7a and 
Figure 5-7c, it seems that for the freestanding sample, the primary (transient) creep 
stage lasts for about 6 h, and is then followed by a steady-state stage associated 
with a constant creep rate of 2x10-7 s-1. Primary creep made the most significant 
contribution to the total deformation of the sample (49% of the full straining, against 
37% for the loading and 14% for the steady-state stage). On the whole, the sample 
showed in Figure 5-7a accumulated a much larger strain throughout the creep test 
than it is usual to reach before failure in a monotonic test (~ 1%). 

As for the specimen on SiNx substrate, it is difficult to draw clear conclusions, 
because of the high noise associated with atmospheric disturbances. On Figure 5-8a, 
two possible inflexion points can be identified. After the second one, the strain-rate 
remains almost constant at 2x10-9 s-1. In other words, the film hardly creeps 
compared to the freestanding one. 

Due to its importance, the transient creep behavior was investigated in detail. The 
usual characterization consists in fitting the strain over time data with a function 
representative of a certain process. In the literature, there are two main reference 
functions [240]. A logarithmic fit is usually successful at describing experiments at 
room temperature, while a power-law with a coefficient 1/3 is generally well suited for 
high temperature creep, as first reported by Andrade [241,242]. A logarithmic rise is 
usually interpreted as the progressive exhaustion of dislocations available for creep 
deformation [243]. Alternatively, Cottrell [244] argued that logarithmic creep is 
obtained when the strain hardening is high, and Andrade creep when it is weak.  
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Figure 5-9: Strain evolution during the primary (transient) creep stage for a freestanding gold 
film. The fits for the logarithmic and Andrade creep have been laid with a constraint on the 
initial strain value. 

From Figure 5-9, it appears that Andrade creep can be excluded for freestanding 
films, because the model would predict a much faster initial strain rate. The 
agreement between the experimental data and the logarithmic plot is rather good, but 
not perfect. It has been speculated in the literature [245] that a deviation might be 
caused by porosity or alternative deformation mechanisms, such as grain boundary 
sliding. 

The signal of the film on substrate is too noisy to allow for a comparison to the 
logarithmic and Andrade creep laws. It is however remarkable that the creep starts 
with a very fast strain increment. This fast increase lasts for about 15 minutes and is 
not a machine effect (cf paragraph 5.3.1). Complementary tests have shown that it is 
actually more pronounced when the initial loading is fast. Furthermore, it occurs 
systematically for films on a substrate, but never for freestanding ones. Since it is 
well-known that dislocations accumulate at the interface during deformation [51,52], it 
is likely that the initial fast strain increase corresponds to a reorganization of the 
interface through progressive relaxation of the dislocation pile-ups. 

All in all – excepting for the first 15 minutes – the quantitative measurements have 
shown that gold films on a substrate creep at a much slower rate than their 
freestanding counterparts. The freestanding films also exhibited more ductility than 
usually found in monotonic tests. 

5.3.3 Observations 

5.3.3.1 Creep testing 

The specimens that did not fail catastrophically before reaching the steady-state 
creep stage were investigated ex-situ in the scanning electron microscope. Unlike the 
membranes on SiNx substrate, the freestanding gold samples evidenced a striking 
modification of their surface. 
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 a.  b. 

 
 c.  d. 
Figure 5-10: Electron micrographs of the RIE-etched backside of a 300 nm freestanding gold 
film a. before testing – b. after 12 h creep at P = 150 kPa – c. detail of the extrusions after 
testing – d. FIB cross-section showing extrusions extending through the thickness. 

Figure 5-10 evidences a strong roughening of the initially flat surface during the 
creep test. The features are globally oriented perpendicular to the main tensile 
direction. The picture of highest magnification shows that they actually consist of 
distinct grains sinking inside or rising from the initial surface. Thus, the roughening 
contributes to the net elongation of the membrane width in a similar manner as 
illustrated by Figure 4-28 in chapter 4. This apparent grain boundary sliding – 
facilitated by the lack of constraint at the free surface – might explain the unusually 
high elongation reached in the creep tests (cf paragraph 5.3.2.). 

Nevertheless, the roughening of the surface is also favorable to crack nucleation and 
propagation, since it provides a thinner section along a continuous path. Figure 5-11 
shows for instance a crack that – although initiated at a preexisting inclusion in the 
membrane – seemingly grew following the extrusion network during the creep test.  
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                     a.  

 b.  c. 
Figure 5-11: Electron micrographs of a crack in a 300 nm freestanding gold membrane grown 
from a preexisting defect during creep testing (P = 55 kPa, 12h duration). a. Overview – b. 
Detail of the crack tip – c. Detail of the crack propagation. The dots visible in a. are organic 
contaminants which have been transported in gaseous form through the hole. 

It appears from the observation of the area ahead of the crack tip (Figure 5-11b) that 
propagation occurs by the widening of a preexisting channel. The material is further 
thinned by the strong plastic deformation induced by the stress concentration, which 
finally leads to further propagation. The consequence of the growth along an 
extrusion path is that the crack seemingly follows grain boundaries (Figure 5-11c). 
The massive signs of dislocation activities (slip bands and extruded grains) however 
exclude diffusion from being the mechanism controlling grain boundary sliding. 

5.3.3.2 Residual stress failure 

Failure of the gold membranes occurred in a few instances under the sole influence 
of their residual stress. In this case, the crack morphology significantly differs from 
what has been reported in the previous paragraph. The gold membrane discussed in 
the following was merely kept in a box over a long time. The sample had in fact been 
discarded from testing because the etching of the SiNx had been incomplete. As a 
result, a small piece of SiNx was left attached to the gold film, creating a highly 
stressed area around it, so that several cracks initiated from this area over a period 
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of time of two years, see Figure 5-12a. The fact that the membrane did not entirely 
collapse as it is usually the case during a bulge test indicates that the crack grew 
slowly. 

 
a. 

  
 b.  c. 
Figure 5-12: Creep failure of a gold film by the sole action of its residual stresses a. Overview 
of the main crack – b. Crack tip area – c. Crack propagation area. 

From Figure 5-12b, it can clearly be seen that a crack initiates by decohesion of 
several adjacent grains. The crack then propagates mostly along grain boundaries, 
accompanied by strong plastic deformation, as evidenced by the slip bands and 
extruded grains visible in Figure 5-12c. 

All in all, the failure was initiated by creep deformation localized at grain boundaries. 
The different micrographs show small pores scattered along the grain boundaries, 
suggesting that the initial creep is of diffusive nature. This is also consistent with the 
very long time – implying a very low creep-rate – required for crack initiation. This 
extremely low creep rate makes it unlikely that this mechanism is responsible for the 
strain-rate sensitivity observed during the bulge tests at ~10 . It is however of 
interest for predicting the long term stability of thin films. 

The crack propagation is in turn different in nature. This can be rationalized by the 
fact that the stress is locally increased in front of the crack tip. The conditions are 
therefore closer to the stress state experienced during bulge testing. The observation 
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of propagation along grain boundaries, accompanied by strong intragranular 
plasticity, is also compatible with the dominant dislocation dominated mechanism 
evidenced by the bulge test strain-rate jump measurements. 

5.4 Conclusion 
Both strain-rate and creep tests show that, unlike their coarse-grained counterparts, 
gold thin films exhibit a strongly time-dependent deformation behavior at room 
temperature. At the investigated strain rates of 10-6–10-5 s-1, this dependence does 
not originate from the prevalence of diffusive processes, but rather from the modified 
kinetics of dislocation-based processes, presumably due to the nanocrystalline 
microstructure. 

The strain-rate sensitivity is much higher for freestanding films than for films on SiNx 
substrate. The reason for this is that, in a thin freestanding film, the grains have the 
ability to slide out-of-plane, provided the boundaries to the neighboring grains are 
geometrically compatible with the displacement. In practice, it is the dislocation creep 
that gradually provides the necessary accommodation. Since the sliding process 
increases the net elongation of the sample, the creep behavior of freestanding films 
is substantial. Primary creep lasts for a few hours, and eventually yields higher 
strains than usually reached during a monotonic test. 

In comparison, films on a substrate exhibit lesser time-dependent effects, because 
the mobility of the grains is hampered by their strong bonding to the SiNx substrate. A 
further reason is the shielding of dislocations at the interface, which increases the 
yield strength of the film (see paragraph 2.3.2) and hinders dislocation activity. The 
effect of the interface is especially visible at the very beginning of the primary creep, 
which occurs at a somehow faster strain-rate, presumably because of the relaxation 
of the piled-up dislocations. 
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6 Fatigue testing of thin films 

6.1 Basics 

6.1.1 Macroscopic concepts 

6.1.1.1 Definitions 

Fatigue is usually defined as the progressive deterioration of the mechanical 
properties of a material as a result of cyclic loading, which ultimately leads to the 
failure of the sample [10,214]. 

 
  /2 –  stress amplitude /2  –  plastic strain amplitude

/2 –  strain amplitude 
      –  mean stress 

Figure 6-1: Schematics for one cycle during fatigue testing a. stress over time – b. stress over 
strain diagram. 

Fatigue testing is commonly performed in laboratories for predicting the lifetime of 
manufactured parts. A typical test consists in the repetition of a loading-unloading 
pattern, such as the one shown in Figure 6-1a. Tests are typically run at different 
stress amplitudes /2, and continued until failure, so that a S-N Wöhler plot [246] 
can be constructed. There are also alternative tests where the plastic strain 
amplitude /2 (see Figure 6-1b) or the total strain amplitude /2 are held 
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constant. For testing purposes, it is usual to distinguish between the following 
categories: 

 Low Cycle Fatigue (LCF) 
The material is cyclically deformed above its yield limit, resulting in sample 
failure after < 104 cycles. Fatigue life follows the Coffin-Manson [247,248] 
relation: 

 2 = 2  (6-1) 

where /2 is the plastic strain amplitude,  the fatigue ductility coefficient,  
the fatigue ductility exponent, and 2  the number of reversals to failure. 

 High cycle fatigue (HCF) 
It is performed at a lower stress, and results in sample failure after 105 – 107 
cycles. Fatigue life is not determined by the plastic strain amplitude, but rather 
by the total stress amplitude, following Basquin’s relation [249]: 

 2 = 2  (6-2) 

where /2 is the stress amplitude,  the fatigue strength coefficient,  the 
fatigue strength exponent, and 2  the number of reversals to failure. 

 Ultra-high cycle fatigue (UHCF) 
It has recently been acknowledged [250,251] that cracks can grow and lead to 
the failure of the sample – however only after 108 – 1010 cycles – even at 
amplitudes well below the fatigue limit. 

6.1.1.2 Fatigue mechanisms 

The mechanisms responsible for fatigue have been studied intensively. Although 
different explanations have been suggested, there is a general agreement that 
fatigue failure occurs in three successive stages: 

 Stage I – crack nucleation 
A crack is nucleated at the surface after some roughening has taken place, or 
initiated from the bulk by decohesion of an inclusion, or originate from another 
defect such as a grain boundary. 

 Stage II – crack propagation 
Crack propagation is characterized by the successive opening and closing of 
the crack tip during cyclic loading, which result in striations – caused by the 
creation of successive plastic zones in front of the crack – on the fracture 
surfaces. 

 Stage III – fracture 
It occurs when a crack becomes long enough for the stress intensity factor to 
reach the fracture toughness of the material, which causes failure of the 
specimen. 

The fatigue cracks found in the overwhelming majority of macroscopic samples had 
started propagating from the surface. 
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In the most studied LCF regime, the surface crack initiation is a consequence of 
microstructural changes in the bulk of the sample. During cyclic straining, dislocations 
progressively align in a periodic array of ladders and walls along persistent slip bands 
(PSB) [252] which extend through the whole thickness of the specimen, and result in 
the formation of extrusions and intrusions at the surface [253,254]. These intrusions 
in turn act as stress concentrating notches, which progressively turn into a crack 
propagating through the sample. 

High-strength materials and samples containing inhomogeneities can experience 
different mechanisms, with crack initiation from the bulk during UHCF testing [255]. 

6.1.1.3 Effect of mean stress 

Most cyclically loaded parts are subjected to a mean stress during service. It is of 
course possible to perform LCF testing with a non-zero mean stress, as illustrated by 
Figure 6-1, but it would be too tedious to systematically adapt the fatigue 
experiments to the service conditions of a part. Instead, empirical laws are used, 
which predict the influence of the mean stress on fatigue tests compared to a mean 
stress free condition. Goodman [256] for example suggested that the stress 
amplitude  under mean stress is related to the stress amplitude  under mean-
stress free condition by: 

  = 1  (6-3) 

where  is the ultimate tensile strength. 

 
Figure 6-2: Cyclic creep – or ratcheting – of a strain-hardening material tested at constant 
stress amplitude with a tensile mean stress. 

Independently from this, a non-nil mean stress is likely induce cyclic creep – or 
ratcheting – by accumulation of plastic strain from cycle to cycle. The consequence is 
that the cyclic stress-strain diagram is continuously shifted in one direction. This 
phenomenon is schematically shown in Figure 6-2 for the constant-stress testing of a 
strain-hardening material with a tensile mean stress. The hysteresis loops are shifted 
towards higher strains, while the strain hardening behavior of the material causes the 
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yield strength to increase and the plastic strain amplitude to decrease over the 
cycles. 

6.1.2 Fatigue of thin films 

So far, research has mostly focused on the fatigue properties of thin films on a 
substrate (see paragraph 2.3.4). This was motivated by the strong industrial interest 
for predicting the fatigue life of the metallic layers embedded in microchips, which are 
experiencing cyclic straining due to thermal expansion caused by resistance to 
electrical current [257]. Little is known about freestanding films, although they are 
bound to become increasingly used in MEMS products.  

Most of the mechanical testing methods presented in paragraph 3.5 are suitable for 
fatigue testing of thin films. 

6.1.2.1 Films on a substrate 

The most basic fatigue experiments consist in thermal cycling tests where the film is 
strained due to the variation of its elastic mismatch with the substrate [258,259]. The 
first purely mechanical test was performed by beam bending. An elastic cantilever 
coated with a film is deflected by the load of an indenter [62,260-262] or by an 
electrostatic device [263,264]. The straining of the film is not uniform: damage occurs 
predominantly near the fixed end of the beam. Recently, the trend has shifted 
towards tensile testing on stretchable substrate [56-58,61,63,64,265,266], which 
achieves a more uniform straining, for a comparable sample preparation effort. Such 
tests have delivered the most valuable information to date. Nanoindentation has also 
been used [267,268], but the results are difficult to interpret, since it probes a volume 
that is much smaller than the area which is believed to contribute to the fatigue failure 
of a film. Lastly, the ring-on-ring technique has been used [269,270] to reproduce the 
biaxial cyclic loading endeavored by metallic layers embedded in microchips, without 
influence from the temperature. 

6.1.2.2 Freestanding films 

Tensile testing of sub-micrometric freestanding films requires the production of 
dedicated MEMS devices [271,272], which proves very costly and tedious. Point-
deflection (see paragraph 3.5.3) is a promising method for cyclically straining a 
freestanding membrane with an indenter tip at much lower costs, albeit in a biaxial 
mode. The only test run so far [65] has unfortunately amounted to the failure of the 
sample after 5 cycles only, which was probably due to an excessive straining of the 
membrane at the contact with the indenter. Bulge testing is not affected by this issue, 
since the loading occurs through uniform pressurization, making it a valuable tool for 
the cyclic testing of membranes. While at least two dynamic bulge testers have been 
built so far [273,274], none of them has been used for studying the fatigue properties 
of freestanding films. Kalkman’s device [273] was used for studying the effect of the 
loading rate on Young’s modulus, while Hall’s [274] was applied to a thick multilayer 
stack only [275]. 
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6.2 Bulge fatigue testing 

6.2.1 Experimental setup 

The existing Erlangen bulge setup was modified in order to fatigue membranes by 
repeating a loading-unloading pressure cycle for an arbitrary number of times. The 
hardware design was improved so as to ensure stability of the experimental setup 
over long periods of time, see paragraph 3.4.1. The PID controller was also tuned in 
order to allow fast loadings. The best trade-off was achieved by increasing the gain 
for prompting a faster response, and by reducing the phase lead for avoiding any 
overshoot which would have damaged the membrane. The optimal parameters are 
listed in Table 6-1. Note that – independently from the performance of the PID 
controller – cyclic bulge testing requires a large N2 gas flow in order to fill the 
pressure chamber rapidly. 
Table 6-1: Parameters used for the PID 250E controller (MKS Instruments USA) and 
corresponding performances for both monotonic and cyclic bulge modes. 

Parameters Monotonic bulge test Cyclic bulge test 
PID Phase Lead 3.15 2.95 
PID Gain 37 75 
N2 flow 5% 50% 
Typical duration 600 s 5 s 
Typical pressure rate 250 Pa s-1 10 000 Pa s-1 
 

The use of a fast settling exhaust valve allows reaching a cycle frequency twice as 
large as reported by Kalkman [273] for a bulge tester of comparable gaseous 
technology. The operating frequency of 0.2 Hz is well suited for LCF but restricts 
testing in the HCF and UHCF regimes. While reaching 105 cycles is not a major 
problem, 106 cycles require two months of testing, which is too long in practice. It is 
unfortunately hardly possible to operate faster, because the kinetics of the gaseous 
nitrogen limits the loading rate of the membrane. In order to reach higher 
frequencies, it would be necessary to use a non-compressible medium, such as oil, 
and a fast piezo-element as a piston, see [274]. Such a setup is however more 
complex to operate and cannot be inserted in an AFM. Compared to the 
aforementioned devices, the Erlangen has the only drawback that – because of the 
use of an absolute pressure sensor, see paragraph 5.3.1 – long term measurements 
are affected by drift. This could fortunately be avoided by completely opening the 
exhaust valve and tarring the pressure channel at regular intervals (typically 500 
cycles). 

Generally, the existing Labview software code was expanded so that the operator 
can enter a custom pressure pattern to be repeated a given number of times. A 
triangular pressure cycle with a short hold segment was used, but sinusoidal loading 
sequences are also possible. 
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Figure 6-3: Pressure cycle as entered by the operator and actually performed by the PID 
controller. 

As can be seen in Figure 6-3, the PID controller introduces a small lag and slightly 
smoothens the signal, preventing the pressure from falling back completely to zero. 
The same cycle can be repeated up to 200 000 times. Due to limitations in the 
hardware, the pressure and deflection signal cannot be real-time processed, but are 
merely recorded during the whole experiment, as shown in Figure 6-4. For cyclic 
testing at 0.2 Hz, it has proved appropriate to sample the signal at 5 Hz. A higher 
sampling frequency does not provide much more useful information and results in 
excessively large files. 

 
Figure 6-4: Typical pressure and displacement data recorded during a cyclic bulge test. The 
diagrams show a 5 min extract out of a 1 week measurement. 

The Labview code was modified to enable the operator to interleave slower cycles at 
regular intervals, in order to record the p-h hysteresis curve with a higher density of 
points without overloading the computer. 
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Still, the file containing the pressure-deflection data recorded over the whole 
measurement can reach a few hundreds of megabytes, which is too large to be 
evaluated by a spreadsheet processing program. Therefore a dedicated Python 
script has been written, which identifies the different cycles and evaluates the stress 
and strain during for each of them according to Vlassak’s model (see paragraph 
3.2.2.2). The instantaneous plane-strain modulus and residual stress of the film are 
then calculated from the upper 1/3rd of each unloading (see paragraph 3.4.3). Upon 
completion, the script outputs the following files in spreadsheet format: 

 Detailed file containing the full original p-h data augmented by the calculated 
parameters 

cycle # time pressure deflection strain stress 
 

 Overview file containing the parameters calculated for each cycle 

cycle # plane-strain 
modulus 

residual 
stress xx min xx max xx min xx max 

 

For the convenience of the user, the same information is output again for the sole 
slow cycles. 

6.2.2 Fatigue tests on SiNx membranes 

In order to validate the fatigue bulge test method, a measurement was carried out on 
a plain SiNx membrane. LPCVD SiNx is known from the literature to have an almost 
infinite fatigue life [263,264]. Even after 109 cycles at 5.8 GPa stress amplitude, 
Chuang et al. [263] could not find any sign of damage in their sample, so it is unlikely 
that a shorter and more moderate cycling would result in any modification of the film, 
thus making SiNx a perfect material for testing the long-term stability of the device. 

In detail, the 100 nm SiNx film was tested with the loading profile shown in Figure 6-3 
(testing with p = 50 kPa at 0.2 Hz). The membrane was mounted “upside-down” for 
pressurization, in order to prevent any delamination. To avoid any bias from the 
atmospheric pressure shift, the membrane was totally unloaded and the pressure 
sensor was zeroed every 500th cycle. A slow cycle at 1/10th of the nominal speed was 
performed every 2000th cycle. The membrane endeavored 100 000 cycles – which 
took 6 days – without failing. 
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Figure 6-5: Plane-stress modulus and residual stress of the 100 nm SiNx film evaluated through 
100 000 cycles. 

After completion, the recorded data was analyzed with the Python script presented in 
paragraph 6.2.1. It firstly evidenced that the pressure had been cycled between 3.8 
and 48.6 kPa, instead of the intended 0 – 50 kPa. As mentioned earlier, this is a 
consequence of signal smoothening by the PID controller, which cannot be 
suppressed. The evaluation of the data showed that this corresponds to a stress 
amplitude of 502 MPa. The plane-strain modulus and residual stress were calculated 
for each cycle and are shown in Figure 6-5. Both values remain absolutely constant 
during the whole test. This is a confirmation that LPCVD SiNx is not affected by 
fatigue, and a proof of the excellent long term stability of the measurement device. 

The periodic scattering visible in the residual stress data of Figure 6-5 results from 
the interruption of the test after every 500th cycle for tarring purposes. The few other 
scattered points correspond to cycles with missing data points. This non-recording of 
data points might be due to a temporary overloading of the computer, or a bug in 
Labview. 
Table 6-2: Comparison of the film parameters obtained from static and dynamic bulge testing 
with the same SiNx sample. 

 Monotonic test Cyclic test 
Pressure rate 250 Pa s-1 10 000 Pa s-1 
Plane-strain modulus 251 GPa 246 GPa 
Residual stress 531 GPa 560 MPa 
 

In order to quantify the effect of the increased loading and unloading rates, a 
traditional monotonic test at a rate of 250 Pa s-1 was performed on the same 
membrane. The results are shown in Table 6-2. The modulus measured in the 
dynamic mode is 2% lower than from the monotonic test, and as a result the residual 
stress  – which is measured by an extrapolation based on the plane-strain modulus –
is 5% higher. These very small discrepancies can be attributed to a modification of 
the machine compliance between 2x10-3 and 0.2 Hz. Had the difference been larger, 
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it would have been necessary to adapt the correction coefficient to the testing 
frequency. 

Figure 6-6: Stress-strain loops of 100 nm SiNx for every 10 000th cycle until 100 000 cycles. 

Further interesting information is available from the slow cycles. The stress-strain 
diagrams calculated for every 10 000th cycle are shown in Figure 6-6. First of all, they 
do not show any hysteresis at all. As during monotonic testing, SiNx deforms purely 
elastically, so that both loading and unloading segments are straight and perfectly 
overlap. This lack of hysteresis confirms the lack of any machine visco-elastic effects. 
Secondly, the diagrams of all cycles until 100 000 overlap extremely well. This 
confirms the absence of plastic deformation within the fatigued SiNx film. The film is 
also not affected by cracking, which would have resulted in a loss of stiffness and a 
modification of the slope of the diagrams. Lastly, this underlines the very good 
stability of the measurement setup over long periods of time. 
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6.3 Testing of freestanding films 

6.3.1 Samples 

The method validated by the preliminary test on SiNx was applied to the testing of 
freestanding gold films. The samples were prepared following the general method 
presented in paragraph 3.4.2. A layer of ~10 nm chromium was first deposited in 
order to improve the adhesion of the subsequent ~ 230 nm gold film on the SiNx

substrate. Both SiNx and chromium layers were removed from the freestanding 
section of the sample by hot phosphoric acid etching (see paragraph 2.1.3).  

 

  
    a.     b. 

 

 
 

Figure 6-7: Schematics of pressurized freestanding gold membranes. a. “Usual” mounting 
orientation – b. “Upside-down” mount. 

Due to the tedious sample preparation procedure and the extensive testing time, only 
three samples out of six attempts were successfully cyclically tested. Out of these 
three samples, one was mounted “upside-down” (pressurization from outside the 
cavity), while the two others had the “usual” orientation (pressurization from inside 
the cavity), see Figure 6-7. Samples with either orientation showed the same trend 
during fatigue testing. An overview is provided in Table 6-3. 

 
Table 6-3: Overview of successfully fatigue tested freestanding gold film. The gold films were 
230 nm thick. They were firmly bonded to the SiNx frame thanks to a ~10 nm chromium 
adhesion layer. Cyclic testing was performed at 0.2 Hz. 

Sample 
name 

Mounting 
orientation 

Max 
pressure 

Quantitative 
recording 

Interrupted 
monitoring 

Cycles to 
failure 

SCGF-01 “upside-down” 50 kPa X  34 058 

SCGF-03 “usual” 30 kPa X X 13 514 

SCGF-05 “usual” 30 kPa X X 70 000+ 
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6.3.2 Quantitative results 

6.3.2.1 Exemplary fatigue test 

The considered sample SCGF-01 consisted of a 230 nm thick gold membrane 
mounted with the “upside-down” orientation. It was tested at a cycling frequency of 
0.2 Hz with a maximum pressure of 50 kPa. It failed after 34 058 cycles, which 
corresponds to two days of testing. 

 
Figure 6-8: Plane-stress modulus and residual stress of the 230 nm freestanding gold film 
evaluated through the 34 058 cycles of the measurement. 

The most interesting information evaluated from the pressure and displacement data 
recorded throughout the experiment are the residual stress and plane-strain modulus 
over the number of cycles, see Figure 6-8. Unlike the preliminary test with SiNx, the 
residual stress shows a large and progressive shift towards increasingly compressive 
values. It might be useful at this point to recall the definition of the residual stress: it is 
the stress that the membrane would experience if it would be shaped back to its 
initial flat position. In reality, this value is never reached, because a freestanding film 
relaxes any compressive stress by buckling. It can nevertheless be measured (see 
paragraph 3.4.3). While the residual stress of the as-deposited sample is slightly 
tensile (+20 MPa), it turns strongly compressive after the first cycle (-370 MPa). The 
following ~100 cycles show a rapid increase towards higher compressive stresses, 
and this trend is continued during the following cycles, albeit at a steadily decreasing 
rate. The shift towards more compressive residual stresses can be interpreted as the 
result of an increase of the film width by successive plastic deformation. The plane-
strain modulus of the film seems in turn to remain constant throughout the testing, 
just as this had been the case with SiNx. 

A more refined analysis can be performed based on the more accurate data from the 
“slow” cycles. 
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Figure 6-9: Plane-stress modulus and residual stress of the 230 nm freestanding gold film 
evaluated from the slow measurement cycles. 

Figure 6-9 shows the same parameters as Figure 6-8, but this time evaluated from 
the “slow” cycles, and displayed with a magnified y-axis scale and a logarithmic x-
axis. The good linear fit of the residual stress shows that it logarithmically shifts
towards more compressive residual. This is in line with the observation of a steadily
decreasing rate after ~200 cycles made in Figure 6-8. 

Unlike in Figure 6-8, the data from the “slow” cycles reveal that the plane-strain 
modulus slightly decreases during the last 10 000 cycles, which could correspond to 
the formation of tiny cracks. This effect is very weak, but was also found in a second 
measurement on a similar membrane (SCGF-03). 

 
Figure 6-10: Stress-strain loops for the 230 nm freestanding gold film for every 2000th cycle 
until 34 000 cycles. 

Figure 6-10 shows the stress-strain curves of the “slow” cycles, i.e. every 2000th

cycle. Some trends can be identified. First of all, the hysteresis loop is progressively 
shifted to higher strains. Interestingly, the strain increment continuously decreases 
with increasing number of cycles. At the same time, the plastic strain amplitude 
decreases. These observations are indicative of ratcheting of a strain hardening 
material (see paragraph 6.1.1).  
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      a.       b.

 
      c. 

Figure 6-11: Evaluation of key parameters from the slow cycles a. Strain amplitude – b. Plastic 
strain amplitude – c. Stress amplitude. 

In order to support a closer analysis, the main fatigue parameters have been 
calculated and are shown in Figure 6-11. It is particularly striking that both strain and 
plastic strain amplitude decrease logarithmically with the number of cycles – and thus 
with time. This behavior is reminiscent of the creep behavior of freestanding gold 
films (see paragraph 5.3.2), and supports the observation of ratcheting. The fact that 
the stress amplitude follows the same trend as the strain amplitude is directly 
connected to the bulge test technique: a broader membrane loaded to the same 
pressure does reach a lower stress, see Eq. (3-9). 

Looking back at Figure 6-10, it appears that the last slow cycle – recorded only 58 
cycles before final failure of the sample – does not fully follow the previous trends:  it 
appears to be at a larger strain increment from the previous hysteresis loop than its 
predecessors. 
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      a.       b. 
Figure 6-12: Maximum (a.) and minimum (b.) deflections recorded during every cycle. 

This final behavior also pervades in the raw data collected for each cycle. Figure 
6-12 shows that the deviation from the general trend starts after ~31 800 cycles and 
continues until the very end of the test. Interestingly, the displacements at maximum 
and minimum pressure increase by the same amount, which proves that the 
supplementary deformation is of plastic nature. Although its contribution to the 
accumulated plastic deformation is very small ( = 0.02% versus = 1.3%), this 
phenomenon seems to play an important role in the failure of the sample. 

All in all, the continuous quantitative measurement of the cyclic bulge test evidenced 
cyclic creep and strain-hardening of the sample. Over the 2 000 cycles preceding 
failure, an accelerated increase of the plastic strain of the membrane takes place. 

6.3.2.2 Interrupted fatigue tests 

Other cyclic tests were periodically interrupted in order to allow microscopic 
observations with the AFM and SEM, so as to better understand the failure 
mechanisms. Though delivering new interesting information, interrupted monitoring 
hindered the possibility of reliably measuring the mechanical parameters of the 
sample. For evaluating the stress and strain from the pressure-displacement data, it 
is indeed necessary to know the absolute height of the original non-deformed flat 
membrane. This information is definitively lost when the sample is removed from the 
bulge tester. Provided the difference is not too large, the unknown parameter can be 
determined by fitting the plane-strain modulus from unloading to the previously 
determined value. 
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Figure 6-13: Evaluation of an interrupted cyclic bulge test on a freestanding 230 nm gold film 
(SCGF-05) with the newly introduced initial height correction. 

As can be seen in Figure 6-13, this procedure yields a fairly constant plane-strain 
modulus through the whole test. It does however not eliminate discontinuities within 
the residual stress signal. Indeed, a plastically deformed nanocrystalline gold film 
partially recovers when unloaded, as recently shown by Wei and Kysar [234] and 
earlier by Abbas et al. [65] (see paragraph 5.1.2). The reason is that their back-stress 
allows the dislocations which are piled-up at the grain boundaries to move back 
towards their original position when the external stress is lowered [51]. Such reverse 
plasticity is only observed in nanocrystalline materials, which have a high fraction of 
grain boundaries. Obviously, this effect is time-dependent – just like forward plastic 
deformation can be – and results in a reduction of the residual stress, see Figure 
6-13. 

 
Figure 6-14: Stress-strain loops for a freestanding 230 nm gold film tested with interruptions 
(SCGF-03) Failure occurred after 13 514 cycles. 

Notwithstanding this transient, interruptedly tested films behave like films tested 
continuously. They show ratcheting and strain-hardening, and the same logarithmic 
decrease of the loop parameters is found, see Figure 6-14. 
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6.3.2.3 S-N curves 

It was not possible to study the fatigue life of freestanding gold membranes reliably 
with the bulge test. Not only is the testing procedure too long to obtain enough data 
for a S-N plot within a reasonable time frame, but the experiments did not prove very 
reproducible. For instance, the samples SCGF-03 and SCGF-05, which had actually 
been fabricated within the same PVD batch, have respectively sustained 13 514 
cycles until failure, and over 70 000 (sample not yet failed) at a testing amplitude of 
30 kPa. This large scatter suggests that minor defects and/or strain localization might 
play a crucial role in the fatigue failure of freestanding thin films. 

6.3.3 Microscopic investigations during bulge tests 

Two 230 nm freestanding gold films (samples SCGF-03 and SCGF-05) were tested 
with interruptions after every 10 000th (respectively 5 000th) cycles, so as to allow 
inspection in the optical microscope, electron scanning microscope, and atomic force 
microscope. Due to imaging constraints, the samples had to be mounted with the 
“usual” orientation. Since this implies risking gold film delamination from the silicon 
substrate, the samples were tested at a maximum pressure of 30 kPa only. 

6.3.3.1 Grain boundary sliding 

The first interesting observation concerns the progressive roughening of the film. 
While the surface was originally quite smooth, some grains become apparent from 
the surface topography after a few thousands of cycles, see Figure 6-15.  

  
 a.  b. 
Figure 6-15: SEM images of the surface. a. Before testing, the surface is smooth – b. After 
25 000 cycles, some grains become visible in the topography (two different spots on SCGF-05). 

This decohesion at the grain boundaries is first limited to a few areas, but becomes 
more and more widespread as the testing goes on. 
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 a.  b. 
 

 
 c.  d. 
Figure 6-16: Sink-in motion of individual grains after 70 000 cycles (SCGF-05). a. and c. 
secondary electron contrast – b. and d. electron channeling contrast. 

After a longer testing time, individual grains can be observed to sink into the surface 
at various places, see Figure 6-16. This is likely to be a further step of the previously 
observed surface roughening. The affected grains had a size of 200 – 400 nm, 
therefore neither falling into the categories of the largest nor the smallest grains. 
They also had various shapes. It is however striking that they appeared rather dark 
on the channeling contrast electron micrographs, which means that relatively few 
electrons were back-scattered towards the detector. It could hint at a common 
orientation, or simply be the result of a larger plastic deformation of these grains, or a 
shadowing effect because of the height difference. 
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    a.             b. 

Figure 6-17: Atomic force micrographs showing a. grain decohesion – b. individual grain 
sinking after 70 000 cycles (SCGF-05). 

Investigations by atomic force microscopy directly confirmed that the contrast that 
was observed by secondary electron imaging was of topographical nature. Figure 
6-17a evidences grain boundaries at the surface, while Figure 6-17b shows strong 
sliding of one grain boundary vertical to the surface. 

 
Figure 6-18: AFM cross-profile over a grain affected by sink-in. 

From the AFM cross-section shown in Figure 6-18, it appears that the surface of the 
sunken grain is tilted away from the horizontal. More precisely, the grain is smoothly 
connected to the rest of the surface on the left side, while a sharp vertical limit 
separates it from the surrounding material on the right side. A pile-up is also 
observed beyond this boundary. Presumably, the grain rotated and glided along its 
right grain boundary, causing a deformation within the neighboring grain. This
corresponds exactly to the observation reported in paragraph 4.3.2 in front of a crack. 
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 a.  b. 

Figure 6-19: Electron microscopic and Focused Ion beam investigation of grain boundary 
sliding a. Top view of the surface – b. Cross-section showing a step on both sides of the film 
(grain boundaries visible from secondary electrons contrast have been highlighted). 

Lastly, a further presumed grain boundary sliding event was investigated with a 
Focused Ion Beam, see Figure 6-19. Observation of the cross-section  revealed a 
step on both sides of the membrane which is in line with the assumption of grain 
boundary sliding associated with limited plasticity. In this particular case (Figure 
6-19b), the sliding appears to have occurred along a twin boundary. 

6.3.3.2 Strain localization 

Necked regions are another kind of plastic deformation which was detected during 
testing. 

 
Figure 6-20: Strain localization after 25 000 cycles (SCGF-05) resulting in local necking of the 
film. Extrusions are present on both ends, while many slips bands are visible along and around 
the path. Dark spots correspond to atmospheric contamination during testing. 



6 Fatigue testing of thin films  

112  

Figure 6-20 shows such a large necked area detected after 25 000 cycles. 
Dislocation activity has obviously taken place, as there are numerous slips bands 
visible all along the necked path. They culminate in large material extrusions on both 
sides of the necked region. Such extrusions are clearly unusual for nanocrystalline 
materials, as a very high stress is required for ductile flow. From the literature [58,62], 
strain localization could occur if the involved grains are larger than the rest, or (100) 
oriented, or the film is thinner there from the beginning. 

  
 a.  b. 
Figure 6-21: Electron back-scattered micrographs of the main necked area in SCGF-05: a. after 
25 000 cycles – b. after 70 000 cycles. 

The electron back-scattered micrograph shown in Figure 6-21a did not reveal any 
abnormally large grains, and an EBSD measurement confirmed a strong (111) 
texture around the necked area. The presence of contaminants in the vicinity rather 
suggests that the area has been damaged by the interaction with an external body 
deposited from the atmosphere during testing. Anyway, as evidenced by the 
comparison between both micrographs of Figure 6-21, the necked region proved 
stable during the continuation of the cyclic test, suggesting that the ultimate film 
failure did not originate from this necked area.  

6.3.3.3 Summary of the observations 

All in all, a rather strong activity was observed at the grain boundaries. It caused an 
early and widespread roughening of the surface and led to the gliding and/or tilting of 
individual grains at a later stage of the test. 
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 a.  b. 
Figure 6-22: Optical micrographs of the center of SCGF-03 a. before testing – b. after 10 000 
cycles. A general roughening of the surface is visible, while larger defects appeared at 
previously defect-free spots. 

This is well summarized by the optical micrographs shown in Figure 6-22. Not only is 
a general roughening seen, but it can be observed that the most important defects 
(marked red circles) are initiated at previously defect-free spots. They most likely 
originate from the gliding/tilting of one or several grains. In comparison, extrinsically 
damaged areas (green arrows, here resulting from etching) do not further extend 
during cyclic testing. 
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6.4 Testing of films on a substrate 

6.4.1 Quantitative measurements 

The most striking difference with the freestanding case is that gold films on 100 nm 
SiNx cannot be tested to failure, for the obvious reason that the substrate has an 
infinite fatigue life on its own (see paragraph 6.2.2). And indeed – excluding one case 
of delamination from the silicon frame during the first cycle – none of the tested 
samples failed. This does not mean that the films do not accumulate damage, nor 
that their functional properties are impacted (see the different functional fatigue life 
definitions in [61,63]), but rather that the sample as a whole does not mechanically 
fail, because the SiNx substrate can bear the full load on its own. 

A second difference lies in the fact that, while freestanding samples can only be 
loaded in pure tension, gold films on a substrate are most of the time tested with a 
stress alternating between tension and compression.  

 
 

      a.       b. 
Figure 6-23: Mechanical behavior of a gold layer bonded to a SiNx substrate during a bulge test 
a. Schematics showing how the plastic deformation leads the film being pulled back into 
compression by its substrate – b. Measurement on a 140 nm gold film on 100 nm SiNx. 

This is a consequence of the different deformation behavior of the film and its 
substrate. When loaded beyond the yield strength, gold flows plastically, while the
brittle SiNx substrate continues to deform purely elastically. When the load is 
removed, the SiNx film retracts, and pulls the attached gold layer into compression, 
see Figure 6-23. Such a behavior is only observed if the bonding between film and 
substrate is good. Otherwise, the upper layer delaminates and buckles. 

 

The present paragraph focusses on a 140 nm gold film tested on top of a 100 nm 
SiNx substrate. The sample was mounted with the “usual” orientation on top of the 
pressure chamber, so as to render observations of the surface easier. It was tested 
at the moderate N2 pressure of 50 kPa – in order to avoid delamination from the 
substrate – at a frequency of 0.2 Hz. The thickness of the gold film had been chosen 
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so that testing under these conditions produces the same stress amplitude as during 
the experiment on a freestanding film reported in paragraph 6.3.2. 

 
a. 

  
      b.       c. 

  
      d.       e. 
Figure 6-24: Fatigue behavior of a 140 nm gold film tested on a 100 nm SiNx substrate  
a. Evolution of the plane-strain modulus and residual stress parameters – b. Stress-strain loop 
of every 5000th cycle with corresponding: c. plastic strain amplitude – d. mean loop strain –  
e. mean loop stress. 

A quantitative evaluation was performed for the first 50 000 cycles and is shown in 
Figure 6-24a. The plane-strain modulus remains constant through the test, indicating 
the absence of large cracks and delamination from the substrate. The residual stress 
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shifts in contrast to larger and larger compressive values. This behavior is globally 
similar to the observations performed on freestanding gold films. It must however be 
pointed out that the decrease of the residual stress is less pronounced, and even 
becomes barely perceptible after 35 000 cycles. Another difference is that the 
scattering in the data is larger, which is a consequence of the extrapolation of the 
contribution of the gold layer from the overall bilayer signal. The stress-strain loops 
recorded for each slow cycle (Figure 6-24b) hint at a ratcheting behavior, as it was 
also the case for freestanding films. The increase in median strain is however much 
slower, see Figure 6-24d. The consequence of this increase in strain is that the gold 
film reaches a growing compressive stress when the sample is unloaded. Thus, the 
loop mean stress continuously decreases towards zero, see Figure 6-24e. Since a 
large mean stress is the driving force for cyclic creep, this phenomenon is strongly 
slowed down by its own action. This explains why the residual stress seems to 
saturate. Another difference with freestanding gold films is the magnitude of the 
hysteresis. While the stress amplitude is the same, the plastic strain amplitude 
recorded for the film on substrate is 50% lower, and does not appear to change much 
over the cycles, see Figure 6-24b. The reason presumably lies in the difference of 
strength between both films. The film on SiNx substrate is thinner and thus has a finer 
microstructure, which results in a higher yield strength due to the Hall-Petch effect. 
The yield strength is further increased by the presence of the substrate, see 
paragraph 2.3.2. As a result, the film on a substrate is tested in a prevalently elastic 
regime. 
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6.4.2 Microscopic observations 

The previously described fatigue test at a maximum pressure of 50 kPa resulted most 
noticeably in a roughening of the surface. 

 
   a.          b. 

Figure 6-25: Atomic force micrograph of the center of a 120 nm gold layer a. before the test – b. 
after 290 000 cycles at p = 50 kPa. 

In-situ measurements in the AFM, shown in Figure 6-25, evidenced a small but 
noticeable increase of the roughness Ra from 1.1 to 1.5 nm. 

 
 a.  b. 
Figure 6-26: Electron micrograph taken at the center of a 120 nm gold layer a. before the 
beginning – b. after 290 000 cycles at p = 50 kPa. 

Unlike freestanding films, this is not due to sliding or grooving of grain boundaries, 
but rather related to the hillocks on the surface (see Figure 6-26) which do not 
correspond to the underlying microstructure (see paragraph 2.1.2). The roughening 
phenomenon occurs uniformly across the sample. However, no further modifications 
of the sample could be observed, not even at the film-frame interface. 

In order to observe damage formation, a much higher pressure is needed, which can 
only be achieved by mounting the sample with the “upside-down” orientation. 
Following this strategy, a 230 nm gold sample was tested for 25 000 cycles at a 
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pressure of 150 kPa, and subsequently successfully removed from the holder it was 
glued to. The used acetone bath however contaminated the surface, making the 
interpretation of the micrographs more difficult. 

  
 a.  b. 
Figure 6-27: Extrusions found at the surface of a 230 nm gold film after 25 000 cycles at 

p = 150 000 kPa: a. second electron – b. electron channeling contrasts. The surface of the 
sample was contaminated by the acetone bath. 

Investigation in the SEM revealed scarce extrusions at the surface close to the center 
of the sample (see Figure 6-27). The electron channeling contrast showed that they 
had occurred in grains which are extremely large compared to their neighbors. This is 
in line with observations made by Lu and Vlassak [64] on copper films tested on 
polymer substrates. Larger grains indeed allow more easily for plastic deformation to 
occur, so that macroscopic mechanisms are essentially found there (see paragraph 
6.1.2). 

It also seems from Figure 6-27 that some grains have glided out of the surface. What 
has however not been detected is the sink-in behavior which had repeatedly been 
observed in freestanding films. The obvious reason is that the underlying substrate 
acts as a constraint which hinders grain tilting. 

  
 a.  b. 
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 c.  d. 
Figure 6-28: Large extrusions found at the interface between film and frame after 25 000 cycles 
fatigue testing of a 230 nm gold layer at p = 150 000 kPa: a. secondary electron contrast b. 
electron channeling contrast (same spot) c. atomic force micrograph d. AFM cross-profile  
through the extrusions. 

Much larger extrusions are found all along the interface between the bilayer 
membrane and the sample frame, see Figure 6-28. Such extrusions encompass one 
or several grains, and reach a height larger than the film thickness (up to 500 nm). 
They are associated with intrusions (as deep as 230 nm, i.e. the full film thickness). 
Such intrusion-extrusion pairs are reminiscent of fatigued macroscopic samples, and 
have also been observed by Schwaiger et al. [56] in thick copper films on a polyimide 
substrate. The magnitude of the damage found at the film-frame interface confirms 
the prediction from the FEM model that the stress is locally higher there (see 
paragraph 3.3.1). The damaged area appears to be too narrow to affect the 
pressure-deflection data, and thus does not influence the quantitative measurements 
on the membrane. It is however clear that the failure of a membrane would most 
likely be initiated there. 
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6.5 Summary of fatigue tests 
All in all, the films tested on a SiNx substrate seem to be less affected by fatigue than 
the freestanding ones, not least because the presence of the substrate increases 
their yield strength. But there are also other factors. The damage caused by fatigue 
testing to freestanding films is found in the form of grain boundary sliding, which 
locally reduces the thickness of the film. It is speculated that affected areas might 
finally link and initiate a crack, as it has been observed during the in-situ fracture 
tests. Such a behavior seems to be curbed in films on SiNx, presumably because of 
the supplementary constraint caused by a good bonding to the substrate. Thus 
higher stresses – which suffice to activate conventional intragranular plasticity – are 
reached without cracking at the grain boundaries. 
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7 Discussion and conclusion 

In the previous chapters, the bulge test has been further developed and used as a 
versatile tool for characterizing various mechanical properties of films thinner than 
400 nm. Beside the technical achievement, the present work has provided a 
thorough insight into the mechanisms responsible for the unique properties of very 
thin films. Although all experiments have been performed on both LPCVD SiNx and 
PVD gold, the discussion will focus exclusively on the latter. LPCVD SiNx, being 
purely brittle, has indeed mainly been used as a reference material for validating the 
accuracy of the experimental setup. Bulge tests have merely confirmed that it is 
insensitive to strain-rate and fatigue effects. More interestingly, they have revealed 
that – unlike crystalline materials – its fracture toughness does not vary when the 
stress state changes from plane-strain to plane-stress. The most important findings 
however concern the nanocrystalline gold samples. The following discussion will 
especially focus on the similarities and differences between freestanding gold films 
and gold films on a substrate. 

7.1 Mechanical properties of gold films 
Some findings are common to both freestanding films and films on a SiNx substrate. 

7.1.1 Elasticity and strength 

The plane-strain moduli measured throughout this study are slightly different from the 
tabulated bulk values for gold. This is obviously a consequence of the fiber texture of 
the films (cf paragraph 2.2.2). No elastic “size effect” could be observed. Lastly, it 
was shown that the elastic properties are isotropic within the plane of the film. 

All the gold films also exhibited a significantly higher strength than conventional 
coarse-grained bulk samples (cf paragraph 3.4.3). Investigations by electron back-
scattering diffraction have shown that this increase is not a consequence of the 
texture on the plastic yielding of the films (cf paragraph 2.2.3). Rather, it is for a great 
extent due to the nanocrystalline microstructure of the film. This effect was not the 
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main focus of the present work, as it had already been thoroughly investigated in the 
literature [276]. 

7.1.2 Strain-rate sensitivity 

Bulge tests showed that the investigated gold thin films are strain-rate sensitive. 
Since this is neither the case for coarse-grained bulk samples nor for coarse-grained 
thin films [227], it has to be a consequence of the higher fraction of grain boundaries 
within the specimens. The deformation at room temperature still seems to be 
dislocation controlled, as evidenced by the high measured stress exponents. In this 
regard, the present study is in line with the effects of severe plastic deformation on 
bulk samples reported in the literature [237]. The conclusion is however only valid for 
the investigated strain-rate range 10-5 – 10-6 s-1, and at much lower stresses and 
strain-rates, diffusion might play an important role (cf paragraph 5.3.3).  

On its own, the increase in strain-rate sensitivity should theoretically be beneficial to 
the ductility of the films, since it reduces strain localization [10,237], but this effect 
might not be decisive for the investigated gold films. On the one hand, the specimens 
on SiNx already benefited from a uniform straining due to the load transfer from the 
stiffer substrate. On the other hand, deformation of the freestanding films is 
characterized by a roughening of their surface, which creates sites of local stress 
concentration detrimental to ductility. 

An important consequence of the strain-rate sensitivity of the films is that the 
determination of their yield strength – for instance – depends on the testing velocity. 
This raises concerns about comparisons between the values published by different 
research groups. It might also affect investigations of the Hall-Petch behavior of thin 
films. Fortunately, if the tests are performed at the same pressurization rate, the 
strain-rate variation is too little to markedly affect the yield strength. Taking the 
present work as an example, loading at 250 Pa s-1 resulted in a strain-rate 
75% higher for a 100 nm gold film on SiNx than for a 400 nm film. But given the 
strain-rate sensitivity of 0.02, this produces an increase of 1% only of the stress. As 
for the freestanding films, the strain-rate sensitivity is higher, but the strain-rate is less 
dependent on the film thickness, so that the stress variation is not larger than for the 
films on a SiNx substrate. 

7.2 Freestanding gold films 

7.2.1 Grain boundary sliding 

The most striking feature of the freestanding films pervading the whole study is their 
tendency to deform out-of-plane. More specifically, out-of-plane sliding of certain 
grains has been observed in areas in front of cracks, and at various spots of the 
specimens after creep and fatigue tests. This mechanism seems to take place 
wherever the stress is kept high during a certain time. The most commonly 
encountered form is the tilting of individual grains away from the original surface 
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plane. This corresponds to the sliding of a grain along one of its boundaries only. 
Most of the time, this boundary is rather straight – but it is not necessarily a twin 
boundary. This suggests that grain boundary sliding occurs at first only where 
energetically favorable. Further sliding is obviously limited by the need for 
geometrical compatibility, which is progressively achieved by plastic deformation 
within the neighboring grains, either by way of stress increase or creep over time. 
The stress exponent measured during the strain-rate jump tests shows that this 
mechanism is not the well-known diffusion-controlled grain boundary sliding 
responsible for the super-plasticity of certain materials. Rather, the observed 
mechanism is a combination of classical dislocation-mediated deformation and 
sliding due to the low geometrical constraints acting on the grains. It is made possible 
by the columnar structure of the thin films, with many grains extending through the 
whole thickness, which thus have two unconstrained boundaries. In other words, it 
requires a ratio between grain size and film thickness of at least 1. A similar grain 
boundary sliding mechanism has actually been reported to occur at the free surface 
of nanocrystalline samples during nanoindentation [277]. In the case of thin films, the 
tilting or sliding of adjacent columnar grains results in the net elongation of the 
sample, at a lower energetic cost than intragranular plasticity (because the atomic 
bonding in the grain boundary region is weaker). The resulting roughening of the 
surface is however detrimental to the ductility of the samples, since it provides 
initiation sites for cracks.  

7.2.2 Time dependence 

As already mentioned in paragraph 7.1, the nanocrystalline microstructure of the 
films is the most natural explanation for their strain-rate sensitivity. But the previously 
described grain boundary sliding mechanism also contributes to increasing the time 
dependence. Sliding of individual grains is indeed limited by the need for geometrical 
compatibility with their neighbors. Once creep satisfies this condition, sliding is 
resumed, locally resulting in a larger strain increase. This could explain why the 
strain-rate sensitivity and the creep rates are higher than for films on SiNx, for which 
the good adhesion of the grains to the substrate prevents out-of-plane sliding. 

7.2.3 Fracture toughness 

Unlike LPCVD SiNx, the measured fracture toughness of gold appears to be affected 
by the thickness of the samples. In fact, the values obtained for the thin films are 50 
times lower than for bulk gold, and correspond to a very brittle failure. Yet, the in-situ 
AFM observations indicate a different fracture mode than the traditional 
transcrystalline cracking. They reveal that the previously described grain boundary 
sliding mechanism is active in front of the crack. It finally results in a continuous path 
of material with a reduced section being created in front of the crack, greatly easing 
its propagation. This change in mechanism is a very likely explanation why the 
measured fracture toughness is reduced compared to bulk samples. On one hand, a 
mere change from plane-strain to plane-stress state would indeed rather result in an 
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increase. On the other hand, it has already been suggested that a plastic thinning in 
front of the crack would cause such a change in fracture toughness. This is precisely 
what the newly observed grain boundary sliding mechanism amounts to, at a low 
energetic cost. This extreme mechanism is specific to thin films with columnar 
microstructure, and has to the knowledge of the author never been thoroughly 
described anywhere else. 

7.2.4 Fatigue behavior 

Quantitative measurements have shown that the fatigue behavior of the freestanding 
gold films is characterized by cyclic creep associated with strain hardening (see 
paragraph 6.3.2). Especially the same logarithmic increase of the strain over time is 
observed as during creep tests. It is therefore not surprising that the same features – 
i.e. individual grain tilting and general roughening of the surface – are found at the 
surface than after a creep test. Furthermore, the typical extrusion-intrusion pairs 
associated with the fatigue of coarse-grained bulk materials are not present. All this 
suggests that the fatigue deformation is dominated by creep associated with grain 
boundary sliding. Whether it is responsible for the failure of the membranes is 
unclear. The associated roughening of the surface is certainly favorable for crack 
nucleation and propagation, but this might as well happen at a preexisting defect, or 
at the edge of the membrane, due to a stress singularity there. 

7.3 Gold films on substrate 
The films on SiNx exhibit very different mechanical properties than their freestanding 
counterparts. Since both films are obtained by the same PVD process and therefore 
have identical microstructures, mechanical differences between them can only be 
connected to the presence of the underlying layer. For a film with columnar grains 
extending through the thickness, this passivation has two obvious effects. First of all, 
dislocations tend to pile-up against this impermeable barrier during straining, which 
further increases the strength of the film due to the back-stress they produce. 
Secondly, the good adhesion to the substrate prevents most grains from gliding out-
of-plane, therefore suppressing the possibility of grain boundary sliding. 

7.3.1 Time dependence 

Due to the increased geometrical constraints on the grains, the deformation 
mechanism of films on a substrate is closer to that of a bulk nanocrystalline sample 
than for freestanding films. As a consequence, the films on SiNx exhibit a strain-rate 
sensitivity closer to that of thick samples. There are however differences, which are 
mostly visible in the creep curves (paragraph 5.3). The comparatively fast initial 
response most likely corresponds to the relaxation of the dislocation pile-ups at the 
interface and grain boundaries. Unlike bulk samples and freestanding films, the creep 
deformation subsequently almost stops. The main reason is that creep in the film 
converts part of the elastic strain into plastic strain. This causes a stress transfer to 
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the substrate, but since SiNx is much stiffer than gold, the resulting increase of strain 
is much lower than it would have been had the film been freestanding. In the extreme 
case where all the elastic straining of the film has been converted into its plastic 
component, the SiNx substrate holds the full load, and creep comes to an end. 

7.3.2 Fatigue behavior 

Gold films tested on a SiNx substrate did not seem to be as much affected by cyclic 
loading as their freestanding counterparts. The main reason is that the mean stress 
seen by the membranes is low – as they are alternatively brought into tension and 
compression – so there is not as much driving force for cyclic creep as for the 
freestanding films. Besides, as mentioned in the previous paragraph, the strain 
increase under the action of creep is greatly limited by the presence of the SiNx 
substrate. All this explains the higher persistence of the hysteresis curves. The much 
lower plastic strain observed from these curves is in turn likely to be caused by the 
higher strength of the films. In comparison to freestanding films, little or no grain 
boundary sliding can be seen, presumably because of the good adhesion to the 
substrate. This obviously provides a possibility for less energetically efficient 
deformation mechanisms to be activated. At high pressure, extrusions are for 
instance found in the largest grains of the film, as it is typical to observe on the 
surface of fatigued bulk samples. 

7.4 Conclusion and outlook 

7.4.1 Experimental setup 

The present thesis has demonstrated the possibility to use the bulge test as a 
universal tool for studying the mechanical properties of thin films. Although already 
quite satisfying, the newly developed methods can certainly be further improved in 
order to increase the accuracy and reproducibility of the measurements. 

Most of the scattering in the measurements exceeding a few seconds originates from 
thermal drift caused by the cycling of the air conditioner of the room in Erlangen. In 
order to minimize this effect, all the remaining aluminum parts of the experimental 
setup should be replaced by invar steel. Alternatively, the experimental setup could 
be transferred to a room with better thermal regulation. Another source of inaccuracy 
of the Erlangen setup can be easily eliminated by replacing the absolute pressure 
sensor by a differential one. It would be a good opportunity to increase the pressure 
range, so that films on a substrate can be deformed up to higher strains. It could also 
prove beneficial to implement a feedback loop in the controlling software, so as to 
perfectly control the strain-rate during strain-rate jump tests and to keep the stress 
range constant during fatigue testing. This amounts to keeping the ratios /  [90], 
respectively /  constant. Lastly, the gluing of samples to their holder should 
preferably be replaced by a clamping system, which would provide more flexibility for 
sample handling, and allow ex-situ SEM imaging on both sides before testing is 
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resumed. It could also include a protection limiting contamination of the surface by 
particles carried in the air. 

As for sample preparation, RIE has proved a much more valuable technique for 
preparing freestanding films than hot phosphoric acid etching. It indeed leaves a 
much smoother surface, which improves test reproducibility and eases the 
observation of topological changes from the backside of the membranes. Last but not 
least, it is applicable to a wider range of materials than hot phosphoric etching.  
As for the specimens on substrate, they have all for processing reasons been grown 
on SiNx. The present work has evidenced a strong influence of the high stiffness of 
this material on the cyclic and creep tests. It would therefore be interesting to replace 
it with a more compliant substrate, such as polyimide, which is already widely used 
for tensile testing. The behavior of the film would then presumably be closer to that of 
the freestanding samples. It would also be beneficial to perform a thermal treatment 
on the membranes prior to testing. This would homogenize the size of the grains and 
increase reproducibility. It would also result in a sharper transition between pure 
elastic and elastic-plastic behavior, which would be beneficial to the accuracy and 
robustness of the strain-rate jump tests. 

Lastly, and in order to ease comparisons with literature values, which are most of the 
time from tensile testing, it would be useful to convert raw stress and strain into their 
uniaxial equivalents. For this purpose, a J2 theory can be used to derive equivalent 
stress – equivalent plastic strain curves [74,278,279]. 

7.4.2 Material behavior 

The most interesting finding of the present thesis is that thin freestanding gold films 
are prone to exhibit grain boundary sliding. Such a deformation behavior was found 
to increase the strain-rate sensitivity and the creep rate of the films. It is also 
suspected to account for their reduced fracture toughness and their poor fatigue life. 
Surprisingly, such a behavior is not described in the literature. It would therefore be 
interesting to investigate more thoroughly the conditions that prompt it. Based on the 
experience gained during this work, it is inferred that a certain stress and duration are 
needed. A more precise characterization is required here. The microstructure of the 
deposited films might also play a role: in order for grain boundary sliding to 
significantly contribute to the elongation of the specimen, high aspect ratio grains are 
necessary, as it is typically the case for columnar films. Another important condition is 
the ratio between grain size and film thickness. It is indeed not likely that films 
containing several grains through their thickness could experience the same grain 
boundary sliding mechanism, as the geometrical constraints on each grain would be 
higher. 

The fatigue tests on freestanding gold films are clearly dominated by cyclic creep. It 
is however not clear what specific influence the load reversals have, even if it seems 
that it leads to faster strain localization. It would be instructive to perform a pure 
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creep test at the equivalent mean pressure experienced by the sample, and compare 
both deformation behaviors. 

The creep and fatigue tests in this thesis have been performed at a stress around or 
above the yield strength of the films. For engineering purposes, it would be 
preferable to investigate lower stress regions, which correspond to the operating 
conditions of MEMS elements. A further step could be the testing of membranes at 
higher temperatures. Beside industrial interest, this would provide further indications 
about the deformation mechanisms. 
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Appendix 

Maple script for anisotropic calculations
 

Compliance and stiffness matrixes for cubic crystals 

 
Expression of Young's modulus in any direction and plane-strain modulus for fiber textures 

 z (plane x-y transformed in x1-y1): 

 
 

-z transformed into x2-z2) followed by the substitution 
-  

 
 

We now have enough information in order to calculate Young's modulus in the x2 direction. However, 
we also want to calculate the value of the Young's modulus and plane-strain modulus in the plane, i.e. 
in any direction pependicular to x2, therefore we need to introduce an extra rotation. 

 

 x2 (plane y2-z2 transformed into y3-z3): 

 
Now we can calculate the overall transformation matrix. The single crystal Young's modulus will be 
calculated in the x3 direction, while y3 (respectively the y3,z3 plane) will be used for the calculations 
for the fiber texture. 

 
 

Stiffness in the x3 direction:  
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Stiffness in the y3 direction and shear stiffness in the y3,z3 plane: 

 
 

Young's modulus in the x3 direction and mean value of the orientations perpendicular to x3, as well as 
mean value of the plane-strain modulus for the planes perpendicular to x3: 
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