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Executive Summary

The AlMoosNbTaosTiZr refractory high entropy superalloy (RSA) was fabricated in different
states, i.e., vacuum arc melted (AC), AC + annealed (AN, 1400 °C, 24 hour), and AC + AN + hot
isostatic pressed (HIPed, 1370 °C, 4 hours under 170 MPa of pressure). The purpose of the present
work is threefold: 1) compare the microstructure in its three states with CALPHAD calculations
and identify the transformation pathways from high to low temperature, 2) investigate the effect of
cooling rate on its microstructure and examine its resulting room-temperature hardness and fracture
toughness, and finally 3) assess the high-temperature tensile creep behavior and the microstructural
changes linked to it. The microstructure of the AC state showed a mixture of cuboidal A2-phase
precipitates (< 20 nm edge length) embedded in a B2-phase matrix within the dendritic and
interdendritic regions. The grain boundaries contained a predominantly amorphous phase enriched
in Al and Zr, and with Als.xZrs (x: 0 — 1) stoichiometry. In the AN state, the sample kept the same
phase structure but with = 10 — 100 nm cuboidal and plate-like A2 precipitates that formed coherent
interfaces with the B2 matrix, whereas the Als.xZrs decorating the grain boundaries crystallized
completely as a hexagonal (space group: P6z/mcm) intermetallic. CALPHAD calculations
confirmed the formation of the A2/B2 substructure in the grain core through spinodal
decomposition during the cooling process. Additionally, as the RSA melts at higher temperatures
than Ni-based alloys (i.e., = 1900 °C), this alloy system would be attractive for usage in high-
temperature structural applications. In terms of the influence of cooling rates on microstructure and
properties, higher cooling rates after HIP promoted the formation of smaller and more coherent A2
precipitates with the B2 matrix, leading to a smaller lattice misfit between them. As a consequence,
the nanohardness of the alloy increased, while the fracture toughness, which is comparable to that
of certain B2 intermetallics, was unaffected by the cooling rate. Finally, tensile creep tests were
conducted in vacuum with miniaturized specimens, in the range of 900 — 1100 °C and 30 — 160 MPa.
In order to stablish possible creep mechanisms, mechanical as well microstructural data of the head
and gage length of the samples were analyzed. Norton exponents of n = 2.7 for 900 and 1000 °C
and n = 3.4 for 1100 °C (¢ < 90 MPa) indicated that the deformation may be controlled by
dislocation climb and viscous glide. The apparent activation energy for creep was estimated to be
~ 111 kJ/mol. Microstructural changes after long-term high-temperature exposure additionally
showed that the instability of the B2 phase (i.e., the B2 matrix transforms into AlsxZrs), and a

coarsening of the A2/B2 nanostructure, influenced the creep behavior.
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1. Introduction

Currently, the constant demands of the industry continue to challenge the research and development
sector to make advances in the design and properties of materials that can withstand complex
environments. High entropy alloys (HEAS), with 5 or more elements at equimolar or near-equimolar
concentrations have interesting properties due to the formation of single phase microstructures [1,
2]. However, compositionally complex alloys (CCAs), which can also form secondary and
intermetallic phases, have caused great interest in the field of materials science in the past years,
since the formation of additional phases can lead to promising properties such as high strength,
toughness and high temperature phase stability [3-5]. Researchers have investigated the use of
refractory elements for compositionally complex alloying to develop new alloys for components

that operate at higher temperatures than existing Ni-based superalloys [6-11].

Because of its potential compression properties at high temperature i.e., up to 1200 °C, a promising
example is the AIMogsNbTagsTiZr refractory (r)CCA, where the subindex “0.5” represents half of
the atomic ratio of Mo and Ta with respect to the other elements. The AIMoosNbTagsTiZr rCCA
has been named "high entropy superalloy” (RSA) by its developers due to its remarkable
morphological resemblance to Ni-based with y/y* microstructures, having a dual-phase structure
composed by A2-structured cuboidal and plate-like precipitates embedded in a B2-structured
matrix. Senkov et al. [12] reported a compressive yield strength between 23 and 1200 °C, which is
superior to that for polycrystalline Ni-based superalloys (IN 718 [13], Mar-M247 [14] and Haynes
230 [15]). Together with its relatively low density (7.4 g/cm?), the alloy was presented as a prospect
candidate for structural applications that requires high yield strength at high temperatures. The
authors argued that the high volume fraction of interfaces in the RSA, retained up to 1200 °C, is
responsible for its high temperature strength. However, there remain still uncertainties about the
suitability of its properties for structural applications at high temperature. First, the reported
mechanical properties are limited to compressive data, and considering that most structural
applications at high temperatures require tensile stresses, its tensile strength remains an important
question. In addition, when alloys are subjected to high temperatures for extended durations, their
thermodynamic stability becomes a critical consideration. Insights if its microstructural stability has
been shown already, at 800, 1000, and 1200 °C after 1000 hours of exposure under vacuum
conditions [16]. Apart from their microstructural stability at high temperature, the properties under
creep in conjunction with these microstructural changes must be addressed in order to establish
what possible mechanisms are present in the deformation process, and how the microstructural

instabilities affect the deformation process.
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Therefore, this thesis focuses on exploring the thermodynamic and microstructural stabilities of the
RSA at elevated temperatures. Additionally, the study investigates the alloy's mechanical properties
at room and high temperatures and their correlation with the thermodynamic and microstructural

stabilities, in order to assess its potential for the fabrication of high-temperature structural systems.

Thus, a cumulative thesis is prepared as follows: in Section 2, the fundamental background and
state-of-the-art of the RSA and related systems is introduced, including a detailed description of the
context of this study. This will give a motivation for the Section 3, which summarizes the main
scientific objectives. Section 4 presents three research articles and one data article, 3 of which (the
latter and two of the former) were published. The thermodynamic stabilities are addressed in the
first research article through thermodynamic calculations of equilibrium and non-equilibrium
pathways using the CALPHAD method, which includes a complete comparison with experimental
findings. The second article, a data article, contains all relevant data analyses and processing for the
first research article. The third research article is dedicated to investigating microstructural changes
under three different cooling rates and their impact on lattice misfit between A2 and B2 phases and
mechanical properties at room temperature. Additionally, the study explores how temperature
influences the lattice misfit within the dual-phase structure. Finally, the fourth research paper,
focuses on the study of the creep properties under tension of the RSA in order to stablish its
deformation mechanisms at high temperature. The work culminates with some general conclusions

from all the performed research with some potential guidelines to follow future investigations.
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2. Fundamental background and state of the art

2.1 Context and concept of the project

The energy and aerospace industry unceasingly demands improved engine efficiency, leading to the
need for novel alloys that offer superior mechanical and corrosion resistance under extreme
operating conditions. High-temperature materials are utilized in various industries and applications,
e.g., fuel cells, gas turbines, nuclear reactors, engines, and power plants [17, 18]. Materials used in
gas turbine engines, for example, must exhibit strength and heat resistance over extended periods,
in order to be efficient, effective, and economical [19]. In the high temperature and pressure regions
of gas turbines, i.e., combustion chamber and on the first row of blades (cf. Figure 1a), the
temperatures can reach up to 1300 °C [20, 21] demanding alloys with exceptional creep behavior,
and good oxidation and corrosion resistance.

Engine efficiency could further increase by incrementing the operation temperature without
compromising the materials [22], i.e., materials that can withstand heat without deforming due to
creep. Ni-based superalloys have been used for aircraft turbines, because they have excellent heat-
resistant properties, good mechanical strength up to 1100 °C, sufficient ductility to be mechanically

formed, and good resistance to high-temperature oxidation [20, 23-25].

Ni-based superalloys have been developed over decades, in order to constantly improve their
properties at higher temperatures. First, the development of alloys with increased tensile strength
due to the dispersion of coherent intermetallic precipitates (y', Nis (Al, Ti), L1 structure) in the
continuous fcc matrix (y) with additions of Al and Ti [26, 27]. Then, the solid solution strengthening
by addition of elements such as tungsten (W), niobium (Nb), and tantalum (Ta), that increases high-
temperature strength while preventing precipitation of undesirable oxides and nitrides using vacuum
induction melting (VIM) [27, 28]. To avoid the weakening effect of grain boundaries under stress
by centrifugal forces along the blade axis, directional solidification (DS) was then enforced. Finally,
the Bridgman method [29] was implemented to cast single-crystal (SX) superalloys in the 1960s
[30] so as to completely eliminate creep anisotropy. An exemplary y/y' microstructure of a state-of-

the-art Ni-based SX superalloy with fine-tuned chemistry, the LEK94, is shown in Figure 1b.

Nevertheless, due to the melting temperature of these materials, they must be subjected to air
cooling, which requires additional work, and brings the operating temperatures to their limits [31].
For this reason, other materials have been considered and evaluated as possible alternatives for this
application. For instance, due to the high melting points, refractory metals such as molybdenum

(Mo) and niobium (Nb) have been investigated as alternatives by researchers and industry [32-34].
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(a) - S Combustion
) s chamber

Low pressure
turbine blades
(LEK 94)

Figure 1. (a) Example of an aircraft turbine engine (Engine Alliance GP7000), showing the region
where the single-crystal (SX) superalloy LEK 94 is used (b) Microstructure of a Ni-based SX
superalloy LEK 94 [35].

However, Nb alloys tend to form an oxide powder layer of Nb.Os that is not protective [36], and
Mo tend to form MoOs, which is gaseous at temperatures > 700 °C, which makes these refractory
alloys not very resistant to oxidation and corrosion [37].0ne possible solution that has been reported
is the addition of alloying elements to these refractory alloys to improve their corrosion properties,
although this results in degradation of the mechanical properties [38]. The Ni-based alloys have a
particular structure that is composed of a fcc solid solution (y phase) matrix that contains dispersed
L1, precipitates (y' phase) that are rich in Ni, Al and Ti [39] (cf. Figure 1b), thus inducing
precipitation hardening [26]. Based on these alloy development limits; a key issue may be the
development of new types of alloys that contain refractory elements but can also develop

microstructures that meet the desired requirements.

Compared to conventional alloys, CCAs or HEAs have attracted considerable attention in the
materials science community in the past 20 years, often exhibiting unexpected microstructures and
properties [5, 40-42]. Yeh [1] and Cantor [2] presented the concept of multi-principal alloying,
which then also adopted the name “high entropy alloys”. Under their definition, these are alloys
composed of 5 or more equimolar or near-equimolar elements with 5 to 35 at % each,
characteristically found to form microstructures comprising one single disordered solid solution
phase by maximizing the configurational entropy. Many following studies have focused on the
development of alloys with solid solution strengthening, which may be beneficial to improve
processing or for transportation applications, and most of the studies have dealt with transition
metals whose melting points are lower than those required for high-temperature structural

applications (> 1000 °C) [43-46]. The term compositionally complex —also called “complex
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concentrated”— alloys, evolved as an extension of the original definition of HEAs to allow for
multiple phases, including intermetallics, which can be beneficial to some mechanical properties
[47]. CCAs mainly composed by elements such as Ta, Nb and Mo, have the potential to be highly
resistant to heat, making them candidates for applications in high-temperature environments.
Senkov et al. [10] proposed an extension of this research focused on high-temperature applications
in their 2010 paper “Refractory high-entropy alloys”. There, they presented two near-equiatomic
alloys containing high-melting points elements (i.e., Mo, Nb, Ta, V, and W).

The AIMoosNbTaosTiZr RSA, developed at the U.S. Air Force Research Lab (AFRL) in U.S.A.
few years ago [48, 49], is one of the first of a specific class of CCAs that uses a combination of
refractory elements and the oxidation-resisting light element Al at a specific weight (= 7.40 g/cm®)
that is comparable to Ni-based superalloys (cf. Figure 2 and Figure 1b). The scanning electron
microscopy backscattered electron (SEM-BSE) image in Figure 2a shows that, after the now well-
established annealing at 1400 °C for 24 h + hot isostatic press (HIP) at 1400 °C and 207 MPa for 2
h, the AlIMoosNbTaosTiZr RSA is formed by equiaxed grains decorated by a secondary coarse
phase along the grain boundaries, rich in Al and Zr [12]. A higher magnification using scanning
transmission electron microscopy high angle annular dark field (STEM-HAADF) (Figure 2b),
shows that the grain structure marked by the small red square in Figure 2a is composed by a
combination of two bcc-based phases, i.e., A2/B2. The microstructure of the AIMoosNbTagsTiZr
RSA resembles that of Ni-based superalloys (cf. Figure 1b), both with a high volume fraction (= 60
%) of cuboidal particles coherently embedded in continuous matrix [12] and a cube-on-cube
orientation relationship. As the AlMoosNbTaosTiZr RSA was the first rCCA to show this
microstructure, it was later named “refractory high entropy superalloy (RSA)” by its developers
[12]. In the past years, a number of related alloys have emerged, which have also been referred to
as RSAs. However, to avoid confusion, the AlIMoosNbTaosTiZr alloy will be referred to as the

RSA throughout this manuscript, and other related alloys will be named by its composition.

However, there are important differences between the RSA and the Ni-based alloys: 1) the Ni-based
present a mixture of two fcc-based phases with one being a solid solution and the other one being
L1,; 2) the Ni-based is described to be formed mostly by nucleation and growth (although under
specific heat treatment conditions such as rapid-cooling, it is possible to obtain microstructures
through a spinodal decomposition [50]), whereas the RSA has been described to be formed by
spinodal decomposition, 3) the microstructure of the RSA is one order of magnitude smaller and it

does not only show cuboidal but also plate-like precipitates. The origin of the latter is still unknown.

Only limited data on relevant mechanical properties, has hitherto been reported on the RSA [12, 48,
49]. Through hardness and compression testing, the hot isostatically pressed (HIPed) and annealed

material revealed an impressive yield strength of 2000 MPa at room temperature (RT), representing
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the highest among refractory CCAs to date. However, it should be noted that ductility was limited,
with only 10% of fracture strain (in compression) also at room temperature [12]. It has been revealed
that lowering the Mo content increases the ductility at RT but reduces the strength [51]. Therefore,
efforts persist to enhance the properties of the RSA through composition optimization and novel

processing methods.

| '"llzll
| ‘.. [ INTT

Ordered bcc
(B2)

Figure 2. Microstructure of the RSA (a) at low magnification (SEM-BSE) and (b) at high
magnification from the region marked with the red square in (a) (STEM-HAADF) [52].

For example, it has been shown that in alloys containing dual phases with embedded precipitates in
a matrix, such as Ni- and Co-based alloys, controlling cooling processes is essential for modifying
the microstructure and resulting mechanical properties [53-56]. Therefore, the question arises
whether it is possible to improve its ductility, while keeping its high strength via such processing.

Furthermore, the microstructural characteristics of the deformation mechanisms have not been
verified yet, especially for loading in tension, which is relevant to the intended application. In this
context, the need to elucidate the high temperature stability and properties at both room and high
temperature is necessary to establish the potential of this or similar alloys for use in structural
applications, i.e., gas turbines. Therefore, the present work is focused on the study of the
thermodynamic stability at high temperature and its effect on the room (hardness and fracture
toughness) and high temperature (creep) mechanical properties of the RSA. The alloy was
fabricated in the Institute for Applied Materials of Karlsruhe Institute of Technology (KIT),
including vacuum arc melting followed by an annealing treatment. Hot isostatic pressing (HIP)
treatment was conducted at the Institute for Materials of Ruhr Universitat Bochum (RUB) under
conditions comparable with the material reported in the literature. The microstructures in the as-

cast and annealed states were characterized at the Bundesanstalt flir Materialforschung und -prifung
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(BAM) in Berlin. Due to the limited information about the equilibrium and solidification pathways
of the RSA, calculations with the CALPHAD method were developed at BAM and in collaboration
with the Materials Research Department of RUB. The hardness and nanohardness tests were
performed at BAM, whereas the creep tests, including the production of miniaturized creep samples,
and data process were performed at the department of Metals and Alloys of the University of

Bayreuth. Microstructural characterization of all was performed at BAM.

2.2 Microstructure and properties of refractory CCAs, spinodally decomposed, and

precipitation-strengthened alloys

The microstructure and properties of rCCAs, spinodally decomposed and coherent precipitation-
strengthened alloys play a crucial role in understanding their behavior and applicability. This
section explores the fundamental aspects of these alloys, the influences of some processing

parameters, and the resulting properties.

Refractory CCAs

Refractory compositionally complex alloys, with a reported density in the range from 5.6 to 13.8
g/cm®[57], have gathered significant attention as potential materials for high-temperature structural
applications. These alloys are composed of five or more principal components, incorporating
refractory elements, i.e., Mo, Ta, Nb, Re and W. Additionally, non-principal components are often

added to further enhance the properties of the principal elements [4].

Naka [58] was seemingly the first author to report the microstructure of two-phase refractory multi-
component systems. He explored the possibilities to produce complex alloy systems in order to
expand the development on intermetallic materials, which could have the potential to meet the
requirements for structural applications. As multi-phase materials have higher mechanical strength
than single-phase intermetallics, two-phase microstructures were generated by them in different
alloy systems. It was revealed the complex Ta-based system (Ta-Ti-Zr-Al-Nb-Mo), as a “two-phase
microstructure with A2 precipitates rich in Ta, embedded in a B2 phase matrix microstructure, with
a small lattice misfit”. Various attempts were made, however, to reverse the two-phase A2+B2
microstructure, without success.

Years later, Senkov et al [10] examined two refractory CCAs, namely MoNbTaW and
MoNbTaVW. These alloys were characterized as single BCC structures, retaining strengths above
400 MPa at temperatures up to 1600 °C [59]. Additionally, they exhibited Vickers hardness values
of H, = 45 GPa and Hy = 5.3 GPa, respectively. Another example of these rCCAs, is the
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HfNbTaTiZr, widely studied in the past years, with BCC single phase structure, and high strength
and good ductility at RT [57].

In a review article, the knowledge up to that date on yield stress for different rCCAs, was reported
by Senkov et al [57]. The majority of the rCCAs are reported to be BCC-based, and in some cases,
to have additional secondary phases, e.g., HCP, Laves, MsSis or AlzZrs [57]. These alloys, typically
prepared through conventional melting and solidification methods, have been examined under
compression properties within the temperature range between 600 and 1200 °C at different states,
e.g., as-cast, annealed, annealed + HIPed, and thermomechanically processed [60-62]. Figure 3

shows an overview of the yield stress of reported rCCAs, as described in Ref [57].

(a) (b)

80007 nanocrystalline single-phase RHEAs 3507 single-phase RHEAs
i /Mo(rglé’T;)VW multi-phase RHEAs 1 /AI0.5M00.5NbTa0.5Tizr multiple-phase RHEAs
---------- INCONEL 718 (disk alloy) 300 R AMo0.sNbTa05Tize " INCONEL 718 (disk alloy)
2500 | A0-SMoO.SNOTEOSTIZE _ . \Mar-M247 (blade alloy) —~ ] e - =1« Mar-M247 (blade alloy)
Ji—CrTavw (SPS) "o 1
TN 2
12 HiNbTazr E 250 Aicr1.5NbTIV
< 20004 N _ © € — AI0.5Mo0.5NbTa0.5Tizr
a ] AIMo0.5NbTa0.5TiZr % ]
< 7 < 200
0 P 1
2 1500 3 ] /AICr1.5NbTiV
] —AICr1.5NbTiV 5 | :
k] .- A - 150%..,. 8 /AIM00.5NbTa0.5TiZr0.5
K] e, B CrTavW Q@ ———— €
> 100§ ™ 8, & 7 (SPS) > ji /AIMo0.5NbTa0.5Tizr
Poormimimggen: 458 8 MonbTaw g 100 . CrTaVW (SPS)
] o e g 577/ MoNbTaVW a £ R
oo, #1500 T L0 L e
1~ RHEAs % % ‘ ' 50 & 3
: A. g," N s ] A “." é
IRT ~ g g IRT g g
0H———— e 0t
0 500 1000 1500 2000 0 500 1000 1500 2000
Temperature (°C) Temperature (°C)

Figure 3. Yield stress of different rCCAs reported by Senkov et al. [57], where two Ni-based
superalloys are also compared (a) Temperature vs. yield stress (b) Temperature vs. specific yield

stress.

Some of these rCCAs, including the AIMoosNbTagsTiZr RSA, exhibit a microstructure in which
the ordered phase constitutes the matrix. This feature reduces their ductility at room temperature.
Therefore, efforts have been made to reverse this microstructure, where the disordered phase is now
the matrix, and thus improve its ductility at room temperature. For example, Soni et al. [63]
demonstrated a phase inversion phenomenon in the AlosNbTaosTi1sVo2Zr alloy. Originally the
alloy consisted of A2 cuboidal precipitates embedded in a B2 matrix. Phase inversion was produced
by long-term annealing at 600 °C, which resulted in the formation of narrow and elongated regions
of the A2 phase along specific pathways of the B2 channels, making the A2 phase continuous with
containing B2 precipitates. This phase inversion was reported to be driven by the differences in

elastic modulus of the two phases.
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Most of the reported mechanical properties of CCAs and rCCAs are in compression [64-66]. A
recent study by Kumar et al. [67] emphasized the significance of examining tensile properties in
this type of alloys. Their investigation focused on the AlosNbi2sTa12sTiZr alloy, which exhibits a
comparable microstructure to the RSA, i.e., an A2/B2 nanostructure containing Al-Zr-rich phases
along grain boundaries. Their findings revealed considerable differences in properties between
compression and tensile tests. Generally, the alloy with an A2 matrix and B2 precipitates (known
as HT800) exhibited plasticity in compression from RT to 1200°C. However, the alloy with a B2
matrix and A2 precipitates (referred to as HT600) did not demonstrate plasticity at RT. In both
microstructural scenarios, very limited tensile ductility was observed at all temperatures, with
ductility values ranging from ~0.01% to 0.15%. Moreover, the presence of Al-Zr-rich precipitates
along grain boundaries negatively impacted uniaxial tensile and fracture toughness properties
(fracture toughness was about 77-95% lower in tension than in compression), resulting in
suboptimal mechanical properties at high temperatures (> 800°C) and restricting the potential
applications of these alloys [67].

Many CCAs systems composed of BCC/B2 substructures are formed by spinodal decomposition,
where a supersaturated B2-structured phase spinodally decomposes upon cooling into a two-phase
structure with coherent disordered BCC precipitates embedded in the B2 matrix. These include
specially Al-containing alloys with Al > 0.9 (molar ratio) [68], with AlisCoCrFeNi [69], and
AICoCrFeNiTix (x < 1) [70] as examples of these systems. However, Laube et al. [71] described
that these reactions might instead occur by precipitation via nucleation and growth. They
investigated the phase separation sequence in the 82(TaMoTi)-8Cr-10Al (at.%) rCCA, which
exhibits a two-phase microstructure (BCC+B2), showing nucleation and growth as the phase

separation mechanism, rather than the speculated spinodal decomposition.

Spinodally decomposed alloys

In the literature, two primary phase transformation mechanisms have been identified: (1) nucleation
and growth, and (2) spinodal decomposition [72].

Nucleation starts with the formation of small clusters or nuclei of the new phase within a
supersaturated solution that is metastable. These nuclei serve as the starting points for the growth
of the new phase, and once nuclei are formed and have reached a stable critical size, the growth
process begins. During growth, atoms or molecules from the parent material are incorporated into
the nuclei, increasing their size, and transforming gradually into the new phase [73]. Normally,
nucleation and growth happen when the small fluctuations of chemical composition are significant

enough to reduce the free energy barrier [72].
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In contrast, spinodal decomposition occurs when a nearly homogeneous and thermodynamically
unstable solution transforms into a mixture of two phases with compositions close to their
equilibrium states, which are separated by a miscibility gap. This process does not involve a
thermodynamic barrier and is diffusion-driven [74].
Figure 4 shows a schema of a coherent equilibrium phase diagram with a “miscibility gap” (solid
line) and spinodal (dashed line) regions. At a given temperature Ty, the alloy is composed of a single
phase (o) and the system is stable. Decreasing the temperature to T, the system enters in the
miscibility gap region at compositions between x; and x. (cf. Figure 4). If the system lies outside
the “spinodal” but within the miscibility gap, there are small variations in composition, which can
lead to an increase in free energy and the alloy is therefore metastable. In order to reduce this free
energy, nucleation and growth must occur, and at increasing times, the diffusion process will occur
as shown in Figure 5a. If the system lies inside the “spinodal”, the alloy will have two regions finely
dispersed and coherent, giving rise to and additional interfacial energy. In the “spinodal region”,

the alloy is unstable, and the diffusion process will occur as shown in Figure 5b [73].

A
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Miscibility gap P
o F ‘\‘
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c Growth Fatda \
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l_ 1
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Figure 4. Schema of a coherent equilibrium phase diagram with a miscibility gap (solid line) and
spinodal (dashed line) region. The black points x1 and X, represent the composition boundaries of
the miscibility gap region at a given temperature T2, The green point represents the composition Xo
inside the spinodal region (unstable) where spinodal decomposition occurs. The blue point

represents the composition Xo inside the miscibility gap, but outside the spinodal region
(metastable), where nucleation and growth occur.
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Figure 5. Schematic diffusion process of alloys with a miscibility gap quenched into (a) nucleation
and growth and (b) spinodal decomposition regions, where the composition profiles are shown at
increasing times. Grey arrows in (a) and (b) represent diffusion direction and black arrows in (a)

represent growing direction.

Cahn [74] initially described the kinetics and mechanisms of spinodal decomposition in cubic
crystals, in which he demonstrated that planar compositional waves depended on the elastic
constants of the phases with the common orientation. The study revealed that spinodal
decomposition is initiated by concentration fluctuations, which change as the temperature decreases
in the "softest"” directions. When habit planes are perpendicular to these softer directions, domains

tend to grow along those planes.

One of the first systems described to form by spinodal decomposition is the Fe-Cr system, whose
phase separation has been described by Bremmer et al. [75]. An initial solid solution breaks down
into two highly interconnected phases with an "interwoven vein-like network." One phase is rich in
Fe and the other, in Cr (known as a1 and oy, respectively). The supersaturated Fe-Cr solid solution

would first need to order itself to reduce its free energy before spinodal decomposition can take
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place. However, this ordered state is not stable, which leads to a spinodal reaction that forms a
mixture of two distinct phases before it is completed (a1 and a2). Another example is what occurs
in Ni-Ti alloys [76]. At the start of the precipitation process, a metastable, coherent phase containing
traces of the L1, superstructure NisTi (v') forms along the {100} y matrix planes. This precipitation
results from spontaneous phase separation, creating solute-enriched (y') and solute-depleted (y)

regions.

Precipitation-strengthened alloys

The advantage of coherent precipitation strengthening lies in its ability to enhance the mechanical
properties of a material without causing significant reductions in ductility and toughness. This
strengthening mechanism involves the formation of precipitate phases within the matrix of a
material, where the atomic arrangement of the precipitate is compatible with that of the matrix,
resulting in coherent interfaces [73]. Both must have a compatible crystallographic configuration
across the coherent interface, which includes a clear orientation relative to each other. For instance,
such an interface is formed between the fcc y' precipitates and the y matrix in Ni-based superalloys,
producing the orientation relationship (OR) (010),, || (010),, and {100}, || {100},, , which is
referred to as the cube—cube OR [26].

When there is a mismatch in atomic spacing at the interface, coherence can still be maintained by
an internal elastic strain on either or both lattices (cf. Figure 6a). These resulting lattice deformations
are referred to as “coherency strains”. This coherence ensures that the load transfer between the
precipitates and the matrix is more efficient, leading to improved strength [73].

In contrast, a semi-coherent interface forms when the lattice mismatch is sufficiently high, so that
it becomes more energetically advantageous to replace the coherent interface with a periodically
accommodated arrangement of misfit dislocations (cf. Figure 6b). In this case, the strain field of the
dislocations overlaps with that of the otherwise coherent interface, which causes the overall
interfacial energy reduction, sometimes referred to as “relaxed strain”.

It has been shown that in precipitation-hardened alloys, controlling cooling processes is crucial for
modifying microstructure and resultant mechanical properties. For example, in Ni- and Co-based
superalloys, the cooling rate can impact the morphology, size and volume fraction of the y'
precipitates, which can in turn affect their mechanical properties [77, 78]. An investigation using
differential scanning calorimetry in a Co-based alloy, showed that faster cooling rates led to
increased precipitation rates of the y' phase at different temperatures, and lowered the temperature
of maximum precipitation. Furthermore, the cooling rate affected the y' precipitate shape and size,

transitioning from cuboidal to near-spherical as cooling rate increased. These shifts raised the
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hardness from Hy = 410 to Hy = 441, when the cooling rated was increased from 2.5 °C to 40 °C
[78].

(@) Coherent interface (b) Semi-coherent interface

dg |—

Figure 6. Interfaces between two phases with the same crystal structure and lattice mismatch (a)
coherent with small lattice mismatch (b) semi-coherent with larger lattice mismatch [73]. a and

represent the two phases of the material, and d. and dg, their interplanar distances.

In a SX Ni-based superalloy, cooling faster after HIP-solution heat treatment yielded a fine and
homogeneous y/y" microstructure. Furthermore, the y' precipitate volume fraction and size were
shown to have a direct influence on the hardness of the material, i.e., for a given y' phase volume
fraction, hardness varies inversely with y' precipitate and for a given precipitate size, is directly
proportional to the volume fraction of y' precipitates [77].

Recent research indicates that the microstructures and resultant mechanical properties of the CCAs
and rCCAs, can also be adjusted by modifying the processing methods with particular emphasis on
controlling cooling rates [55, 56]. Munitz et al. [34] [79] established that alterations in heat
treatments and cooling rates induce changes in the microstructure of the AICrFeNiTios CCA. For
instance, by subjecting the alloy to a heat treatment at 650 °C, an increase of A2/B2 phases and
decrease of the ductile fcc phase is observed, which enhanced the hardness but also reduced the
ductility. In a separate study, Xoing et al. [80] showed similar findings, where higher cooling rates
led to higher proportions of the B2 phase in the AlosCoCrFeNi CCA, composed of fcc, bee, and B2

phases. Consequently, this treatment resulted in increased hardness at the expense of ductility.

Lattice misfit

When two crystals that have slightly different lattice parameters coexist coherently or semi-
coherently (cf. Figure 6), the mismatch between their lattice sizes, which in turn is related to the

interface strain, can be defined by the so-called “lattice misfit”. The misfit (9) is expressed as a
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percentage or a fractional value, representing the relative change in lattice parameters between the

two crystals, e.g., aa2 and ag> for the RSA, following a relationship such as:

8= 2 (an2—ap2) 100 (2.1)

apztag:

As the chemical composition of the two different phases is different, i.e., the A2 phase in the RSA
is rich in Mo, Nb and Ta, and the B2 phase, in Al, Ti and Zr, each phase has a different lattice
parameter, with aa> < ag» due to the partitioning of the elements. From Equation 2.1, the misfit is
thus negative, meaning that the A2 precipitates are under hydrostatic tensile stresses and the B2
matrix phase is under compressive stresses. Therefore, elastic strains are developed in the interfaces
between the two phases in order to keep the coherency, i.e., A2 precipitates and the B2 matrix would
respectively correspond to o and B in Figure 6a, which may also evolve to semi-coherent interfaces
as in Figure 6b. Often, the misfit studied at coherent interfaces such as presented in Figure 6a is
referred to as “constrained lattice misfit” [26], although it is not the misfit itself but the bonded
atoms that are constrained, which are found at the interface. The distinction is made between the
latter scenario and one for "unconstrained misfit”. In this case, the lattice parameters of materials
are compared, which are not bonded with each other or, e.g., where the additional strain fields of
dislocations in Figure 6b are assumed to create a state comparable to two separate materials, (e.g.,
[81)).

The lattice misfit of dual-phase materials, wherein precipitates are seamlessly incorporated into a
matrix sharing similar structure, can influence the shape and kinetics of precipitate formation, their
resistance to coarsening, and the mechanical response. In spinodally decomposed alloys, for
instance, elastic strain fields can form around particles that precipitate coherently in the matrix
phase due to the lattice parameter differences of the two phases. Wang et al. [82] described this
phenomenon specifically for cubic-structured alloys, in their two-dimensional (2D) study on the
kinetics of such systems. Two contributions can be responsible for the particle shape in the
precipitation process, i.e., interfacial and strain energies. If the total interfacial free energy is not
minimized, for instance by coarsening of the precipitates, the microstructure of a two-phase alloy
is always unstable. Moreover, when the strain energy is sufficiently high, which depends on lattice
misfit between the phases and on their elastic constants, considering their anisotropy, concentration
waves develop along elastically soft directions. For the 2D example in Wang et al. [82], the latter
are [100] and [001], as observed in y'-phase precipitates in NiAl alloys [82, 83]. Over time, however,
this anisotropic growth becomes disrupted, and coarsening occurs mostly in one of the directions,
e.g., [100].



Fundamental background and state of the art 15

2.3 The CALPHAD method

CAlLculation of PHAse Diagram (CALPHAD) is a method that allows to predict the
thermodynamic behavior of highly-complex multicomponent materials by minimizing the total
Gibbs energy of each phase in a system, extrapolating from lower-order binary and ternary systems
into high-order properties [84]. Property diagrams are graphical representations that show
thermodynamically distinct phases coexisting in equilibrium plotted against a thermodynamic
variable (pressure, temperature, volume, etc.), while keeping fixed others [85]. Figure 7 aand c
show examples of equilibrium property diagrams, the most common ones, as calculated using
CALPHAD method for the RSA [16, 49], where the mole fractions of phases at equilibrium are

plotted against temperature (see description below).

The validity of a CALPHAD calculation depends solely on the thermodynamic database used,
which consist of optimized thermodynamic model parameters for all phases in binary and ternary
systems [86]. However, many thermodynamic databases available today are designed for
conventional alloys with a single principal element, as they rely on accurate available
thermodynamic and kinetic data for various phases present in a material system. For conventional
binary alloys, there is often extensive experimental data available for phase equilibria, which makes
constructing accurate databases more straightforward. The fact that several CCAs contain more than
5 base elements brings many challenges when designing alloys with specific requirements, due to
the scarce or incomplete available experimental data. For these cases, commercial software, such
as Thermo-Calc [87], Pandat [88] and FactSage [89] have been further developed to design new
materials and products [87, 90, 91]. Many investigations using the CALPHAD method on CCAs
have employed databases originally designed for other material types, with Pandat and Thermo-

Calc as the most common calculation tools [4, 90, 92-94].

If we consider the RSA composition, some related works can be mentioned, which relate to its
development. For example, based on the ternary NbTiZr (equiatomic) alloy, Senkov et al. [90]
calculated equilibrium property diagrams for ten extended CCA quaternary systems, using the
PanNb2018a database. In the calculations, Al, Cr, Fe, Hf, Mo, Re, Si, Ta, V and W were added at
a time with ranges from 0 to 25 at. %. The study revealed that certain compositions favored the
formation of single BCC alloys at specific temperature ranges. However, the alloys containing
elements with limited solubility in the BCC NbTiZr matrix exhibited the formation of additional
phases [90]. Some representative alloys that showed a good agreement with CALPHAD
calculations where then cast [90]. Furthermore, in a following work, Senkov et al. [4] calculated
the property diagrams for different rCCAs beyond quaternaries using the CALPHAD approach with

ThermoCalc and Pandat. They stablished a relationship between experimental mechanical data at
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high temperature (1000 and 1200 °C) and the alloy compositions, melting point, and volume

fraction of the phases contained in the rCCAs.

When some additional assumptions are made, the CALPHAD approach may also be extended to
non-equilibrium systems if multi-dimensional phase diagrams are involved. Based on the
assumption of homogeneous composition in the liquid, no diffusion in the solid and full
thermodynamic equilibrium at the solid/liquid phase interface, the Scheil-Gulliver equation predicts
the amount of solid at different temperatures or the amount of micro-segregation during
solidification [95, 96]. Figure 7b shows an example of such a simulated solidification using the

Scheil approach for the RSA, which will be described in detail in the following subsection.

The unexplored complexity of CCAs with respect to conventional alloys drives the special effort to
understand the equilibrium and non-equilibrium phases in these alloys. Therefore, in 2017 the new
thermodynamic database TCHEAL [87] was developed by Thermo-Calc for the design of CCAs
and HEAs, which consists of 105 binaries and 200 ternaries and contains all the stable solid solution
and intermetallic phases in each of the assessed systems. This database enables to predict the
stability of the desired multicomponent solid solutions relative to intermetallics and other solid

solutions.

CALPHAD analysis for the RSA

Senkov et al. [48] conducted a thermodynamic calculation of the RSA using the commercial
software Pandat with the PanTi database. They calculated the equilibrium property diagram and the
non-equilibrium solidification through the Scheil model. In the latter, the solidification was
predicted to start at 2046 K (= 1773 °C) by the formation of a disordered bce phase, followed by ~
0.3% of AlxZrzat 1391K (= 1118 °C), with T solidus (Ts) at 1314 K (= 1041 °C), as shown in Figure
7b. The calculated property diagram also anticipated the formation of one bcc phase (enriched with
Mo, Nb and Ta) in equilibrium conditions (Figure 7a). With decreasing temperature, the “BCC”
phase partially transforms to the TizAl-based (Ti2ZrAl) phase, and later additionally to the AlxZr3
intermetallic phase, as shown in in Figure 7a. The remarkable discrepancy between the
experimentally observed phase compositions and the calculations was attributed to the limitations

of the PanTi database, originally developed for Ti-rich alloys [48].

Many attempts of modelling phase equilibria for the RSA were later performed with several
different databases by Whitfield et al. [16]. Their calculations suggested that the high-temperature
phases were not maintained at lower temperatures. Among these attempts, the ThermoCalc SSol5
database yielded the closest match to the experimental data, particularly in predicting the formation

of the AlsZrs intermetallic, as shown in in Figure 7c. However, some differences in the solvus
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temperatures still exist. The authors therefore encouraged the improvement of the current databases

for more reliable predictions.
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Figure 7. Phase fraction vs. temperature (property) diagrams calculated for the RSA by
CALPHAD. (a) Equilibrium phase diagram and (b) non-equilibrium solidification (Scheil),
reported in [48] (c) Simulated equilibrium phase diagram, reported in [16].

2.4 Mechanical properties and microstructure of the RSA AlMoosNbTaosTiZr

To date, compression tests are the only source for mechanical properties reported for the RSA
AlMoosNbTaosTiZr. In this section, the hitherto reported compression properties, microstructural

aspects and thermal stability of the RSA are presented.

Compression properties

The first study on mechanical properties of RSA appeared in 2014, when Senkov et al. [7] reported
results of compression tests carried under vacuum at room temperature, 800 and 1000 °C for several
Al-containing alloys, including the RSA. There, it was described that the room temperature

microhardness (Hy = 5.8 £ 0.1 GPa (= 591 HV) [12, 48]) and strength was markedly higher than
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the respective properties of the CrMoosNbTagsTiZr rCCA (9.4 % and 12.7 % higher, respectively)
[7], which only compositional difference to the RSA is the complete replacement of Al with Cr.
The enhanced properties were attributed to the coherent A2/B2 structure with the cube-cube OR,
where they roughly estimated the lattice misfit to be as high as = -1 %. By employing the rule-of-
mixture, it was calculated that the cuboidal A2 precipitates exhibit higher stiffness than the B2
channels, with elastic moduli E=164 GPa and E=115 GPa, respectively [12]. Later, those same
properties were complemented in 2016 with data for 600 and 1200 °C. Table 1 summarizes the

mechanical properties in compression of the RSA, as reported by Senkov et al. [12].

Table 1. Compression properties (oo, oo and o) of the RSA reported in [12].

Temperature Maximum Compression yield Fracture

(°C) compression strength in MPa strain in %
strength in MPa (ay) (002) 9)
23 2368 2000 10
600 2210 1870 10
800 1810 1597 11
1000 772 745 >50
1200 275 250 >50

It became evident that the RSA exhibited a higher yield strength (o0.2) and specific yield strength
(002/p) in compression than three common polycrystalline Ni-based superalloys in tension at all
studied temperatures (cf. Figure 8) [48]. According to Senkov et al. [12], the high-temperature
strength of the RSA is due to the large volume fraction of possibly coherent interface, which they
assumed to be maintained at 1200 °C and to inhibit deformation transfer between phases, as it occurs

in Ni-based superalloys.

Since the presence of the hexagonal intermetallic affects ductility at room temperature, the influence
of compositional variations on the compression properties of the RSA were investigated in an effort
to enhance its mechanical characteristics, especially at room temperature [51]. By removing Mo,
the ductility improved, and the plastic flow stress at 1000 °C decreased due to the absence of the
corresponding solid solution strengthening. When Mo is replaced with Ta, the strength at RT and
1000 °C is decreased by = 600 MPa and 150-200 MPa, respectively. The alloys with Al and Mo
reduction had a decrease of flow stress by = 50 % after 20 % plastic strain (in compression at
1000 °C), attributed to the fact that for these alloys the A2 formed the continuous matrix and the
B2 phase, the discontinuous precipitates (a mechanism already observed in Ni-based superalloys
[97, 98]). Additionally, a lower Al content in the base alloy resulted in a lower disorder-order
transformation temperature. Therefore, the Al-lean alloys (i.e., AlosMoosNbTaosTiZr and
Alo2sNbTaTiZr) exhibited reduced strength and deformation softening at 1000°C.



Fundamental background and state of the art 19

(@) (b)

2500 400
~@- AlMog.sNbTag.5 TiZr = ~@- AlMo,.sNbTag.5TiZr
- - INT18 %g - - INT18

2000 +@- ----Mar-M247 S ===-Mar-M247
T ®. - Haynes 230 &£ 300 1 < Haynes 230
s = | 3
= L — 3

1500 - =
- + [ ]
- a0
& _ £ 200 -
o T Tm=-aa g
S 1000 A == &
e R e e ae. o i
2 Ve, @ o RN
2 v N 5 100 deccccmmmmm——— e o [ ]

500 N o D

..................... \ ~ ué \
........................ Y .
. g. .................................... L]
0 : : . -..I v 0 i : T 3
0 300 600 900 1200 1500 0 300 600 900 1200 1500
Temperature (°C) Temperature (°C)

Figure 8. Comparison of the temperature-dependent strength for RSA and three different Ni-
based alloys (a) go2and (b) go.2/p [12].

Microstructure

As mentioned above, the RSA was one of 6 Al-containing rCCAs studied by Senkov et al. [48].
The substitution of Cr by Al in the then already reported CrMoosNbTagsTiZr rCCA (with p = 8.23
g/cm) [7] produced several beneficial effects, among which the reduction of the density (7.40
g/cm?®), and the suppression of the brittle Laves phase (which improves the ductility at room
temperature) were critical. The annealed state (AN) of the RSA was achieved through HIP at 1400
°C and 207 MPa for 2 hours, followed by annealing at 1400 °C for 24 hours and cooled at a rate of
10 °C/min. The microstructure of the RSA was then characterized by equiaxed grains (= 75 um),
low angle grain boundaries (LGBs) and large second-phase particles at the grain boundaries.
Furthermore, two distinct bce phases were identified, each of which had different lattice parameters:

one phase was rich in Ti, Al and Zr, while the other one was rich in Nb, Mo and Ta [48].

Afterwards, a deeper microstructural study of this alloy was performed by Senkov et al. [12]. The
SEM-BSE images showed a microstructure that consisted of an Al-Zr-rich secondary coarse phase
at the grain boundaries (cf. Figure 2a), and a basket-weave substructure within grains. Further
crystal structure analysis by x-ray diffraction (XRD) together with TEM and atom probe
tomography (ATP) revealed that the basket-weave substructure was formed by bcc precipitates (A2)
with cuboidal and plate-like morphologies (= 10-55 nm in size) at a high-volume fraction (= 62 %),
which was embedded (coherently, they presumed) in a continuous matrix of B2 phase (= 7 nm
channel thickness). The A2/B2 substructure presented a cube-on-cube orientation along the [100]
direction (OR: <100>pcc || <100>g2, {001}ucc || {001}82 [99]). A mechanism by which the RSA can

form from the disordered high temperature bcc phase by spinodal decomposition was described.
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By comparing the intensities in STEM-HAADF images of the AN and a state aged at 1000 °C for
6 h, Kloenne et al. [100] estimated the sub-lattice occupancy of the B2 phase. They described a
likely spinodal reaction among the aging or following quenching to room temperature in the aged
condition. According to their proposal, the products of this spinodal decomposition could be two

differing B2 phases or a mixture of bcc + B2 phases.

In a following work, Kadirvel et al. [101] studied the phase transformation pathway (PTP) that
leads to the A2/B2 substructure via the phase-field method. The system evolution is represented in
Figure 9, where the current system is marked with the white squares [101]. According to their
simulated PTP, a coherent ordering transformation of the initial bcc solid solution (1) is followed
by the spinodal decomposition (2). During cooling, chemical modulations appear, which result in
two distinct phases with the same B2-ordered structure (3 and 4). Then, a congruent disordering
reaction leads to partly rafted bcc precipitates within an ordered B2 matrix from the discontinuous
B2 phase (5 through 8). Although none of the steps presented in Figure 9 match the microstructure
of the RSA, step (8) matches the microstructure of the alloy annealed at 1000 °C for 6 hours [100,
102]. According to Jensen [102], annealing at elevated temperatures appears to cause the A2
precipitates to coalesce, resulting in a rafted structure, suggesting that only metastable structures
can be formed in the AN state of the RSA.

Regarding the coarse Al-Zr-rich phase along the grain boundaries, the first and only detailed study
of this phase was conducted by Jensen [102]. The structure of this Al-Zr-rich (= 37 at. % Al and 42
at. % Zr) grain boundary phase was determined by convergent beam electron diffraction (CBD) and
high-resolution STEM-HAADF images: it is an intermetallic phase with hexagonal ordered
P6s/mcm space group (lattice parameters: a = 8.31 A, ¢ = 5.52 A), and incoherent with the A2

precipitates.

After 50% compression strain at 1000 °C, XRD revealed that the RSA contained the same phases
with nearly identical lattice parameters as observed before deformation, cf. Figure 10 [12] (325.0
pm and 332.2 pm for the two bcc-based phases they could index, one of them being the B2 phase).
In Figure 10a, a relief was found within the grains with elongations in the directions of the local
plastic flow, as well as coarsening of the subgrain structure inside the grains (Figure 10b). The
characteristic relief inside the grains is believed to be a result of local material flow through the
interface boundaries of the A2/B2 substructure. Grain boundaries still contained the Al-Zr-rich as

the second phase [48].
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Figure 9. Phase-field simulations during the reaction pathway showing the composition and order
parameter maps that describe the microstructure formation in the RSA. (1) before and (2) after the
congruent ordering reaction (3) during and (4) after spinodal decomposition (5) nucleation of the

disordered phase, (6) and (7) the final microstructure after partial congruent disordering [101].

Figure 10. SEM-BSE images of RSA microstructure after 50 % compression strain at 1000 °C at

(a) low magnification and (b) high magnification [12].

The impact of Zr reduction and Mo remotion on the microstructure of the RSA was also reported
[51]. Zr reduction (AlMoosNbTaosTiZros) does not eliminate the hexagonal phase, but it hinders
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A2 phase formation, as the alloy composition is shifted beyond the miscibility gap. Consequently,
the grains consist of a single B2 phase, implying that Zr plays a significant role in the formation of
the two-phase nanostructure. With the additional removal of Mo (AINbTa0.5TiZros), B2 single
phase is also observed, and the grain boundaries still exhibit small amounts of hexagonal phase,
which was attributed to the reduced solubility of Al in the B2 phase. When Mo is present, it
partitions towards the Nb- and Ta-rich phase due to its complete solubility with these elements.
With a reduction of Al (AlosMoosNbTaosTiZr and Alo2sNbTaTiZr), the Al-Zr-rich intermetallic is
avoided, although it does not affect the formation of a B2 matrix with A2 precipitates. The Al

reduction may cause a supersaturation of Zr and produce Zr-rich bristles in the microstructure [51].

Thermal stability

The thermal stability of the RSA is highly important to understand long term high temperature
properties, particularly in the context of creep testing. Whitfield et al. [16] revealed that the A2/B2
microstructure was unstable after exposure to 800, 1000, and 1200 °C for 1000 hours, as seen in
Figure 11. With increasing temperature, precipitation of the Al-Zr-rich phase also extended to grain
interiors. At 800 and 1000 °C, the A2 and B2 phases underwent coarsening and experienced changes
in morphology. This phenomenon was attributed to a reduction in surface energy and agglomeration
of the cuboidal particles due to diffusion in a similar fashion to the well-known “rafting” process in
Ni-based superalloys. Remarkably, at 1200 °C, the A2/B2 substructure vanished, resulting in a
mixture of approximately 50-50% of A2 phase and Al-Zr-rich intermetallic, likely due to the Al

reduction and refractory elements enrichment in the former B2 phase.

In their study, Kloenne et al. [103] investigated the microstructural evolution of the A2/B2
substructure after aging (1000 °C for 6 hours) followed by water quenching. They observed that the
patterned microstructure remained unchanged, with the same volume fraction as the initial state,
but with coarsened A2 precipitates along the <100> directions. The authors noted that after aging,

the Al content in the B2 phase decreased, as Ti segregated less strongly compared to Zr and Al.

In a follow-up study, Kloenne et al. [100] reported on the interface structure of the A2/B2 phase.
After the 6 hours exposure at 1000 °C, the evolution involved transitioning from planar coherent
interfaces along the <100> to stepped interfaces with facets formed along the (110) and (100) planes
at a 15° angle from the (100) plane. However, the coherency was maintained, as confirmed by full
lattice registry along the new {110} and old {100} facets. The high-resolution STEM analysis
revealed lattice parameters of 3.31 A for the A2 precipitates and 3.38 A for the B2 matrix, with
which a lattice misfit of -2.1% was determined. Additionally, misfit dislocations were observed

along the (110) planes, having a Burgers vector of 1/2[111]a2. The dislocation spacing was
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estimated to be = 13.7 nm using the Brooks equation ¢ = |b|/d (|b|: magnitude of the Burgers vector
d: dislocation spacing [104]), and later confirmed through image analysis [100].

Figure 11. Microstructure of the RSA after exposure for 1000 h at 1200, 1000 and 800 °C [16].

2.5 Intrinsic properties of individual phases in RSA

An overview of the intrinsic properties of the phases observed in the RSA is provided in this section,
including bcc solid solution (A2), B2 ordered phase, and the relevant intermetallics containing Al
and Zr: AlzZrs and AlsZrs.

Disordered bcc (A2)

The bcc phase is formed by a cubic unit cell with 1/4 atoms sitting at the cube corners and one atom
in the center of the cube, which make a total of 2 atoms per unit cell, and a coordination number of
8 equidistant nearest neighbors (cf. Figure 12). The lattice cell can be described by the space group
Im3m (229), with a Pearson symbol cl2 (W-prototype) and a Strukturbericht notation “A2” [105,
106].
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(a)

Figure 12. Schematic representations of an A2-structured unit cell created using the PowderCell
software [107] (a) front view (b) tilted side view. The atoms are represented with the same color

since all the lattice sites are randomly populated by different elements.

Most refractory metals (Mo, Nb, Ta, and W) have the A2 crystal structure. These metals share some
properties, such as high melting points (> 2000 °C), high density, and high Hy at RT (cf. Table 2)
[43]. Furthermore, other metals with a lower density but also lower melting points, such as Cr, Fe,

V and Zr, are A2-structured, and show also lower Hy while keeping higher ductility (Table 2).

Table 2. Properties of metallic elements with disordered bcc crystal structure at room temperature

with the space group Fm3m (225), and Strukturbericht designation “A2” [105], as reported in [43].

Element  Atomic Atomic Lattice Density p Melting Young's Vickers
number radius parametersa  (g/cm®)?  temperature Tn ~ Modulus E hardness
z (pm)*® (pm) ¢ (C)*° (GPa)* (MPa)®
Cr 24 124.91 288.4 7.19 1907 279 1060
Fe 26 124.12 285.6 7.88 1538 211 608
Mo 42 136.26 315.0 10.23 2623 329 1400-2740
Nb 41 142.9 302.0 8.58 2477 105 870-1320
Ta 73 143 330.3 16.68 3017 186 873-1200
\% 23 131.6 330.1 6.12 1910 128 628-640
W 74 136.7 316.5 19.41 3422 411 3430-4600

2 Values taken from Ref. [43], ® Values taken from Ref. [108], ¢ Values taken from Ref. [109]

In general, alloys with single A2 structure exhibit a broad spectrum of fracture toughness (Kic) and
Hyv. W and some W alloys may present Hy, =367-389 HV [110] and Kjc =5.4-13.5 MPa-m¥? [111].
Mo-based alloys, have Hy= 230-262 HV [112], and K. =10.0-27.5, 27.8-147.32 and 14.6-38.5
MPa-m*? for TZM-Mo (Titanium-Zirconium-Molybdenum), ODS-Mo (Oxide Dispersion
Strengthened), and LCAC-Mo (Low Carbon Arc Cast) alloys, respectively [113]. The majority of
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reported rCCAs are single-phase A2 structures. Table 3 shows an overview of compressive
mechanical properties of most relevant A2 single phase rCCAs reported in the literature, taken from
Ref. [43], which include Al-containing Alo4HfosNbTaTiZr, AlosNbTagsTi14Vo2Zr13, and
AINb1sTaosTitsZros, as well as Al-free HfNbTaTiZr, NbMoTaW, and NbMoTaVW. The
HfNbTaTiZr rCCA exhibits better RT tensile ductility and malleability. The ductility of bcc alloys
is generally lower than that of fcc-structured alloys. However, alloys formed by a single bcc phase,
or at least those that contain this phase as their matrix phase, have a better RT ductility than alloys
with ordered structures. In addition to the compressive tests, a limited number of tensile tests have
been performed, most notably on HfNbTaTiZr rCCA at a strain rate of 10 s™*. For example, the
yield strength oy was reported to be = 940-958 MPa (depending on the average grain size) at RT,
and elongation to fracture ¢ ~ 15-20 % [114].

A separate investigation on the stability of this alloy, showed that the HfNbTaTiZr undergoes phase
decomposition below =~ 1025 °C, resulting in two bcc phases, i.e., HfZr-rich and NbTa-rich.
Additionally, the HfZr-rich phase transforms into a hexagonal closed-packed structure (hcp) phase.

The precipitates have a similar orientation to the matrix but with a slight tilt due to large lattice

misfit, whereas the hcp phase follows the OR {0001}, || {110}, _and {Zﬁo}hcp 11 {111} e

This results in a strengthening mechanism by solid solution and precipitation, where the rCCA
becomes stronger at lower annealing temperatures and weaker at higher annealing temperatures
[115]. Generally, AlosHfosNbTaTiZr [116], AIMoNDbTi [117], HfMoNbTaTiZr and HfMoTaTiZr
[62] also satisfy these conditions, having a metastable single A2 microstructure at RT, and after
annealing at high temperature, they experience phase transformations and become multi-phase

structures.

In the AlMoosNbTaosTiZr RSA, the bce phase is enriched in the refractory elements, i.e., Mo, Nb
and Ta, which is the phase that forms the plate-like precipitates embedded in the B2-structured

phase.

As rCCA:s are notably desirable for high-temperature applications, evaluating their creep properties
becomes exceptionally important. Consequently, understanding these properties becomes essential
in assessing the suitability of rCCAs for the intended applications. Thus, the upcoming subsection
will lay down the core concepts of creep and the latest developments concerning creep in rCCAs

with single bcc solid solution phases.
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Table 3. Density, Hy, and compression properties (E, oy and ¢), at different temperatures of some relevant CCAs containing refractory elements with single

phase bcc crystal structure [4]. All materials were cast before the subsequent treatments.

Alloy Processing Density T(°C) E(GPa) Vickers Hardness (H., oy ¢  Reference
(g/cmd) MPa) (MPa) (%)
AlosHfosNbTaTiZr HIP at 1200°C/2h/ 9.05 23 78 4.9 1841 10 [49]
207 MPa + 1200 °C/ 800 48.8 796 >50
24 h 1000 23.3 298 >50
AlosNbTaogTi14Vo2Zriz  HIP at 1200 °C / 207 7.78 25 4.9 1965 5 [48]
MPa/ 2 h, 1200 °C/ 800 678 >50
24 h 1000 166 >50
AINb:5Ta0.5TiisZros  HIP 1400 °C / 207 MPa / 6.88 25 4.0 1280 35 [48]
2h,1400°C/24h 800 728 30
1000 403 >50
HfNbTaTiZr HIP at 1200 °C/ 9.94 23 55 509 [118] 929 >50 [62]
207 MPa /2 h, 1200 °C/ 600 675 >50
24 h 800 535 >50
1000 295 >50
1200 92 >50
NbMoTavVWwW As-cast [119], 12.36 23 5.42 GPa 1246 1.7 [10, 119]
600 862 13
800 846 17
1000 842 19
1200 735 7.5
1400 656 18
1600 477 13
NbMoTaW 13.75 23 4.46 1058 1.5 [10,119]
600 561
800 552
1000 548 16
1200 506 12
1400 421 9

1600 405 27
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Creep

Creep is defined as the time-dependent (t) strain (¢) that occurs under a constant stress (o) that is
lower than the yield stress, at temperatures (T) generally higher than half of the melting temperature
> 0.5Tm). The creep behavior is usually represented by determining a tensile or compression creep
curve. Figure 13 shows the most common typical creep curves: (a) deformation vs. time “e vs. t”,
and (b) “strain rate (€) vs. &”. Figure 13a exhibits three distinct regions: (1) an initial stage known
as primary creep, which shows an increase in ¢ due to an increase in dislocation density (pd).
However, as t progresses and the ¢ increases, a steady state (ss) emerges where there is a balance
between multiplication (strain hardening) and annihilation (recovery) of dislocations, referred to as
secondary creep (I1), and it is where the minimum creep rate occurs &,,;,,. Since stage Il has a
characteristic constant creep rate or £, is technically of the highest importance. Finally, when the
€ increases again after the secondary creep, further damage in terms of pores and cracks may form,
resulting in a decrease in creep resistance and a connected increase in creep rate. This stage is called
tertiary creep (l1) (cf. Figure 13a). An increase in T or in ¢ has been found to promote a lower

creep resistance in the same alloy as a result of an increase of pq .
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Figure 13. Creep curves of pure metals (a) ¢ vs. t showing the regions for primary (1), secondary

or steady state (11, ss) and tertiary creep (I11) (b) € vs. ¢ at constant T and ¢ [120].

A relationship between the secondary creep strain rate (¢,,;,) and o is described by the Norton’s

equation [121]:
Emin = Ao exp (— %) (2.2)

where A is a material constant, Qc is the activation energy for creep, R is the gas constant (8.314
J-Kt.mol?), and T is the absolute temperature in Kelvin. This exponential behavior is also called

“power-law creep”. Using a linear fit in the &.,;, VS. o curve, the stress or Norton exponent n can be
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determined from the slope of the curves, as shown in Figure 14 for pure Al [119]. Depending on the
stress exponent n, different mechanisms can be inferred in creep, the slowest ones being rate-

controlling.
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Figure 14. oss VS. €5, fOr high pure Al at different T, presented in [120] from Ref. [122].

With increasing T, which is usually associated with a decrease in o, work-hardening typically
decreases, leading to lower values of n. Conversely, at lower T, n tends to be higher.

When ¢ is insufficient to induce dislocation creep, creep is controlled by diffusional mechanisms
that are associated with n = 1, and which are primarily governed by stress-induced vacancy
migration through grain boundaries. If T is very high, and there is an excess of vacancies, volume
diffusion occurs, also known as Nabarro-Herring creep. During this process, the excess vacancies
migrate from the grain boundaries aligned with the tensile direction to those that are parallel to it.
Under such conditions, dislocation slip, or climb are not necessary to promote creep deformation.
On the other hand, when creep predominantly occurs along the grain boundaries through diffusional
processes, it is referred to as “grain boundary diffusion” or “Coble creep”. In this case, the

contribution of Coble creep is greater than self-diffusion (SD) occurring within the grains [120].

When the o is increased, n = 3, which is also known as the “three-power-law”. In this regime, the
rate controlling mechanism is associated to a so-called “viscous dislocation glide”, where
dislocation movement may be activated, but hindered due to an interaction with the solute atoms.
This mechanism is commonly described in solid solution alloys, but dislocation-solute interactions
may also occur in more complex microstructures. At a higher increase in the Norton exponent to

n=>5, creep deformation by dislocation motion may be controlled by dislocation climb. In
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dislocation-climb creep, dislocations that can leave the original slip plane by recombination of
vacancies or substitutional atoms generated during previous dislocation motion can lead to recovery
by extinction of dislocations with opposite signs. Once a dislocation has been annihilated, a new
one with identical length and thus associated energy can form, resulting in a continuous deformation
process [120, 123, 124].

The activation energy for creep (Qc), equivalent to self-diffusion energy (Qsp) in pure metals, holds
significant importance in the equation. It describes the dependence of £,,;,with T while maintaining
a constant o. The temperature-dependent behavior of creep is conventionally represented by the
apparent activation energy, Qc, which determination involves plotting Equation 2.2 as the natural
logarithm of &.,;, (In €.,;,) at a specific o against 1/T (in K), in an Arrhenius-type plot, where the

slope of the curve becomes Qc/ R.

The first and only available study on mechanisms of tensile creep deformation up to 1250 °C of a
rCCA was conducted by Liu et al. [125], with the bcc solid solution HfNbTaTiZr alloy. By
comparing the theoretical and experimental &,,;,, an examination of the diffusion coefficients for
all elements revealed that Ta, having the lowest diffusivity, plays a predominant role in drag-
dislocation control, thereby influencing the creep rate. Figure 15 shows the results described by
Liu et al. [125], where the creep mechanism did not change within the range of tested T and o,
indicating a stress level not high enough to overcome this solute drag effect (glide-controlled creep).
Furthermore, Q.= 273 + 15 kJ-mol?, being the highest determined for this alloy (cf. Figure 15)
[125]. Yet, as the crystal structure of this alloy is a single bcc phase, it may not be comparable with
the RSA. With its continuous B2-matrix the RSA is rather expected to have a behavior comparable

to alloys with B2-structure, as will be discuss in the next subsection.
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Figure 15. Creep behavior of the HfNbTaTiZr alloy () &y, VS. o from 1100 to 1250 °C (b) £,i,VS.
(2/T) from 5 to 20 MPa, as reported by Liu et al. [125].
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Ordered bcc (B2)

The B2 ordered crystal structure has a similar unit cell as the A2, with the difference that the atom
in the center has a preferred occupation site with respect to the atoms at the corners (cf. Figure 16).
This structure consists of two simple interpenetrating cubic sublattices and can be represented
stoichiometrically as a 50:50 distribution of atoms [17]. They belong to a space group Pm3m (221),

with a structure designated with a Pearson symbol cP2 (CsCl-prototype) and a Strukturbericht
notation “B2” [105, 106].

(a)

Figure 16. Schematic representations of a unit cell with B2 crystal structure created using
PowderCell software [107] (a) frontal view (b) inclined view. The two sublattices are represented

with two colors since the lattice have preferred sites to be populated by some elements.

Common intermetallic compounds of this class are NiAl, CoAl, AgMg, CuZn, NiGa, CoGa, and
FeAl. Materials in this group such as NiAl and FeAl have the highest potential for structural
applications. Most of the data available for the properties of binary B2 intermetallics are refer to
NiAl, FeAl, and CoAl. The NiAl intermetallic, with a density of 5.98 g/cm?® and melting temperature
(Tm) of = 1638 °C [126], is formed by a unit cell with a Ni atom located in the center of the cube
and an Al atom distributed around the corners (or viceversa) [17]. The use of NiAl alloys as
structural materials, however, comes with certain limitations. These include softening at elevated
temperatures, high brittle-to-ductile transition temperatures (= 400 °C) [127], and relatively low
creep resistance at high temperatures [128]. The FeAl intermetallic serves as another example,
which retains the B2 structure when the alloy contains Al in the range between 35 at.% to 50 at.%.
Fe atom are at the center of the cube and Al atoms randomly distributed in the corners (2 atoms per
unit cell) [17]. Notably, it offers good oxidation and corrosion resistance and, combined with a low
density (5.56 g/cm?®) [129], low cost compared to many other structural materials. However, Fe-Al

exhibit low ductility at RT, and their creep resistance is only moderate at high temperatures [130].

For annealed and forged NiAl, K. ranges between 5.08 + 0.36 and 6.42 + 0.88 MPa-m"?
(determined by Vickers indentation: ring on ring disk bend test). The Hy for NiAl varies from 460
to 560 HV (4.5-5.5 GPa) [131]. On the other hand, FeAl has Kc values between 11 and 55.8
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MPa-m*2, with Hy ranging from 197 to 867 HV, depending on the specific chemical composition

and the determination method [132].

It has been established that in high entropy alloys, the presence of Al triggers the B2 phase formation
[133]. Thus, the existence of B2 phase in the RSA suggests that sufficient Al is retained within the
matrix, allowing for it to order as B2. In the particular case of the RSA, the B2 phase shows
enrichment in Al, Ti, and Zr, where Ti and Zr atoms tend to occupy a different sub-lattice than the

Al atoms during the ordering process [12].

Creep in B2 structure alloys

Ordered intermetallic phases exhibit significantly lower diffusion coefficients compared to
disordered solid solutions. Consequently, they demonstrate higher thermal stability and lower
recovery rates at comparable homologous temperatures (T/Tm). Both factors contribute to increased
resistance to creep compared to corresponding disordered solid solutions [123]. The parameters that
determine the creep behavior of NiAl intermetallics vary depending on the composition, grain size,
and the experimental conditions, such as loading geometry type (compression or tension), T, o,
reinforcement of matrix, etc. Table 4 shows a summary of the creep parameters such as n and Qc
for the NiAl at different compositions, grain size and T, as reported in Ref. [120]. Q. values are
found within 230-350 kJ-mol?, which is in average the Qsp of Ni in NiAl (= 290 kJ mol™?). From
n, dislocation climb has been described as the major creep mechanism, although both dislocation
climb and viscous glide may be possible rate-controlling mechanisms depending on ¢ and T
[134]. Although NiAl processing is typically simple, its mechanical properties remain

unreproducible due to its high sensitivity to metallurgical factors.

Table 4. Summary of creep parameters for NiAl alloys found in the literature, extracted from [120].

Al, at.% Grain size (um) T (°C) Norton exponent (n)  Activation energy, Qc Ref.
(kJ-mol ™)

48.25 5-9 727-1127 6.0-7.5 313 [135]
44-50.6 15-20 727-1127 5.75 314 [136]
50 ~12 927-1027 6 350 [137]
50 ~ 450 800-1045 10.2-4.6 283 [138]
50.4 ~ 1000 802-1474 7.0-3.3 230-290 [139]
50 SX 750-1055 4.0-4.5 293 [140]
49.8 ~39 727 =5 260 [141]

Raj et al. [142] described the compression creep properties in polycrystalline NiAl at T = 1000-
1400 K (= 727-1127 °C). They reported n =~ 6.6 and Q. ~ 300 kJ-mol™ at ¢ > 25 MPa, whereas n ~
2 and Q¢ = 95 kJ-mol™ was observed at ¢ <25 MPa. The deformed microstructure did not show any
dislocation activity in many grains, and grain boundary sliding was the dominant mechanism. A
year later, the tensile creep behavior of the same alloy at 427 (100-170 MPa), 627 (40-80 MPa),
and 727 °C (35-65 MPa) was reported [143]. They noted that NiAl exhibits contrasting creep
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behavior in tension (with n = 13) and compression, and no clear explanation was given for the n
value. Particularly at low T, the NiAl alloy demonstrates significantly faster creep rates in tension

compared to compression.

On the other hand, the addition of reinforcement particles in the B2 matrix has been demonstrated
to optimize creep in NiAl, as in the case of the ODS NiAl-Y>03 alloy. The minimum creep rate for
T=1300 K (T = 1027 °C) and T = 1400 K (T = 1127 °C) is reported to be € =~ 1.0 x 10° s and 8.0
x 10° s%, respectively (at o = 30 MPa) [144], while Qc > Qsp (Qc = 576 kJ.mol™), and n = 17, thus
rendering it more resistant than the Ni-based superalloy MA956 [145, 146]. The NiAl matrix with
Al,O; dispersoids showed n = 7.6-8.4 and Qc ~ 291 kJ-mol*, with dislocation climb as the

controlling deformation mechanism.

The FeAl creep performance is notably influenced by the chemical composition of the alloy, T, and
o. Generally, at high T and low g, diffusional creep governs, while at low T and high o, dislocation
climb, or viscous drag are the predominant mechanisms. Table 5 presents a summary of some
reported creep data for FeAl-based alloys from previous works and Ref. [120], with the
corresponding mechanisms proposed by the authors. In general, at elevated temperatures, FeAl has
poor strength and creep resistance. The diffusivity of the elements is so high that it prevents the B2
lattice to form strong dislocation barriers, so the dislocations can move easier. Therefore, one of the
strategies implemented to improve its creep resistance, is through precipitation hardening by the
addition of alloying elements. For instance, small additions of Mo, Zr, Ti, B and C in the Fe-40Al
alloy was shown to improve the creep resistance, decreasing &,,;, by three orders of magnitude
(from 2.5 x 107to 2 x 10%%s? at 700 °C and 90 MPa) [147]. The addition of these elements was
found to precipitate titanium carbides, which blocked the dislocation sources in the samples prior
to creep, thus decreasing the dislocation density in the crept samples. Furthermore, differences
between compression and tensile creep have been observed in the Fe-40Al alloy with some
additions of Zr and B (Fe-40Al-0.1Zr-0.4B % at.), where the minimum creep rate measured in

tension was much higher due to the formation of cavities that were not seen in compression [148].

Finally, Kral et al. [149] conducted a study on the creep behavior of the B2-structured
AITiVNbZro 25 alloy at = 800 °C. This alloy, composed of coarse ZrsAls particles (= 9 %) embedded
in a B2 matrix phase, revealed the development of dislocation densities pg ~ 2.2-10" and ~ 9.2-10"*
m2 for 100 and 325 MPa, respectively, and &,,;, that followed a three-power law. The authors
attributed the creep mechanism to viscous glide due to “cloud drag”, typical in class-A materials,
where clouds of point defects accompanying the dislocations create a viscous drag force that

opposes the dislocation motion, leading to deformation under creep conditions.
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Table 5. n, Qc, and deformation mechanisms from different creep studies on FeAl reported in Ref. [120]

Composition T (°C) n Qc (kJ-mol™?) Mechanism Ref.
Fe-28Al-2Mo 650 1.4 (low o) 335 Diffusional flow [150]
6.8 (high o) Climb
Fe-28Al-1Nb-0.013Zr 650 1.8 (low o) 335 Diffusional flow
19.0 (high o) Dispersion strengthening
FA-180 (Fe-28Al-5Cr-0.5Nb-0.8M0-0.025Zr-0.05C- 593 7.9 627 Precipitation strengthening  [151]
0.005B (at.%))
Fe-28Al 600—675 3.4 [130]
Fe-26Al-0.1C 600-675 3.0 305
480-540 6.2 403
Fe-28Al-2Cr 480-540 3.7 325 Viscous glide
Fe-28Al-2Cr-0.04B 600-675 3.7 304
Fe-28Al-4Mn 600—675 2.6 302
FA-129 (Fe-28Al-5Cr-0.5Nb-0.2C) 500-610 4-5.6 380-395 [152]
FA-129 900-1200 4.81 335 [153]
Fe-39.7Al-0.05Zr-50 ppmB 500 11 260-300 Dispersion strengthening [154]
700 11 425445 Climb
Fe-27.6Al 425-625 2.7-34 375 [155]
Fe-28.7Al-2.5Cr 425-625 3.5-3.8 325 Viscous glide
Fe-27.2Al-3.6Ti 425-625 3.4-3.7 375
Fe-47.5Al (grain size = 6um) 827-1127 6.3-7.2 487 [156]
Fe-47.5Al (grain size = 20um) 927-1127 5.6-9.7 368
Fe-40AI-0.2Mo- 700 3-5 (high o) 300-400 Precipitation [147]

0.05Zr-0.5Ti-0.2C-0.02B

20 (low o)

hardening
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Al-Zr-rich phases

The microstructure of the RSA has been reported to contain two bcc-based phases and a secondary
phase precipitating along grain boundaries rich in Al and Zr [12, 49, 102]. Figure 17 shows the Al-
Zr system, as calculated using the ThermoCalc software [87]. Based on the Al-Zr phase diagram
and on the relative composition reported for the RSA, several intermetallics may be expected to
form. According to the evaluation of Murray et al. [157], ten stable intermetallic phases are possible
to form in the Al-Zr system: AlsZr, AlLZr, AlzZry, AlZr, AlaZrs, AlsZra, AloZrs, AlsZrs, AlZr, and

AlZrs. However, two of them, i.e., AlzZrs AlsZrs (see red oval in Figure 17) are reported to be high-

temperature phases [158].
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Figure 17. Phase diagram of the Al-Zr-system, representing the possible Al-Zr-intermetallics that
can form. Common high temperature phases are enclosed in the red oval. The diagram was created
using ThermoCalc software, with the TCHEA3 v1.1 database [ThermoCalc Software AB,

Stockholm, Sweden/SGTE].

Furthermore, Jensen et al. [102] performed a more detailed characterization involving convergent
beam electron diffraction. High resolution STEM-HAADF images were also analyzed in order to
identify the crystal structure of the unknown intermetallic precipitate. The study revealed a complex
ordered crystal structure with at least two distinct sublattice sites, belonging to the P6s/mcm space
group, with lattice parameters of the a = 8.31 A and ¢ = 5.52 A [102]. Based on the experimentally
determined chemical composition [102], and the space group of the phase, the two possible

intermetallics that can exist in the RSA are the AlsZrsand AlsZrs (cf. Figure 18).
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Figure 18. Schematic representation of the crystalline structure of hexagonal Al-Zr phase (unit-
cell) with (a) AlsZrs and (b) AlsZrs stoichiometry. Al atoms are red and Zr atoms are green. The
unit cells were created using PowderCell software [107].

AlsZrs intermetallic

The AlzZrs intermetallic phase has a hexagonal unit cell, with Al and Zr atoms disposed as shown
in Figure 18a, where Al is the center atom of the cluster. Its space group is P6z/mcm N° 193, with
the Pearson symbol hP16, and MnsSis is its prototype [105]. This intermetallic has a mass density
of 5.355 g/cm?®, unit cell volume of 330.74, calculated heat of formation (AE) of -35.816 kJ/mol
under normal conditions, and the lattice parameters are a =b = 8.184 A and ¢ = 5.702 A [106, 159].
The mechanical properties of this intermetallic have not been experimentally assessed in the
literature, and the only available data has been reported by Du et al. [159] through computational
simulation. The calculated single-crystal elastic constants are reported to be C11 = 211.55, C12 =
61.23, C13 = 56.11, C33 = 139.97, and Cas = 39.46 GPa. It has a polycrystalline shear modulus (G)
of 54.35 GPa, bulk modulus (K) 0f 99.12 GPa, Young’s modulus (E) of 137.85 GPa, Poisson’s ratio
(v) 0.2682, and hardness (H) of 9.67 GPa [159, 160].

AlsZrs intermetallic

The AlsZrs intermetallic phase has also a hexagonal crystallographic structure, with Al and Zr atoms
disposed as shown in Figure 18b. It has a space group P63/mcm (193), Pearson symbol hP18, and
GausTis prototype [105]. The mass density is 5213 kg/m?, unit cell volume of 357.55, and
experimental and calculated heat of formation (AE) of -52 + 4 and -42.002 kJ/mol at RT,
respectively [159, 160]. The lattice parameters are slightly bigger than for the AlsZrs phase with a
=b=8.437 A, ¢ =5.800 A [106, 159]. Du et al. [159] reported calculated elastic constants of Ciy
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=198.59, C12 = 73.06, C13 = 50.52, C33 = 196.35, and Css = 50.84 GPa, G =60.11 GPa, K =104.49

GPa, E =151.31 GPa, v =0.2586, and H =10.85 GPa [159, 160].

The unit cell-internal parameters (Wyckoff positions) are summarized in Table 6 for the AlsZrs and

AuZrs intermetallic phases.

Table 6. Unit cell-internal parameters for the AlsZrs and AlsZrs intermetallics [106].

Intermetallic Lattice parameters (A) Atom site Wyck Atom position
Phase X Y z
AsZrs a=hb=28.184 Zr 69 023 000 025

c=5.702 Zr 4d 033 0.66 0.00

Al 69 059 000 025

AlyZrs a=h=28.437 Zr 69 029 000 025
¢ =5.800 Al 69 062 000 025

Zr 4d 033 0.66 0.00

Al 2b 0.00 0.00 0.00

Even though the AlsZrs and AlsZrs phases possess the same space group and symmetry, their atomic

configurations differ from each other, especially in the Al atomic positions in the corners of the

hexagon, as depicted in Figure 18. Previous studies where AlsZrs and AlsZrs are experimentally

observed, state that they are stable phases only at high T, but have otherwise been described as

metastable phases at lower T. They can be decomposed into more stable phases by the reactions

AlsZrs > AlZr, + AlaZrs and AlaZrs=> AlsZrs + AlZr [158].
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3. Scientific objectives

The aim of this study is to investigate the thermodynamic and microstructural stabilities of the
AlMoosNbTaosTiZr RSA around 1000 °C, and to assess their impact on the mechanical properties

of the alloy at both room and high temperatures.

The microstructure, density and compression strength of the novel RSA resembles those of the since
long fine-tuned Ni-based alloys, which originally raised the question of its suitability to compete
with them. Ni-based alloys are limited to their relatively low melting points, which prevent an
increase in the operating temperature of structural components. Thus, understanding the hitherto
poorly studied high temperature evolution of the RSA is paramount to unravel its potential. In this

work, the following questions will be addressed:

- What is the starting (as-cast) microstructure of the RSA, and how does it relate to the
microstructure after its well-established heat treatment? And do current CALPHAD databases
reveal consistent solidification and phase transformation pathways both in equilibrium and non-
equilibrium states so as to reproduce the experimental results? (Papers 1&I1)

- How does cooling rate, as a processing parameter, affect the well-established RSA microstructure
in terms of phase fraction, size and distribution, as well as the A2/B2 misfit? And how are the

associated room temperature nano/microhardness and fracture toughness affected? (Paper I1I).

- What is the creep behavior of the RSA in the 1000 °C regime as a main high temperature property
of the envisioned application for the RSA? And what are the associated micro-mechanisms? (Paper
V)
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4.1 Paper |

The AIMogsNbTagsTiZr refractory high entropy superalloy: Experimental

findings and comparison with calculations using the CALPHAD method.
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hypothesized spinodal decomposition during cooling as the mechanism responsible for the patterned A2/
B2 microstructure is confirmed via the CALPHAD calculations, pointing to its use as an efficient design
tool for such alloys. Finally, the comparison between the experimental and computational findings
allowed better understanding the solidification path and equilibrium stability of this alloy, giving a base

to make better decisions on the field of new refractory superalloy design.
© 2022 The Authors. Published by Elsevier Ltd. This is an open access article under the CC BY-NC-ND license

(http://creativecommons.org/licenses/by-nc-nd/4.0/).

1. Introduction

To improve the performance of future structural components
for high temperature applications, it is necessary to develop new
materials that can withstand higher temperatures than at present
while retaining high strength and good creep and corrosion resis-
tance. Ni-base superalloys have been in the last decades the mate-
rial of choice for severe service conditions [1-4]|. The realm of
chemically complex alloys (CCAs), materials that lack a base ele-
ment but instead are composed of several of them at high compo-
sitions, has been increasingly studied in the last years thanks to
their interesting and sometimes unexpected microstructures and
properties. The CCAs made of refractory elements such as Mo, Nb
and Ta are attractive candidates for use at extremely high temper-
atures (associated with many technological applications) [5-7]. An
example of a refractory CCAs is the AlMog sNbTag sTiZr, which has a
measured density of 7.4 g/cm®, Vickers microhardness (Hv of
5.8 £ 0.1 GPa = 591.4 HV1) and a high temperature (compressive)
strength of 772 MPa at 1000 °C with a fracture strain < 50% [8,9].
One drawback of this alloy is its room temperature ductility of
& = 10% [8]. Senkov et al. [8] and Jensen et al. [10] reported that
a coherent two-phase nanostructure forms for the AlMog sNbTag s-
TiZr alloy after applying a heat treatment under argon atmosphere.
The obtained microstructure resembles the y/y pattern of the Ni-
base superalloys, L1, cuboids (y) embedded in a continuous fcc
matrix () [4], therefore naming it refractory high entropy superalloy
(RSA) [8-11]. This resemblance promotes the possibility of profit-
ing from the long-term knowledge gained on the effectiveness of
such microstructures to high temperature performance. However,
important differences exist, e.g.: 1) the dimensions of the cuboid/-
matrix structure are one order of magnitude smaller; 2) the nanos-
tructure is formed by cuboidal A2 phase (discontinuous) particles
embedded in a continuous B2 phase matrix, i.e. the matrix is made
of an ordered phase, opposite to Ni-base superalloys; and 3) there
is a strong partitioning of Mo, Nb and Ta to the A2 phase, and of Al,
Ti and Zr to the B2 phase [8,10].

Beyond the high strength at high temperatures, and the pres-
ence of refractory elements, the AlMogsNbTagsTiZr RSA contains
= 20% of Al (to lower its density) that has been determined to form
an intermetallic rich in Al and Zr, but also significantly lowers its
melting point. However, there is no clear study in the literature
indicating whether this RSA has a higher melting point than Ni-
based alloys or not. In the case of having a higher melting point,
this alloy could be attractive for use at extremely high tempera-
tures, and therefore, this is also addressed in this contribution. As
CCAs contain multiple principal elements, which contrasts with
conventional alloys, it has been challenging to understand the
phase equilibrium and solidification path of alloys like the RSA.
In recent years, CALPHAD-based methodologies have been used
largely in the field of CCAs to understand their formation and to
their optimization [12-15]. Senkov et al. [16] calculated the equi-
librium and non-equilibrium diagrams using the Pandat Ti data-
base and showed the formation of two phases, BCC and Al;Zrs,
after non-equilibrium solidification and three phases, BCC, TisAl
and Al,Zr, in equilibrium. A clear mismatch however was found
between these results and their experimental measurements [16]

while the phases formed during casting have not been assessed,
e.g., by comparing the as-cast state and the non-equilibrium calcu-
lations. Nevertheless, considering the importance of the initial
solidification process of refractory alloys with respect to the ability
to effectively tune their properties by subsequent heat treatments,
a step back to understand the casting behavior of this RSA can shed
insights into improving it. Whitfield et al. [ 17] calculated the phase
equilibria using the SSol5 database, which demonstrated better
agreement to the phases observed experimentally, although large
differences were found in the solvus temperatures, especially for
the AlsZrs intermetallic phase. Thus, it seems like the simple use
of available databases for CALPHAD calculations of such multi-
principal elements is not enough to establish robust phase stability
anticipations for this alloy system and presumably its derivates.
Here the use of analytical and of structural characterization meth-
ods is still much needed in the field of CCAs [ 18] to further aid the
development and validation of the developing CALPHAD databases.

In the present work, we aim to understand the phase stability
and solidification behavior of the RSA AlMog sNbTag sTiZr as a base
to tackle similar systems. To this end, an approach was imple-
mented where detailed CALPHAD thermodynamic stabilities and
solidification paths were calculated and compared with experi-
mental data found for both as-cast, AC, and annealed state, AN
(AC + 1400 °C for 24 h). The processing of most HEAs is still based
on trial and error. In this context, the study of the as-cast struc-
tures needs special attention, to allow better design of heat treat-
ments that may help to overcome the room-temperature
embrittlement in this and similar high-temperature alloys or to
pinpoint detrimental microstructural features that may not be
reverted by heat treatment. In addition, a comparison with CAL-
PHAD Scheil solidification is used to benchmark two published
databases and to assist future CALPHAD-integrated RSA design.
Furthermore, the results go beyond the state-of-the-art [8,10,17]
by directly comparing CALPHAD equilibrium calculations and dif-
ferential thermal analysis in the annealed state, casting light on
the phase transformation pathways and temperatures. The exper-
imental data are accompanied with CALPHAD calculations that
were conducted using the commercial thermodynamic software
ThermoCalc [19] with two different databases, the established
TCNI10 and TCHEA3, in order to evaluate the accuracy for this
alloy. The database TCHEA4 was used for all the calculations as
well; however, only the results obtained with the TCHEA3 are
reported since this shows a better match with the experimental
data. The current experimental and computational findings assist
the better design of refractory high-entropy alloys.

2. Material and methods
2.1. Material (as-cast and heat treated)

The AlMog sNbTag sTiZr alloy was prepared by vacuum arc melt-
ing of the pure elements in an argon atmosphere (purity > 99.998%,
with small impurities of H,O (<5 v-ppm), O; (<5 v-ppm) and N;
(<10 v-ppm), following the description given by Senkov et al.
[16] but with some differences. Aluminum was in the form of gran-
ules (2-10 mm) with a purity of 99.99%, molybdenum in the form
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1400 °C for 24 h

2cm

Fig. 1. Sample (button) obtained by vacuum arc melting which shows from where
the casting and annealed samples were obtained for subsequent characterization.
The surfaces marked as “A” and “B", show the region where the SEM and TEM
analysis were performed in the AC and AN, respectively, with the analyzed surfaces
being on the black rectangular regions and orthogonal to the plane of the image.

of 0.5 mm thick sheet with a purity of 99.99% and niobium was in
form of granules ranging 2-10 mm with 99.9% of purity. Tantalum
was in the form of pellets of 6 x 6 mm, titanium in the form of
pieces < 5 mm and zirconium in the form of granules (1-3 mm)
and their purities were 99.9%, 99.5%, 99.9%, respectively. Arc melt-
ing was conducted on a water-cooled copper plate. High-purity
molten titanium was used as a getter for residual oxygen, nitrogen,
and hydrogen. To achieve a homogeneous distribution of elements
in the alloy, the button was re-melted seven times, flipped for each
melt, and kept in a liquid state for ~ 5 min during each melting
event. After casting, the sample was cut as is shown in Fig. 1 to
get the as-cast sample for characterization. Another piece of sam-
ple was cut from the button, as shown in Fig. 1, and was annealed
at 1400 °C for 24 h in continuously flowing high-purity argon to
homogenize the grain structure, and cooled at a cooling rate after
annealing < 4 K/min.

2.2. Characterization

The alloy composition was determined by inductively coupled
plasma atomic emission spectroscopy (ICP-OES) and is given in
Table 1.

Differential Thermal Analysis (DTA, SETERAM TAG24), was used
to determine the main temperature transformations. Measure-
ments were conducted by placing a small specimen of ~ 20 mg
in an open corundum crucible at a heating rate of 5 K/min up to
a maximum temperature of 1620 °C (limit of the DTA facility).
Cooling to room temperature was carried out at -5 K/min. For sig-
nal correction, a measurement of an empty crucible was conducted
with the same experimental conditions.

Bulk phase analysis was conducted by X-ray diffractometry
(Seifert PTS 3000), Co Ko radiation (igy; = 1.7902°A) and a 2@ scat-
tering range of 10-100° for the as-cast state (AC), and 10 - 120° for
the annealed (AN) alloy. The identification was carried out by com-
paring the experimental patterns with patterns simulated using
PowderCell [20].

The microstructures of the AC and AN alloy were analyzed by
scanning electron microscopy (SEM, FEI Quanta 3D) equipped with
backscatter electron (BSE) and energy-dispersive X-ray spec-
troscopy (EDX, EDAX Octane Elect SDDs) detectors. The average
grain size for the AN alloy was determined in accordance with
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ASTM E112 [21]. Also, electron backscattered diffraction (EBSD,
SEM LEO Gemini 1530 V P Zeiss, EBSD detector Bruker e-flash HD
with Bruker Esprit 1.9 EBSD-Software package) was conducted on
the AN alloy at a medium magnification to determine the polycrys-
tallinity of the A2/B2 grains and to characterize the phases forming
at grain boundaries. For transmission electron microscopy (TEM),
samples were cut in slices ~ 500 um in thickness, after which thin
foils with 3 mm in diameter were prepared by mechanical polish-
ing to =~ 100 pm and finally thinned by twin-jet electropolishing
(Struers Tenupol-3) in an electrolyte consisting of 950 mL ethanol
(86.4%), 100 mL butanol (9.1%) and 50 mL perchloric acid (4.5%) at
—30°C and 30 V. The TEM was equipped with a field emission gun
(FEG) source (TEM, JEOL JEM-2200FS) working at an acceleration
voltage of 200 kV. Conventional (C) TEM was conducted for acqui-
sition of energy filtered (EF) selected area diffraction patterns
(SADPs) as well as bright field (BF)/dark field (DF) micrographs.
Bright field and high angle annular (HAA) DF micrographs were
also acquired in the scanning (S) TEM mode, the former for diffrac-
tion contrast and the latter for atomic number contrast. The SADPs
were indexed with the aid of the Java version of the electron micro-
scopy suite (JEMS) [22]. The volume fraction of the A2/B2 phases in
both states was estimated using the image analysis package Image]
[23].

2.3. Thermodynamic calculations

CALculation of PHAse Diagram (CALPHAD) is an important ther-
modynamic methodology based on the minimization of the total
Gibbs energy of the system with different phases for a given alloy
system that enables to calculate not only the phase diagram but
also different thermodynamic properties of the system [24]. The
CALPHAD calculations were developed using the TCNI10 and
TCHEA3 databases via ThermoCalc software. Although TCNI10 is
primarily optimized for Ni-based superalloys, it does cover all
the edge binaries and several ternary phase diagrams of the Al-
Mo-Nb-Ta-Ti-Zr system. Scheil and equilibrium solidification were
calculated for the RSA using the composition determined experi-
mentally (cf. Table 1). The Scheil-Gulliver equation describes the
solute redistribution during solidification of an alloy, if perfect
mixing in the liquid and no diffusion in the solid phase is assumed
[25]. All calculations were performed using the experimental
chemical composition in Table 1 to compare the results with the
experimental data. Note that the phases will reflect their names
as they are expressed in each commercial database. Thus, body
centered cubic (bcc)-based phases called “BCC_B2#1" and
“BCC_B2#3" do not necessarily mean that the phase is “B2".

3. Results
3.1. Microstructural characterization

3.1.1. As-cast state (AC)

The AC alloy has a typical dendritic structure with an average
grain size of 75 + 19 um, as is shown in Fig. 2a-b. The presence
of a strong segregation can also be seen inside the grains between
dendritic and interdendritic regions. Due to elemental partitioning
that results in different mean atomic numbers, the dendritic
regions exhibit a brighter contrast and interdendritic regions exhi-
bit darker contrast in the BSE-SEM images. A higher magnification

Table 1

Experimental chemical composition of the AIMog sNbTag sTiZr sample represented in mole %.
Al Mo Nb Ta Ti Zr
21.03 10.19 20.23 6.76 20.79 21.00
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Fig. 2. SEM-BSE micrographs of the RSA in AC (a) sample center (see cut “A” in
Fig. 1) (b) higher magnification showing the presence of a darker phase within the
interdendritic region with the presence of an Al-Zr-rich phase (c) detail of the dark
Al-Zr-rich phase acquired at a grain boundary; letters “D" and 1" respectively mark
dendritic and interdendritic regions, with their diffuse boundary highlighted by a
dotted red line. (For interpretation of the references to color in this figure legend,
the reader is referred to the web version of this article.)

Table 2
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Fig. 3. EDX element mapping of components in the RSA/AC-alloy.

reveals the presence of an Al-Zr-rich network, as determined by
EDX (summarized in Table 2), with the darkest contrast in the
interdendritic regions (Fig. 2b-c).

Compositional maps of the alloying elements Al, Zr, Nb, Mo, Ta
and Ti are shown in Fig. 3. As it can be qualitatively seen, Mo and
Ta, with the highest melting points, are located preferably inside
the dendritic regions, and of Al, Zr and Nb partition stronger to
interdendritic regions. Ti is distributed almost evenly between
dendritic and interdendritic regions, although a weak partitioning
towards the latter is still visible.

In Fig. 4a-b, EBSD data is respectively presented as a pattern
quality (PQ) map and inverse pole figure (IPF) from a TEM sample

Chemical composition of the phases in the different regions in mole fraction (%) for the AC and AN alloy. The error bar is given by the standard deviation. Bold numbers show the

elements of which the phase is rich.

State Phase Method Region Composition (mole fraction /%)
Al Mo Nb Ta Ti Zr
As-cast (AC) Al-Zr-rich TEM-EDX Neighboring region marked as SAD in green in Fig. 6a 34t4 65 9+2 2+1 8+2 41%5
A2/B2 SEM-EDX Interdendritic, e.g., “I” in Fig. 1c 271 81 17+1 4+1 211 23#*1
A2/B2 SEM-EDX  Dendritic, e.g., “D" in Fig. 1c 201 141 231 9%1 211 13%1
Annealed Al-Zr-rich TEM-EDX Grain boundary in a similar region marked with bluerow in Fig. 7b 32%2 3#1 10+1 2+%1 71 471
(AN) A2 TEM-EDX Grain core (bright precipitates in Fig. A3a of supplementary data) 71 201 35%2 13%1 161 9+3
B2 TEM-EDX  Grain core (dark channels in Fig. A3a of supplementary data) 201 9%1 19+1 3%1 191 30%1
A2 SEM-EDX  Bright rim surrounding the Al-Zr-rich grain boundary in Fig. 7b 9+1 171 25%1 131 26+1 10x1
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Fig. 4. EBSD maps of RSA in AC. (a) pattern quality, (b) inverse pole figure (IPFZ).

of the RSA in the AC condition (with an electron-transparent region
close to large hole on lower right). The EDX-coupled EBSD system
indexes the large equiaxed grains in Fig. 4 as “BCC” (Body-Centered
Cubic), irrespective of location, i.e. the dendritic structure is not
resolved. In turn, the IPFZ map shows subgrains separated by
non-indexed regions, which have comparable sizes to secondary
dendritic arms (cf. Fig. 2b). Within these subgrains, a further sub-
division into smaller regions with varying orientations is seen,
e.g., purplish-bluish grain bordering left side of large whole (shown
by the white arrow in Fig. 4b). The grain and subgrain boundary
regions rich in Al and Zr, as seen in Fig. 2, are not indexed in this
map.

The nanostructure of the AC alloy was revealed by TEM. Fig. 5
shows two CTEM-DF images (a and b) and their corresponding
zone axis (Z = [001]) SAD pattern (P) (c). In green, Fig. 5¢ shows
the reflections selected to retrieve the diffraction contrasts in Fig. 5-
a-b. Since the image in Fig. 5a was formed using a superlattice 100
reflection and the image in Fig. 5b was formed using a 200 reflec-
tion, the interdendritic region can be interpreted as composed of a
mixture of two bcc-based phases. The insets in the bottom right of
Fig. 5a-b show a magnified region marked by a white square. Three
white lines in these inserts, placed at the same locations, show that
different locations are illuminated in both images. Furthermore,
the bright regions seem strongly interconnected in Fig. 5a. Thus,
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Fig. 5. (C)TEM-DF micrographs of the interdendritic zone in AC oriented along
[001] zone axis: (a) using superlattice reflection (100) in (c); and (b) using
reflection (200). (c) SADP with contrast apertures marked in green for images in (a)
and (b). (d) STEM-HAADF micrograph of the region marked as “Fig. 5d” in the IPFZ
in Fig. 4b. (For interpretation of the references to color in this figure legend, the
reader is referred to the web version of this article.)
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the phase with the bright contrast in Fig. 5a (matrix channels) is
ordered (B2) while the remaining phase is disordered (A2). The
STEM-HAADF image in Fig. 5d, acquired at a similar interdendritic
location, more clearly reveals a continuous region with a low mean
atomic number (dark), while discrete bright regions in between are
associated to a large mean atomic number.

The Al-Zr-rich region (cf. Fig. 2b-c) was also characterized by
TEM, as presented in Fig. 6. Fig. 6a shows a CTEM-BF of the Al-
Zr-rich region (mostly bright areas) surrounded by thicker regions

Fig. 6. (a) (C) TEM-BF micrograph of an Al-Zr-rich region in the interdendritic zone
(region marked as “Fig. 6a” in the IPFZ in Fig. 4b). (b) (C) TEM-DF micrograph
marked with white rectangle in (a). (c) SADP from the region marked in green in (a).
Inset on bottom right shows the indexed simulated diffraction pattern. For details
see text. (For interpretation of the references to color in this figure legend, the
reader is referred to the web version of this article.)
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such as those in Fig. 5. Most of the SADP (Fig. 6¢) can be indexed
(cf. inset simulated diffraction pattern on bottom right) as either

AlsZrs or AlyZrs, both along the zone axis [1100]. Both Al-Zr-rich
phases are hexagonal, having the P6;/mcm space group (AlsZrs:
ICDD- 04-003-0819, Al Zrs: ICDD —00-048-1382). More details
about the hexagonal phase will be discussed in Section 4. The
CTEM-DF image (Fig. 6b) shows two types of contrast. One is very

bright which comes from the reflection (1 120) in the diffraction
pattern, around which the contrast aperture was placed, to which
discrete nano-sized regions can be associated. The second contrast
is weaker and covers the region that also appears bright in Fig. 6a.
This contrast may be associated to the diffused ring of which center

of mass coincides with {1 121} in Fig. 6c, typical for amorphous
material. This reflection is also the strongest for powder diffraction
patterns of either Al-Zr-rich candidates. For the estimation of the
volume fraction in the AC alloy, SEM-BSE images were used for
the Al-Zr-rich phase in the grain boundaries and STEM-DF images
for the A2 and B2 phases. The volume fraction was estimated to be
(8 + 4)% for the hexagonal Al-Zr-rich phase, (36 + 4)% for the B2
phase, and the rest for the A2 phase.

3.1.2. Annealed state (AN)

After annealing, the dendritic structure cannot be discerned
anymore and the equiaxed grains become clearer (Fig. 7a), forming
grain and subgrain boundaries. The average grain size is
78 + 10 pum. Large second phase precipitates (black core sur-
rounded by bright rim) are found at the grain boundaries (blue
arrows in Fig. 7a-b). Also, the subgrain boundaries are found to
be replaced with a black-bright dual phase that is also a common
feature within the large grains (red arrows in Fig. 7b-c). These
interfacial layers can be as thick as 1 pm. Fig. 7d show the structure
inside the equiaxed grains at a high magnification, which also
reveals a now continuous black phase that surrounds bright pre-
cipitates. The large second phase precipitates at the grain bound-
aries are rich in Al and Zr (see Fig. Al- Appendix A of
supplementary data), whereas the bright interfacial layer sur-
rounding the Al-Zr particles is rich in Nb, Mo and Ta. This elemen-
tal partitioning also applies to the dual phase structure found at
subgrain boundaries at a higher magnification (Fig. 7¢), as revealed
by qualitative EDX points of these regions, i.e., a dark phase rich in
Al and Zr, and a bright phase rich in Nb, Mo and Ta (cf. Table 2).

To identify the phases mentioned above, X-ray diffraction (XRD)
patterns were indexed as shown in Fig. 8. Three phases, (B2, A2 and
hexagonal intermetallic phase) are identified by comparing their
patterns based on PowderCell simulations for both states. The A2
and B2 match well with the pattern acquired for the AC alloy
(Fig. 8a), with corresponding lattice parameters a, = 3.28 A and
a, = 3.32 A. The lattice parameters of the A2 and B2 phases in
the AN alloy are determined as a; = 3.27 A and a4 = 3.31 A, respec-
tively (Fig. 8b). Based on previous results of an alloy of similar
composition [10,17], the peaks that do not match with neither
the A2 nor the B2 phase, are indexed as the hexagonal intermetallic
phase (space group: P65/mcm).

The EDX-coupled EBSD system indexes the large equiaxed
grains in the AN as “BCC” (rich in Nb, Ti and Zr), even though it
has a dual A2/B2 nanostructure (see separate peaks in Fig. 8b),
and the precipitates located at the grain boundaries are indexed
as a hexagonal crystal structure (space group: P63/mcm) with a
composition rich in Al and Zr. (cf. Fig. A2- Appendix A of supple-
mentary data), corroborating the results obtained by XRD and by
Jensen et al. [26]. TEM results demonstrate a heterogeneous nanos-
tructure that consists of precipitates with B2 phase (plate-like with
thickness ~ 10 - 100 nm) embedded in a continuous phase (chan-
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Fig. 7. SEM-BSE micrographs of the AN alloy, revealing features at different length scales. (a) Low magnification image showing an equiaxed microstructure with large
secondary precipitates at grain boundaries. (b) Detail of coarsened precipitate at grain boundaries. (c) Detail of two-phase replacing the subgrain grain boundaries (d) High
magnification image showing a nanometric two-phase basket-weave lamellar structure within grains. Blue and red arrows respectively mark coarse grain boundary
precipitates and finer subgrain boundary precipitates. (For interpretation of the references to color in this figure legend, the reader is referred to the web version of this

article.)

nels with thickness ~ 3 - 30 nm). For a detailed description of the
TEM analysis see Fig. A3 of supplementary data.

These results show that the microstructure in the annealed
state with the condition in the present work (1400 °C for 24 h
and cooled at < 4 K/min) reproduces the microstructure reported
with the conditions in the literature (1400 °C for 24 h + hot iso-
static pressing at 1400 °C for 4 h and 205 MPa, cooled at 10 K/
min) [8,10].

Table 2 summarizes the chemical composition of the phases in
the different regions for the AC and AN alloy. For the estimation of
the volume fraction in the AN alloy, SEM-BSE images were used for
the Al-Zr-rich phase in the grain boundaries and STEM-DF images
for the A2 and B2 phases. The volume fraction was estimated to be
(13 £ 6)% for the hexagonal Al-Zr-rich phase, (34 + 8)% for the B2
phase, and the rest for the A2 phase.

3.2. Differential thermal analysis (DTA)

Fig. 9 shows that two peaks are distinguished at the following
temperature ranges: the first peak is detected between =~ 820 °C
and 1543 °C, which has an exothermic character; the second and
smallest peak, with an endothermic character, is detected between
1555 °C and 1613 °C. The final 7 °C of the curve show a steep path
towards the maximum temperature of the analysis shown by the
dashed line at the end of the last peak (which coincides with the
maximum temperature of the equipment), and it therefore could
extend to higher temperatures.

3.3. Thermodynamic calculations

3.3.1. Scheil simulation for non-equilibrium

In Fig. 10, the fraction of the dependences of the solid phases on
the temperature during solidification is shown for the studied RSA
based on the experimentally measured composition in Table 1.The
temperatures of start, Ty scheil (S0lid < 0.01%), and completion, Ts,
scheit, Of Scheil modeling and the temperatures of start, Ty gq, and
completion, Ts, gq., of equilibrium are given in Table 3, as calculated
using the TCNI10 and TCHEA3 database.

Fig. 10 represents the Scheil solidification diagram using the
TCHEA3 database, which shows the formation of a single disor-
dered A2 phase (BCC_B2#1) that is rich in Al, Ti and Zr. Solidifica-
tion starts at Ty scheit = 1895 °C and ends at Tsscpeii = 1345 °C with a
solidification range of AT;, scpeit = 550 °C. When BCC_B2#1 reaches
a fraction of solid ~ 0.72, the SIGMA phase starts solidifying
between 1475 °C and 1360 °C. At this temperature, the intermetal-
lic phase Al4Zr5 appears with approx. X = 0.85 until almost the end
of the solidification, where the C14_LAVES phase then appears. The
Scheil-Gulliver model diagram was also calculated for the TCNI10
database (see Fig. B1-Appendix B of supplementary data), and it
shows the same results as the TCHEA3 database.

3.3.2. Equilibrium

The property diagrams of the RSA alloy with the chemical com-
position given in Table 1 were calculated using CALPHAD analysis.
The property diagram describes the relative amount of the phases
in equilibrium as a function of their evolution with temperature,
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Fig. 9. DTA signal of the AN specimen as a function of the temperature recorded
during the heating ramp up to 1620 °C. The signal is corrected by a blank
measurement.

assuming the transformation rate is extremely slow or that species
diffuse at a very fast rate [27]. The calculated equilibrium phases
and their volume fractions in the temperature range from 600 °C
to 2000 °C are shown in Fig. 11 for the TCHEA3 database. A detailed
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Fig. 10. Scheil solidification diagram for the RSA using the ThermoCalc software
with database TCHEA3 database (cf. Fig. B1-Appendix B of supplementary data for
database TCNI10).

Table 3
Liquidus and solidus temperature for Scheil and equilibrium solidification in both
databases.

Database Te (Scheil-Eq.) | °C Ts (Scheil) / °C Ts (Eq.) | °C
TCHEA3 1895 1345 1503
TCNITO 1895 1345 1503

1.0

TCHEA3

AlL-Ti-Zr-rich

Phase fraction

600 800 1000 1200 1400 1600 1800 2000 2200
Temperature / °C

Fig. 11. Property diagram for the RSA using ThermoCalc software (TCHEA3
database). (cf. Fig. B2 and Table B2-Appendix B of supplementary data for database
TCNI10).

description of the equilibrium phase transformation temperatures
(in °C) in the studied alloy is given in Table B1 and Table B2
(Appendix B of supplementary data) for TCHEA3 and TCNI10,
respectively. In Fig. 11 the beginning of solidification is marked
by the formation of a single bcc phase at 1895 °C (Table B1-
Appendix B of supplementary data), which is rich in Nb, Mo and
Ta (BCC_B2#1), until another bcc phase named BCC_B2#3 and rich
in Al, Ti and Zr starts appearing at 1570 °C. The formation of SIGMA
at T= 1388 °Cis also indicated with a low final fraction of the phase
(<10%). At 1225 °C, a phase rich in Al and Zr appears, i.e., Al4Zr5,
and at 1025 °C this phase seems to transform into Al3Zr4, which
continues forming below 600 °C. Lastly, at 743 °C the formation
of HCP_A3 is anticipated, which is mostly rich in Ti. The results
obtained for the TCNI10 database are the same for the TCHEA3
database (see Fig. B2 and Table B2-Appendix B).
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Fig. 12 represents a comparison of the mole fraction of the ele-
ments in the equilibrium bcc phases calculated at 1000 °C with the
TCHEA3 database (cf. Table B4-Appendix B of supplementary data
for the TCNI10 database). At 1000 °C, the two databases show the
presence of two bcc phases in equilibrium and in both cases, these
are one Al-Ti-Zr-rich and one Mo-Nb-Ta-rich phase. The phase
composition indicates that the first phase to solidify is rich in Nb,
Mo and Ta while the second one is rich in Al, Ti and Zr (cf.
Fig. 11). In addition, the temperature where the first and second
phase appear is similar for both databases (cf. Table B1 and
Table B2-Appendix B of supplementary data). The HCP_A3 phase,
rich in Al, Ti and Zr (cf. Table B7 and Table B8-Appendix B of sup-
plementary data), is anticipated to form at lower temperatures.
TCNI10 and TCHEA3 indicate the formation of the phase SIGMA
at the same temperature with a very small amount (<10%). Both
databases indicate the formation of Al-Zr-rich phases (Al4Zr5 and
Al3Zr4).

Fig. 13a represents a simulation assuming that the bcc phases
are the only solid phases that are formed, in order to identify the
miscibility gap and the difference in composition and volume frac-
tion of the bcc phases. Here, the mole fraction of Al is plotted
against temperature, indicating how the formation of the bcc
phases varies with varying Al and Zr content, while the composi-
tion of the rest of the elements remains fixed (at Xy, = 0.1019,
Xnb = 0.2023, X1, = 0.0676, X1; = 0.2079). The color-coded legend
inset in Fig. 13a denotes the boundaries at which a phase transfor-
mation exists. The incomplete light blue line (BCC_B2#3) is due to
a lack of information on that special projection. The marked region
of dashed gray lines in the graph (Fig. 13a) is made as an attempt to
show where the miscibility gap region closes. However, the exact
composition at which the miscibility gap closes is not known since
the diagram is a projection. Considering the experimentally deter-
mined mole fraction of Al in the alloy (X4 = 0.2103), the equilib-
rium conditions were calculated at 2000, 1700, 1520 and 1200 °C
(red vertical line in Fig. 13a), as shown in Fig. 13b (calculated phase
fractions and composition of the phases are summarized in
Table B9-Appendix B of supplementary data). At 2000 °C, only
the liquid is present whereas at 1700 °C the first bcc phase
(BCC_B2#1) already appears. At this temperature, the volume frac-
tion of BCC_B2#1 (rich in Nb, Mo, and Ta) is 0.32 and the rest is lig-
uid. At 1520 °C, the BCC_B2#1 (Nb-Mo-Ta-rich), BCC_B2#3 (Al-Ti-
Zr-rich) and liquid are in equilibrium with mole fractions of 0.26,
0.64 and 0.10, respectively. Finally, at 1200 °C, only BCC_B2#1
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Fig. 12. Mole fraction of the elements in equilibrium phases for the studied alloy at
T=1000°C (1273 K) as calculated with the TCHEA3 database (cf. Table B4-Appendix
B of supplementary data for the TCNI10 database).
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Fig. 13. (a) Mole fraction of Al vs temperature in equilibrium considering only the
formation of bce phases and liquid, using the TCHEA3 database. A miscibility gap
region that closes in the region marked with dashed gray lines is shown. (b) Mole
fractions of the elements of equilibrium phases in the studied alloy, considering
only the formation of bce phases at 2000, 1700, 1520 and 1200 °C respectively,
calculated with the TCHEA3 database.

and BCC_B2#3 will be in equilibrium with mole fractions of 0.30
and 0.70, respectively.

4. Discussion

The microstructural analysis demonstrates that the AlMogs-
NbTagsTiZr RSA in AC condition presents dendritic and interden-
dritic zones with differences in composition and a mixture of A2/
B2 phases ~ 2 - 20 nm, and the presence of a residual eutectic rich
in Al and Zr inside the interdendritic region (Fig. 2c). The diffuse



Paper |

48

P. Sudrez Ocaiio, 5.G. Fries, I. Lopez-Galilea et al.

ring and the presence of bright areas in Fig. 6b reveal that the Al-
Zr-rich phase region in the AC is formed by crystalline as well as
amorphous portions, the latter being larger, with a 95 + 4% of area
fraction. Thus, at this cooling rate and probably due to the strong
solute segregation to the interdendritic region, the conditions for
forming an amorphous phase are fulfilled. In fact, Zr-Al alloys are
well-known for their glass-forming ability [28,29], which is even
further pronounced in the presence of the other elements. On the
other hand, the AN state shows the presence of larger (=~ 10 -
100 nm) A2/B2 phases than in the AC state, and an increment of
=~ 5% in the volume fraction of the Al-Zr-rich phase (hexagonal
P63/mcm), which can be due to its full crystallization. A good
agreement with what was reported by Senkov et al. [8] and Jensen
et al. [10,26] for the fully heat-treated state is thus found, with the
results shown here for only annealing at 1400 °C (without hot iso-
static pressing treatment at the same temperature for further 4 h).

The AC results obtained experimentally may be primarily simu-
lated by the Scheil model, which assumes total diffusion in the lig-
uid and no diffusion in the solid. In the Scheil solidification model,
both databases evaluated here show that even at 1400 °C, complete
solidification is not reached. The Scheil model indicates the forma-
tion of a single Al-Ti-Zr-rich bcc (A2) phase until the fraction of
solid reaches =~ 72% (Fig. 10). However, a separation of the two
bec phases should be visible when comparing with the experimen-
tal AC state. Therefore, additional calculations using the uncom-
mon miscibility gap option were performed, still showing the
formation of a single A2 phase.

On the other hand, the formation of the intermetallic AlsZrs
phase is indicated in the Scheil solidification. Unlike the calcula-
tions, the hexagonal phase in the experimental results does not
show an Al,Zrs stoichiometry. In fact, the average pattern quality
shown in Fig. 4b for these regions is poor yet still indexable: con-
sidering the experimental conditions in the present work, the man-
ual indexation of individual high quality Kikuchi patterns (not
shown here) suggests evidence of an unknown stoichiometry (Aly-
Zry) for a phase with hexagonal symmetry but that is not identified
as hexagonal solid solution (HCP), the latter being reported else-
where [9]. Evaluating the differences between the lattice cells of
the two possible experimental ordered hexagonal phases (AlsZrs
and AlsZrs) shows that the surplus of Al atoms found in the AlsZrs
phase is distributed along the ¢ axis on the corners of the hexagon,
only causing a slight repositioning of the remaining atoms in the
cell when compared to AlsZrs (see Fig. C1-Appendix C of supple-
mentary data). Although the distribution of the atoms is different,
both phases belong to the same space group (P63/mcm). However,
a detailed identification of this phase is beyond the scope of this
publication and will follow in a separate contribution. Since the
diffraction patterns between AlsZrs and AlyZrs resemble each other
and considering that probably the Al,Zr, phase of the present alloy
probably is an intermediate phase between those two (Al4.Zrs,
0 < x < 1), the diffraction pattern shown in the Fig. 6¢c was indexed
as the AlsZrs phase.

To understand the solidification path of the alloy, the Scheil
model was implemented using the TCHEA3 database to calculate
the mole fraction of solid vs the mole fraction of each element in
the liquid (Fig. 14). This simulation evidences that there is a high
segregation in the last liquid (85% of solid formation), rich in Al
and Zr, regarding the original alloy composition. The calculated
ratio Xz [ Xa at 85% of solid formation (Table 4) matches the
experimental ratio Xz, | Xa, of the Al-Zr-rich phase (Table 2), which
is also close to the stoichiometry of the AlsZrs phase, This phase is
stable almost at the end of solidification according to the calcula-
tions, and the Al-Zr-rich intermetallic phase is found in the inter-
dendritic zone, which is also the last region that solidifies,
showing a good agreement between the calculations and the
experimental findings.
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Fig. 14. (a) Mole fraction of solid vs mole fraction of each element in the liquid
using Scheil model with the TCHEA3 database. X (Liquid, *) = mole fraction of
element “*" in the liquid. (b) Comparison between calculated liquid composition at
0.85 mol fraction (85%) of the solid (dashed line in (a) and Table 4) and
experimental composition of the Al-Zr-rich phase in the interdendritic region in
AC (Table 2).

On the other hand, the microstructure of the AN alloy emerged
after high temperature annealing at 1400 °C followed by furnace
cooling and, as such, even only after 24 h, it is believed to be
indicative of the stable high temperature phases. Therefore, the
experimental results of the AN alloy are compared with the equi-
librium calculations. In equilibrium, both databases (TCNI10 and
TCHEA3) show the formation of two disordered bcc phases, one
that is rich in Al, Zr and Ti, and another, rich in Nb, Mo and Ta. Fur-
thermore, in the binary diagrams as well as in the ternaries calcu-
lated within the databases under study (not shown here), there is
no modeling for a B2 (ordered) phases, so it is to be expected that
the A2 (disordered) phase is the default phase. Thus, considering
that the databases used in this paper do not distinguish between
order and disorder, and based on the experimental phase composi-
tion of the bcc phases, it could be assumed that the calculated Al-
Zr-Ti-rich phase is the B2, and the Nb-Mo-Ta-rich phase is the A2
obtained experimentally. In fact, the databases only indicate the
presence of these two bcc phases (named BCC_B2#1 and
BCC_B2#3) at that temperature (1400 °C) and, in both databases,
solidification starts with the formation of the BCC_B2#1 (rich in
higher melting Mo, Nb and Ta).
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Table 4

Calculated composition of the last 15% of the liquid phase according to the Scheil solidification as shown in Fig. 14.
Database Phase Sol. mole fraction Xso) Al Mo Nb Ta Ti Zr Xzol Xm
TCHEA3 liquid 0.85 36.90 1.99 2.82 243 11.60 4426 1.2

Experimental results show the presence of a dual phase struc-
ture composed of A2 and B2 phase in the AN alloy with channels
and precipitates as in the AC alloy, but with smaller sizes for the
latter. Jensen et. al [26], proposed that the precipitation of these
phases may occur by spinodal decomposition during cooling, due
to the compositional fluctuations in high temperature phases.
Kadirval et al. [30] analyzed the details of a possible phase trans-
formation pathway for this alloy, including a congruent spinodal
decomposition upon heat treatment. The Fig. 13 confirms that a
miscibility gap already exists at 1400 °C at the exact composition
of the original alloy, where the two bcc phases coexist and the con-
stituents are not completely miscible, pinpointing the possibility of
a spinodal decomposition as suggested in the previous works
[26,30] and the experimental results found in the present work.
Moreover, the dual phase structure being present at compositions
found in the interdendritic region of the AC alloy and the dendritic
regions of the AN alloy is also in line with the wide miscibility gap
found Fig. 13a, where both phases are indicated to coexist.

Although experimental evidence of SIGMA is neither shown in
the AC state nor in the AN state, under equilibrium conditions,
the stability of this phase has been studied on several occasions
for both conventional and multicomponent alloys [35-38] where
both temperature and annealing time play an important role, and
there is evidence that longer annealing times (>500 h) are required
to stabilize this phase. Therefore, SIGMA may be thermodynami-
cally stable but still not developed after 24 h of annealing. The
other phases proposed to be formed in equilibrium conditions (Als-
Zry and HCP_A3), are stable at temperatures below the annealing
temperature, so they are not expected to appear in the experimen-
tal results.

The Scheil diagram, Fig. 10, indicates that, due to the strong
solute segregation, the last drop of liquid may solidify at a temper-
ature as low as 1345 °C, about 50 °C below the annealing temper-
ature (1400 °C) and 150 °C lower than the equilibrium solidus
temperature (1503 °C). This means that the local melting temper-
ature at the grain boundaries and subgrain boundaries can be rel-
atively low. Together with the assistance from additional
interfacial energies released, these can result in the formation of
liquid-like interfacial phases during the annealing at 1400 °C, as
observed in several ceramics [31-34]. The formation of such
liquid-like phases dramatically enhances the diffusion of solute
atoms at the interfacial regions. This can then explain the coars-
ened microstructure at the grain and subgrain boundaries, espe-
cially the formation of large secondary Al-Zr-rich precipitates
with the continuous surrounding layer around them (c.f. Fig. 7
for the details) in the AN sample. The formation of interfacial
phases at both grain and subgrain boundaries has important conse-
quences for the mechanical performance of the RSA, the detailed
study of which will be presented elsewhere.

Senkov et al. [ 16] studied the AlMog sNbTag 5TiZr alloy using the
Pandat Ti database to model Scheil solidification. They found that
solidification starts with the formation of a bcec phase (enriched
with Mo, Nb and Ta), and that a very small amount (~ 0.3%) of
the intermetallic phase Al;Zr; forms at the end of solidification.
Furthermore, they showed the formation of three phases at equi-
librium: “becl”, TisAl and AlyZrs. Furthermore, Whitfield et al.
[17] anticipated the formation of two bcc phases at high tempera-
ture using the SSol5 database, whereas AlZrs formed close to
1000 °C, and a B2 and HCP phase formed below 1000 °C (in equi-

librium conditions) in their calculations. The latter resembles the
results obtained in the calculations from the present work. Unfor-
tunately, the composition of each phase was not reported by Whit-
field et al., which makes a comparison with the results presented
here impossible. However, later analyses by XRD and TEM have
demonstrated that the “B2” phase described by the SSol5 database
is in fact a disordered A2 phase [39]. Thus, it must be considered
that the databases usually do not make a distinction between order
and disorder, which leads to a decline of accuracy in the
calculations.

Finally, from the differential thermal analysis shown in Fig. 9,
the observed peaks can be related to the phase transformations
according to the experimental observation, and these phase trans-
formations can be compared with the thermodynamic calculations
presented in Fig. 11 (equilibrium conditions). The first peak can be
associated with solid-solid phase transformations and the second
peak with a melting process (Fig. 9). Although exact equilibrium
conditions cannot be achieved during DTA, the results are obtained
in conditions close to equilibrium because a slow heating rate of
5 K/min was used and therefore, these results may be used to ver-
ify the thermodynamic calculations. The widest peak, observed
between 820 °C and 1543 °C, is likely to be composed of several
overlaying peaks. These could be related to the increase of amount
and final dissolution of the major phase BCC_B2, enriched in Al, Zr
and Ti (BCC_B2#3 according to both databases) as well as early
stages of a premelting at grain boundaries. The last peak at a tem-
perature above 1555 °C can be related to a first event of bulk melt-
ing, which can be clearly seen in the equilibrium calculations
(Fig. 11). Note that even from the equilibrium calculations, the lig-
uid and the two bcc phases (BCC_B2#1 and BCC_B2#3) coexist
already at 1503 °C. Considering the broadness of the second peak,
it is possible that an overlap of different peaks takes place, suggest-
ing that liquification may start happening in parallel to dissolution
of the BCC_B2 phase. These results indicate that, from the point of
view of hot cracking, the alloy starts the formation of liquid at a
temperature = 200 °C higher than the temperature where liquid
appears in single crystal (SX) Ni-based superalloys (1345 °C for
the SX CMX4 alloy). However, grain boundary instabilities and lack
of room temperature ductility were observed (not shown here),
and therefore, mechanical properties at high temperature, as well
as corrosion behavior should be assessed to stablish whether this
alloy has potential for high temperature applications such as Ni-
based superalloy.

5. Summary and conclusions

In the present work, an approach to study the phase stability
and solidification behavior of the RSA AlMogysNbTagsTiZr was
implemented using CALPHAD calculations with two different data-
bases (TCNI10 and TCHEA3), and compared with experimental data
from as-cast, AC, and annealed state, AN (AC + 1400 °C for 24 h).
The as-cast state was compared with Scheil, whereas the annealed
state was compared with equilibrium calculations. The following
conclusions can be drawn from the results:

e The as-cast state shows a dendritic structure with a A2/B2
phase structure in both the dendritic and interdendritic regions,
which are an order of magnitude smaller than the A2/B2 phase
structure reported previously and reproduced in the present



Paper |

50

P. Sudrez Ocafio, S.G. Fries, I. Lopez-Galilea et al.

work. Annealing at 1400 °C for 24 h crystallizes completely a

mostly amorphous phase that is rich in Al and Zr within the

interdendritic region in the as-cast state.
e Thermodynamic calculations using the Scheil-Gulliver model
indicated the formation of a single bcc phase in both databases,
although the presence of both A2 and B2 was experimentally
demonstrated for the as-cast state. Phases such as SIGMA and
LAVES also appear in the Scheil calculations even though no evi-
dence is found in the experimental data for the conditions eval-
uated here. However, both databases anticipated the formation
of the AlsZrs intermetallic phase, which has the space group of
the Al-Zr-rich intermetallic found experimentally (Als..Zrs,
0 < x < 1), thus showing a partial agreement with the experi-
mental data.
Equilibrium thermodynamic calculations show the formation of
two bce phases, i.e., one rich in Al, Zr and Ti and a second one,
rich in Mo, Nb and Ta, which is supported by the present and
previous experimental results, although the calculations do
not reflect the differences between ordered and disordered
phases. The possibility of a spinodal decomposition resulting
in the patterned microstructure observed experimentally was
confirmed through the miscibility gap calculations.
DTA results proved that in this alloy the liquid phase appears at
a temperature higher than for Ni-base alloys, which could make
it attractive for high temperature applications. However, other
properties of this material, such as tensile behavior and corro-
sion resistance, need to be evaluated when pondering this RSA
for structural applications. In particular, the role and mecha-
nisms of interfacial phase changes during annealing need to
be explored. Further efforts are currently in progress with a
focus on these aspects.
Finally, both databases evaluated here reproduce the same
results, showing that the TCNI10 database is as useful for this
alloy as the TCHEA3 database. However, there are still many
discrepancies between calculations and experimental results.
Therefore, more research should be developed to improve the
modeling, including B2 ordering, and more effort could be made
by experimentalists to investigate important ternaries that
could provide information for the model improvements.
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These supplementary materials provide additional information regarding the above-mentioned

article. It is divided into three appendixes:

1. Appendix A — Supporting experimental data.
2. Appendix B — Supporting CALPHAD calculations.
3. Appendix C — Model crystal lattices.

1.  Appendix A — Supporting experimental data.

The EDX elemental map shown in Fig. Al confirms that the large second phase precipitates at the

grain boundaries are rich in Al and Zr.


mailto:patricia.suarez-ocano@bam.de
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Fig. Al. EDX element Mapping of the AN alloy.

The EBSD pattern quality (PQ), inverse pole figure in Z (IPFZ) and phase map of the RSA in the
AN are respectively shown in Fig. A2a-c. The EDX-coupled EBSD system indexes the large
equiaxed grains in Fig. A2c as “BCC” with a composition rich in Nb, Ti and Zr. The IPFZ Map
shows no sign of crystallographic texture of the large A2/B2 grains. The precipitates located at the
grain boundaries are indexed as a hexagonal crystal structure with a composition rich in Al and Zr.
The hexagonal intermetallic phase shows a trend of preferred orientation (mostly blue in Fig. A2b)

along various grain boundaries and across grains.
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Fig. A2. EBSD maps of RSA in AN state. (a) pattern quality map, (b) inverse pole figure (IPFZ) map and (c)
phase map identifying a BCC phase and the hexagonal P6s/mcm.

Fig. A3. (a) STEMDF micrograph of the RSA after annealing at 1400 °C for 24 hours oriented along [001] zone
axis. (C)TEM-DF micrographs of the nanostructure in the equiaxed grains oriented along [001] zone axis. (b) DF3,
using superlattice reflection 010 in (d). (c) DF4, using reflection 020. (d) SADP with contrast apertures marked in
green for DF3 (b), DF4 (c).

A closer look into the center of a grain indexed as “BCC” via EBSD is presented by using TEM in
Fig. A3 on a grain cut close to (001) and correspondingly imaged along the [001] zone axis. The
enhanced atomic number contrast in the STEM-HAADF image of Fig. A3a, similar to the SEM-
BSE micrograph in Fig. 7d (main manuscript), reveals the nanostructure known to be characteristic
for this alloy. The STEM-DF micrograph shows a heterogeneous nanostructure that consists of
bright (larger mean atomic number, Z) cuboidal (edge length < 100 nm) and plate-like (thickness ~
10 — 100 nm) precipitates embedded in a continuous darker (lower Z) phase (thickness = 3 — 30
nm). Fig. A3b-c show CTEM-DF images, respectively associated to the 010 and 020 reflections
marked in green on their corresponding SADP (Fig. A3d). In green, Fig. A3d shows the location of
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the apertures, which leads to the diffraction contrasts in Fig. A3b-c. The microstructure reports a

mixture of channels / precipitates with B2 (lower Z) / A2 (higher Z) phase, respectively.

2. Appendix B — Supporting CALPHAD calculations

1900
) 1800 Equilibrium solidification
o K
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-
E 1600 Scheil solidification
L e
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Fig. B1. Scheil solidification diagram for the RSA using the Thermo-Calc software with database TCNI10

database.
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Fig. B2. Property diagram for the RSA using Thermo-Calc software (TCNI10 database).
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Table B1. Equilibrium phase transformation temperatures (in °C) in the studied alloys. Simulated results using
TCHEAS database.

Phase Transformation
L > BCC_B2#l +L

L > BCC_B2#1 + BCC_B2#3 + L

L > BCC_B2#1 + BCC_B2#3
BCC_B2#1 + BCC_B2#3 - BCC_B2#1 + BCC_B2#3 + SIGMA

BCC_B2#1 + BCC_B2#3 + SIGMA > BCC_B2#1 + BCC_B2#3 + SIGMA + Al4Zr5

BCC_B2#1 + BCC_B2#3 + SIGMA + Al4Zr5 - BCC_B2#1 + BCC_B2#3 + SIGMA + Al3Zr4
BCC_B2#1 + BCC_B2#3 + SIGMA + Al3Zr4 > BCC_B2#1 + SIGMA + Al3Zr4 + HCP_A3

T (°C)
1895

1570
1505

1388
1225
1025
743

Table B2. Equilibrium phase transformation temperatures (in °C) in the studied alloys. Simulated results using
TCNI10 database.

Phase Transformation
L > BCC_B2#1 +L

L > BCC_B2#1 + BCC_B2#3 + L

L > BCC_B2#1 + BCC_B2#3
BCC_B2#1 + BCC_B2#3 > BCC_B2#1 + BCC_B2#3 + SIGMA

BCC_B2#1 + BCC_B2#3 + SIGMA > BCC_B2#1 + BCC_B2#3 + SIGMA + Al4Zr5

BCC_B2#1 + BCC_B2#3 + SIGMA + Al4Zr5 - BCC_B2#1 + BCC_B2#3 + SIGMA + Al3Zr4
BCC_B2#1 + BCC_B2#3 + SIGMA + Al3Zr4 > BCC_B2#1 + SIGMA + Al3Zr4 + HCP_A3

T (°C)
1895

1570
1505

1388
1225
1025
743

Table B3. Calculated elements mole fractions of equilibrium phases in the studied alloy at T = 1000 °C (1273 K).
Database TCHEAS.

Phases
BCC_B2_#1
BCC_B2_#3

Al3Zr4

SIGMA

Sublattice
1

2
1

2

Al
0.04

0.04
0.20

0.20
1.00
0.00
0.98
0.00
0.00

Ti
0.16

0.16
0.41

0.41
0.00
0.00
0.00
0.00
0.00

Nb
0.44

0.44
0.14

0.14
0.00
0.00
0.01
0.01
0.17

Mo
0.24

0.24
0.04

0.04
0.00
0.00
0.00
0.98
0.00

Ta
0.10

0.10
0.01

0.01
0.00

Phase rich in
Mo-Nb-Ta

Al-Ti-Zr

Al-Zr

Table B4. Calculated elements mole fractions of equilibrium phases in the studied alloy at T = 1000 °C (1273 K).
Database TCNI10.

Phases
BCC_B2_#1
BCC_B2_#3

Al3Zr4

SIGMA

Sublattice
1

2
1

2

Al
0.04

0.04

Zr
0.02

0.02

Nb
0.44

0.44
0.14

0.14

Mo
0.24

0.24
0.04

0.04
0.00
0.00
0.00
0.98
0.00

0.10

0.10
0.01

0.01
0.00
0.00
0.01
0.01
0.83

Phase rich in
Mo-Nb-Ta

Al-Ti-Zr

Al-Zr
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Table B5. Calculated elements mole fractions of equilibrium phases in the studied alloy at T = 1500 °C (1773 K).

Database TCNI10

Phases Sublattice
BCC_B2_#3 1
2
BCC_B2_#1 1
2

Al
0.25
0.25

0.09
0.09

Ti
0.22
0.22

0.17
0.17

Zr
0.27
0.27

0.06
0.06

Nb
0.16
0.16

0.32
0.32

Mo
0.06
0.06

0.21
0.21

Ta
0.04
0.04

0.15
0.15

Phase rich in
Al-Ti-Zr

Mo-Nb-Ta

Table B6. Calculated elements mole fractions of equilibrium phases in the studied alloy at T = 1500 °C (1773 K).

Database TCHEA3
Phases Sublattice

BCC_B2_#3 1

2

BCC B2 #1 1

2

Al
0.25

0.25
0.09
0.09

Ti
0.22

0.22
0.17
0.17

Zr
0.27

0.27
0.06
0.06

Nb
0.16

0.16
0.32
0.32

Mo
0.06

0.06
0.21
0.21

Ta
0.04

0.04
0.15
0.15

Phase rich in
Al-Ti-Zr

Mo-Nb-Ta

Table B7. Calculated elements mole fractions of equilibrium phases in the studied alloy at T = 700 °C (973 K).

Database TCNI10

Phases Sublattice

BCC_B2#1 1
2

Al3Zr4 1

2

HCP_A3 1
2

SIGMA 1
2

3

Al

0.01
0.01
1.00
0.00
0.18
VA
1.00

0.00
0.00

Ti
0.10
0.10
0.00
0.00
0.66
VA
0.00

0.00
0.00

Zr

0.00
0.00
0.00
1.00
0.13
VA
0.00

0.00
0.00

Nb

0.55
0.55
0.00
0.00
0.03
VA
0.00

0.01
0.08

0.26
0.26
0.00
0.00
0.00
VA
0.00

0.99
0.00

Ta

0.08
0.08
0.00
0.00
0.00
VA
0.00

0.00
0.92

Phase rich in

Nb-Mo-Ta

Al-Zr

Al-Ti-Zr

Table B8. Calculated elements mole fractions of equilibrium phases in the studied alloy at T = 700 °C (973 K).

Database TCHEA3
Phases Sublattice

BCC_B2#1 1

2

Al3Zr4 1

2

HCP_A3 1

2

SIGMA 1

2

Al

0.01
0.01
1.00
0.00
0.18
VA
1.00

0.00
0.00

0.10
0.10
0.00
0.00
0.66
VA
0.00

0.00
0.00

0.00
0.00
0.00
1.00
0.13
VA
0.00

0.00
0.00

Nb
0.55
0.55
0.00
0.00
0.03
VA
0.00

0.01
0.08

0.26
0.26
0.00
0.00
0.00
VA
0.00

0.99
0.00

Ta
0.08
0.08
0.00
0.00
0.00
VA
0.00

0.00
0.92

Phase rich in

Nb-Mo-Ta

Al-Zr

Al-Ti-Zr
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Table B9. Calculated elements mole fractions of equilibrium phases in the studied alloy at 2000, 1700, 1520 and
1200 °C. Data base TCHEAS.

Temperature Phases Volume Sublattice Al Ti Zr Nb Mo Ta

(°C) fraction of
phase

2000 Liquid 1.00 0.21 0.21 0.21 0.20 0.10 0.07

1700 BCC_B2#1 0.32 1 0.10 0.21 0.07 0.33 0.18 0.11

0.10 0.21 0.07 0.33 0.18 0.11

Liquid 0.68 0.27 0.21 0.28 0.13 0.06 0.05

1520 BCC_B2#1 0.26 1 0.10 0.18 0.07 0.32 0.20 0.13

2 0.10 0.18 0.07 0.32 0.20 0.13

BCC_B2#3 0.64 1 0.24 0.23 0.25 0.17 0.07 0.04

2 0.24 0.23 0.25 0.17 0.07 0.04

Liquid 0.10 0.32 0.15 0.37 0.08 0.04 0.04

1200 BCC_B2#1 0.30 1 0.05 0.12 0.02 0.38 0.25 0.18

2 0.05 0.12 0.02 0.38 0.25 0.18

BCC_B2#3 0.70 1 0.28 0.25 0.30 0.12 0.03 0.02

2 0.28 0.25 0.30 0.12 0.03 0.02

3. Appendix C — Model crystal lattices

(a) (b)

Fig. C1. Schematic representation of the crystalline structure of hexagonal Al-Zr phase (unit-cell)

with (a) AlsZrs and (b) AlsZrs stoichiometry. Al atoms are in blue and Zr atoms are in red.
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Data regarding the experimental findings compared with CALPHAD
calculations of the AIMoysNbTagsTiZr refractory high entropy superalloy.
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Value of the Data

« The data presented in this article includes all the raw data and processing for the
AlMog 5NbTag 5TiZr refractory high entropy superalloy in cast and annealed states reported
in the related article (Ref. [1]), which are useful for determining grain size, identifica-
tion/area fraction of the phase structures and their volume fraction, being important for
general alloy characterization.

+ The procedures used in the determination of grain size, identification of phases, and their
volume fraction could be useful for other researchers interested in determining these pa-
rameters in any type of alloy. These data may be useful to scientists and researchers in
the high entropy alloy community, a field that is constantly evolving.

+ The compilation of these data (BSE microphotographs, XRD patterns, TEM images and EDX
spectra, grain size, and area fraction tables) can be used to develop image analysis algo-
rithms to improve computer-aided analysis of microstructures.

« A method for simulating XRD patterns is provided, which can be used in the study of
these types of relatively new alloys for which there are few XRD databases. In addition,
the composition and structure of each phase in this alloy could be implemented in alloy
design software.

1. Data Description

The XRD data presented in this article are expressed as 26 versus intensity plots obtained
for the alloy under study (AlMogsNbTag 5 TiZr refractory superalloy, RSA). The raw XRD data are
provided as Excel files (see XRD folder in the dataset), and a summary of the recorded diffrac-
tion patterns is shown in Fig. 8 of Ref. [1]|. The patterns simulated with PowderCell software
[2] are included in the dataset (.cel files) for the different phases in the cast (AC) and annealed
(AN, 1400 °C for 24 h) specimens. In both cases, most of the diffraction peaks could be indexed
according to body-centered cubic, bce structures (A2, space group Im3m and B2, space group
Pm3m). Besides the bcc-based peaks, additional peaks, corresponding to the Al-Zr-rich hexago-
nal intermetallic (space group P63/mcm), were detected.

Table 1 summarizes the crystal structure of the phases, their space group, and the lattice
parameters obtained by simulating the different phases in both states (AC and AN).

The microstructures of the AC and AN were analyzed by scanning electron microscopy (SEM)
equipped with a backscatter electron (BSE) detector. BSE micrographs taken at low and medium
magnification are presented to document the grain size “d” in the two different states (see
Figs. 1 and 2 of Section 2). The average grain size for both states is given in Table 2.

Table 3 summarizes the average area fractions of the Al-Zr and B2 phases in AC and AN. In
the AC alloy, the nanostructure consisted of plate-like precipitates with ~ 2-20 nm thickness
embedded in channels with a thickness of ~ 2-10 nm. The alloy AN exhibited a heterogeneous

Table 1
Summary of the different phases found in the samples studied (AC and AN) with their respective space group and lattice
parameters.

Lattice parameters (A)

State Phase Space group a b c

As-cast (AC) B2 Pm3m 3.32 3.32 332
A2 im3m 3.28 3.28 3.28
Hexagonal intermetallic P63/mcm 8.31 8.31 5.52

Annealed (AN, 1400 °C for 24 h) B2 Pm3m 331 3.31 3.31
A2 im3m 3.27 3.27 3.27

Hexagonal intermetallic P63/mcm 8.31 8.31 5.52
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Fig. 1. Images for grain size determination in the alloy AC, with the lines drawn to measure the number of intersections
with the grain boundaries, (a) 300x and (b, c) 400x.

Fig. 2. Images for grain size determination in the alloy AN, with the lines drawn to measure the number of intersections
with the grain boundaries, (a, b) 200x and (c, d) 500x.

Table 2

Average grain size d of the RSA in the AC and AN state. The uncertainty is given by the standard deviation.
State Diameter average d (pm)
As-cast (AC) 78.3 +19.9
Annealed (AN, 1400 °C for 24 h) 778 + 8.6

Table 3

Average area fraction of the Al-Zr-rich and B2 phases determined with Image] software. The uncertainty is given by the
standard deviation.

State Area fraction of the Al-Zr-rich phase (%) Area fraction of the B2 phase (%)

As-cast (AC) 8+4 39 +4
Annealed (AN, 1400 °C for 24 h) 13+£6 37+£9
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Table 4
Parameters used for the simulation of the present phases in the studied alloy.

Atom position

Phase Space group Space group number Lattice parameter (A) Elements Wyck X Y Z
B2 Pm3m 221 a=b=c=332 Al la 0 0 0
Ti la 0 0 0
Zr 1b 05 05 05
A2 Im3m 229 a=b=c=328 Mo 2a 0 0 0
Nb 2a 0 0 0
Ta 2a 0 0 0
Hexagonal P6;/mcm 193 a=b=831c=552 Al 6g 062 0 0.25
intermetallic Zr 4d 033 066 0
(Al-Zr-tich)

nanostructure having plate-like precipitates with a thickness of ~ 10-100 nm embedded in a
continuous phase with a thickness of ~ 3-30 nm. The measurements can be found as Excel files
in the dataset (channels.cvs and precipitates.cvs), as well as the images used for the determina-
tion.

Since the Al-Zr-rich phase in the AC state is composed of amorphous and crystalline fractions,
a method was implemented to determine the crystalline fraction within the analyzed regions
(see Section 2). The AC sample analyzed by TEM yielded only 5 + 4% of the Al-Zr-rich regions
as crystalline as reported in Ref. [1]. The local chemical compositions of the phases measured at
the three different phases in SEM- and TEM-EDX for the studied alloy are given in Table 2 of Ref.
[1] and the raw data can be found in the dataset (EDX folder). A table with the name, format,
and a brief description of each dataset file contained in Mendeley, is provided at the end of this
work.

2. Experimental Design, Materials and Methods

XRD analysis were conducted for the investigated alloy using a Seifert PTS 3000 diffractome-
ter operating with a Co Ko radiation source (Ag,q = 1.7902 A). The patterns were acquired using
a scattering range of 10-100° for the as-cast state (AC) and 10-120° for the annealed (AN) state
with a step size of 0.05° and Bragg-Brentano geometry. To obtain the lattice parameters listed in

Table 1, patterns of the identified phases were simulated using the PowderCell software [2],
and the crystal files were manually edited considering the present elements of each phase, the
space-group number, the position of the atomic species, and the occupancy of the specific coor-
dinates of the lattice. The lattice parameters were then modified until the exact positions of the
peaks in the experimental pattern were reached. Table 4 lists all the parameters chosen to de-
termine the simulated patterns for the lattice parameter identification. Finally, the identification
was performed by comparing the experimental and simulated patterns.

Samples for scanning electron microscopy were prepared by conventional metallography with
emery paper (SiC) grades p320, p600, p1200, p2500, and p4000 and polished with a silica so-
lution of 50 nm particle size. Backscattered electron (BSE) images were acquired using a Quanta
3D scanning electron microscope (SEM, FEI Company) with an accelerating voltage of 20-30 kV
and a working distance of ~ 5-10 mm. Grain size (d) was determined using the Heyn linear
intercept method described in ASTM E112 standard [4], using four images for each condition.
Five lines were drawn in each image, as shown in Figs. 1 and 2 for AC and AN, respectively, to
measure the number of intersections of each line with the grain boundaries. The average grain
diameter (size) is then given by d = line length/number of intersections. 221 intersections were
counted for the AC and 270 for the AN. Tables 5 and 6 summarize the parameters and average
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Table 5
Parameters and average grain size “d” in the AC state for each drawn line in the four images of Figs. 1 and 2a of Ref. [1].
The uncertainty is given by the standard deviation of the average grain size of each BSE image.

Figure Line N° Ne° intersections Line length (pm) d (um)
Fig. 1a 1 13 993.8 76.4
2 13 993.8 76.4
3 13 993.8 76.4
4 12 993.8 82.8
5 15 993.8 66.3
Average 757 +£59
Line N° Ne° intersections Line length (pm) d (um)
Fig. 1b 1 13 750.0 57.7
2 12 750.0 62.5
3 12 750.0 62.5
4 12 750.0 62.5
5 12 750.0 62.5
Average 615 + 2.2
Line N° N° intersections Line length (nm) d (um)
Fig. 1c 1 16 750.0 46.9
2 14 750.0 536
3 8 750.0 93.8
4 9 750.0 833
5 1 750.0 68.2
Average 69.14 + 19.7
Line N° Ne intersections Line length (um) d (um)
Fig. 2a of Ref. [1] 1 6 750.0 125.0
2 6 750.0 125.0
3 8 750.0 93.8
4 7 750.0 107.1
5 9 750.0 833
Average 69.14 + 19.7

grain diameter d (used to determine the average grain size in Table 2) in the AC and AN states,
respectively, for each line drawn in the four images in Figs. 1 and 2.

The specimens for TEM were cut into slices of ~ 500 um thickness and ground to a thickness
of ~ 100 pm on both sides with SiC emery paper of grades p320, p600, and p1200. Then, they
were punched out into 3 mm diameter disks for electropolishing in a twin-jet Struers Tenupol-
3, using an electrolyte consisting of 950 ml ethanol (86.4%), 100 ml butanol (9.1%), and 50 ml
perchloric acid (4.5%) at -30 °C, 30 V and 3.1 flow rate.

Transmission electron microscopy images were acquired using a TEM JEOL JEM-2200FS with
a field emission gun (FEG), operating at an accelerating voltage of 200 kV. BF and DF CTEM
images with their respective selected area diffraction patterns (SADPs) were acquired to identify
the phases, in addition to STEM-HAADF and BF images to determine the volume fraction. For
the alloy AC, CTEM-DF micrographs and their respective SADPs were taken in the interdendritic
zone,

Fig. 3 shows a CTEM-BF micrograph of the interdendritic region in AC (a), with the respective
SADP along the [001] zone axis (b) used to identify the phases in the interdendritic region. The
SADPs used to characterize the bcc-based structures (A2 and B2) were indexed by measuring
the lengths of two diffraction vectors and the angle formed by them, and the ratio A/B was
compared with the diffraction patterns described in Appendix 4 - Ref. [5] for bcc alloys. The
lines labeled “A” and “B” in Fig. 3b were measured, and the ratio A/B = 1.414, with a relative
angle of 45° corresponds to bcc oriented along the [001] zone axis, as shown in Fig. 3b.



Paper 111 66

P. Sudrez Ocafio, L. Agudo Jdcome and I. Lopez-Galilea et al./Data in Brief 46 (2023) 108858 7

Table 6
Parameters and average grain size “d” in the AN state for each drawn line in the four images shown in Fig. 2. The
uncertainty is given by the standard deviation of the average grain size of each BSE image.

Figure Line N° Ne intersections Line length (pm) d (pm)
Fig. 2a 1 18 1506.9 83.7
2 18 1506.9 83.7
3 17 1506.9 88.6
4 20 1506.9 75.3
5 19 1506.9 79.3
Average 821 + 5.0
Line N° Ne intersections Line length (um) d (pm)
Fig. 2b 1 17 1494.6 87.9
2 16 1494.6 93.4
3 17 1494.6 879
4 17 1494.6 879
5 17 1494.6 879
Average 89.0 £ 2.5
Line N° Ne intersections Line length (um) d (pnm)
Fig. 2c 1 8 589.2 73.6
2 8 589.2 73.6
3 95 589.2 62.0
4 6.5 589.2 90.6
5 8 589.2 73.6
Average 74.7 £ 10.2
Line N° Ne° intersections Line length (um) d (pm)
Fig. 2d 1 10.5 746.2 711
2 10.5 746.2 711
3 10 746.2 74.6
4 11 746.2 67.8
5 12 746.2 62.2
Average 69.4 + 4.7

For the Al-Zr-rich phase region, the SADPs were indexed using the Java version of the electron
microscopy suite (JEMS) [6], (Al3Zr5: ICDD- 04-003-0819, Al4Zr5: ICDD-00-048-1382, see zip
file). The inset in Fig. Gc of Ref. [1] shows a simulated diffraction pattern using the ICDD crystal
file 00-048-1382.

The area fractions of the Al-Zr-rich phase were determined for both states using BSE im-
ages and the B2/A2 phases using STEM-HAADF images with the image analysis software (Im-
ageJ) [3] (Table 3). Four BSE images were used to determine the area fraction of the Al-Zr-rich
phase in both states. The images were converted to binary images and separated into two dif-
ferent phases using the “threshold” tool of Image]. After this step, the binary image was divided
into 16 images, which were analyzed separately. Fig. 4 (AC) and Fig. 5 (AN) show the images
used to determine the area fraction (left), with the respective binary image separating the Al-
Zr-rich phase from the rest of the area (right, black phase on white background). Table 7 (AC)
and Table 8 (AN) show the percentage area of the Al-Zr-rich phase for each analyzed image in
Fig. 4 and Fig. 5, respectively. For the determination of the area fraction of the B2 phase, two
images were used for the AC alloy (Fig. 6 and Fig. 5d in Ref. [1]) and three images were used
for the AN alloy (Fig. 7 and Fig. A3a in the supplementary material of Ref. [1]).

Fig. 6 (AC) and Fig. 7 (AN) also show the corresponding binary images in which the B2 phase
channels (black) are separated from the rest of the region (white background). Table 9 (AC) and
Table 10 (AN) show the area fraction in% of the B2 phase for each analyzed image in Fig. 6 and
Fig. 7, respectively. The thickness of the B2 channels and A2 plates were measured manually ~
200 times using the Image] program.
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Fig. 3. (a) CTEM-BF micrograph of the interdendritic region in AC (CTEM bright field image of the Fig. 5b from Ref.
[1]). (b) SADP from (a) obtained along the [001] zone axis, showing the angle between “A” and “B” (modified version of
Fig. 5¢ from Ref. [1]).

Table 7
Area fraction of the Al-Zr-rich phase in the AC state, determined from the micrographs in Fig. 4, using Image]. The
uncertainty is given by the standard deviation.

Sub-images in the binarized Fig. 4e Fig. 4f Fig. 4g Fig. 4h
images (shown in Fig. 4e-h) % Area Al-Zr phase (AC alloy)

1 111 6.5 7.6 9.5
2 6.2 104 6.7 8.1
3 8.6 7.5 6.6 8.9
4 6.9 8.2 6.8 8.6
5 8.1 5.8 6.9 49
6 17.0 5.7 7.5 10.2
7 4.1 7.0 9.1 6.0
8 14 77 10.2 5.8
9 15.1 72 82 11.7
10 171 9.0 58 8.1
1 14.1 6.2 57 8.2
12 52 75 6.2 7.0
13 15.2 77 81 9.5
14 18.7 71 58 53
15 27 8.4 53 3.7
16 19.4 9.3 11.3 7.0

Fig. 8 shows the procedure undertaken to determine the area fraction of the amorphous
Al-Zr-rich phase for the original CTEM-DF micrograph in Fig. 6b of Ref. [1]. The tool “Train-
able Weka Segmentation”, embedded in the FIJI of Image] [3], allows the separation of three
different regions of interest for their area fraction measurement, as shown in Fig. 6b in Ref.
[1] (crystalline (bright regions), amorphous (light gray regions) Al-Zr-rich phase, A2/B2 regions
(dark)). In Fig. 8a, the red color is the amorphous Al-Zr-rich phase (cf. light gray in Fig. Gb of
Ref. [1]), the blue region is the crystalline region (cf. bright regions in Fig. 6b of Ref. [1]), and
the lilac region is the surrounding thick A2/B2 in the micrograph (cf. dark regions in Fig. 6b of
Ref. [1]).
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Fig. 4. BSE micrographs of AC alloy taken at (a) 2000x, (b) 1000x and (c) 1000x (d) 2000x magnification. (e-h) Binarized
images of (a-d), respectively. The black phase shown in (e-h) represents the Al-Zr-rich phase. The binarized images were
divided into 16 images, as shown by the yellow squares and red numbers.
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Fig. 5. BSE micrographs of the AN alloy taken at (a) 260x and (b) 500x (c) 1000x (d) 500x magnification. (e-h) Binarized
images of (a-d), respectively. The black phase shown in (e-h) represents the Al-Zr-rich phase. The binarized images were
divided into 16 images, as shown by the yellow squares and red numbers.
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Table 8

1

Area fraction of the Al-Zr-rich phase in the AN state, determined from the micrographs in Fig. 5, using Image]. The

uncertainty is given by the standard deviation. .

Sub-images in the binarized Fig. 5e Fig. 5f Fig. 5g Fig. Sh
images (shown in Fig. 5e-h) % Area Al-Zr phase (AN alloy)

1 8.6 17.5 13.5 104
2 116 8.9 13.2 11.3
3 12.2 12.5 247 9.8
4 12.0 9.7 217 5.7
5 9.0 12.2 17.3 9.9
6 6.9 103 11.0 12.6
7 94 12.8 224 12.3
8 12.4 8.1 309 12.5
9 9.0 103 15.5 14.6
10 7.4 72 19.8 16.3
11 8.5 9.7 234 8.5
12 9.4 6.6 317 8.6
13 53 17.6 14.0 114
14 59 10.6 289 119
15 5.1 11.2 18.2 14.8
16 10.8 11.0 22.3 6.9
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Fig. 6. (a) STEM-HAADF micrograph of the AC alloy used to determine the area fraction of A2/B2 phases (800kx). (b)
Binarized image of (a). (c) Binarized image of Fig. 5d in Ref. [1]. The black phase shown in (b) and (c) represents the B2
phase (channels). The binarized images were divided into 16 images, as shown by the yellow squares and red numbers.

Fig. 8a is then binarized (Fig. 8b), where the entire black region is the Al-Zr-rich phase (in-
cluding the amorphous and crystalline structure, i.e., red plus blue in Fig. 8a), and the “white
region” is the rest of the sample (i.e., thick A2/B2 region in lilac, Fig. 8a). Fig. 8b is divided
into 16 sub-images to analyze their area fraction separately. Finally, Fig. 8a is binarized again
(Fig. 8c), but now considering only the crystalline region (blue phase in Fig. 8a) and divided into
16 images. Table 11 presents the area fraction of the total Al-Zr-rich phase (second column, from
the black phase in Fig. 8b) and the crystalline phase (third column, from the black phase in
Fig. 8c). Weighing the area fraction of the crystalline phase relative to the total Al-Zr-rich phase,
the fourth column in Table 11 gives the amount of crystalline phase embedded in the Al-Zr-rich

phase.



Paper 111 71

12 P. Sudrez Ocafio, L. Agudo Jdcome and 1. Lopez-Galilea et al./Data in Brief 46 (2023) 108858

Fig. 7. (a,b) STEM-HAADF micrographs of the AN alloy used for the area fraction determination at (a) 200kx and (b)
120kx. (b,c) Binarized images of (a) and (b), respectively. The black phase shown in (c,d) represents the B2 phase (chan-
nels). The binarized images were divided into 16 images, as shown by the yellow squares and red numbers.
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Fig. 8. Determination of the percentage (%) of the amorphous phase in the Al-Zr-rich phase (a) separation of the three
different phases using the software$ “Trainable Weka Segmentation” tool (b) binary image considering the fully Al-Zr-
rich phase region (c) binary image only considering the crystal phase in the Al-Zr-rich region.
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Table 9

13

Area fraction (%) of the B2 phase in the AC state, determined from Fig. 6b and ¢, using Image] software. The uncertainty

is given by the standard deviation.

Sub-images in the binarized Fig. 6b Fig. 6¢
images (shown in Fig. 6b and c) Area fraction of B2 phase in AC alloy (%)
1 38.0 426
2 35.6 533
3 329 41.8
4 304 40.8
5 386 432
6 37.0 40.7
7 30.7 389
8 326 40.7
9 38.0 40.7
10 39.7 42.0
1 345 404
12 334 39.6
13 399 424
14 39.2 41.2
15 349 379
16 347 41.6
Table 10

Area fraction (%) of the B2 phase in the AN state, determined from Fig. 7c and d, using the program Image]. The uncer-

tainty is given by the standard deviation.

Sub-images in the binarized images Fig. 7c Fig. 7d
(shown in Fig. 7c and d) Area fraction of B2 phase in AN alloy (%)

1 45.1 40.8
2 329 42.7
3 25.1 439
4 23.8 427
5 36.5 375
6 29.8 40.1
7 35.5 63.6
8 221 484
9 40.5 424
10 28.9 42.4
1 248 364
12 219 256
13 123 576
14 10.9 40.1
15 18.1 33.7
16 42 337

The average chemical compositions of the phases listed in Table 2 of Ref. [1] were determined
using energy dispersive spectroscopy (EDX) in a Quanta 3D SEM with an EDAX Octane Elect
SDDs detector at 30 kV (WD 10 mm) and in a JEOL JEM-2200FS TEM with an EDX Jeol JED-

23000BU Si (Li) detector with ultrathin organic/Al window at 200 kV.

The Al-Zr-rich phase composition was determined from the average of the analyzes of two
regions with TEM-EDX measurements for each state (AC and AN). The dendritic and interden-
dritic compositions were determined from the average of five spot analyzes (SEM-EDX) for the

AC in the electron-transparent regions (thickness < 1 pm) of a TEM specimen.

The chemical compositions of the A2 and B2 phases were determined from the average of
three spot analyzes (TEM-EDX) for the AN specimen, and finally, the chemical composition of
the bright phase surrounding the Al-Zr-rich phase was determined using the average of three

spot analyzes (SEM-EDX) in the AN alloy.



Paper 11

73

14 P. Sudrez Ocarfio, L. Agudo Jdcome and I. Lopez-Galilea et al./Data in Brief 46 (2023) 108858
Table 11
Area fraction of the Al-Zr-rich phase and crystalline phase in the Al-Zr-rich phase determined from the images in
Fig. 8a—c.
Area fraction only

Sub-images from Area fraction only crystalline phase Area fraction of

Fig. 8b,c Al-Zr-phase (Fig. 8b) (Fig. 8¢) crystalline phase

1 98.0 0.6 0.6

2 90.8 0.9 1.0

3 65.2 53 8.1

4 68.8 76 111

5 79.6 26 33

6 97.2 144 14.8

7 76.4 75 9.8

8 444 53 119

9 46.4 3.0 6.5

10 97.3 1.7 1.8

1 90.3 20 22

12 72.7 29 4.0

13 447 0.3 0.7

14 93.8 0.5 0.5

15 90.6 0.7 0.8

16 64.1 19 3.0

Average 76.3 + 19.2 3.6 +£3.7 50+ 4.7

Name, description and format of each dataset files hosted in Mendeley Repository.

Folder File name Description Format
XRD  Al4Zr5_00-048-1382.cif Diffraction data of the Al4Zrs phase used to Raw
simulate the diffraction pattern (.cif file)
AlTiZr_Struktur_annealing.cel Simulated diffraction pattern of the B2 phase
after annealing obtained with Powdercell Analyzed
software
AlTiZr_Struktur_as-cast.cel Simulated diffraction pattern of the B2 phase
after casting obtained with Powdercell software  Analyzed
AlZr_Hexagonal.cel Simulated diffraction pattern of the Al-Zr-rich
phase after casting obtained with Powdercell Analyzed
software
MoNbTa_Struktur_annealing.cel Simulated diffraction pattern of the A2 phase
after annealing obtained with Powdercell Analyzed
software
MoNbTa_Struktur_as-cast.cel Simulated diffraction pattern of the B2 phase
after casting obtained with Powdercell software  Analyzed
XRDPattern_annealed_10-120.xlsx Experimental XRD pattern of the sample in Raw
annealed state
XRDPattern_as-cast_10-100.xlsx Experimental XRD pattern of the sample in cast Raw
state
SEM  Micrograph_grainsize_AC_BSE_01.tif SEM-BSE micrograph N° 1 used to get the grain  Raw
size in cast state
Micrograph_grainsize_ AC_BSE_02.tif SEM-BSE micrograph N° 2 used to get the grain  Raw
size in cast state
Micrograph_grainsize_AC_BSE_03.tif SEM-BSE micrograph N° 3 used to get the grain Raw
size in cast state
Micrograph_grainsize_ AC_BSE_04.tif SEM-BSE micrograph N° 4 used to get the grain Raw
size in cast state
Micrograph_grainsize_ AN_BSE_01.tif SEM-BSE micrograph N° 1 used to get the grain  Raw
size in annelaed state
Micrograph_grainsize_ AN_BSE_02.tif SEM-BSE micrograph N° 2 used to get the grain  Raw

size in annelaed state

(continued on next page)
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15

Folder File name

Description

Format

Micrograph_grainsize_AN_BSE_03.tif
Micrograph_grainsize_AN_BSE_04.tif

BSE_AC_01_processed.tif

BSE_AC_01_processed_Threshold.tif

BSE_AC_01_processed_Threshold_16images.cvs

BSE_AC_02_processed_processed.tif

BSE_AC_02_processed_Threshold.tif

BSE_AC_02_processed_Threshold_16images.cvs

BSE_AC_03_processed.tif

BSE_AC_03_processed_Threshold.tif

BSE_AC_03_processed_Threshold_16images.cvs

BSE_AC_04_processed.tif

BSE_AC_04_processed_Threshold.tif

BSE_AC_04_processed_Threshold_16images.csv

BSE_AN_01_processed_Threshold.tif

BSE_AN_01_processed_Threshold_16images.csv

BSE_AN_02_processed_Threshold.tif

BSE_AN_02_processed_Threshold_16images.csv

SEM-BSE micrograph N° 3 used to get the grain
size in annelaed state

SEM-BSE micrograph N° 4 used to get the grain
size in annelaed state

SEM-BSE micrograph N° 1 used to get the
volume fraction of the Al-Zr-rich phase in cast
state

Threshold processed SEM-BSE micrograph N° 1
used to get the volume fraction of the Al-Zr-rich
phase in cast state

Excel file that contains the% of area fraction of
the Al-Zr-rich phase in the cast state, after
division of the Threshold image into 16 fields of
the SEM-BSE micrograph N° 1

SEM-BSE micrograph N° 2 used to get the
volume fraction of the Al-Zr-rich phase in cast
state

Threshold processed SEM-BSE micrograph N° 2
used to get the volume fraction of the Al-Zr-rich
phase in cast state

Excel file that contains the% of area fraction of
the Al-Zr-rich phase in the cast state, after
division of the Threshold image into 16 fields of
the SEM-BSE micrograph N° 2

SEM-BSE micrograph N° 3 used to get the
volume fraction of the Al-Zr-rich phase in cast
state

Threshold processed SEM-BSE micrograph N° 3
used to get the volume fraction of the Al-Zr-rich
phase in cast state

Excel file that contains the% of area fraction of
the Al-Zr-rich phase in the cast state, after
division of the Threshold image into 16 fields of
the SEM-BSE micrograph N° 3

SEM-BSE micrograph N° 4 used to get the
volume fraction of the Al-Zr-rich phase in cast
state

Threshold processed SEM-BSE micrograph N° 4
used to get the volume fraction of the Al-Zr-rich
phase in cast state

Excel file that contains the% of area fraction of
the Al-Zr-rich phase in the as-cast state, after
division of the Threshold image into 16 fields of
the SEM-BSE micrograph N° 4

Threshold processed SEM-BSE micrograph N° 1
used to get the volume fraction of the Al-Zr-rich
phase in annealed state

Excel file that contains the% of area fraction of
the Al-Zr-rich phase in annealed state, after
division of the Threshold image into 16 fields of
the SEM-BSE micrograph N° 1

Threshold processed SEM-BSE micrograph N° 2
used to get the volume fraction of the Al-Zr-rich
phase in annealed state

Excel file that contains the% of area fraction of
the Al-Zr-rich phase in annealed state, after
division of the Threshold image into 16 fields of
the SEM-BSE micrograph N° 2

Raw

Raw

Raw

Analyzed

Analyzed

Raw

Analyzed

Analyzed

Raw

Analyzed

Analyzed

Raw

Analyzed

Analyzed

Analyzed

Analyzed

Analyzed

Analyzed

(continued on next page)
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Folder File name

Description

Format

BSE_AN_03_processed_Threshold.tif

BSE_AN_03_processed_Threshold_16images.csv

BSE_AN_04_processed_Threshold.tif

BSE_AN_04_processed_Threshold_16images.csv

Threshold processed SEM-BSE micrograph N° 3
used to get the volume fraction of the Al-Zr-rich
phase in annealed state

Excel file that contains the% of area fraction of
the Al-Zr-rich phase in annealed state, after
division of the Threshold image into 16 fields of
the SEM-BSE micrograph N° 3

Threshold processed SEM-BSE micrograph N° 4
used to get the volume fraction of the Al-Zr-rich
phase in annealed state

Excel file that contains the% of area fraction of
the Al-Zr-rich phase in annealed state, after
division of the Threshold image into 16 fields of
the SEM-BSE micrograph N° 4,

Analyzed

Analyzed

Analyzed

Analyzed

TEM

CTEM-DF_AC_AI-Zr-phase.dm3

CTEM-BF_AC_interdendritic_001zoneaxis_a.dm3

SADP_AC_interdendritic_001zoneaxis_b.dm3

CTEM-DF_AC_Al-Zr-Classified image.tif

CTEM-DF_AC_AI-Zr_amorphous_only_bin.tif

CTEM-DF_AC_Al-Zr_amorphous_only_bin.csv

CTEM-DF_AC_AI-Zr_Crystals. tif

CTEM-DF_AC_Al-Zr_crystals.csv

STEM-HAADF_AC_bcc-B2areafraction.dm3

STEM-HAADF_AC_bcc-
B2fraction_Bandpassfilter.tif

CTEM-DF micrograph in the Al-Zr-rich region
(Inluding amorphous and crystalline regions) of
the sample in the cast state. Fig. 6b of Ref. [1]
CTEM-BF micrograph in the interdendritic region
orineted along the 001 zone axis of the sample
in the cast state Fig. 3a)

Selected area diffraction pattern (SADP) in the
interdendritic region oriented along the 001 zone
axis of the sample in the cast state (Fig. 3b)
CTEM-DF micrograph of the sample in the cast
state in the Al-Zr-rich region with separation of
the three different phases (surrounding,
Al-Zr-rich amorphous phase, and Al-Zr-rich
crystallline phase) using the software$ “Trainable
Weka Segmentation” tool of FIJI (Fig. 8a of
present work)

Binary image of the CTEM-DF micrograph of the
sample in the cast state in the Al-Zr-rich region
considering the fully Al-Zr-rich phase region and
the surrounding (Fig. 8b)

Excel file that contains the% of area fraction of
the complete area of Al-Zr-rich phase in the cast
state (Fig. 8b)

Binary image of the CTEM-DF micrograph of the
sample in the Al-Zr-rich region only considering
the crystal phase in the cast state (Fig. 8c)

Excel file that contains the% of area fraction of
the crystalline area (Al-Zr-rich phase) in the cast
state (Fig. 8c)

STEM-HAADF micrograph N° 1 of the AC alloy
used to determine the area fraction of A2/B2
phases (Fig. 6a)

STEM-HAADF micrograph N° 1 of the AC alloy
used to determine the area fraction of A2/B2
phases with Bandpass filter applied with FIJI
software

STEM-HAADF_AC_bcc-B2fraction_T_16images.tif Threshold separation of the STEM-HAADF

STEM-HAADF_AC_bcc-
B2fraction_T_16images.cvs

micrograph of the AC alloy used to determine
the area fraction of A2/B2 phases with Bandpass
filter applied with FIJI software (Fig. 6b)

Excel file that contains the% of area fraction of
the A2/B2 phases in the cast state of the
micrograph N° 1

Raw

Raw

Raw

Analyzed

Analyzed

Analyzed

Analyzed

Analyzed

Raw

Analyzed

Analyzed

Analyzed

(continued on next page)
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Folder File name Description Format
STEM-HAADF_AC_bcc-B2fraction_2.dm3 STEM-HAADF micrograph N° 2 of the AC alloy Raw
used to determine the area fraction of A2/B2
phases (Fig. 5d of Ref. [1])
STEM-HAADF_AC_bcc-B2_2_Bandpassfilter.tif =~ STEM-HAADF micrograph N° 2 of the AC alloy
used to determine the area fraction of A2/B2 Analyzed
phases with Bandpass filter applied with FIJI
software
STEM-HAADF_AC_bcc- Threshold separation of the STEM-HAADF
B2_2_Bandpassfil_16images.tif micrograph of the AC alloy used to determine Analyzed
the area fraction of A2/B2 phases with Bandpass
filter applied with FIJI software (Fig. 6¢)
STEM-HAADF_AC_bcc- Excel file that contains the% of area fraction of
B2_2_Bandpassfilter_16ima.cvs the A2/B2 phases in the cast state of the Analyzed
micrograph N° 2
STEM-HAADF_AN_bcc-B2fraction_01.dm3 STEM-HAADF micrograph N° 1 of the AN alloy Raw
used to determine the area fraction of A2/B2
phases (Fig. 6a)
STEM-HAADF_AN_bcc- Threshold separation of the STEM-HAADF
B2fraction_01_threshold_16images.jpg micrograph N° 1 of the AC alloy used to Analyzed
determine the area fraction of A2/B2 phases with
Bandpass filter applied with FIJI software (Fig.
6b)
STEM-HAADF_AN_bcc- Excel file that contains the% of area fraction of
B2fraction_01_threshold.cvs the A2/B2 phases in the annealed state of the Analyzed
micrograph N° 1
STEM-HAADF_AN_bcc-B2fraction_02.dm3 STEM-HAADF micrograph N° 2 of the AN alloy Raw
used to determine the area fraction of A2/B2
phases (Fig. 6a)
STEM-HAADF_AN_bcc- Threshold separation of the STEM-HAADF
B2fraction_02_threshold_16images.tif micrograph N° 2 of the AN alloy used to Analyzed
determine the area fraction of A2/B2 phases with
Bandpass filter applied with FIJI software (Fig.
6b)
STEM-HAADF_AN_bcc-B2fraction_02_ Excel file that contains the% of area fraction of
threshold_.cvs the A2/B2 phases in the annealed state of the Analyzed
micrograph N° 2
precipitates_as-cast.cvs Excel file that contains the length of the A2
phase (precipitates) in the annealed state Analyzed
precipitates_annealed.cvs Excel file that contains the length of the A2
phase (precipitates) in the cast state Analyzed
channels_annealed.cvs Excel file that contains the length of the B2
phase (channels) in the annealed state Analyzed
channels_as-cast.cvs Excel file that contains the length of the B2
phase (channels) in the cast state Analyzed
EDX  Mapping_Annealing This folder contains the raw data of the EDX Raw
elemental map for the AN sample shown in Fig.
A1 in supplemetary data of Ref, [1].
Mapping_As-cast This folder contains the raw data of the EDX Raw

EDX-SEM_AC_Al-Zr-phase_01.docx

EDX-SEM_AC_dendritic-interdendritic_01.docx

EDX-TEM_AC_Al-Zr-phase_02.ppt

elemental map for the AC sample shown in Fig. 3

of Ref. [1].

EDX Point analysis used to determine the average Raw

chemical composition of the Al-Zr-rich phase in

the AC sample using SEM

EDX Point analysis used to determine the average Raw

chemical composition of the dendritic and
interdendritic regions of the AC sample

EDX area analysis used to determine the average Raw

chemical composition of the Al-Zr-rich phase in

the AC sample using TEM

(continued on next page)
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Folder File name Description Format
EDX-TEM_AN_AI-Zr-phase.dm3 STEM micrpgraph of the region used to Raw

determine the chemical composition of the

Al-Zr-rich phase in the AN sample using

EDX-TEM
EDX-TEM_AN_AI-Zr-phase.ppt EDX area analysis used to determine the average Raw

chemical composition of the Al-Zr-rich phase in

the AN sample using TEM
EDX-TEM_AN_bcc-B2-phase.dm3 STEM micrpgraph of the region used to Raw

determine the chemical composition of the A2

and B2 phases in the AN sample using EDX-TEM
EDX-TEM_AN_bcc-B2-phase.ppt EDX point analysis used to determine the Raw

average chemical composition of the A2 and B2

phases in the AN sample using TEM
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Refractory chemically complex alloys with bcc-based microstructures show great potential for high-tem-
perature applications but most of them exhibit limited room-temperature ductility, which remains a
challenge. One such example is the AIMo,sNbTag sTiZr alloy, mainly consisting of a nano-scaled structure
with an ordered B2 matrix and a high-volume fraction of aligned cuboidal and coherently embedded A2
precipitates. This work aims to investigate how the cooling rate after hot isostatic pressing of the
AlMog sNbTag sTiZr alloy affects its microstructure and its resulting hardness and fracture toughness at
room temperature. A slow cooling rate of 5 °C/min leads to a coarse microstructure consisting of aligned
slabs (mean A2 precipitate = 25 nm) with a nanohardness of about 8 GPa. In contrast, after the fastest
cooling rate (30 °C/min), the A2 precipitates become more cubic with an edge length of = 16 nm, resulting in
an increase in nanohardness by 10 %. The fracture toughness is roughly independent of the cooling rate and
its mean value (= 4.2 MPa-m'/?) resembles that of some B2 intermetallics and other A2/B2 alloys. As the
lattice misfit between the A2 and B2 phases is known to play a key role in microstructure formation and
evolution, its temperature dependence between 20 and 900 °C was investigated. These findings offer in-
sights into the evolution of the microstructure and room-temperature mechanical properties of the
AlMog sNbTag sTiZr alloy, which could help the development of advanced chemically complex alloys.

© 2023 The Authors. Published by Elsevier B.V. This is an open access article under the CC BY license (http:
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High entropy alloys
Mechanical properties
Fracture toughness
Microstructure
Nanoindentation

creativecommons.org/licenses/by/4.0/).

1. Introduction

Chemically complex alloys (CCAs) are a class of materials with
unique microstructures and properties. They have been studied for
the past 20 years because they open a wide range of possible com-
binations of alloying elements with high concentrations that can
satisfy the ever-growing requirements of, e.g., high-temperature
materials, as conventional one-element-based materials reach their
limits [1,2]. Refractory (r)CCAs, which were first reported by Naka
[3], contain high concentrations of elements such as Mo, Nb, and Ta
and have been widely studied in recent years as a possible solution
to the limitations of conventional alloys [4-G], e.g, as potential
candidates for improving the efficiency of components used in high-
temperature structural applications such as gas turbines [7-9]. One
promising example of rCCAs is the AlMogsNbTagsTiZr alloy (here,
the Mo and Ta mol fractions are half those of Al, Nb, Ti, and Zr,
corresponding to AlyoMo,oNbyoTa oTizeZrao in at%), which was

* Corresponding author.
E-mail address: patricia.suarez-ocano@bam.de (P. Sudrez Ocafio).

https://doi.org/10.1016/j.jallcom.2023.169871

produced for the first time by Senkov et al. [10] and has been re-
plicated and later studied by other authors [11-14]. After cooling
from 24 h at 1400 °C, this rCCA decomposes spinodally into a dual-
phase A2/B2 (Strukturbericht designation [15]) microstructure, also
known as «/a’ microstructure in Fe-based alloys [16], which re-
sembles the y/y' microstructure of well-known Ni-based superalloys
| 17]. For this reason, together with its good compression properties
at room and high temperatures (i.e., yield strength of 2000 MPa and
745 MPa, at 23 and 1000 °C, respectively), this rCCA has also been
called refractory superalloy (RSA) by Senkov et al. [ 10]. It also con-
tains a minor Al-Zr-rich hexagonal intermetallic phase decorating
the grain boundaries. The A2/B2 microstructure has also been re-
ported for other CCAs that also form by spinodal decomposition [ 18].

While its compressive strength is high, the ductility of this RSA
and other bcc-based rCCAs [19] is still a great concern. Some efforts
have already been undertaken to reduce the room-temperature (RT)
brittle behavior of CCAs [20-23], and of the RSA [24]. For example,
Soni et al. [25] demonstrated that the RT ductility of the
AlgsNbTag gTiy sVo.Zr A2/B2-structured alloy can be improved
through phase inversion by controlling the annealing process. Re-
cently, Dong et al. [22] reported that replacing Ta with Ti increases

0925-8388/© 2023 The Authors. Published by Elsevier B.V. This is an open access article under the CC BY license (http://creativecommons.org/licenses/by/4.0/).
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the ductility of the Als(NbTaTiZr)y5 alloy, although it may compro-
mise the compressive yield strength. In the case of the Al-
Mog sNbTag sTiZr RSA, reducing the Mo content also reduces the
brittle behavior under compression at RT, although it decreases the
strength of the alloy and leads to the formation of a finer Al-Zr-rich
phase at grain boundaries [24]. Due to this limitation, the quest to
optimize the composition of these alloys and/or to establish new
processing routes to improve their properties continues.

Recent studies in the field of CCAs demonstrate that their mi-
crostructures and their resulting mechanical properties could be
tuned by adjustments of the processing route [26-28]. For instance,
Wang et al. [29] determined that an increase in the amplitude of
ultrasound solidification refined the L1,/B2 eutectic microstructure
and therefore improved the strength and ductility of the FeCo-
NizAlps alloy. Cooling rates can have a significant effect on the mi-
crostructure and mechanical properties of Ni- and Co-based
superalloys [30,31] and of CCAs [32,33], e.g., Munitz et al. [34] de-
monstrated that changes in the heat treatments and cooling rates
lead to microstructural changes of the AlCrFeNiTiys CCA, i.e., heat
treatment at 650 °C increased the amount of A2/B2 phases and de-
creased the amount of the ductile fcc phase, thus increasing the
hardness but reducing the ductility. In the Al sCoCrFeNi CCA, con-
sisting of fcc, bee and B2 phases, Xoing et al. [35] found that faster
cooling rates resulted in larger volume fractions of the B2 phase,
which in turn promoted the hardness at the expense of ductility.
While these studies suggest that higher cooling rates generally result
in higher strength and lower ductility, the specific results may de-
pend on the nature of the alloy.

Given these recent studies that show the potential for modifying
the microstructure and mechanical properties of CCAs by controlling
their processing routes, the effects of the cooling rate on the mi-
crostructure and room temperature mechanical properties of the
AlMog sNbTag sTiZr RSA are investigated here. Specifically, this study
focuses on following the microhardness, nanohardness and fracture
toughness of the alloy as a function of cooling rate (5, 10 and
30 °C/min).

2. Materials and methods
2.1. Material

Pure elements were vacuum arc melted under Ar atmosphere
and allowed to solidify to produce an ingot of approximately
20 = 20 x 50 mm?®, For details related to arc melting, the reader may
refer to Ref. [13]. The ingot was subsequently homogenized at
1400 °C for 24 h (under Ar, purity > 99.998 %) and cooled at < 4 °C/
min. Then, three slices with dimensions 20 x 20 x 6 mm> were in-
dividually HIPed (Quintus QIH-9 URQ from Quintus Technologies AB
equipped with a Molybdenum furnace) at 1370 °C for 4 h under
170 MPa to close porosity introduced via casting, after which each
slice was cooled at a different rate of 5, 10, and 30 °C/min. The
cooling rate was controlled by natural cooling (free convection) in
combination with regulated gas flow of cold gas and heating inter-
vals while the temperature was monitored with 4 thermocouples.
Thus, it was possible to control the cooling rates. After processing,
metallographic specimens were ground using SiC abrasive papers
(p320, p600, p1200, p2500, and p4000) followed by polishing for
10 min using colloidal silica with a 50-nm grain size.

2.2, Mechanical properties

Nano and microindentation tests at RT were conducted on the
metallographically prepared specimens that underwent different
cooling rates (5, 10, and 30 °C/min). While the microhardness tests
were averaged over several phases and grains of the matrix, 10-16
local nanoindentation tests were performed to evaluate the
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nanohardness of intermetallics forming at grain boundaries and
two-phase (A2/B2) regions within grains. The nanoindentation
measurements were performed using a Hysitron Tribolndenter
(Hysitron TI 980 Bruker) equipped with a Berkovich diamond in-
denter tip, a maximum load of 8 uN, a holding duration of 10 s, and a
speed of 0.8 uN/s. The displacement (h) was monitored as a function
of the load (P) throughout each load-unload cycle. The indentation
modulus E, was determined from the slope of the unloading curve at
maximum load using the classical relationship [36]:
_lymadp

"7 2 /A dh (1)
The elastic (Young's) modulus (E) of the alloy can then be cal-
culated from [37]:
1 1-v 1-%
— = b0
E, E E; )

where v (assumed to be equal to 0.3) and ¢; (= 0.07) are the Poisson's
ratios of the specimen and diamond indenter tip, respectively, and E;
represents the Young's modulus of the indenter tip (E; =
1141 GPa [38]).

Microhardness measurements were performed following the DIN
EN ISO 6507-2 standard with a testing machine (KB 30 SR FA Basic)
equipped with a Vickers indenter tip. Measurements were per-
formed with three different weights of 1, 20, and 30kg (loads of
9.8 N, 196 N, and 294 N, respectively) and about 20 indentations for
each load. Subsequently, both diagonals of each remnant indent
were measured by optical microscopy to estimate the hardness. To
avoid interactions between indents, the latter were performed 2 mm
apart. The fracture toughness (K.) of the RSA was estimated using the
model described in Ref. [39]. To this end, the lengths of the cracks
formed at the corners of the indenter tip were measured using a
scanning electron microscope (SEM) equipped with a field emission
gun (FEG) and a backscatter electron detector (BSE) at an accelera-
tion voltage of 25kV (SEM, FEI Quanta 3D). First, only remnant in-
dents whose four primary cracks emanated straight and radially
from each corner (as described in the ISO 21618 standard [40]) were
considered. Then, indents with spalled edges, asymmetrical, split, or
forked cracks were also considered to compare the final values be-
tween the subset and the full set of microindents. SEM images were
acquired in the specimens after microhardness testing with 20 and
30 kg. Additionally, the fraction of cracks, F., at the corners of the
indents was determined using F, = total number of cracks | (number
of indents x 4). To make a comparison of the fracture toughness of
the RSA with different relevant engineering materials, including bcc-
structured alloys, an Ashby plot was generated using the GRANTA
Edupack software (ANSYS, Inc.), which shows the fracture toughness
as a function of Vickers microhardness.

2.3. Characterization

The microstructures of the specimens cooled under different
conditions were analyzed before mechanical testing using the pre-
viously mentioned SEM. The latter is equipped with an energy-dis-
persive X-ray spectroscopy (EDS, EDAX Octane Elect SDDs) detector
that allowed for determining the compositions of different phases
and two-phase regions. The average grain size was determined ac-
cording to ASTM E112 [41]. SEM-EDS analyses of large regions (=
2 mm?) were performed on the three specimens cooled at 5, 10, and
30°C/min (see Table S1 of Supplementary Material). Table 1 shows
the average chemical composition of the AlMog sNbTag sTiZr RSA.

For transmission electron microscopy (TEM), samples were pre-
pared as described elsewhere [ 13]. Conventional (C)TEM was used to
acquire selected area diffraction patterns (SADPs), bright-field (BF),
and dark-field (DF) micrographs. Scanning (S)TEM was conducted
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Table 1
Chemical composition of the RSA obtained using semi-quantitative SEM-EDS aver-
aged over large regions. All concentrations are in at%.

Al Mo Nb Ta Ti Zr

Concentrations in at% 22 12 20 8 20 18

using the high-angle annular (HAA)DF mode for atomic number
contrast imaging (Z-contrast). The TEM (JEOL JEM-2200FS),
equipped with a FEG, was operated at an acceleration voltage of
200 kV.

The size of the bec (A2) precipitates, and B2 channels, as well as
the area fractions of the present phases in the HIPed samples after
different cooling rates, were estimated using the image analysis
package FIJI [42].

X-ray diffraction (XRD) patterns were recorded at RT, 200, 600,
800, and 900 °C with a D8 Advance Bruker diffractometer using the
Bragg-Brentano geometry, a Cu Kal radiation (g, = 0.15406 nm),
and a 26 scattering range between 10° and 140°. For the high-tem-
perature measurements, an Anton Paar furnace under vacuum (=
5.1072 mbar) was employed. The identification of the phases was
carried out by comparing the experimental patterns with simulated
patterns using the PowderCell software package [43]. The lattice
parameters of the different phases were determined from the peak
positions (2¢) in combination with Bragg's law.

The temperature dependence of the lattice parameters and the
misfit between the A2 and B2 phases were additionally calculated
using the ThermoCalc software (version 2020b) (44| in combination
with the TCHEA3 database. For this purpose, the molar volumes (V)
of the A2 and B2 phases were calculated as a function of temperature
and the corresponding lattice parameters (a) were deduced from:

1
o= [2]

Ny (3)
where V,,, is the molar volume and N, is the Avogadro's constant.

The lattice misfit 5 in % was subsequently determined from a,, and
agz using Eq. (4):

2(ap2 — apy)
§ =" 220100
ap + ap (4)

3. Results and discussion
3.1. Effect of the cooling rate on the A2/B2 microstructure after HIP

Fig. 1 shows the microstructure of the RSA at different magnifi-
cations for the specimens cooled at 5 °C/min (1st column}), 10 °C/min
(2nd column), 30 °C/min (3rd column). The microstructure in the
three cases consists of equiaxed grains (first row of Fig. 1) containing
subgrain boundaries. Grain and subgrain boundaries are marked
with blue and red arrows, respectively, in the second row of Fig. 1.
The average grain size is found to be nearly independent of cooling
rate, i.e.,, 151 + 32um for 5 °C/min, 147 + 26 ym for 10 °C/min, and
154 £ 25pm for 30 °C/min. This shows that the three specimens
experienced similar thermal histories and the region of the ingot
from where they were extracted had a homogeneous grain size. At
low magnification, contrast variations are visible within grains, in-
dicating that the dendritic microstructure was not fully homo-
genized during our heat treatment (1400 °C for 24 h).

In the 5-°C/min sample (Fig. 1a), the grain boundaries are almost
completely covered by dark precipitates surrounded by a bright rim
(Fig. 1b). They occupy 7 + 1 % of the surface (see Fig. 51 of supple-
mentary material and Table 2 and were identified in previous studies
as a hexagonal Al-Zr-rich phase (Aly Zrs, with 0<x <1) with a P63/
mcm  space group while the bright regions surrounding the
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precipitates correspond to a Nb-Mo-Ta-rich A2 phase (<1 %)
[10,11,13]. These phases were also identified in the sample cooled at
10 and 30 °C/min, but the area fractions of the Al-Zr-rich phase were
3+1%and< 1%, ie, 2.3 and 7 times lower than in the 5-°C/min
specimen, respectively (Fig. S1 and Table 2). Based on this observa-
tion, it can be concluded that a lower cooling rate promotes the
precipitation of the Al-Zr-rich phase. When the cooling rate is suf-
ficiently slow, Al and Zr diffuse towards grain boundaries and allow
the Al-Zr-rich phase to grow while Ti, Ta, and Nb diffuse in the op-
posite direction and accumulate at the rim of these intermetallic
particles, Note that the amount of the Al-Zr-rich phase is disputed in
the literature. For the same heat treatment (1400 °C for 24 h) and
cooling rate (10 °C/min), three different area fractions were reported
for the Al-Zr-rich phase, e.g., Jensen found 16 % [45], Senkov et al., 6 %
[10] and Whitfield et al. less than 1 % [12]. This discrepancy cannot
be solved at this point.

At higher magnification (3rd row of Fig. 1), the well-known na-
nostructure described previously [10,24] with aligned cuboidal A2
precipitates embedded in a continuous B2 matrix appears for the
three different cooling rates. However, the cooling rate is found to
strongly affect the length scale of the nanostructure: the greater the
cooling rate, the finer the nanostructure,

Due to their small size, the A2 precipitates were further char-
acterized by TEM. Fig. 2a-c show CTEM-DF micrographs and corre-
sponding SADPs of the 5, 10, and 30-°C/min specimens, respectively,
viewed along the [001] zone axis. By selecting the superlattice re-
flection (100) marked with green circles in the SADPs (shown as
insets), the ordered B2 channels appear bright while the disordered
A2 precipitates are dark. A more detailed analysis of the CTEM-DF
micrographs is provided in Figs. 52-54 of the supplementary mate-
rial. The contrast in the STEM-HAADF micrographs in Fig. 2d-f is
equivalent to the BSE contrast in Fig. 1a-c but with a better resolu-
tion, ie., the A2 precipitates appear brighter than the B2 matrix
owing to their higher Z-contrast. SEM-EDS and TEM-EDS analyses in
Table 52 of supplementary material confirmed that the A2 phase is
Mo-Nb-Ta-rich while the B2 phase is Al-Zr-rich and the hexagonal
P64/mcm phase is Al-Zr-rich, consistent with previous reports on the
AlMog sNbTag sTiZr RSA [ 10,24]. The diffraction contrast in the STEM-
BF images did not reveal the presence of dislocations at the A2/B2
interfaces after cooling from 1370°C (see Fig. S5 and Fig. S6 of
supplementary material), so that all the aligned cuboidal pre-
cipitates were fully coherent unless found at defective regions, e.g.,
subgrain boundaries (see red arrows in Fig. 1b, e and h), which were
not quantified here.

The relative area fractions of the A2 and B2 phases were de-
termined from STEM-HAADF micrographs (see Fig. 57 of supple-
mentary material). The mean grain size, the area fractions of the
different phases, the range of precipitate and channel sizes as well as
their average sizes for the RSA cooled at different rates are sum-
marized in Tables 2 and S3. It is also visible in Fig. 2d-f that the B2
phase presents narrow and wide channels, whose widths are pro-
vided in Table 2.

The variations in area fractions of the A2 and B2 phases after
different cooling rates (cf. Table 2) are small compared to the error
bars, indicating that they are approximately independent of cooling
rates. In contrast, the average edge length (d) of the A2 precipitates
and the width of the wide B2 channels significantly decrease by 36 %
and 61 % with increasing cooling rates from 5° to 30°C/min, re-
spectively (cf. Table 2). At this point, d disregards the elongated
character of the A2 precipitates. This aspect is now investigated in
more detail in Fig. 3, which shows the aspect ratio (AR) histograms of
the A2 precipitates in the RSA cooled at different rates. The AR of
each precipitate is calculated as: AR =narrow edge length | wide
edge length, with 0 £AR <1, so that the projection of the particle is
an almost perfect square when AR is close to 1. These projected
square-shaped particles are mostly located at the intersections of
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5 °C/min

10 °C/min

30 °C/min |

(9)

Fig. 1. BSE micrographs of the RSA after annealing (1400 °C for 24 h) followed by HIP (1370 °C for 4 h at 170 MPa) and cooling at (a-c) 5 °C/min, (d-f) 10 °C/min, and (g-i) 30 °C/min.
Note that the magnification within a given row is the same. The blue and red arrows indicate grain and subgrain boundaries, respectively.

Table 2

Grain size, area fractions of the different phases, edge length of the A2 precipitates, and width of the B2 channels in the RSAs cooled at different rates. The error bars correspond to

the standard deviations.

Cooling rate Grain size (pm) Phase area fraction (%) Phase average size (nm)
(°Cfmin) B2 A2 AlyZrs, B2 channel width A2 precipitate edge length (d)
channels precipitates 0<x<1 =
narrow wide
5 151 £ 32 54+7 397 72 411 46 + 20 25+15
10 147 £ 26 62 +2 35+2 31 31 31+12 18+9
30 154 £ 25 54+4 45+ 4 <1 31 18+8 167

two perpendicular rows of aligned precipitates, i.e, each row is de-
limited by wide channels, Fig. 2d-f. A comparison of Fig. 3a-c reveals
that the percentage of A2 particles with a nearly perfect square
shape (see black arrows) declines with a decreasing cooling rate,
indicating that the elastic strain energy of rows of aligned slabs
becomes lower than that of cubes as the particles coarsen. Apart

from the sharper maximum at AR =1 for higher cooling rates, the AR
distribution shows a broad asymmetric maximum. The position of
this broad maximum as well as its width are found to increase with
an increasing cooling rate. It is thus clear that there is a tendency to
form more symmetric precipitates (with higher AR values) in the
RSA as the cooling rate increases. Note that the composition of the
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|| 30 °C/min

| 5 °C/min ||

CTEM-DF

020 110
010 " 200 8

STEM-HAADF

020

Fig. 2. (a-c) CTEM-DF micrographs of the nanostructure within equiaxed grains oriented along the [001] zone axis with their respective SADPs (insets) for RSAs cooled after HIP at
(a) 5°C/min, (b) 10 °C/min, and (c) 30 °C/min. Superlattice reflections (100) used for imaging are marked with green circles. In this diffraction condition, the B2 phase appears
bright while the A2 phase is darker. (d-f) Equivalent STEM-HAADF micrographs for (d) 5 °C/min, (e) 10 °C/min, and (f) 30 °C/min. The fact that the contrast of the A2 slabs and
cubes is brighter in (d-f) indicates that these precipitates have a higher density than the B2 matrix. The red and green arrows in Fig. 2d-f, and red dashed rectangles in Fig. 2d and f,

represent a comparison with the mechanisms proposed by Wang et al. [46]. For details see Section 3.4 and Fig

A2 and B2 phases remains approximately the same in all three
states, as determined with TEM EDS (Table 3).

Based on these results, it can be concluded that the cooling rate
affects the microstructure of the RSA in terms of morphology, size,
and distribution of both B2 channels and A2 precipitates, as well as
the precipitation of the Al-Zr-rich phase. The area fractions of B2 and
A2 phases fluctuate around rather constant values and the width of
the thin B2 channels remains roughly constant.

As shown previously, a slow cooling rate promotes the hetero-
geneous precipitation of an Al-Zr-rich phase at grain boundaries.
Since this phase grows at the expense of the B2 phase [22], one may
expect the B2-phase volume fraction in the vicinity of grain
boundaries to be locally lower. However, since the area fractions and
compositions of the A2 and B2 phases (cf. Table 3) were determined
in the center of the grains, their values are unlikely to be affected by
the presence of the Al-Zr-rich phase. This may be the reason why the
area fractions and compositions of the A2 and B2 phases listed in
lable 3 do not significantly depend on the cooling rate.

3.2. Effect of cooling rate on the lattice misfit

The XRD patterns at RT of the RSA cooled at 5, 10, and 30 °C/min
are displayed in Fig. 4 as black, light and dark purple lines, respec-
tively. The A2 and B2 phases as well as a hexagonal Al Zrs inter-
metallic were identified. The lattice parameters of these phases (see
lables 3 and 4) agree well with those previously determined for the

AlMog sNbTag sTiZr RSA [10,12,13,45]. The lattice misfit, 5, between
the A2 and B2 phases was calculated using Eq. (4) [48], resulting in
negative lattice misfits (Table 4).

As the lattice parameters of the hexagonal intermetallic phase
were found to be nearly independent of the cooling rate, we provide
their average values in Table 4. In contrast, when the cooling rate
increases, the lattice parameters of the A2 and B2 phases in Table 4
increase and decrease respectively, resulting in a decreasing mag-
nitude of the apparent lattice misfit. In principle, there are three
potential contributions to this evolution, namely (1) the formation of
a dislocation network at the A2/B2 interface that may relax the
misfit (resulting in stronger differences between a, and ag), (2) a
change in the composition between the A2 and B2 phases, and (3) a
size effect related to the density of A2/B2 interfaces. (1) As no dis-
locations were observed by TEM at the A2/B2 interfaces regardless of
the cooling rate (cf. Fig. S5 and Fig. S6 of the supplementary mate
rial), we conclude that the investigated cooling rates are fast enough
to avoid the formation of dislocations upon cooling. Therefore, this
contribution can be neglected. (2) TEM-EDS observations (cf. Table 3)
show that the composition of the A2 and B2 phases does not change
significantly with the cooling rate. A contribution of the composition
on the lattice misfit can thus be ruled out. (3) When the cooling rate
is slow, there is a low number density of large precipitates. As the
lattice misfit across a coherent interface induces an elastic strain
[49], the lattice parameters of the A2 and B2 phases in the vicinity of
the interface are constrained, resulting in a small local "constrained"
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Fig. 3. Histograms showing the relative frequency distributions of A2-particles aspect
ratios in the RSAs cooled at (a) 5 °C/min, (b) 10 °C/min, and (c) 30 °C/min.

misfit. However, these constraints are progressively relaxed as one
moves away from an interface. As a result, the cores of the large A2
precipitates and wide B2 channels are less affected by the coherency
misfit and the local apparent misfit is larger there. When there is a
high number density of small precipitates (e.g., for a high cooling
rate), the density of A2/B2 interfaces is larger, resulting in a greater
effective volume affected by elastic strains and therefore the mag-
nitude of the apparent macroscopic lattice misfit is smaller. This
latter contribution is in line with our experimental results in Table 4.

Now we compare our results with those reported in the litera-
ture. All recorded A2/B2 lattice misfits of the AIMog sNbTag sTiZr RSA
at RT are between -1 and - 2%. (c¢f. Table 3). Compared to § in fcc-
structured superalloys, which are usually in the order of -0.1 % (in
many commercial Ni-based superalloys) or +0.3 % (Co-base) [50],
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the misfit value in the AlMog sNbTagsTiZr RSA is very large. A de-
tailed comparison of our lattice misfit data with the works from
Senkov et al., (6=-1.1 % [10]), Kloenne et al. (6=-2.1 % [14]) and
Whitfield et al. (6=-1.51 % [12]) proves challenging on different le-
vels, e.g., the uncertainty of some of those measurements was either
not given |12}, or led to variations of up to A5=0.6 % [ 10], albeit, in
the latter case, the authors did not focus on the subject of lattice
misfit. In two of the works summarized in Table 3 [10,12], the final
microstructure arose after cooling from 1400 °C at 10 °C/min, while
in the work by Kloenne et al. [ 14], the lattice misfit was studied after
aging at 1000°C for 6h and subsequent water quenching (cf.
Table 3).

The work of Senkov et al. [ 10] reported |5| = 1.07 %. If we use the
measurement uncertainty given by Senkov et al. to find the lower
and higher limits for their aa» and ag» and apply Eq. 4, we find the
range - 1.37 %< 6 < -0.76 % (cf. 4th row in Table 3). The ax, and ag,
values reported by Whitfield et. al. [12] (cf. 5th row in Table 3) yield
8=-1.51 %. They did not report an uncertainty for the measurements.
However, their § is more negative than that of Senkov et al. [ 10], and
thus closer to what we found. Considering the three possible con-
tributions to the lattice misfit mentioned previously, we can state
the following: (1) the A2/B2 images reported by Senkov et al. [ 10] (cf.
their Figs. 5 and 6) do not show the presence of misfit dislocations,
as in our case. The SEM images reported by Whitfield et al. [12]
reveal an A2/B2 microstructure with flat interfaces and sharp cor-
ners resembling our dislocation-free interfaces. (2) The chemical
composition of Senkov's A2 and B2 phases is similar to ours (Table 3)
but no information on A2 and B2 compositions was reported by
Whitfield et al. [12]. (3) By inspection of the (S)TEM images from
Senkov et al. [ 10] and from their stated values, both the average edge
length of their A2 precipitates and the width of their wide B2
channels are smaller than our measured values. They report a higher
fraction of the A2 phase than we do. These values would represent
an increased density of A2/B2 interfaces in their material state,
which in turn would lead to a stronger constrain of the respective
inner phase regions by the latter, and thus to a smaller value of |5]. As
for a comparison with the work by Whitfield et al. [12], no conclu-
sion can be drawn because their SEM-BSE image does not show the
widths of the channels precisely enough.

In the third work, Kloenne et al. | 14] used a different material
condition: their alloy was aged at 1000 °C for 6 h and water quen-
ched. After aging, the authors found that an array of misfit disloca-
tions formed at the A2/B2 interfaces to relax the coherency strains.
Based on the spacing between dislocations, Kloenne et al. [14] es-
timated a "relaxed" lattice misfit of - 2.1 %, which is more negative
than our "constrained” values for fully coherent A2/B2 interfaces.

3.3. Temperature dependence of the lattice misfit 5

To determine the temperature-dependent lattice parameters of
the A2 and B2 phases, as well as the lattice misfit between them, in-
situ XRD was performed between RT and 900 °C in an RSA that was
cooled at 10 °C/min. The in-situ XRD patterns are shown in Fig. 5
where the inset allows us to distinguish the 110 peaks of the A2 and
B2 phases. At RT, the A2 and B2 peaks are clearly separated. With
increasing temperature, the intensity of the 110 peaks of the A2
phase decreases due to its progressive dissolution. Moreover, the
distance between the 110 peaks of the A2 and B2 phases decreases
between RT and 900 °C, indicating that the difference between the
lattice parameters decreases. From the XRD patterns in Fig. 5, the
obtained lattice parameters (as, and ag,) and the lattice misfit are
summarized in Table 5 and their temperature dependences are
shown on the left and right axes of Fig. 6a, respectively. With in-
creasing temperature from RT to 200 °C, as the atomic mobilities are
extremely low, the microstructure must remain constant and the
changes in aa, and ag, reflect thermal expansion. In Fig. 6a, aa; is
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Table 3

Phases, compositions, microstructural features, and processing parameters of the AIMo, sNbTa, sTiZr RSA from this work and other studies. The phase and alloy compositions
were determined by TEM-EDS and SEM-EDS, respectively. In this table, we also list the area fractions (AF) of the different phases, the lattice parameters of the cubic phases, the
lattice misfit (5) between the A2 and B2 phases, the A2/B2 coherency, the corresponding heat treatments, and sources.

Phase / alloy Concentration (at%) AF a 8 A2/B2 coherency  (Final heat Source
(%) (A) (%) treatment step)
Al Ti Zr Mo Nb Ta cooling’
A2 5¢1 17+1 8¢%1 17+1 30¢1 23+1 39 3.2632 -1.65 > 6 > -177 Fully (1370°C, 4h) This work
B2 27+1 23+1 25+1 8¢+1 131 4+1 54 3.3196 coherent 5 °C/min
AlyZrs 40+1 9+2 34+1 3%1 nt1 221 7
alloy 22 20 18 12 20 8
A2 4+1 1541 11+1 171 29%1 24+1 35 3.2616 -154 > 5> -173 Fully (1370°C, 4h) This work
B2 261 211 25+1 9+1 14%1 51 62 3.3155 coherent 10°C/min
Aly.Zrs 39+1 9+1 34%1 411 11+£120 3+1 3
alloy 23 20 18 12 7
A2 5%1 16+1 10+1 16+1 27¢%1 26+1 45 3.2616 =120 > 5 > -152 Fully (1370°C, 4h) This work
B2 27+1 22+1 24%1 8%1 14%1 5+1 54 33155 coherent 30 °C/min
Aly\Zrs 40+1 9+1 35+1 3+1 101 3+1 <1
alloy 22 21 17 12 20 8
A2 4 17 10 16 32 22 45 3.2690 -0.76 > 6 > -1.37 Fullycoherent (1400°C, 24 h) [10,45]
B2 26 25 26 6 14 4 39 3.3040 10°C/min
Aly Zrs® 37 10 38 3 9 3 16 (£0.005)
alloy 20 18 19 n 22 10
A2 18 21 22 9 19 n 50 3.2700 -151¢ Fully (1400°C, 24 h) [12]
B2 50 3.3200 coherent 10°C/min to
Aly.Zrs® <1 750°C +
alloy furnace cooled
A2 12 20 9 15 28 16 *Same as 3.3100 =2.00 > 5 > -2.19 Relaxed by misfit (1000°C, 6h) [14.47)
B2 30 25 24 6 12 3 Senkov 3.3800 dislocations Water quench
Aly.Zrs® et al[10]
alloy

# Calculated using £q. 4, from values of lattice parameter described in [12]

o All works treated the alloy to 1400 °C for 24 h before final cooling step

« For simplification, we assume that the Al-Zr-rich phase, reported by other authors, corresponds to our Al,Zrs phase.
# Assumption based on provision of material by O. Senkov, as stated in their acknowledgement [14].
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Fig. 5. In-situ XRD patterns of the 10-°C/min sample at different temperatures (RT,
oClmi oClmin (li 200, 600, 800, and 900 °C). The dashed lines represent the position of the peaks in the
Fig. 4. XRD patterns of the RSA cooled at 5 °C/min (black), 10 °C/min (light purple),
and 30'C/mli): (dark purple). The (110) reflections of the A2 and B2 pha')se:pare sample A RT for the A2 (blue), B2 (rgd). .and AlaxZrs (gre_en) phases. As the tem-
magnified in the inset. The dashed lines represent the position of the peaks in the perature increases, the thermal expansion induces a peak shift towards lower angles.
sample cooled at 5 °C/min for the A2 (blue), B2 (red), and Aly.,Zrs (green) phases.

Table 4

Lattice parameters of the A2 and B2 phases (a,; and ag;) determined by XRD in the samples cooled at different rates and corresponding apparent lattice misfits. Also shown are
the lattice parameters (a, ¢) of the Al-Zr-rich hexagonal phase. The uncertainties in "a", associated with the fit of the 20 peaks in the A2/B2 phases, are given by the standard
deviation of several peaks for the Al;..Zrs phase and are calculated by the laws of error propagation for the lattice misfit.

Lattice parameters (A) Lattice misfit 5 (%)
Cooling rate a2 ag2 Al Zrs 0sx<1
5°C/min 3.2632 + 0.0006 3.3196 + 0.0010 a =8.0565 + 0.0063 -1.71 £ 0.06
10 °C/min 3.2616 + 0.0009 3.3155 + 0.0016 ¢ =5.4504 £ 0.0119 -1.64 £ 0.09
30 °C/min 3.2689 + 0.0033 3.3138 + 0.0019 -1.36  0.16
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found to increase at a slightly higher rate than ag, with increasing
temperature from RT to 200 °C, thus resulting in an increase of the
misfit, which becomes less negative. These variations can be ex-
plained as follows: as the atoms in an ordered intermetallic are more
strongly bonded compared to a disordered solid solution with the
same structure, the binding energy-vs.-distance curve of the B2
phase is expected to be narrower than that of the A2 phase. There-
fore, the former should have a lower coefficient of thermal expan-
sion than the latter [51], consistent with our experimental results
and those reported in the field of Ni-based superalloys [52].

Between 200 and 600 °C, & strongly increases from - 1.54 + 0.05
to -1.23 £ 0.27 (see Table 5). As atomic mobilities become suffi-
ciently large at 600 °C, diffusion becomes significant and allows
microstructural changes. At 600C, the driving force for A2 pre-
cipitation must be large and we believe that nanoscale A2 pre-
cipitates may form within the B2 channels, similar to the
precipitation of tertiary y' typically observed in Ni-based superalloys
in this temperature range [ 17.53]|. However, further work is still re-
quired to confirm or discard this hypothesis.

When the temperature is further increased between 600 and
900 °C, 4 continues to increase probably due to thermal expansion
and an eventual change of the A2 and B2 compositions.

Using Thermo-Calc in combination with the TCHEA3 database,
we also computed the evolutions of aa», ag,, and & by changing the
temperature, the effects of which are shown with gray, black, and
red lines in Fig. Gb, respectively. Here, the colored backgrounds in-
dicate the temperature domains in which different phases are stable,
e.g., A2 +B2 + o +Al3Zr4 in beige. While the ¢ phase is one of the most
commonly reported intermetallics in steels [54,55], Ni-based su-
peralloys [56], HEAs [57] and compositionally complex alloys [20],
this phase was not observed in the present work after cooling from
high temperatures. Recently, Whitfield et al. [12] performed long-
term 1000-h anneals to investigate the phase stability of the Al-
Mo sNbTag sTiZr alloy between 800 and 1200 °C. The authors re-
ported that the ¢ phase is not stable in this temperature range,
indicating that the TCHEA3 database should be improved to ensure
better predictions.

Since ThermoCalc predicts that the A2 and B2 phases are in
equilibrium above =750°C [13], the dotted beige region between
750 and 900°C in Fig. 6a,b highlights this temperature range in
which the experimental and calculated data can be compared.

The temperature-dependence of the calculated and experimental
lattice misfit show opposite trends between 800 and 900 °C (com-
pare red curves in Fig. 6a,b). This may be related to the presence of
the o phase in the thermodynamic calculations, which was not de-
tected experimentally. Furthermore, in the TCHEA3 database, all

(a)
3.42- 09
—e—B2
340 —4A—A2 1.0
—u— Lattice misfit }
< 3384 11 o
~ 3 . - 3
5 /l/ -~
g336~ ] 12 @
© 3.34 r-13 %
] ———————e | ]
Q e
3.32 L14
8 8
£ 330 1 A 5 B
- A -3
3.28 4 // 16
@

3269 4 17
324 T T T T T -18
RT 200 600 800 900
Temperature / °C

Journal of Alloys and Compounds 949 (2023) 169871

Table 5
Lattice parameters of the A2 and B2 phases at different temperatures, measured via
in-situ XRD using the sample cooled at 10 °C/min.

Temperature (°C)  Lattice parameter (A) Lattice misfit B2/

A2 (%)
anz Qg2 8
RT 3.2616 + 0.0009  3.3155 + 0.0016  -1.64 £ 0.09
200 32749 £ 0.0006  3.3258 £ 0.0008  -1.54 + 0.05
600 32912 £ 00005  3.3319 £ 0.0073  -1.23 £ 0.27
800 3.2979 £ 0.0027  3.3362 + 0.0016  -1.15 + 0.11
900 32970 £ 0.0036  3.3342 £ 0.0012  -112+0.13

phases are considered as disordered even though the B2 and Al-Zr-
rich phases are ordered intermetallics. That is, ThermoCalc in com-
bination with TCHEA3 computes phase equilibria based only on
phase compositions. Another reason for the discrepancies between
the ThermoCalc results and our data is that ThermoCalc considers
stable states at different equilibrium temperatures after long-term
anneals while our samples were continuously cooled at different
rates from high temperatures. The in-situ experiment, which led to a
reduction of the apparent lattice misfit with increasing temperature,
took a few minutes at each temperature and the obtained tem-
perature-dependent lattice misfit may thus correspond to me-
tastable states. Therefore, it cannot be directly compared with
equilibrium data, nor with the long-term exposure experiment
performed by Kloenne et al. [ 14]. Further investigations on long-term
exposure are planned for a subsequent investigation. The short hold
times in the in-situ experiment reflect rather the evolution of the
lattice misfit while cooling from 900 °C to RT, which as expected
shows a continuous increase in lattice misfit as the temperature is
lowered.

Finally, these results demonstrate that a faster cooling rate
during solidification can promote the formation of a finer and more
homogeneous A2/B2 microstructure in the RSA with a more con-
strained lattice misfit between the A2/B2 phases.

3.4. A2/B2 microstructure: origin of narrow and wide B2 channels as
well as plate and cubic-shaped A2 precipitates

The A2/B2 microstructure of the AlMogsNbTagsTiZr RSA was
reported to form by spinodal decomposition [ 10]. Based on experi-
mental observations and phase-field simulations, the specific
pathway was later proposed to occur in three steps upon cooling
[45,47]: (1) congruent ordering (A2 to B2 phase); (2) spinodal de-
composition of B2 into Al-Zr-rich and Mo-Nb-Ta-rich regions; and
(3) disordering of Mo-Nb-Ta-rich B2 regions to A2, which form

(b)
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3.40 s A2 (Mo-ND-Ta-rich)
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Fig. 6. Lattice parameters (left axis), and lattice misfit (right axis) of the A2 and B2 phases as a function of temperature. (a) Experimentally measured using in-situ XRD and (b)

calculated using ThermoCalc (TCHEA3 database, version 2020b).
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coherently embedded cuboids with edge lengths aligned along the
elastically soft <100 directions to minimize the elastic strain energy
[11,45]. In our case, for a slow cooling rate, the structure dwells
longer at higher temperatures, where the wavelength of the fastest
growing concentration waves from the spinodal decomposition is
longer 58] and thus the size scale of the final A2 and B2 micro-
structure is coarser. Hence, a slow cooling rate leads to the formation
of a low number density of large A2 precipitates, as also observed in
spinodally decomposed Fe-Cr alloys with a high Cr content (e.g.,
40 wt% Cr)) [59].

Our TEM investigations in Fig. 2 show the presence of wide and
narrow B2 channels as well as cubic and plate- shaped A2 pre-
cipitates in the AIMog sNbTag sTiZr RSA. These features were already
described by Senkov et al. [10], who reported that the large matrix
channels are much more depleted in refractory elements than the
narrow channels and the authors suggested that the former are too
depleted in refractory elements to form the A2 precipitates. They
argued that the spinodal decomposition takes place in two stages at
different temperatures upon cooling: the high-temperature stage is
responsible for the formation of refractory depleted wide B2 chan-
nels; during the second, low-temperature stage, thin B2 channels
with higher amounts of refractory elements form. Thus, their rea-
soning is thermodynamic in nature |[10]. Another explanation was
proposed by Jensen [45] according to whom the formation of thin
plate-shaped and cubic A2 precipitates in the RSA can be attributed
to overlapping compositional waves on two orthogonal <100 direc-
tions. His assumption is that the superposition of two orthogonal
wave maxima leads to the precipitation of A2 cubes and that of two
orthogonal wave minima leads to large, squared regions of the B2
phase (e.g., see red dashed framed regions in Fig. 2d). When a wave
maximum overlaps with a minimum of an orthogonal wave, it leads
to the formation of thin A2 plates separated by thin B2 channels.
This process thus yields a mixture of cuboidal and platelet pre-
cipitates, as well as wide regions in between, especially for slow
cooling rates. However, the latter mechanism proposed by Jensen
seems incomplete. Overlaps between orthogonal waves, as such, do
not have fast-changing compositional variations allowing phase se-
paration. Instead, an additional step such as that proposed by Senkov
et al. [10] at these locations would be required to rapidly reach the
thermal equilibrium compositions that then allow the precipitation
of thin A2 platelets separated by thin B2 channels. This step may
happen simultaneously with the precipitation of the main over-
lapping maxima and not necessarily at low temperatures. Additional

Journal of Alloys and Compounds 949 (2023) 169871

mechanisms may also play a role in shaping the microstructure of
the RSA, as discussed in the following.

The three schematic drawings in Fig. 7, which were adapted from
the work of Wang et al. [46], illustrate the microstructural evolution
upon coarsening of a spinodally decomposed alloy with a lattice
misfit between the two phases, which was described by Wang et al.
[46], in the following manner: At the beginning of coarsening
(Fig. 7a), the microstructure consists of a periodic array of aligned
cubic precipitates with some defects. In our case this array could be
found in the two incomplete rows of precipitates, highlighted by red
dashed frames in Fig. 7a (described by Wang et al.) and Fig. 2 f (our
experimental findings). This array is reminiscent of the extra half
planes of atoms associated with an edge dislocation. Thus, at the end
of these rows, there is a “macrodislocation” (according to Wang
et al.) in reference to its resemblance to pure edge dislocations ob-
served edge-on at atomic resolution. As a result of coarsening, the
simulations by Wang et al. showed that the extra rows of pre-
cipitates are less stable and dissolve following a process similar to
dislocation climb, leading to the coarsening of the A2 precipitates as
well as the B2 channel width, which were also observed in our ex-
periment (see dashed red rectangles in Figs. 7b,c and 2 d).

Additionally, the red and green arrows in Fig. 2d-f mark doublets
of parallel A2 plates and presumably octets of A2 cubes (which we
cannot capture in our 2D images), respectively, that presumably
formed by the splitting of initially large cuboidal precipitates (note
that the splitting is often asymmetric). These results can be ratio-
nalized based on the 2D simulations of spinodal decomposition in
cubic alloys reported by Wang et. al. [46], who showed that when
the elastic energy contribution dominates significantly over the in-
terfacial energy contribution, the fastest way to relax the starting
non-equilibrium shape to an equilibrium one of a precipitate could
be via splitting.

Therefore, we think that the heterogeneous microstructure
with wide and narrow B2 channels as well as cubic and plate-
shaped A2 precipitates could result from the dynamic processes,
described by Wang et. al. [46], associated with the complex coar-
sening behavior of the A2/B2 microstructure that is strongly af-
fected by the lattice misfit between the A2/B2 phases as a function
of time and temperature. The A2 platelets may either form through
the mechanism proposed by Wang et al. [46], the mechanism
proposed by Jensen [45], or a combination of the two. It may not,
however, be ruled out that the mechanism of formation of the
bimodal channel width simultaneously occurs by multiple times of
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Fig. 7. Morphological evolutions upon coarsening in alloys undergoing an asymmetrical spinodal decomposition under a high strain energy (coherent lattice misfit) as described
by Wang et al., |46, (a) beginning of the process (b) middle and (c) end of coarsening. The sketch was adapted from Figures 3b3-d3 in Ref [46].
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Table 6

Journal of Alloys and Compounds 949 (2023) 169871

Vickers microhardness of the AlMog sNbTag s TiZr RSA after different cooling rates for different applied loads ranging from 1 to 30 kg. At least 19 indentation tests were performed
for each condition. The proportion (Fc) of cracks that developed at the corners of the indenter at a given load is indicated, e.g., Fcyyso = 76/80 means that among the 80 corners of
the 20 remnant indents, 76 exhibited cracks. The uncertainties are given by the standard deviations.

State Cooling rate (°C/min) Hardness (HV1) Hardness (HV20) Hardness (HV30) Feyvao Feuvao
Annealing + HIP 5 629 + 18 606 + 12 592 + 8 51/76 76/80
10 644+ 6 623 + 10 609 + 11 48/76 66/80
30 667 + 11 652 + 10 634 + 11 22/76 56/80

spinodal decomposition at different temperatures during cooling
as proposed by Senkov et al. [7]. More experimental evidence is
required to confirm this mechanism.

3.5. Influences of cooling rate and microstructure on room temperature
strength

Indentation methods were employed to assess different aspects
of the mechanical behavior of the RSA at different length scales.
Microhardness tests with weights up to 30kg were performed to
estimate the strength of the alloy and fracture toughness averaged
over several grains. Nanoindentation tests were carried out to
evaluate the strength of the As-Zrs hexagonal intermetallic at the
grain boundaries, the strength of the A2/B2 microstructure within
grains, and their contributions to the microhardness of the alloy.
lable 6 summarizes the microhardness values of the RSA for dif-
ferent applied loads and different cooling rates. As expected, the
microhardness of a given sample slightly decreases by =6 % with
increasing applied load from 9.8 to 294 N. This size effect arises from
the fact that, as the indented volume increases with increasing ap-
plied load, the probability of finding crystalline defects or pre-ex-
isting cracks in the indented volume increases, resulting in a lower
hardness. The cooling rate is found to have a similar effect on
strength, i.e., the microhardness increases by 6-8 %, regardless of the
applied load when the cooling rate increases from 5° to 30°C/min.

Nanoindentation tests were performed with a maximum applied
load of 8 pN to evaluate the nanohardness of the hexagonal Al-Zr-
rich intermetallic phase, and the A2/B2 regions for different cooling
rates, ¢f. Table 7 and Fig. 8a. The nanohardness of the Al-Zr-rich in-
termetallic compound is =60 % larger than that of the A2/B2 na-
nostructure (Fig. 8a), ie., =13GPa and =8 GPa for the Al-Zr-rich
phase and A2/B2 regions, respectively, for a cooling rate of 30°C/
min. The nanohardness of the Al-Zr-rich intermetallic is approxi-
mately independent of the cooling rate because the morphology and
composition of this hexagonal phase do not change with increasing
cooling rate (see Fig. 1 and Table 52). In contrast, the nanohardness
of the A2/B2 regions increases by =10 % when the cooling rate in-
creases from 5° to 30°C/min, which is consistent with the micro-
hardness results. However, it is worth noting that, owing to the low
applied load, the nanohardness of the A2/B2 regions is not affected
by grain boundaries, the Al-Zr-rich intermetallic phase, nor pre-ex-
isting cracks, contrary to the microhardness data. This is probably
the reason for the smaller effect of cooling rate on microhardness (=
6 %) compared to that on nanohardness (= 10 %). As the cooling rate
decreases, the strength of the A2/B2 regions decreases but this effect

is mitigated by the increase in volume fraction of the hard Al-Zr-rich
precipitates present at the grain boundaries.

To correlate the variation of strength with microstructural
changes, we show in Fig. 8b how nanohardness depends on the
mean edge length (d) of the A2 precipitates. Here, the nanohardness
decreases from 8.8GPa to 8.0GPa while d increases from 16 to
25 nm, respectively. This size-dependence of the nanohardness (H)
can be well described by the following empirical relationship: log H
=log Hp +5 log d, where Hp is a constant (= 15.8 GPa) and 5 (= -0.2) is
the slope of the log H-versus-log d-curve obtained by regression
fitting of the data. It is expected that the parameters contributing to
the nanohardness of the A2/B2 regions are related to the precipitate
and channel sizes, the compositions of the A2 and B2 phases and the
associated coherency stresses.

In the field of Ni- and Co-based superalloys, if the volume frac-
tion of y' phase remains constant, studies show that the size of the y'
precipitates becomes smaller by increasing the cooling rate. This
results in an increase in hardness, which varies inversely with the
size of the y' precipitates [30,31]. This evolution can be attributed to
an increase in dislocation density within the y channels due to the
disruption of dislocation motion by obstacles (precipitates) [31].
Since the RSA has a similar two-phase nanostructure with a cube-
on-cube orientation relationship, the behavior of the bee-structured
RSA may be analogous to that of fcc-structured superalloys. How-
ever, the main difference is that, in the RSA, the matrix consists of a
strong and ordered intermetallic reinforced by isolated cuboidal
precipitates of a softer and disordered phase while in fcc-structured
superalloys, the soft disordered matrix is reinforced by stronger or-
dered precipitates. Consequently, in the AlMogsNbTagsTiZr RSA,
dislocations must nucleate in the A2 precipitates while the B2 phase
is still deformed elastically, resulting in a load transfer to the
stronger B2 phase. The dislocations probably glide within A2 pre-
cipitates until they are stopped at the A2/B2 interfaces where they
relax the lattice misfit. Based on this scenario, there are three main
contributions to the strength of the alloy: the intrinsic properties of
the individual phases, the coherency stresses and an Orowan con-
tribution (rorowan = Bb/d, where p is the shear modulus, b the mag-
nitude of the Burgers vector, and d is assumed as the narrowest
average width within the A2 precipitates contained in the disloca-
tion glide plane [60]). Of these three contributions, only the Orowan
stress is microstructure-dependent and may be invoked to rationa-
lize the evolution of nanohardness with the A2 size in Fig. 8b.

From the load-displacement curves obtained by nanoindentation
(Fig. 59), we also determined the indentation moduli of the Al-Zr-
rich intermetallic and the A2/B2 regions, see Table 7. Since the A2
precipitates and B2 channels are nanoscale (16-25 nm and 3-45 nm,

Table 7

MNanohardness, indentation modulus (E;), and elastic modulus (E) calculated assuming a Poisson’s ratio of 0.3 for each phase of the RSA after different cooling rates.
Cooling rate Nanohardness (GPa) E, (GPa) E (GPa)
(°C/min) Al-Zt-tich A2(B2 Al-Zr-rich A2/B2 Al-Zr-rich A2/B2

phase Phase phase

5 131 £ 05 8.0+04 137 +8 1M2+5 142 + 8 13¢5
10 132 £ 05 85+08 155 + 10 1216 163 + 10 123 +6
30 133 +07 88 +06 151 +9 1155 159+9 116 £ 5
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Fig. 8. (a) Nanohardness vs. cooling rate of different regions: within the A2/B2 substructure and the Al-Zr-rich phase, for the samples cooled at 5, 10, and 30°C/min. (b)
Nanohardness of the A2/B2 phase substructure vs. A2 precipitate mean size d. The red line in (b) represents the regression line obtained from the data. The error bars are given by
the standard deviation. Representative BSE micrographs of remnant indents in the A2/B2 microstructure and the Al-Zr-rich phase are shown in (c) and (d), respectively.

respectively, see Table 2), their elastic moduli and hardness could
not be measured separately by nanoindentation. Given experimental
uncertainties, the indentation and Young's moduli are nearly in-
dependent of the cooling rate. The Al-Zr-rich intermetallics are =25
% stiffer than the A2/B2 regions. Assuming a Poisson’s ratio of 0.3,
the Young's modulus of the A2/B2 regions, which constitute at least
93 vol% of the alloy depending on the cooling rate, is 120 + 5 GPa,
consistent with the value reported by Senkov et al. [24] (122 GPa),
which was obtained from compression tests.

3.6. Effect of cooling rate on fracture toughness

The fracture toughness (K.) was estimated from the length and
morphology of the cracks that formed at the corners of the micro-
indenter tip. While no cracks were found after microindentation
with an applied weight of 1kg, cracks were clearly visible with
higher weights of 20 and 30 kg. To estimate the fracture toughness, it
is first necessary to determine the nature of the cracks. For this
purpose, the ratios ¢/h and I/h were determined, where h is the
length between the center and the corner of a remnant imprint, c is
the crack length from the center of the indent to the crack tip, and |
is the length between the corner of the indent and the tip of the
crack, as exemplarily shown in Fig. 9. According to Niihara et al. and

100 pm

Fig. 9. BSE micrograph of a representative remaining Vickers indent with cracks
emanating from all four corners, where h is the length of the half-diagonal of the
indent and [ is the crack length from the corner of the indent to the crack tip. The
microhardness test was performed with a weight of 20 kg using an RSA cooled at
10 °C/min.
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Table 8
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Microhardness, crack length (1), indent diagonal (h), I/h ratio, and fracture toughness (K,) of the RSA for the three studied cooling rates at different loads. Also shown in this table

are elastic moduli determined by nanoindentation.

Cooling rate F(N) Hardness (GPa) E (GPa) h (pm) ¢ (pm) I (um) I/h K. (MPa-m'/?) K (MPam'/?)
[a] [b]

5°C/min 2940 58 £ 0.1 1153 £33 148.2 + 0.6 309.6 + 354 171.8 + 36.5 12+0.2 46 + 05 46 0.5
196.0 59+ 01 119.7 £ 11 264.7 + 414 157.9 + 40.2 13+03 40+ 05 39+05

10 °C/min 2940 6.0 £ 0.1 1239 +34 144.0 £ 2.0 3422 + 544 2124 + 488 15+03 45+ 05 44 +05
196.0 6.1 +0.1 116.0 £ 1.0 2738 + 29.7 168.7 + 26.8 15+03 38 +05 39+04

30 °C/min 2940 6.2 0.1 116.2 + 26 1419 + 1.3 348.1 + 46.4 2219 + 408 16 £ 03 - 42 +04
196.0 6.4 + 0.1 1159 + 0.6 278.2 + 20.1 175.6 + 224 15+0.2 - 38+03

[a] considering only the indentations for which four primary cracks emanated straight and radially from each corner. When no value is provided, it means that there were no

indentations with four primary cracks.

[b] considering all indentations that contained at least one crack emanating from a corner.

Schiffmann [39,61], the cracks either have a half-penny shape that
joins the tips of two cracks located on opposite sides of the indent
when c/h 22.5 (the total length of a half-penny crack projected on
the sample surface corresponds to 2c) or they are of Palmqyvist type
when 0.25<I/h £2.5, i.e., they are much shorter and form circular
arcs right below the visible cracks (projected length of each crack: ).

In this study, since 0.25 <I/h £2.5 in the AIMogsNbTagsTiZr RSA,
the cracks are of Palmqvist type and the fracture toughness K¢, also
known as indentation fracture resistance [62] can be calculated
using:

EVS p
K“A(ﬁ) T2 (5)

where factor A is a constant equal to 0.009. E is the elastic modulus
obtained from the nanoindentation tests, H is the measured micro-
hardness, and P is the indentation load. The parameters in Eq. 5
required to compute K. are listed in Table 8 for the samples cooled at
different rates. The fracture toughness (K.) of the RSA was calculated
using two different criteria. In the first case [a], we only considered
at least five remnant indents with cracks emanating from each
corner following the standard test method ISO 21618 [40], see K [a]
in Table 8. In the second case [b], all the indents (10-15 independent
measurements) that showed at least one crack were considered to

estimate K, [b]. Given the experimental errors, the average K, value
of 4.2 + 04 is not significantly affected by criteria [a] and [b], the
applied load, and cooling rate, see Table 8.

Additionally, we estimated in Table 6 another parameter that is
related to the fracture toughness, i.e., the fraction of cracks (F.) ob-
served at the corners of the remnant microindents as described in
Section 2.2. The fraction of cracks is found to increase with in-
creasing applied load for a given cooling rate. We believe that this is
related to a sampling effect, i.e., the larger the applied load, the
greater the indented volume, and the higher the likelihood to nu-
cleate a crack at a defect. F. decreases with increasing cooling rate.
There may be two microstructural features that contribute to this
phenomenon. First, as the cooling rate increases, the precipitation of
the brittle Al-Zr-rich intermetallic at grain boundaries is progres-
sively suppressed. Second, as the size of the A2 precipitates de-
creases at an increased cooling rate, the density of A2/B2 interfaces,
which may impede crack nucleation and propagation, increases.

With all this new data, the alloy can now be compared to other
material classes. The Ashby plot displayed in Fig. 10 shows the
fracture toughness as a function of Vickers microhardness for dif-
ferent groups of engineering materials. These groups, marked with
gray areas, include foams, elastomers, polymers, composites, tech-
nical and non-technical ceramics, glasses, and engineering alloys as
well as other bee-structured alloys that are highlighted in color. For
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Fig. 10. Ashby plot, obtained with the Granta Edupack software, of different engineering materials showing their fracture toughness vs. Vickers microhardness. The red area
highlights the AlMog sNbTag sTiZr RSA investigated in the present study. The other colored regions correspond to other bcc-structured alloys.
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Table 9
Mechanical properties at RT (Vickers hardness and fracture toughness) of different alloys and intermetallics with bcc structures reported in the literature.
Alloys Structure Hardness Fracture Method Reference
(HV) toughness
(MPa:m'/?)
NiAl B2 330 [63]) 5.08 - 6.42 Vickers indentation (ring on ring disk bend test) [65]
NiAl B2 460-560 106 - 14.8 Fatigue tests of pre-cracked specimens following the ASTM E399 [66)
(4.5-5.5GPa) |64 standard
NiAl B2 13.0 - 17.0 Double cantilever beam [67]
Ni-50Al B2 3.79 - 9.31 Fatigue tests of pre-cracked specimens following the ASTM E399 [68]
Ni-46Al 3.00 - 3.09 standard
Fe40Al B2+A2 Fe (Al) 867 238 Vickers indentation 169]
Co-40Al B2 220 Fatigue tests of pre-cracked specimens following the ASTM E399 [68]
Co-49Al 3.08 standard
Fe-40Al B2 197-380 | 70| 333 - 558 [68]
Fe-48Al 11.7
W and some W-alloy A2 367-389 [71) 54 -135 72]
Molybdenum-base alloys
TZM-Mo A2 230-262 (73] 10.0 - 27.5 [74]
0ODS-Mo 278 -147.32
LCAC 14.6 - 385
Aly3C0,5Crz3CugFe sNiys A2 +B2 +fcc 545 (5.3 GPa) 58 Pre-cracked ASTM E399 167]
54 Chevron notched rectangular bar (CVNRB)
AlgCra1FeCozoNiz A2 +B2 +fcc 508 9.0 Pre-cracked ASTM E399 [75]
FeCoNiCrAly B2 740 7.6 Vickers indentation [76])
Nb25Mo;5TazsWas A2 455 1.6 Bending of notched micro-cantilever (78]
(4.46 GPa) | 77]
HINbTaTiZr A2 509 [79] 210 Single specimen compliance method for J-integral measurement [80]
(ASTM E1820-17 standard)
AlCuTaVW two fcc +B2 1326 (13 GPa) 8.36 Vickers indentation [81]
instance, the toughness/hardness combination of the Al- The cooling rate does not affect the composition of the A2 and B2

Moy sNbTag sTiZr RSA (red dot in Fig. 10, present work) is compared
to those of B2 intermetallics (NiAl and FeAl, orange areas), single-
phase A2 metals and alloys (blue regions), and two-phase A2/B2
compositionally complex alloys from the Al-Cr-Fe-Co-Ni system
(green) and the corresponding data is summarized in Table 9 As
shown in Fig. 10, the fracture toughness and Vickers hardness of the
RSA are intermediate between those of technical ceramics and en-
gineering alloys. However, its toughness/hardness combination is
similar to those of B2 intermetallics and two-phase A2/B2 alloys.

4. Conclusion and summary

In the present work, the effects of the cooling rate on micro-
structure, hardness, and fracture toughness of AlMogsNbTagsTiZr
RSA were investigated. From our results, it can be concluded that
increasing the cooling rate produces a finer and more homogeneous
A2/[B2 substructure and suppresses grain boundary precipitation of
the hexagonal Als.,Zrs intermetallic phase, which improves the
hardness of the alloy but does not reduce its brittleness. Some of the
key findings can be summarized as follows:

1. The volume fraction of the hexagonal Als.,Zrs intermetallic
compound can be reduced to< 1 % with a cooling rate of at least
30 °C/min. In contrast, the relative volume fractions of the A2 and
B2 phases remain approximately unaffected by the cooling rate.
The nanohardnesses of the Als.,Zrs intermetallic and A2/B2 re-
gions are = 13 and 8-9 GPa, respectively.

2. The cooling rate affects the size, aspect ratio, and size distribution
of the A2 cuboidal precipitates. When the cooling rate increases
from 5° to 30°C/min, the size of the A2 precipitates decreases
from 25 to 16 nm, resulting in an increase in microhardness of = 6
% (averaged over different phases and grains). In addition, a high
cooling rate promotes the formation of more cubic precipitates
while they are elongated and form slabs at lower cooling rates.

phases.

3. While the lattice parameter of the hexagonal Al-Zr-rich phase is
unaffected by the cooling rate, those of the A2 and B2 phases
become more similar with an increasing cooling rate, thus re-
sulting in a decrease of the constrained lattice misfit.

4. With increasing temperature, the lattice parameter of the A2
phase expands at a higher rate than that of the B2 phase, owing
to a higher coefficient of thermal expansion of the former, thus
resulting in a decrease of the lattice misfit, which becomes less
negative.

5. The fracture toughness K. =4.2 + 0.4 MPa-m'/? of the RSA is in-
dependent of the cooling rate and its value is comparable to that
of most B2 intermetallics and two-phase A2/B2 alloys reported in
the literature. From a general viewpoint, the fracture toughness
of the RSA lies between that of engineering alloys and ceramics.

While this paper focuses on the room temperature properties of
the RSA, it is important to note that the tensile properties at high
temperatures are also critical for its potential use in structural ap-
plications. Therefore, results of tensile creep tests will be presented
in a subsequent contribution, which will provide a more complete
picture of the suitability of the alloy for high-temperature applica-
tions.
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Supplementary Material related to the article entitled:

“Influence of cooling rate and lattice misfit on the microstructure
and mechanical properties in the refractory AIMoosNbTaosTiZr
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These supplementary materials provide additional information regarding the above-mentioned
article. It is divided into four sections:

1. Chemical analysis

2. Microstructural analysis
3. Lattice misfit
4

Mechanical properties

1. Chemical Analysis

Table S1 shows the chemical composition determined by EDS analysis of the different material
states. It can be seen that the chemical composition varies only slightly between the samples and is
within the standard deviation, indicating that the material generally has a fairly uniform chemical

composition.
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Table S1. Semi-quantitative energy-dispersive X-ray (EDS) data obtained from AIMoosNbTaosTiZr alloy
following homogenization heat treatment (AN) at 1400 °C for 24 h and subsequent HIP treatment at 1370 °C for
4 h at 170 MPa with cooling rates of 5, 10 and 30 °C/min. All concentrations in at %, with the uncertainties being

the standard deviations in the measurements.

Composition (mole fraction / %)
State (cooling rate) | Method Al Mo Nb Ta Ti Zr
AN + HIP SEM-EDS | 22+1 | 11+1 |20+£1 |8+1 |21+1|18%1
(5 °C/min)
AN + HIP SEM-EDS | 23+1 | 12+1 |20£1|7+1 |20+1 | 181
(10 °C/min)
AN + HIP SEM-EDS | 22+1 [ 12+1 | 20+1 |8+1 [21+1 | 171
(30 °C/min)

To determine the chemical composition of the different phases (A2, B2, and Al-Zr-rich phase),
SEM - and TEM-EDS analyses were performed. The composition of the Al-Zr-rich phase was
determined from the average of analyses from five regions using SEM-EDS measurements, and the
composition of the A2 and B2 phase was determined by TEM-EDS for samples cooled at 5, 10, and
30 °C/min (Figure 1 and 2 of main manuscript). The average chemical compositions are shown in
Table S2, with the error given by the standard deviation. It can be clearly observed that the
concentration of the individual phases remains constant for the three different samples. From this it
can be concluded that the cast bar from which the specimens were taken has a homogeneous
chemical composition, so that any artifacts that might be caused by chemical inhomogeneity are

excluded.

Table S2. Chemical composition of the phases in the different regions in at. % for the RSA cooled at different

rates. The error is given by the standard deviation. Bold numbers show the elements in which the phase is rich.

Composition (mole fraction / %)

Cooling rate Phase Method Al Ti Zr Mo Nb Ta

5 °C/min Al-Zr-rich SEM-EDS | 40+1 |[9%2 34+1 3+1 11+1 |2#1
A2 TEM-EDS | 5+1 17+1 8+1 1742 30£1 | 23+1
B2! TEM-EDS | 27+1 |23#1 25+1 8+1 13+1 | 4+1

10 °C/min Al-Zr-rich SEM-EDS |39+1 |9#1 34+1 4 11+1 |3+
A2 TEM-EDS | 4+1 15+1 11+1 1 29+1 | 24%1
B2! TEM-EDS | 26+1 | 21+1 25+1 9+1 14+1 |5+1
Al-Zr-rich SEM-EDS | 40+1 [9#1 35+1 3+ 10+£1 | 3+1

30 °C/min A2 TEM-EDS | 5+2 16+1 101 16+1 27+1 | 26+2
B2! TEM-EDS | 27+2 |22+1 24+1 8+3 14+1 |5+1

1 The measurements were made in the wide channels.
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2. Microstructural analysis

The microstructural evolution of RSA as a function of cooling rate after annealing and HIP is shown
in the BSE micrographs with the same magpnification in Figure S1. Figure S1 (a), (c) and (e) show
the RSA at low magnification (200X) showing a coarse microstructure with large bcc/B2 grains
and a distribution of the Al-Zr-rich intermetallic mainly in the grain boundaries (black phase in the
BSE micrographs), for the samples cooled at 5, 10 and 30 °C/min, respectively. To measure the
evolution of the Al-Zr-rich intermetallic area fraction with cooling rate, image analysis software
“FIJI” [Ref. 23 from main manuscript] was used to obtain the binarized images shown in Figures
S1b, d, and f, from the BSE micrographs in Figures Sla, ¢ and e, respectively. A comparison of
Figures S1b, d and f clearly show that the amount of Al-Zr-rich intermetallic increases with slower

cooling rates.

The nanostructure of the RSA alloy was revealed by CTEM for the samples annealed at 1400 °C
for 24 hours, HIPed at 1370°C for 4 h under 170 MPa, and cooled at 5, 10, and 30 °C/min, as shown
in Figure S2, S3 and S4, respectively. Figure S2 shows two (C) TEM-DF images (a and b) and the
corresponding zone axes (Z=[001]) SAD patterns (P) (c). Figure S2c shows in green the reflections
that were selected to obtain the diffraction contrasts in Figure S2a and b. Since the image in Figure
S2a was formed using a superlattice 100 reflection and the image in Figure S2b was formed using
a 200 reflection, the microstructure can be interpreted as a mixture of two bcc-based phases, i.e., a
mixture of channels/cuboidal precipitates with B2/A2 phase, respectively. Figure S3 and Figure S4
show two (C)TEM-DF images (a and b) and the corresponding zone axis (Z= [001]) SAD pattern
(P) (c), respectively. As in Figure S2, Figure S3c and Figure S4c show the reflections in green that
were selected to determine the diffraction contrasts in Figure S3a and b and Figure S4a and b,
respectively. In these cases, the microstructure can also be interpreted as composed of a mixture of

two bcc phases, i.e., a mixture of channels/cuboidal precipitates with B2/A2 phase, respectively.
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Figure S1. SEM-BSE micrographs taken with the same magnification, showing the Al-Zr-rich phase mainly inside
the grain boundaries, of the samples cooled at (a) 5 °C/min, (c) 10 °C/min, and (d) 30 °C/min. (b) (d) and (f),
represent the binarized images taken from (a) (c) and (d), respectively, using an image analysis software for the

area fraction determination where the Al-Zr-rich intermetallics appear as black and the rest of the alloy appears as

white.
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Figure S2. (C)TEM-DF micrographs of the nanostructure of the RSA after annealing at 1400 °C for 24 hours and
cooled at 5 °C/min, oriented along [001] zone axis (a) using superlattice reflection 100, (b) using reflection 200 in

(c). (c) SADP with contrast apertures marked in green for the DF images in (a) and (b).

Figure S3. (C)TEM-DF micrographs of the nanostructure of the RSA after annealing at 1400 °C for 24 hours and
cooled at 10 °C/min, oriented along [001] zone axis (a) using superlattice reflection 100, (b) using reflection 200

in (c). (c) SADP with contrast apertures marked in green for the DF images in (a) and (b).

Figure S4. (C)TEM-DF micrographs of the nanostructure of the RSA after annealing at 1400 °C for 24 hours and
cooled at 30 °C/min, oriented along [001] zone axis (a) using superlattice reflection 100, (b) using reflection 200

in (c). (c) SADP with contrast apertures marked in green for the DF images in (a) and (b).

Figure S5 shows the STEM-BF micrographs for the samples cooled at 5 °C/min, 10 °C/min, and 30
°C/min along the [001] zone axis. Imaging along low-indexed zone axes in STEM-BF mode is

especially suited for dislocation contrast enhancement (e.g., Fig. 6 in [1], or Fig. 1 in [2]). Since
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misfit dislocation are not visible at any interface between the A2 and B2 phase, it can be said that

the precipitates are coherently embedded in the matrix.
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Figure S5. STEM-BF micrographs along [001] zone axis for (a) 5 °C/min, (b) 10 °C/min, and (c) 30 °C/min,

where fully coherent, i.e., dislocation-free B2/A2 interfaces are visible.

Figure S6 shows a CTEM-BF micrograph (a) and the corresponding convergent beam diffraction
pattern (g = 200), of the A2/B2 nanostructure for sample cooled at 5 °C/min, acquired close to a
[001] zone axis. The diffraction contrast in the CTEM-BF micrograph shows the presence of
continuous coherency stresses (see black line surrounding the A2/B2 interfaces in Figure S6a),
typical of fully coherent interfaces. In other words, no disruption of these contrasts by, e.g.,
dislocation contrast at the A2/B2 interfaces, is observed. Thus, it can be assumed that the samples
with the higher cooling rates, with lower misfits and smaller A2 particles, also have coherent A2/B2

interfaces that better accommodate coherency stresses.

Figure S6. (a) CTEM-BF micrograph and (b) corresponding convergent beam diffraction pattern (g = 200, close
to [001] zone axis) for 5 °C/min, where fully coherent, i.e., dislocation-free B2/A2 interfaces show a continuous

distortion contrast (black line surrounding each B2 precipitate).
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The microstructural evolution of RSA as a function of cooling rate after annealing and HIP is shown
in the STEM-HAADF micrographs with the same magnification in Figure S7, respectively. Figure
S7a, ¢ and e show the STEM-HAADF micrographs of the RSA at high resolution (300.000X) with
the grain nanostructure consisting only of A2 precipitates embedded in the B2 matrix, for the
samples cooled at 5, 10 and 30 °C/min, respectively. To measure area fraction of both A2 and B2
phase and the evolution with the cooling rate, Figures S7b, d and f were binarized from the STEM-
HAADF micrographs in Figures S7a, ¢ and e, respectively. A2 precipitates appear white whereas
B2 channels appear black in the binarized images. This trend is quantitatively shown in Table 3 of
the main manuscript. A total of four images for each condition were binarized (not shown here) and
analyzed to determine the total area fraction with the respective standard deviation. Table 2 shows
a summary of the measured size range and average of the A2-precipitates and B2-cannels at
different cooling rate by FIJI [Ref. 42 from main manuscript], including the precipitates length,

precipitates area, small and big channels length.

Table S3. Summary of A2 precipitates and B2 channels size in the samples with different cooling rates.

Cooling rate

5°C/min

10 °C/min

30 °C/min

Precipitates edge length range

4.4 nm-62.0 nm

45 nm-41.7 nm

3.7nm—-30.0 nm

Precipitates edge length average

25.1+14.5nm

18.0 £ 8.6 nm

16.1+ 6.7 nm

Precipitates area range

2
18 — 2980 nm

2
13 -1025 nm

2
11 -688 nm

Precipitates area average

2
480.5 £ 558.9 nm

2
254.0 + 209.0 nm

2
196.3 + 139.8 nm

Small channels width range

1.6 nm-9.1 nm

1.4 nm-10.2 nm

1.3nm-7.6 nm

Small channels width average

3.8+1.1nm

3.1+1.2nm

2.7+0.8nm

Big channels width range

15.4 nm - 91.4 nm

10.8 nm —70.8 nm

4.4 nm —-49.6 nm

Big channels width average

459+ 19.8 nm

31.2+11.7 nm

17.8£ 7.9 nm




Paper 111 102

111

—_\
—1 1
E

L

B!

Figure S7. STEM-HAADF micrographs taken with the same magnification, showing a region with the A2 and B2
phase, of the samples cooled at (a) 5 °C/min, (c) 10 °C/min, and (d) 30 °C/min. (b) (d) and (f), represent the
binarized images taken from (a) (c) and (d), respectively, using an image analysis software for the area fraction
determination [Ref. 23 from main manuscript] where A2 precipitates appear as white and the B2 channels as black

background.
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4. Lattice misfit

The Figure S8 shows the amount of component in each phase as a function of temperature calculated
using ThermoCalc software [database TCHEAS3 version 2020b, Ref. 44 in the main manuscript] for
the BCC#1 phase, which is determined by equilibrium calculations to be rich in Mo, Nb and Ta (A2
phase) and BCC#2 phase, rich in Al, Ti and Zr (B2 phase). Table S4 show the calculated chemical
composition of the two bcc phases at different temperatures (800, 900, 1000, 1200 and 1400 °C).

Figure S8 shows that with increasing temperature, the A2 phase, which is Mo-Nb-Ta-rich (Table
S4), exhibits a slight decrease in Nb and Mo and a slight increase in Ta in the range of comparison
of experimental and simulated data (750-900 °C). Furthermore, it shows a slight increase in Al, Ti,
and Zr, although the increase rate of Zr is lower than that of Al and Ti. This behavior suggests that
elements such as Ti and Al have a higher solubility in the A2 phase than Zr at higher temperatures.
On the other hand, with increasing temperature in the B2 phase, which is Al-Ti-Zr-rich (Table S4),
there is a significant decrease in Ti and a slight increase in Al and Zr in the range of comparison of
experimental and simulated data (750-900 °C, beige dotted region in Figure S8). Since Al has a
smaller atomic radius than the other elements, this could explain the difference between

experimental and calculated data in terms of the increase in lattice parameters in phases A2 and B2.
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Figure S8. Amount of component in the phase as a function of temperature calculated using ThermoCalc (a)
BCC#1 phase (A2 phase) and (b) BCC#2 phase (B2 phase). Dotted beige regions refer to high temperature regime
investigated in situ (for more details, see main article).
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Table S4. Calculated element mole fractions of equilibrium phases in the studied alloy at different temperatures

using ThermoCalc software. Database TCHEAS3. Bold numbers show the elements of which the phase is rich.

Tem(eecr;\ture Phases Sublattice Al Ti Zr Nb Mo Ta Phase rich in
1 0.16 0.54 0.11 0.14 0.04 0.01
BCC_B2 #2 Al-Ti-Zr
800 2 0.16 0.54 0.11 0.14 0.04 0.01
1 0.02 0.14 0.01 0.49 0.27 0.07
BCC B2 #1 Mo-Nb-Ta
- 2 0.02 0.14 0.01 0.49 0.27 0.07
1 0.18 0.48 0.14 0.15 0.04 0.01
BCC_B2_#2 Al-Ti-Zr
2 0.18 0.48 0.14 0.15 0.04 0.01
900 1 0.03 0.16 0.01 0.46 0.26 0.08
BCC_B2 #1 Mo-Nb-Ta
2 0.03 0.16 0.01 0.46 0.26 0.08
1 0.21 0.41 0.17 0.15 0.05 0.01
BCC_B2_#2 Al-Ti-Zr
2 0.21 0.41 0.17 0.15 0.05 0.01
1000 1 0.05 0.17 0.01 0.43 0.25 0.09
BCC_B2_#1 Mo-Nb-Ta
2 0.05 0.17 0.01 0.43 0.25 0.09
1 0.26 0.28 0.26 0.14 0.05 0.01
BCC_B2_#2 Al-Ti-zr
2 0.26 0.28 0.26 0.14 0.05 0.01
1200 1 0.06 0.14 0.03 0.40 0.26 0.11
BCC_B2_#1 Mo-Nb-Ta
2 0.06 0.14 0.03 0.40 0.26 0.11
1 0.26 0.24 0.26 0.15 0.06 0.03
BCC_B2_#2 Al-Ti-zr
2 0.26 0.24 0.26 0.15 0.06 0.03
1400 1 0.09 0.17 0.05 0.33 0.22 0.14
BCC_B2_#1 Mo-Nb-Ta
2 0.09 0.17 0.05 0.33 0.22 0.14

5. Mechanical properties

The elastic modulus of the material for the three different cooling rates (5, 10 and 30 °C/min) were

determine from the load-displacement measurements. Figure S9 show a representation of the load-

displacement curves of the RSA for all the considered measured points and the different cooling

rates. For the Al-Zr-rich phase in the sample cooled at 5 °C/min, the curves are represented in “red”,

and 10/10 measured points were taken to average the value of “stiffness”. For the A2/B2 phases the

curves are represented in “blue”, and 15/15 measured points were taken to average the “stiffness”.
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(a) 5 °C/min (b) 10 °C/min (c) 30 °C/min
BCC/B2 phase BCC/B2 phase 2000 BCC/B2 phase
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Figure S9. The nanoindentation load-displacement curves of the samples (a) BCC/B2 phase cooled at 5 °C/min
(b) BCC/B2 phase cooled at 10 °C/min (c) BCC/B2 phase cooled at 30 °C/min (d) Al-Zr-rich phase cooled at 5
°C/min (e) Al-Zr-rich phase cooled at 10 °C/min (f) Al-Zr-rich phase cooled at 30 °C/min.
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4.4 Paper IV

Creep degradation of the AIMogsNbTagsTiZr refractory high entropy

superalloy.

To be submitted
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Abstract

The AlMoosNbTagsTiZr alloy exhibits an initial dual-phase microstructure, consisting of a high
area fraction (= 40%) of cuboidal and plate-like body-centered cubic (A2) particles coherently
embedded in a continuous and ordered B2 matrix. Due to the resemblance of this microstructure
with those of Ni-based superalloys, this alloy is also referred to as "refractory superalloy” (RSA) in
the literature. In this study, tensile creep tests were performed in vacuum at 900-1100 °C and 30—
160 MPa. The microstructures in the head and gage of crept samples were investigated via scanning
and transmission electron microscopy to study the effects of temperature and external load,
respectively, and identify the mechanisms that govern the creep behavior. Upon annealing, while
the B2 phase is continuous in the initial A2/B2 nanostructure, parts of it transform into an AlsxZrs
phase. As A2-formers are released during this transformation, the A2 fraction increases and the
disordered A2 solid solution becomes the continuous phase, which is reinforced by Als..Zrs
particles. This "topological inversion" probably promotes plasticity and thus degrades creep
resistance. As the B2-to-AlsxZrs transformation is not affected by the applied stress (o) but is more
pronounced at lower temperatures, it is likely responsible for the very low apparent activation
energy for creep of the RSA (= 111 kJ/mol). Regarding the stress-dependence of creep, the Norton
exponent of = 3 is nearly independent of temperature at o < 90 MPa, which can be attributed to
solute drag creep behavior while its value strongly increases at higher stresses. The RSA is found
to have an excellent creep resistance for a bce-structured alloy, but it cannot compete with cast Ni-

based superalloys that are commonly used for structural applications.

Keywords: refractory chemically complex alloy (rCCA); electron microscopy; microstructure

instability; tensile creep behavior; phase stability.



Paper IV 108

1. Introduction

Complex concentrated alloys (CCAs) [1] are a class of materials that have gained much attention
in recent years, both from a fundamental point of view and for their potential in structural
applications [2-5]. Refractory (r)CCAs, which are designed to withstand extreme temperatures and
harsh environments due to the presence of elements with high melting temperatures (e.g., Mo, Nb,
Ta, W, etc.), have emerged as promising materials for high-temperature structural applications [6].
An example of these rCCAs, the AIMoosNbTaosTiZr, which was named as "refractory high-entropy
superalloy (RSA)" by Senkov et al. [7], is the subject of the present investigation. This alloy is
polycrystalline with a multiphase microstructure that mainly consists of disordered body-centered
cubic (bec, A2 structure, ~40 %) cuboidal and plate-shaped precipitates embedded in an ordered
bce matrix (B2 intermetallic compound) [7-10]. Even though the microstructure of the RSA is
similar to that of cast superalloys, the disordered and ordered phases play different roles, i.e., in Ni-
based superalloys, the matrix is a disordered solid solution reinforced by ordered precipitates with

a face-centered cubic (fcc) structure [11].

In terms of mechanical properties, Senkov et al. showed that this RSA exhibits an excellent strength
(745 MPa) and fracture strain in compression (> 50%) at 1000 °C, superior to state-of-the-art
wrought and cast Ni-based superalloys [7]. Based on their short-term compression tests, Senkov et
al. [7] argued that the retained high-temperature strength (up to 1200 °C) of the RSA is due to the
large fraction of interfaces that impedes deformation transfer between phases. Despite the promising
properties of the AIMogsNbTaosTiZr RSA, there is a lack of tensile creep properties. This makes it
difficult to assess its true potential for structural applications where components are subjected to
tensile creep loading at slow strain rates. Recently, several studies have investigated the
microstructural stability of the RSA at high temperatures [9-11]. It was showed that long-term
exposures between 800 and 1200 °C promotes the formation of a hexagonal AlsxZrs intermetallic
compound at the expense of the B2 phase, which volume fraction increases with decreasing
temperature [10, 12]. It is therefore important to understand how this B2-to-AlsxZrs phase

transformation may affect the creep behavior of the RSA.

To our knowledge, only a few studies attempted to investigate the creep behavior of rCCAs so far
[13-17]. For instance, Liu et al. [16] have studied the tensile creep behavior of a single-phase bcc
HfNbTaTiZr rCCA at 1100-1250 °C and 5-30 MPa. Based on the determined creep parameters
(stress exponent 2.5 < n < 2.8, creep activation energy: 273 kJ/mol), the authors suggested that the
creep behavior is governed by the slow diffusion of Ta, which contributes the most to drag a/2
<111> dislocations. As a result of ordering in the B2 intermetallic compound, the situation should
be fundamentally different in the RSA compared to the disordered bcc HfNbTaTiZr rCCA.
Recently, Kral et al. [14] investigated the creep behavior at 800 °C of an AITiVNbZro2s rCCA
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composed of a B2 matrix with =13% of coarse ZrsAls-type precipitates. The authors found that the
quasi-stationary creep rate obeys a three-power-law (n = 3) due to viscous glide creep [18], and that

the mean free path of the ZrsAlz-type precipitates did build significant Orowan stresses.

The present work aims to investigate the creep properties of the AIMoosNbTaosTiZr RSA at 900-
1100 °C and 30-160 MPa, establish the micro-mechanisms of degradation and deformation that
govern the creep behavior, and compare the properties with those of bcc-structured materials as
well as Ni-based superalloys to assess whether the RSA can compete with these materials.

2. Materials and Methods

2.1. Material processing

Two batches (I and 1) of the AIMoosNbTaosTiZr RSA were cast by vacuum arc melting of pure
elements (Al, Mo, Nb, Ta, Ti, and Zr) in an Ar atmosphere (purity > 99.998 %) to produce
rectangular ingots with dimensions: 20 x 20 x 50 mm?® (see Figure 1a). More detail regarding this
processing route can be found elsewhere [19]. After casting, the alloy was annealed at 1400 °C for
24 h in continuously flowing Ar (purity > 99.998 %) and cooled at < 4 °C/min. It was finally hot
isostatically pressed at 1370 °C for 4 h at 170 MPa and cooled at 10 °C/min. This material state is

hereafter named as-received (AR).

2.2. Creep characterization

From the rectangular ingots, creep samples were cut by wire electric discharge machining (EDM),
see Figure 1a. The rectangular gage of the creep specimens, located between two markers [20, 21],
has a section of 2.0 x 2.9 mm? and a length of 5 mm (Figure 1b). The thin oxide layer on the surface
caused by EDM was removed by grinding with a p2400-grade emery paper.

Constant-load creep tests were performed in a custom-built testing device [22] (Metals and Alloys,
University of Bayreuth, Bayreuth, Germany) under vacuum (2 x 10~ Pa) to prevent oxidation. The
tests were conducted at 900, 1000, and 1100 °C, and the temperature was controlled by a type S
thermocouple near the sample gage. The specimens were gripped by Al.O3 rods and heated to the
test temperature at 20 °C/min in an induction furnace. Once the desired test temperature was
reached, it was kept constant for 30 min before the load was applied.

Due to the lack of creep data for this alloy, an initial test was performed at 160 MPa and 800 °C.
However, the sample failed within a few seconds, so a higher temperature of 1000 °C was applied,

which yielded reliable data. Strain was measured using a non-contact video extensometer [23].
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Figure 1. (a) Sketch of the vacuum arc melted and heat-treated rectangular ingot showing the
locations where creep samples were cut by EDM. (b) Geometry of the creep specimens. The blue
and red rectangles in (b) mark regions where the microstructure was analyzed. The region within
the gage length marked by the green rectangular prism was cut at different angles for investigations

by transmission electron microscopy.

Only tests that failed within the gage length were considered valid. Based on initial tests, further
stresses between 30 and 160 MPa were applied. Due to the limited amount of material, a sudden
increase in load was applied just after the minimum creep rate was reached in some of the tests [20].
Additional creep tests were performed to failure or were interrupted and cooled under load after
reaching the last minimum creep rate of the test, taken as the point with the slowest deformation
rate of the experiment. The testing conditions are summarized in the first three columns of Table 2.
Samples of the AR material as well as the head and gage of crept specimens (see blue and red frames
in Figure 1b, respectively) were metallographically prepared followed by X-ray diffraction (XRD),
scanning (S) and transmission (T) electron microscopy (EM) analyses. The specimens were first
ground with SiC emery papers up to grade p4000, and either polished with an active oxide polishing
suspension (OPS) containing 50-nm particles of colloidal silica for SEM and XRD or
electropolished for TEM (see below). A comparison of the microstructures allowed to study the

effects of temperature and temperature in combination with stress on phase stability.

2.3. Phase and microstructural characterizations
XRD was performed at 20 °C using a Bruker D8 Advance in the Bragg—Brentano geometry with
the Cu Ko radiation (Ak,, = 0.15406 nm) and a 26 scattering range of 10-140°. Phases were

identified by comparing experimental XRD patterns with simulated ones using the PowderCell
software package [24], and the lattice parameters of the phases were calculated from diffraction
peak positions (260). SEM analyses were carried out with an SEM (FEI Quanta 3D) equipped with
backscatter electron (BSE) and energy-dispersive X-ray spectroscopy (EDS, EDAX Octane Elect
SDDs) detectors. Due to the strong morphological anisotropy of the main microstructural features
in the RSA, electron channeling contrast (ECC) and visual inspection were used to quantify and

compare regions with similar orientations. The chemical composition of the alloy was determined
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before creep by SEM-EDS at five distinct regions (= 2 mm?), the average of which is shown in

Table 1. The average grain size prior to creep was determined following the ASTM E112.

Table 1. Experimental chemical composition of the RSA determined by semi-quantitative SEM-
EDS averaged over five 2-mm? regions. All concentrations are in at. %, with a standard deviation
of about + 0.5 at. %.

Al Mo Nb Ta Ti Zr
23 10 19 8 21 19

Electron backscatter diffraction (EBSD) images were acquired at medium and high magnification
(SEM LEO Gemini 1530 V P Zeiss, EBSD detector Bruker e-flash HD with Bruker Esprit 1.9
EBSD-Software package). Kikuchi lines were indexed using the built-in crystal files for
Moo.s7Ti0.17Zr0.17 (bcc, space group. Im3m, n° 229) and AlsZrs (hexagonal, space group. P6s/mcm,
n° 193). The EBSD data were then analyzed offline with the software package HKL Channel 5
(Oxford Instruments).

For the TEM observations, 500-um thick slices were cut from the head and gage of the crept
specimens and mechanically ground to 100 um. From these, 3-mm diameter samples were punched
out and thinned by twin-jet electropolishing (Tenupol-3, Struers) in an electrolyte consisting of 950
ml ethanol, 100 ml butanol and 50 ml perchloric acid at -30 °C and 20 V. After this procedure,
regions containing the Al-Zr-rich phase were thinned more strongly than the A2/B2 regions. A TEM
with a field emission gun (TEM JEM-2200FS JEOL) was used at an acceleration voltage of 200 kV
for imaging in scanning (STEM) bright field (BF)/high angle annular dark field (HAADF) and
conventional (CTEM) modes. Both selected area (SA) and convergent beam (CB) diffraction
patterns (DPs) were acquired and correlated with CTEM and STEM images. Mean dislocation
densities pq were evaluated from STEM micrographs using the line intercept method [25], where
pd = 2N/ Lt, where N is the number of intersections between test and dislocation lines, L is the total
length of the test lines within a phase, and t is the thickness of the TEM foil. The value of t was
measured to be 110 nm in the A2/B2 regions by stereoscopy [26] and was determined to be 21 nm
in the Al-Zr-rich phase, as the latter was always thinner. The procedures used to determine the
thicknesses of the TEM sample in different characteristic regions are shown in the supplementary
material (Figure S1).

The SADPs of the A2 and B2 phases were indexed manually and those of the Al-Zr-rich phase were
indexed with the Java version of the electron microscopy suite (JEMS) software [27]. The area

fraction of each phase was estimated by image analysis using the software ImageJ [28] [161] using
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either SEM-BSE or STEM-HAADF images, depending on their resolution (see Figures S2-S7 of

supplementary material).

3. Results and discussion

3.1. Creep behavior

The classical creep curves, time (t) vs. total strain (¢), are displayed in Figure 2a-c for tests
performed at 900, 1000, and 1100 °C, respectively, where a different color is assigned to each
applied stress (o). Similarly, Figure 2d-f show the corresponding evolutions of creep rate (¢) with
e. In Figure 2, the black circles and crosses at the end of the creep curves indicate interrupted tests
and tests to failure, respectively. At 1000 °C (cf. Figure 2b,e) and 1100 °C (Figure 2c,f), additional
tests were performed during which the applied load was suddenly increased from 30 to 60 MPa.
This transition is marked by an empty square in Figure 2b,c,f and the inset of Figure 2e. Creep tests
at 1000 and 1100 °C were conducted on samples of two batches, where solid lines correspond to

batch | and dotted lines correspond to batch 1l (cf. Figure 2b,c,e,f).

Even though primary creep presents some differences depending on temperature and stress (see
Figure 2), this study will focus on elucidating creep mechanisms based on the minimum creep rates,
Emin, determined at different temperatures and stresses. &,,;, values were evaluated twice (once for
each material batch) for some conditions (i.e., 1000 °C / 30 Ma, 1100 °C / 30, 60, and 90 MPa).
Table 2 summarizes the different creep conditions and the obtained data. The minimum creep rates
for the same stress and temperature combination were in most cases comparable for the two charges.
However, at 1100 °C and 30 MPa, the &,,;,, values differ by factor of ~ 6. This scatter is expected
considering the small sample size and the difficulty of obtaining a completely homogeneous ingot
by vacuum arc melting from pure elements with high and low melting temperatures. Below
approximately ¢ = 10 s, fluctuations in the measurement curves may occur due to limitations of
the optically based strain measurement system, which is the region where &,,;,, is found for ¢ =
30 MPa at both 1000 and 1100 °C (cf. Figure 2d,e).

The creep data were analyzed using the conventional equation [29]:

: = _ 8
Emin = Ac"exp (1) &)
where A is a material constant, n the Norton exponent, Q. the apparent activation energy for creep,
R the gas constant, and T the absolute temperature. Figure 3a shows double-logarithmic plots at
different temperatures of &,,;, VS. o, which were determined from the creep curves in Figure 2d-f.
Straight lines were fitted to each data set in Figure 3a to determine the n values, corresponding to

the slopes of the lines. From a general point of view, the Norton exponent (n =~ 3) is found to be
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nearly independent of temperature at low applied stresses and its value strongly increases above a
critical stress, indicating a change of creep mechanism, e.g., n increases from 2.7 at 1000 °C for
o < 90 MPa to 5.3 at higher stresses (cf. last column in Table 2). If we fit just one line to all the data
obtained at 1000 °C, n would be 3.3 (cf. Table 2), suggesting that dislocation climb acts as the rate-

controlling deformation mechanism [30].

Table 2. Creep conditions and data obtained for the RSA. Duration (t), total strain (), minimum
creep rate (€,,;,,), and Norton exponent (n) of the creep samples tested at temperatures (T) of 900,
1000, and 1100 °C under different loads (¢). Roman numbers | and Il denote two different batches
of the AR material.

T/°C o/MPa Batch Type t/h /% Lo (Eppy /S ™ n
900 30 ] Interrupted 214  0.53 -9.07 27
60 I Interrupted 142 0.64 -8.24 '
1000 30 I Load 70 0.13 -8.52
60 I increase- 46 0.34 -8.05
interrupted 116  0.47* 2.7
30 I Interrupted 1800 1.16 -8.96 3.3
90 I Interrupted 46 0.82 -7.43
120 I Failure 99 10.08 -7.12 5.3
160 [ Interrupted 10 2.65 -6.11
1100 30 I Load 154 0.74 -8.40
60 I increase- 46 0.48 -1.77
interrupted 200* 1.22*
30 I Interrupted 102 1.03 -8.22 3.4
60 1 Interrupted 11 0.66 -7.43
90 I Interrupted 6 1.97 -6.46
90 I Interrupted 8 0.92 -6.82

*Total value after the experiment

The apparent activation energy for creep in Equation 1 is determined using an Arrhenius-type plot
of the natural logarithm of &,,;,, at a specific o vs. 1/T, see Figure 3b, where the slope of the curve
corresponds to -Qc¢/R. Between 900 and 1100 °C, Qc~ 119 kJ/mol for ¢ =30 MPa, and Q¢ =
103 kJ/mol for o = 60 MPa, giving an average of Qc=111 + 11 kJ/mol (Figure 3b).
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Figure 2. Creep behavior of the RSA between 900 and 1100 °C. e-vs.-t curves for different ¢ at (a) 900, (b) 1000, and (c) 1100 °C. ¢ -vs.-¢ for different o at
(d) 900, (e) 1000, and (f) 1100 °C. The tests were either interrupted followed by microstructural investigations (marked by o), taken to rupture (marked with
an "x"), or the o was suddenly increased (marked by o). Data for specimens from the first and second batch are represented with continuous and dotted lines,

respectively.
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Figure 3. (a) Double-logarithmic plot of &,,;, vs. o for the RSA at 900, 1000, and 1100 °C.
(b) Natural logarithm of &,,,;,, as a function of the reciprocal of absolute temperature (1/T) for ¢ =

30 and 60 MPa to estimate the apparent activation energy for creep Q..

3.2 Microstructure of the AIMoosNbTaosTiZr RSA in the as-received state

The microstructure of the RSA in the AR state is displayed in Figure 4a-c. The RSA exhibits coarse
and equiaxed grains with a mean size of 744 + 185 um (c.f. triple point in Figure 4a). At a higher
magnification in Figure 4b, a lamellar structure, consisting of alternating dark and bright phases,
has formed along a grain boundary (GB). The black phase (purple arrow in Figure 4b), rich in Al
and Zr as determined by EDS, has been previously identified as a non-stoichiometric P6s/mcm
hexagonal [31] intermetallic, and named AlsxZrs with 0 <x <1 [19]. The bright phase (pink arrow
in Figure 4b), which is rich in Nb, Mo, and Ta, has also been previously identified as a disordered
bce (A2) solid solution [7, 19]. Such A2/AlsZrs regions are surrounded with orange dashed lines
in the remainder of this article (e.g., Figure 4e,f). Within grains of the RSA, a basket-weave
substructure is present (see light blue arrows in Figure 4a-c). As shown in previous works [7, 9, 10,
19, 32], this substructure consists of small plate-like and cuboidal A2-precipitates (bright phase)
coherently embedded in a continuous B2-matrix (darker phase) with interfaces parallel to {100} [9,
11] planes. In our previous work [33], we showed that the A2 phase has an edge length of 18 +
9 nm and the B2 phase presents a bimodal distribution of channel widths, with mean values of
3.8+ 1.1nmand 31.2 £ 11.7 nm (for details on these measurements, see supplementary material
file of Ref. [33]). The area percentages of the phases were estimated as < 1 % for the Als.«Zrs phase,
(62 £ 2) % for the B2 phase, and the rest for the A2 phase [33].

The XRD pattern shown in Figure S8a of the supplementary material confirms the presence of the

AlsxZrs phase, which can be indexed as AlsZrs. However, in the XRD pattern, the B2 and A2 phases
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clearly predominate. The lattice parameters of the phases are 331.5 + 0.2 and 326.1 + 0.1 pm for
B2 and A2, respectively, and a = 805.6 + 0.6 and ¢ = 545 + 1 pm for the hexagonal AlsxZrs phase.

3.3 Influence of annealing temperature on phase stability and microstructure

To separate the effects of stress-free (o=~ 0) high-temperature exposure and creep (¢ # 0) on
microstructures established at &,,;,,, we analyzed the microstructure in the head of the creep samples
(assuming that plastic deformation is negligible in this region, € = 0), and within their gage,
respectively. In Figure 4, BSE images at different magnifications are compared, which show the
microstructure of the RSA before (AR, Figure 4a-c) and after exposure to different temperatures
and times, although the latter were chosen to be as close as possible: 900 °C for 142 h (Figure 4d-
f), 1000 °C for 116 h (Figure 4g-i), and 1100 ° for 102 h (Figure 4j-1). The corresponding
microstructures observed within the gage are displayed in Figure 6 using the same artwork and will
be discussed in Section 3.4.

Annealing at 900°C

After annealing at 900 °C, grain boundaries show the same combination of A2 and AlsxZrs phases
(labeled "GB") as in the AR state but these phases have grown to = 5 % of the analyzed area (Figure
S3a-c) and occasionally induced faceting of the GB (see lower left corner of Figure 4d). In addition,
annealing caused the formation of bright needles or plates near GBs, as well as irregular and bright
domains within grains, indicated by arrows in Figure 4d. At a higher magnification in Figure 4e,f,
both microstructural features are found to consist of bright and dark phases, corresponding to A2
and AlsZrs, respectively, as will be shown later.

The needles or plates form variants with different crystallographic orientations that are inclined
with respect to the A2/B2 {100} interfaces. They exhibit a lamellar substructure consisting of bright
and dark phases (A2 and Als.xZrs, respectively), whose interfaces are parallel to the traces of the
needle (or plate), e.g., Figure 4h. Needle or plate-like regions are 34 £ 18 um in length and account
for = 2 % of the total analyzed area (see Figure S3).

The irregular domains are magnified in Figure 4e,f and highlighted with orange dashed lines.
Compared to the original A2/B2 substructure marked by light blue arrows, the A2/AlsxZrs domains
appear brighter. This is because there is more of the bright A2 phase in the A2/AlsxZrs domains
(42 £ 2 %) than in the A2/B2 matrix (38 + 2 %), see Figures S4a,d,g and Table S1. The domains
exhibit a maze-like substructure where the A2/Al.Zrs interfaces adopt the same traces as those of
the A2/B2 substructure, i.e., {001}a2s2. However, the former substructure is coarser than the latter
(cf. Figure 4f), especially toward the center of the domains. For example, the black arrow in Figure

4e points to a coarse A2 particle located in the core of a domain. One could speculate that this is
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the nucleation site of the domain, from which it grew radially. Investigations of the as-received
material indeed revealed that overgrown A2 precipitates are often heterogeneously distributed
within the initial A2/B2 substructures. As these overgrown A2 precipitates have probably a semi-
coherent interface with the surrounding B2 phase, they may well act as energetically favorable sites
for the B2-to-AlsZrs transformation. Due to the high volume fraction of domains (= 51 %, see
Figures S2a,d,g), they form an almost continuous network with a mean width of 5 + 1 pm. At a
lower magnification in Figure S6, domain-free zones are observed near GBs and the mean width of
this region is 18 £ 7 um. The presence of this region may be because the B2-to-Als.xZrs
transformation has already taken place at GBs and induced the formation of a diffusion-affected
zone near GBs that is depleted in Al and Zr. As a result, the driving force for the formation of
A2/AlsxZrs domains is locally too low in the vicinity of GBs and preclude their formation here.
Alternatively, it could be argued that there are fewer overgrown A2 precipitates near GBs in the as-
received material, making domain nucleation there more difficult.

In summary, while the AR state had = 99 % of A2/B2 substructure, annealing caused the formation
of = 58 % of A2/Al4xZrs substructures with different morphologies, i.e., a lamellar morphology at

GBs (= 5 %), needles or plates (= 2 %) and most importantly irregularly shaped domains (= 51 %).

Annealing at 1000°C

Similar phases and microstructural features were also observed after annealing at 1000 °C for 116
h. However, a few changes are worth mentioning. While the surface percentages of A2/AlsxZrs
substructures at GBs (= 6 %) and needles (or plates, = 2 %) did not change significantly, the surface
percentage of irregularly shaped domains was strongly reduced by a factor of three from = 51 % at
900 °C to = 16 % at 1000°C, see Figures 4g and S7b. The domains show a similar average size of
5 + 2 um but the domain-free zone near GBs is reduced from 18 + 7 um at 900 °C to 8 £ 3 um at
1000 °C. The length of the needles or plates is 13 £ 5 um after annealing at 1000 °C, almost three
times shorter than at 900 °C. A comparison of Figure 4f and 4i reveals that the A2/B2 and A2/Al..
«ZIs substructures are coarser after annealing at 1000 °C than at 900 °C but both retain the same

morphologies and phase fractions, see Table S1.

Annealing at 1100°C

After annealing for 102 h at 1100 °C, the low-magnification BSE image in Figure 4j reveals the
presence of GB phases and domains within grains as for the 900 and 1000 °C-states, but the absence
of needle or plate-like regions. With increasing temperature, the percentage of irregularly shaped
domains continues to decrease to =~ 9 % at 1100 °C. This result is consistent with our previous
CALPHAD calculations for the same RSA [19], which suggested that the Als.xZrs-phase fraction
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tends to decrease with increasing temperature. The average size (4 + 1 um) of the A2/AlsxZrs
domains is similar to that obtained at lower annealing temperatures and the width of the domain-
free region is 8 + 2 um. While the fractions of A2 and Als.Zrs phases within domains is found to
be nearly independent of temperature (see Figure S4), their morphology differs from those observed
at 900 °C and 1000 °C (except for a small region marked with a green arrow in Figure 4Kk), i.e., the
A2/AlsxZrs substructure loses the {100} directionality of the surrounding A2/B2 region. It is also
worth mentioning that the microstructural feature marked in Figure 4k is reminiscent of rafting in
Ni-based superalloys [34] and may be triggered by local variations of coherency stresses between

the A2 and B2 phases, which shall promote stress-accelerated coarsening.

The A2/B2 substructure in Figure 41 after annealing at 1100 °C has strongly coarsened as compared
to the 900 and 1000 °C-cases, with an average A2 precipitate edge length in the range of 217-747
nm embedded in wide B2 channels (cf. Figure S5). According to these results, it is evident that the
B2-to-AlsxZrs transformation is strongly reduced during annealing at 1100 °C compared to 900 and
1000 °C but this comes at the cost of a much more severe coarsening of the A2/B2 substructure, in

which the A2/B2 interfaces become more rounded.

From a specimen annealed at 1100 °C for =200 h, a TEM investigation was performed with a focus
on A2/B2 interfaces to identify the microstructural reason for the apparent loss of coherency
between these phases. Figure 5 shows STEM-BF micrographs of a coarsened A2/B2 substructure
within a grain of the RSA, which was oriented along the <111>a282 zone axis (ZA, cf. schematic
lattice on the right). Finely meshed dislocation networks® can be observed at A2/B2 interfaces (see
blue-framed region in Figure 5), while dislocation densities inside the B2 and A2 phases are
relatively low (cf. Figure 5). The total dislocation density was determined to be
pd = (3.5 + 1.3)-10"* m™. In both B2 and A2 phases, dislocation segments are bowed out, indicating
the presence of internal stresses. Furthermore, A2 nanoprecipitates (checked by SAD diffraction,
see Figure S9 of supplementary material) are found in the B2 phase, which interact with dislocations
resulting in jagged lines (cf. red-framed region in Figure 5). Since these precipitates have a
nanometric size, we suspect that they have not formed during annealing at 1100 °C for = 200 h but

upon cooling from 1100°C to 20°C.

11t can be ruled out that the networks observed at A2/B2 interfaces result from Moiré effects (see

Section e in supplementary material).
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Figure 4. Microstructural evolution in the RSA upon annealing between 900 and 1100 °C for 102-
142 h. Note that the magnification of the BSE micrographs is the same within a column and
increases from left to right. In the rightmost column, the observation direction is close to <100>.
(a-c) As-received state. (d-I) Microstructures observed at the head of miniaturized creep samples
exposed to (d-f) 900 °C for 142 h, (g-i) 1000 °C for 116 h, and (j-1) 1100 °C for 102 h.
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Figure 5. STEM-BF micrograph of the A2/B2 substructure in the head of a miniaturized sample
(o = 0) of the RSA after exposure at 1100 °C for = 200 h. The zone axis (ZA) is close to [111] as
shown in the diffraction pattern (note that there are no visible superlattice reflections of the B2
phase for this ZA). Two areas of interests are framed in red and blue in the left micrograph and
magnified in the middle of the figure. The red framed region shows a wavy dislocation within the
B2 matrix reinforced by A2 nanoprecipitates while a dislocation network is visible at the A2/B2
interface in the blue framed region.

3.4 Combined effects of applied stress and temperature during creep on microstructure

The effect of the external load on the microstructural evolution of the RSA can be grasped by
comparing Figure 4 and 6. Besides, Table S1 provides a detailed description of the microstructural
parameters obtained on specimens annealed under load (gage of crept specimens) or without any
applied stress (head of crept specimens). Figure 6 shows low and high magnification SEM-BSE
micrographs of the RSA crept at 900 °C and 60 MPa for 142 h, 1000 °C and 30-60 MPa for 116 h,
and 1100 °C and 30 MPa for 102 h. The micrographs display microstructures from the gage (¢ # 0)
that are comparable to those shown in Figure 4 for the head of the respective samples (¢ = 0). For
all these samples, the only microstructural feature that seems to be significantly affected by the
presence of an external load is the coarsening rate of the A2/B2 substructure, e.g., compare Figure
6¢ and 4f after annealing with and without load, respectively.
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Figure 6. Effect of creep temperature on microstructures of the RSA. The magnification of the BSE
micrographs is the same within a column and increases from left to right. In the rightmost column,
the observation direction is close to <100>. Samples crept at (a-c) 900 °C and 60 MPa (¢ = 0.64 %)
for 142 h, (d-f) 1000 °C for 116 h (e = 0.47 %, with a sudden load increase from 30-60 MPa), and
(g-i) 1100 °C and 30 MPa (& ~ 1.03 %) for 102 h.

To exemplify how quickly a weak external stress (¢ =~ 60 MPa) enhances the coarsening rate at
1100 °C, Figure 7 shows BSE micrographs of the RSA after creep for 11 h, where microstructures
at the head (e = 0 %, Figure 7a,c), and the gage region (¢ = 0.66 %, Figure 7b,d) of the same sample
are compared. After this short time, the A2/B2 substructure has already significantly coarsened
(Figure 7c,d), i.e., the average edge lengths of A2 precipitates are 143-390 nm and 146-475 nm in
the head and gage of crept specimens, respectively. For comparison, they are 18 + 9 nm in the AR
state and 217-747 nm after annealing at 1100 °C for 102 h, Section 3.3). Thus, the coarsening
process seems to be enhanced by a plastic deformation with 18 % larger A2 precipitates in deformed

regions than in undeformed regions.
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Figure 7. Negligible effect of creep load on microstructures in the RSA (a, b) Low and (c, d) high
magnification BSE micrographs of the RSA crept at 1100 °C and 60 MPa for 11 h: (a, c) head of
the creep sample that is assumed to remain unloaded and to not undergo any plastic deformation,
and (b, d) gage section of the sample crept to € = 0.66 % under 60 MPa. Grains are oriented close

to the <100> direction.

3.5 Orientation relationships (ORs) between A2 and AlsxZrs phases

We have previously showed that parts of the B2 phase transform into AlsxZrs in regions with
different morphologies within grains (irregularly shaped domains, and needles or plates) and at
GBs. The aim of this section is to prove this result and to determine the orientation relationships
(ORs) between the different phases using EBSD and TEM. The microstructures of the RSA crept
at 60 MPa are shown in the BSE micrographs in Figure 8a and b for temperatures of 900 and 1100
°C, respectively. The EBSD maps used to identify the nature of the phases and their orientations
were recorded within the white framed regions in Figures 8a,b. Here, the Kikuchi patterns of the
dark and bright regions have been indexed according to the crystallographic structures of a
hexagonal AlsxZrs intermetallic, with space group P6s/mcm, and A2 phase (space group Im3m),
respectively. The A2 phase exhibits the same orientation in the A2/B2 matrix, A2/AlsxZrs domains

and needles (or plates) and is designated as al in Figures 8a,c. Due to their small sizes, cube-on-
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cube OR, and small difference in their lattice parameters, the A2 and B2 phases cannot be
distinguished by EBSD and are indexed as a single bcc phase. TEM is required to detect the
superlattice reflections of the B2 phase, e.g., see our previous work [33] for a detailed
characterization of the AR state. The lattice cells in Figure 8a illustrate the crystal orientations of
the different constituents of the needle (labeled al for A2 and n3 for AlsZrs) and the domain (al
and d2 for AlsxZrs) for the RSA crept at 900 °C. Similarly, in Figure 8b, the crystal orientations of
the phases in a domain after creep at 1100 °C are named a4 for A2 and d5 for Als.«Zrs. Pole figures
(PFs) for the A2 (pink) and AlsxZrs (purple) phases in the substructures of the needle and domain
in Figures 8a and b are shown in Figures 8c-d, respectively, where the black and gray arrows show
the poles of parallel planes and directions that define the OR. The corresponding real space plane
normals and directions are represented by black and gray lines on the lattice cells in Figure 8a and
b, respectively. For the domains, the OR between the A2 and AlsZrs phases is the same regardless
of temperature:

(111)2 [ (0001) o, 7, and {1103}, || {1010} a1, _ zr 2)

This OR is consistent with the partial OR reported by Wang et al. [35] for the precipitation of a
ZrsAls phase in an AlosNbosTaosTiZrog RSA with a similar initial A2/B2 microstructure as our

alloy, i.e., {110} ,, 5, Il {120}, A1, Which coincides with the second term of Equation 2 from the

variants we found for the domains.

In contrast, the OR is different within needles (or plates) see Figures 8a,c,d. Their traces, as well as
those of the thin elongated A2/AlsxZrs lamellae, are almost parallel to the c-axis of Als.xZrs, which
in turn seems to run somewhat parallel to one of the {100}a2 planes (cf. Figure 8a). A close
inspection of possible crystallographic planes that would yield the least mismatch between the A2
and Als.xZrs phases (see Section e of supplementary material) in the direction orthogonal to the

lamellae traces gives:

{100}, |1 {3251}, 3),

so that a semicoherent substructure could arise with this OR. The PFs at the bottom of Figures 8c,d

show that indeed one of the twelve possible {3231} of n3 is well aligned with one of the

Al4__er5

{100}A2 planes of al.
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Figure 8. Orientation relationship between the A2 and AlsxZrs phases in grain interiors. BSE
micrographs of the RSA recorded within grain cores for samples crept under 60 MPa at (a) 900 °C
and € = 0.64 %, and (b) 1100 °C and & = 0.66 %. (c, d) and (e, f) Pole figures (PFs) obtained by
EBSD and taken from the regions marked with white rectangles in (a) and (b), respectively. (c) A2
phase (al) in (a); (d) AlsxZrs phase (d2 and n3) in (a); (€) A2 phase (ad) in (b); and (f) AlsxZrs
in (b). The dashed orange regions enclose A2/AlsxZrs substructures with either an elongated
"needle-like" morphology in (a) or "equiaxed domains" in (a) and (b). Pink and purple colors refer
to A2 and AlsxZrs phases, respectively. Gray linesin (a, b) and gray arrows in (c-f) highlight parallel
directions in the A2 and AlsxZrs phases, while black lines and arrows mark parallel planes. The
insets at the bottom of the figure schematically show how the specimens were cut from the gage

region prior to SEM and EBSD analyses.
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3.6 Precipitate morphologies at and near grain boundaries

Representative microstructures at GBs are shown in Figure 9 for samples crept under 60 MPa at
900 °C (left column) and 1100 °C (right). From the white-framed regions in the BSE micrographs
(Figures 9a,b), EBSD analyses were performed, see Figures 9c-h. In both cases, the dark and bright
regions at GBs in Figures 9a,b were identified as a hexagonal AlsxZrs and A2 phases, respectively.
Inverse (I)PFs are shown in Figures 9c and d where the colors correspond to crystallographic
orientations that are normal to the image plane, see colored stereographic triangles at the lower right
of Figure 9 for color decoding. The PFs of the A2 and Als.xZrs phases corresponding to Figures 9c,d
are provided in Figures 9e,f, and Figures 9g,h.

For the 900 °C-state, Figure 9a shows a faceted GB, previously shown in Figure 4d, with bright
intrusions adjacent to the boundary on either side. From the edges between facets, thin needles (or
plates) have nucleated and grown downwards. Interestingly, the facets of the GB and needles (or
plates) are parallel and probably have the same habit plane. In Figure 9c, A2/B2 regions are indexed
as bce (b2/upper red grain and bl/lower green grain) and the purple regions correspond to the
hexagonal AlsxZrs phase (n3, dark in Figure 9a). Except for a few purple islands? in the lower grain
in Figure 9c, most the AlsxZrs lamellae within needles (or plates) are too thin for EBSD and are
indexed as bcc. As the lower grain in Figure 9a corresponds to the same grain investigated in
Figure 8a, the orientations b1 and n3 in the PFs are the same (compare Figures 8c,d and 9e,f). Since
the AlsxZrs phase within needles (or plates) and at the GB has the same crystallographic orientation
and that the facets of the GB and the needles are connected and parallel to each other’s in Figure 9a,
the formation of n3 needles next to the GB may be thus related to the formation of facets at the GB
with the same OR (Equation 3). While neither thin needles nor the same OR is observed in the upper
red grain b2 in Figure 9a, red and purple intrusions are found to grow into the green grain. The
{110}ncc pole figure in () also shows a subset of three b2 planes aligning with the b1 planes along
the trace of n3 structures, i.e. along a plane containing the c-axis of the hexagonal Als.«Zrs phase
(cf. Figure 9f).

At the beginning of annealing, the B2 phase is composed of continuous straight channels and
cuboidal A2 precipitates. Since the A2 precipitates do not coarsen significantly at 900 and 1000 °C
(cf. Figure 5f and i, respectively), fast diffusion pathways are required to enable the B2-to-Als.xZrs
transformation. The OR between A2 and AlsxZrs within needles (or plates) presented in Equation 3

involves an 0.4 % lattice mismatch at A2/AlsxZrs interfaces, which are probably highly defective.

2 These islands allowed to determine the crystallographic orientation of the AlsxZrs phase within

needles (or plates) in Figure 8a.
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For this reason, diffusion may be enhanced at these interfaces and thus allows needles (or plates) to
grow into the A2/B2 substructure. These interfaces, in turn, being well aligned with the habit planes
of the continuous B2 channels, could thus allow almost uninterrupted growth along {100}g2/a2

planes (cf. Figure 7a).

In contrast to the GB for the 900°C-state, the three GBs connected to the triple point in Figure 9b
for the 1100 °C-state rather resembles the original GB morphology of the AR state (cf. Figure 4b),
with coarse alternating bright/dark regions, with two exceptions: (1) Part of the GB substructure
with A2/AlsxZrs lamellae, appears to have grown discontinuously from right to left in the lower
right grain (see region with red and blue lamellae at the bottom of Figure 9d); (2) The almost vertical
GB at the bottom of Figure 9d exhibits an asymmetric substructure with coarse and fine bright/dark
regions on the right and left sides of the GB, respectively. The fine substructure, marked with an
orange arrowhead in Figure 9b, is reminiscent of that found in irregularly shaped domains (e.g.,
Figure 8b) and shows the same OR described by Equation 2 (cf. Figures 9g and h). Overall, d7 is
the dominant orientation of the AlsxZrs phase at this GB of the triple point in Figures 9d,h.- It is
also interesting that needles (or plates) were not observed after annealing at 1100 °C. Two reasons
can be invoked to rationalize this observation. First, the driving force for B2-to-AlsxZrs
transformation is lower at 1100 °C than at 900 and 1000 °C, i.e., the equilibrium AlsxZrs-volume
fraction strongly decreases with increasing temperature. Second, the A2/B2 matrix coarsens at a
much faster rate at 1100 °C than at lower temperatures (even after only 11 h, cf. Figure 7). Since
the formation of dislocation networks at A2/B2 interfaces accelerates surface minimization, i.e.,
spheroidization of the originally straight {100} faceted A2/B2 interfaces, this may impede needle

(or plate) formation.
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Figure 9. Crystallographic aspects of Als.«Zrs precipitation at grain boundaries during creep of the
RSA. (a, b) BSE micrographs near grain boundaries for samples crept at 60 MPa and (a) 900 °C,
€~ 0.64 %, and (b) 1100 °C, € = 0.66 %. (c) and (d) EBSD-IPFZ maps from the white-framed
regions in (a) and (b), respectively. PFs of () A2 phase (b1 and b2) in (c); (f) AlsxZrs phase (n3)
in (c); (g) A2 phase (b4, b6 and b8) in (d); (h) AlsxZrs phase (d7) in (d). Colors in the PFs correspond
to the orientation of grains in the IPFZ (for color code, see IPF triangles on the lower right). In (d—
h), gray lines/arrows mark parallel directions and black lines/arrows mark normal vectors of parallel

planes.
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3.7 TEM characterization of A2/Als.«Zrs and A2/B2 substructures after creep

As the domains are a common microstructural feature of the transformation from A2/B2 to
A2/AlsxZrs substructures for all tested conditions, an effort was made to characterize them by TEM.
The RSA crept at 1100 °C was exemplarily analyzed in Figure 10. Here, low (Figure 10a) and high-
magnification (Figure 10b) STEM-HAADF micrographs of two different A2/AlsxZrs domains in
the same grain are displayed. The loading direction is approximately normal to the image plane, as
shown in the upper right corner of Figure 10. As the A2/AlsxZrs domains reacted more strongly to
the electropolishing agent, they are thinner than the original A2/B2 matrix (for details, see
Section 1a of the supplementary material). For this reason, the A2/B2 substructure appears darker
in STEM-HAADF micrographs (Figures 10a,b, lower atomic number contrast) and brighter in
STEM-BF (thinner, Figures 10c,d). The micrographs in Figures 10a,b show similar bright (A2) and
dark (AlsxZrs) contrasts as the BSE images, e.g., Figure 8b, while there is a contrast inversion in
the STEM-BF micrographs in Figures 10c,d.

As shown in Figure 10, as well as Figures 4 and 6, the A2 phase in A2/AlsxZrs domains is
continuous while the AlsxZrs phase forms isolated islands. In other words, while the continuous
phase was originally the B2 intermetallic in the A2/B2 substructure, the disordered A2 solid solution
becomes the continuous phase during annealing while the AlsxZrs intermetallic phase is
discontinuous. Therefore, the B2-to-AlsxZrs transformation induces a kind of "topological phase
inversion”. Although most of the A2/AlsxZrs substructure in the domain has a coarse and wavy
shape, the central region has a thin, long, and straight shape, parallel to the trace of the (111)a2 plane

(cf. blue line in Figure 10a,e) that would be coplanar to (0001)ai,,zr, based on the OR in

Equation 2.The insets in Figures 10a,b are selected area diffraction patterns (SADP) from the region
marked with orange circles within the domains, both of which can be indexed with the hexagonal
AlsxZrs and A2 phases observed along the zone axes ZAai, ,z=[201] and ZAa> =[111], respectively.

These patterns show that the {030}ai,,z. planes are coplanar with a different set of {110}az in

either pattern, i.e., indicating the existence of two variants within the same grain with the same OR
described by Equation 2. Based on this OR, the XRD pattern in Figure S8c reveals that the {300} ala-
xzrs diffraction peak is closer to the {110}a2 peak than the (110)s2 peak, indicating that there is a
larger misfit between the A2 and B2 than between A2 and AlsxZrs phases. Therefore, it can be
concluded that the transformation of A2/B2 regions into A2/AlsxZrs domains allows to reduce the

overall elastic strain energy stored into the material.

TEM-EDS point analyses of the different phases within and around the domains were performed,
and the results are summarized in Table 3. In Figure 10a and Table 3, bccl and bec? refer to the A2
phase in A2/B2 and A2/Als.xZrs substructures, respectively. In both substructures, the composition

of the A2 phase is similar, i.e., the A2 phase is enriched in Mo, Nb, Ta and depleted in Al and Zr
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(cf. Table 3). Al, Zr and Ti to a much lesser extent are found to partition to the B2 phase. While the
B2 phase is slightly enriched in Ti, the AlsxZrs phase is poorer in this element. More importantly,
the Als.xZrs phase is more strongly enriched in Al and Zr and depleted in Mo, Nb, Ta than the B2
phase. As A2 formers (e.g., Mo, Nb and Ta) have a lower solubility in AlsxZrs than in B2, these
solutes are released during the B2-to-AlsxZrs transformation and promote the formation of
additional A2 phase. This may be the reason why there is more A2 phase in A2/AlsxZrs domains
(= 43%) than in the A2/B2 matrix of the as-received material (~ 38%, see Table S1) and this may

also contribute to the fact that the A2 phase becomes the continuous phase in A2/AlsxZrs domains.

The framed region in the STEM-BF micrograph in Figure 10c is magnified in Figure 10d, which
reveals the presence of dislocations in the A2 (bcc2) phase within domains while Als.Zrs is almost
dislocation free. By accounting for the thin character of the TEM foils in the domains, the
dislocation density was estimated as pdomain = (2.1 = 1.0)-10*2 m. Many of the straight dislocation
segments found in Figure 10d, e.g., those marked with green and red arrows, have projected line
directions parallel to traces of common A2 slip planes, e.g., (110) and (312) [162], which are

marked with green and red lines, respectively, in Figures 10d and e.

Table 3. Compositions in at.% of the phases in different regions after exposure at 1100 °C for
~200 h and € = 1.22 %. As a comparison, we also provide in this table the composition of the as-

received sample before creep. Elements rich in this phase are highlighted in bold.

Elemental composition /

Phase fraction / at.%
Region % Method Description Al l\él lt\)l l’ T 7r
SEM- Average alloy composition from
Alloy - EDX five different regions at low 22 11 20 8 21 18
magnification (200 X)
TEM- Dark phase in grain core (cf.
B2 333 EDX brown arrow in Figure 10) 1r9 20 4 22 28
Dark phase in domains of grain
Al 14+1 TEM- core (cf. purple arrow in 25 5 13 2 10 45
0<x<1 EDX .
Figure 10)
A2 TEM- Bright phase in grain core (cf.
42+3 pink arrow in Figure 10, marked 4 22 33 18 19 3
(bcel) EDX
as bcc2)
A2 TEM- Bright phase in domains (cf. pink

[¢;]

(bcc2) B EDX arrow Figure 10 marked as bccl) 23 38 17 1715
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Figure 10. STEM micrographs of A2/AlsxZrs domains in the RSA crept at 1100 °C for = 200 h to
e~ 1.22 %, with a load increase from 30 to 60 MPa after 154 h at € =~ 0.74 %. (a) Low and (b) high
magnification STEM-HAADF micrographs of two domains. Indexed SAD patterns, displayed as
insets. (c) Low and (d) high-magnification STEM-BF micrographs of the domain shown in (a). (e)
Simulated bcc (A2) and AlsZrs lattices. Blue, red, and green lines in (a,d,e) denote traces of

characteristic planes in A2 phase. For more details, see text.
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Figure 11 shows a STEM-BF micrograph of the A2/B2 substructure in the RSA after creep exposure
at 1100 °C for = 200 h to € = 1.22 %, with a load increase from 30 to 60 MPa after 154 h at ¢ =
0.74 %. The region of the foil was oriented along ZA = [111] a2 (cf. SADP on the right), about 15°
away from the loading direction, which is marked as being orthogonal to the images in Figure 11.
The image on the left shows A2 precipitates that have grown, coalesced, and lost their straight facets
with respect to the original A2/B2 substructure of the AR material. Hexagonal networks of
dislocations, with a mean mesh size of = 6 nm, are visible at wavy A2/B2 interfaces (see red-framed

micrograph in the middle of Figure 11). It was recently showed by Kloenne et al. [9] that the

Burger's vector of these misfit dislocations at A2/B2 interfaces is 3=a0/2[ 11].

Although they are scarce, some dislocation segments bow out within A2 precipitates, likely on
{110} planes, e.g., the straight segment of the dislocation marked with a green arrow is parallel to
the (110) trace (green lines in Figure 11). These dislocations end at A2/B2 interfaces (cf. green
arrow in Figure 11) so that they interact with the misfit dislocations there by knitting in-knitting out
processes . A similar effect is observed in the B2 matrix phase (cf. black arrows in Figure 11).
These interactions result in a dragging contribution that impedes dislocation motion in the A2 phase
[37]. Such mechanisms were suggested also for the topologically inverted Ni-based superalloy LEK
94 [38, 39] when its y/y' structure in fact resembles that of the coarsened A2/B2 in Figure 11, but

with channel and precipitate widths that double those found here after similar creep exposure.

In the B2 phase, the dislocation lines are either straight or slightly curved (cf. black arrows in
Figure 11), indicating a form of viscous glide that impedes dislocation motion. The B2 phase in
A2/B2 substructures is expected to play a role in dislocation transfer between isolated A2

precipitates. Based on the work of Kral et al. [14] on a similar B2 phase composition, dislocations

in the B2 phase are assumed to have a Burger's vector 5 = a<l111>.

The dislocation density in the interior of the A2 and B2 phases is rather low, paze2 =~ (1.1 + 0.5)-10%
m2. Interestingly, the dislocation density is higher in the head (¢ ~ 0, cf. Figure 5) than in the gage
(o #0, cf. Figure 11) of the creep specimen. One possible explanation for this observation can be
attributed to the formation of dislocations upon cooling from 1100 °C to 20 °C after creep due to
differences in coefficients of thermal expansion of the sample and grips. A comparison of Figure 5
(annealed without load) and Figure 11 (crept) further reveals a similar A2/B2 substructure, although
the crept microstructure is coarser than the annealed one. Moreover, the fact that A2
nanoprecipitates were observed within the B2 phase of the creep sample head (red-framed
micrograph in Figure 5) and not in the gage (Figure 11) can be explained as follows. After creep
testing at 1100 °C, the sample is cooled to 20 °C. As the gage region is cooled at a faster rate than

the heads of the creep specimen due to the high thermal inertia associated with the massive clamping
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adaptors, the cooling rate within the gage is fast enough to preclude the precipitation of the A2
phase in the supersaturated B2 phase while in the heads, the cooling rate is sufficiently low to allow

for precipitation.

Figure 11. Dislocation networks at A2/B2 interfaces in the RSA crept at 1100 °C for = 200 h to
e~ 1.22 %, with a load increase from 30 to 60 MPa after 154 h at € = 0.74 %. The left STEM-BF
micrograph shows a region observed along a <111> direction as shown by the diffraction pattern.
In the left image, the red-framed region is magnified in the middle of the figure and reveals a

dislocation network at the A2/B2 interface. For details, see text.

3.8 Deformation mechanisms and microstructural changes contributing to the creep behavior

The RSA and its creep behavior are complex in many ways: (1) not only the A2 precipitates but
also the B2-matrix present a high concentration of various elements (cf. Table 3), which is the
essence of a complex concentrated alloys; (2) the base microstructure resembles the coherent cube-
on-cube substructure of Ni-based superalloys, albeit with an inverted substructure, which is one
order of magnitude smaller than the common y/y' structure, and a different crystallographic structure
(fcc in Ni-based superalloys and bcc in the present RSA); (3) a recently studied phase instability
occurs [10, 35] during which the A2/B2 structure transforms into what we have named domains
that consist of a hard Als.Zrs intermetallic and a soft A2 phase; (4) the GBs of the RSA are fully
covered by alternating Als«Zrs and A2 lamellae, which hinders grain boundary sliding and favors
the B2-to-Als«Zrs transformation during annealing; (5) high temperatures (e.g., 1100 °C) promote
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the coarsening rate of the A2/B2 nanostructure and A2/AlsxZrs domains, which reduces the Orowan

stress®, enables a greater mobility of the dislocations and thus promotes higher creep rates.

In the present work, the temperature and stress dependencies of the minimum creep rate, &,,;,,, in
the RSA have been determined and an attempt is made to correlate them with the main deformation
mechanisms and microstructural changes observed in the alloy. In Section 3.4, it was shown that,
except for a slightly faster coarsening rate of the A2/B2 nanostructure, the presence of an external
stress does not significantly affect the microstructural evolution during annealing. For this reason,
we believe that the B2-to- Als«Zrs transformation does not significantly affect the Norton exponent.
The latter is comprised between 2.7 and 3.4 in the low-stress regime (30 < ¢ < 90 MPa, Table 2 and
Figure 3a). Although coarsening of both the original A2/B2 and the A2/AlsxZrs substructures
occurs during creep (cf. Table S1), the Orowan stresses fall in a range well above the applied stress.
Thus, the Norton exponent of =3 can be attributed to both dislocation climb and viscous glide acting
as the main rate-controlling deformation mechanisms, for which solute drag is usually assumed
[40].

The calculated apparent activation energy, Qc, has a value of =111 kJ/mol for the RSA between 900
and 1100 °C. This value is very low compared to that of other rCCAs [16] and CCAs [13, 41],
which range from 300 to 660 kJ/mol, see Table 4. One possible explanation is that Q. was
determined in the present work at low homologous temperatures where elastic constants are much
stiffer, i.e., T/Tm < 0.65 (where Ty = 1895 °C is the melting temperature of the RSA [19]) a factor

known to decrease Q¢ in some alloys [18].

The calculation method is also usually suited for five- and not for three-power-law creep and it
assumes that the microstructure of the material remains constant, which is not the case here. We
observe temperature-dependent microstructural changes that may also contribute to the very low
activation energy of the RSA. Therefore, the value of Q. determined graphically must be seen

skeptically.

The most important microstructural change that was observed during creep is the formation of
irregularly shaped A2/Als«Zrs domains from the A2/B2 matrix. This transformation can be seen as
a recovery/softening process for several reasons. (1) Since the lattice misfit is lower between the

A2 and AlsxZrs phases than at A2/B2 interfaces, the B2-to-AlsxZrs transformation results in a

% The Orowan stress can be calculated using: zorowan = pb/d, where p is the shear modulus, b is the
magnitude of the Burger's vector, and d is assumed as the narrowest average width within the phase

containing the dislocation glide plane.
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decrease of the misfit stresses, which may oppose dislocation glide. (2) The extensive B2-to-Als-
«Zrs transformation within irregular domains leads to a kind of “topological phase inversion™ that
promotes plasticity, i.e., while the continuous phase is originally the hard B2 intermetallic in the
A2/B2 substructure, the soft A2 phase becomes the continuous phase after longer time in A2/Als.
«Zrs domains, which helps bypassing the strong Als.«Zrs precipitates without having to cut through
them, as evidenced in Figure 10d.

We now want to explain how the B2-to-AlsxZrs transformation, which is associated with recovery
processes, may affect the very low apparent activation energy for creep. As shown previously, the
lower the temperature is, the larger the volume fraction of A2/AlsxZrs domains, and thus the
stronger the recovery. Therefore, we believe that this B2-to-AlsxZrs transformation is responsible

for the very low apparent activation energy for creep in the RSA.

3.9 Comparison of the creep properties of the RSA with those of bcc-structured alloy, other RSAs,

and engineering materials

The creep properties of the RSA are now compared with those of alloy families that present either
similar phases (ordered B2, disordered bcc, or a combination of both) or a similar microstructure

(matrix reinforced by precipitates such as Ni-based superalloys).

Comparison with bcc-structured alloys

In alloys with a B2 matrix, such as stoichiometric NiAl single crystals (only a B2-phase) [42],
polycrystalline NiAl alloys reinforced by yttria dispersoids [43], and Fe-40Al with small additions
of Mo, Zr, Ti, B and C [44, 45], Norton exponents (3-5) are found to be similar to our RSA but the
apparent activation energies for creep are much higher (300-400 kJ/mol, attributed to self-diffusion
in the B2 phase) due to the B2-to-AlsxZrs transformation in the RSA as presented in section 3.8.
Overall, under comparable conditions, the minimum creep rates of B2 alloys are much faster by
several order of magnitudes than those found in the present work for the RSA, see Table 4.
Recently The AITiVNDbZro2s RSA, composed of a B2 matrix and coarse ZrsAls particles inside the
grains and along GBs (with similar lattice parameters as the AlsxZrs phase in our alloy), crept at
800 °C, was reported to have a &,,;, ~ 2.9x107 st at 100 MPa and &,,;,, ~ 8.0x107" s at 150 MPa,
respectively [14]. Considering the similarity in elemental composition with our alloy, we expect
similar creep properties. Based on an extrapolation of our data for the AIMoosNbTaosTiZr RSA at
800 °C for applied stresses of 100 and 150 MPa, it is expected that the latter RSA is more creep
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resistant, i.e., its &,,;, value should be 2 orders of magnitude lower for 100 MPa and 1 order of
magnitude lower for 150 MPa*, than those of AITiVNbZro.s.

The creep behavior of the HfNbTaTiZr refractory high entropy alloy, which forms a single-phase
bcc solid solution has been reported at 1100-1250 °C and 5-30 MPa [16]. Based on the reported
data, the only temperature and stress combination that can be compared is 1100 °C / 30 MPa, for
which &,,;,, = 7.9x10° s, Our RSA deforms under the same conditions with a minimum creep rate
of 4.0x10° s, which is #2000 times slower. To conclude, the AIMogsNbTagsTiZr RSA with a
A2/B2 nanostructure is more creep resistance than B2 alloys and bcc solid solutions, thus

demonstrating the superior creep behavior of a two-phase material.

Comparison with Ni-based superalloys

When Senkov et al. [7] introduced the AIMoosNbTagsTiZr RSA, they showed how its high-
temperature compressive strength (also under vacuum) surpassed that of the state-of-the-art
polycrystalline precipitation strengthened Ni-based superalloys Inconel 718 (wrought alloy with
<20 Vol.% v'-precipitates (ordered L1,) in a disordered face centered cubic y matrix ) and Mar-
M247 (cast alloy with > 60 Vol.% y'-phase). In Table 4, a similar comparison can be made for high-

temperature creep in terms of &,,;,,, n, and Qc, which will be discussed in the following.

The creep properties of the AlIMogsNbTaosTiZr RSA at 900 °C under 30 and 60 MPa resulted in

minimum creep rates of 8.6 x 10 and 5.7 x 10° s*

, respectively, which are ~2-4 orders of
magnitude lower than those of Inconel 718 [48] and C-264 [50] superalloys (cf. Table 4), in other
words the RSA is more creep resistant than wrought Ni-based superalloys with <20 Vol.% v'.
Regarding the creep parameters of the latter wrought alloys at 900 °C and 50-70 MPa, the Norton
exponents are comprised between 2.3 and 4.4 and the apparent activation energies for creep ranges
from 492 kJ/mol to 550 kJ/mol, which can be attributed to dislocation creep and cutting as the rate
controlling mechanisms depending on the stress/temperature combination [48, 50]. Wrought
superalloys are not designed to reach temperatures above 900 °C, as dissolution and/or coarsening
of the strengthening y' phase (935 °C <y'-solvus < 1015 °C) renders it very ductile [50] and
transformation of y" to deleterious & needles or rods in Inconel 718 accelerates damage

accumulation with the formation of voids at GBs [48].

* The extrapolation yield to values of &,,;, ~9.2x10° s at 100 MPa and &,,;,, ~ 7.9x107 s® at 150
MPa, for the RSA. This extrapolation is made assuming that the material's behavior remains

constant across the temperature and strength range.
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Table 4. Comparison of minimum creep rates (¢,,;,) and creep parameters (n, Qc) of the

AlMoosNbTaosTiZr RSA with those of high-temperature materials and alloys with similar phases.

Starting

microstructure Alloy T[°C] o/ MPa Emin | 5t n Qc/ kd/mol Reference
30 8.6 x1010 ~
900 60 5.7 x10° =21
30 9.0 x10°
A2/B2 30-60 1.1 x10° = 2.7
nanostructure + 1000 90 3.7 x10® .
continuous RSA 120 7.5 x108 ~ 111 +£11 this work
GB A2/AlsxZrs 160 7.7 x107 =55
30 6.0 x10°°
1100 60 3.7 x108 ~34
90 1.5 x107
cf. Table 3,
982 150 1.06 x10°8 - sample 4 in
[46]
Mar-M247 "
structure 1000 100 1.7 x109 ~ 5% 660 in [47]
+ 1000 150 3.6 x 10
GB precipitates In718 900 50 1.9 x 106 ~2.3 492 [48]
(carbides and/or 120 1.8 x 107
intermetallics) SX DD33 1100 174 8.3 x 106 - - [49]
900 60 1.0 x 107
C-264 70 2.0 x 107 ~44 550 [50]
950 60 5.0 x 106
NiAl single crystals 1000 =30 10°-10* 5 300 [42]
NiAl alloyed with = 1027 1.0x10°%
fine yttria ~ 30 " [43]
B2-structured dispersoids = 1127 8.0x10
Fe-40Al with small 60 2.5%x107
additions of Mo, Zr, 700 =35 300-400 [45]
BZZ'StL“ICf‘tJ red + 100 2.9x107
i AITiIVNbZrozs ~ 800 °C - - [14]
. 150 8.0x107
particles

*Graphically determined from 100 and 150 MPa data points in Figure 9a in [47]
**Determined at 200 MPa (Figure 12 in [47]).

In contrast to wrought superalloys, cast superalloys with higher y' volume fraction and y'-solvus

(e.g9.,~ 62 Vol.% y' and y'-solvus = 1230 °C in Mar-M247 [46] can be subjected to temperatures up

to 1000 °C with better &,,;,, than the RSA by roughly one order of magnitude. In both wrought and

cast superalloys, GBs are pinned by carbides, which prevent GBs from sliding at high temperatures.

For cast superalloys, degradation mechanisms include rafting of the y'-phase and dissolution of

carbides. In this sense, similar mechanisms occur in the Mar-M247 cast superalloy and our RSA.

For example, both alloys present a high amount of refractory elements that render their

nanostructured ordered phases but also their solid solutions more resistant at high temperatures;

particle sizes of the same order of magnitude; rafting evolves (cf. Figure 6c¢,f,i) with overlapping

internal and external stresses; grain boundary pinning, in the RSA by the A2/Als.xZrs substructure,

although its discontinuous growth may ultimately render it too brittle GBs.
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To eliminate grain boundary effects, single crystalline superalloys can be produced such as the
DD33 and LEK 94 superalloys. These alloys have a microstructure morphology that resembles that
of the RSA but is based on the typical y/y' structure, and which for our coarse-grained RSA is stiff
GBs. When comparing the &,,;,, with SX DD33 alloy, it is evident that our RSA presents a faster
creep at 1100 °C, i.e., for 90 MPa in the RSA é&,,;,, is similar to that of the SX DD33 alloy at 120
MPa (higher stress). Regarding the creep mechanism described for the SX DD33, Yue et al. [49]
reported that at 1100 °C and stress levels ranging from 120 MPa to 174 MPa, &,,;,, exhibited a
significant dependence on stress, with values ranging from approximately 1.8x107 s* at 120 MPa
to around 8.3x10® s at 174 MPa. This sudden change was rationalized by a change in controlling
mechanisms from dislocation climb to a combination of Orowan looping and y" particle shearing

by perfect superdislocations [49].

For the RSA we also observe a change in creep behavior at 1000 °C from lower to higher applied
stress, where the shape of the ¢ vs € curves also imply a change in mechanisms (Figure 2e), also
interpretable from the two different linear fits feasible for the 1000 °C temperature, giving rise to
Norton exponents n = 2.7 for ¢ < 90 MPa and ~ 5.3 for ¢ > 90 MPa. These two n values are also
usually associated with viscous glide / climb-controlled and dislocation creep regimes. Although
the A2/B2 substructure of the RSA is inverted, a scenario where dislocations cut the B2 phase at
higher resolved shear stresses could be feasible, while our TEM observations in the low-stress
regime at 1100 °C (cf. Figure 11) support a viscous glide through the B2 with mostly straight
dislocation segments.

4. Summary and Conclusions
The creep degradation of the AlMoosNbTaosTiZr refractory high entropy superalloy was
investigated between 900-1100 °C and 30-160 MPa under vacuum. The main results are

summarized as follows:

(1) The stress exponent of 2.7-3.4 at 30-90 MPa suggests that viscous drag and climb of
dislocations may be the deformation mechanisms that govern the creep behavior. At higher
stresses (> 90 MPa) and 1000 °C, the stress exponent increases to =5, indicating that creep
may be dominated by dislocation climb.

(2) Thermal exposure at 1100 °C for ~200 h leads to the formation of dislocation networks at
A2/B2 interfaces to accommodate the large lattice misfit between these phases, regardless
of the applied load.

(3) During annealing with or without an applied load, the initially B2 matrix reinforced by

cuboidal A2 precipitates partially transforms into irregularly-shaped A2/AlsxZrs domains
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in which the A2 phase is continuous with discontinuous Als.xZrs precipitates. As a result of
this “topological inversion”, the soft A2 phase percolates and dislocations within this phase
can easily bypass the AlsxZrs intermetallic phase, which in turn accelerates the creep rate.
As the annealing temperature decreases from 1100 °C to 900 °C, this stabilizes the Als.xZrs
phase, the volume fraction of A2/Als.xZrs domains strongly increases and this phenomenon
thus decreases the apparent activation energy for creep.

(4) In addition to the previously mentioned formation of A2/Als.«Zrs domains, there is another
phenomenon that contribute to the temperature dependence of the creep behavior, i.e., high
temperatures (e.g., 1100 °C) promote coarsening of the A2/B2 nanostructure and A2/Als.
«Zrs domains, which reduces the Orowan stress in the B2 and A2 phases and promotes high
creep rates. In this case, as coarsening is related to bulk diffusion, the apparent activation
energy for creep is usually close to that required for self-diffusion. In the present work, the
apparent activation energy for creep was found to be rather low (111 = 11 kJ-mol™?),
indicating that the B2-to-Als.«Zrs transformation plays a major role on the creep behavior
of the AIMoosNbTagsTiZr alloy.

(5) The RSA demonstrates superior creep resistance compared to other B2 engineering alloys
and rCCA with B2 matrix, under similar temperatures and stress conditions. However, the
creep resistance of the RSA is lower than cast Ni-based alloys that are commonly used for

structural applications.

In summary, while the AIMoosNbTagsTiZr RSA shows promising creep properties, it presents a
poor microstructural stability, which can decrease its performance over time and increase its
susceptibility to failure. Therefore, we believe that the design of more creep-resistant refractory

RSAs should focus on increasing the stability of the A2/B2 nanostructure.
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These supplementary materials provide additional information regarding the above-mentioned

article. It is divided into five sections:

a. Determination of TEM sample thickness in A2/Als.xZrs domains
b. Microstructural characterization after annealing (head of creep samples, 6 =~ 0)
c. X-ray diffraction analyses

d. Microstructural characterization after creep (gage of creep samples, ¢ # 0)

e. Determination of a possible Moiré effect

a. Determination of TEM sample thickness in A2/Al4-xZr5 domains

To evaluate dislocation densities, it is necessary to determine the thickness of the sample within the
region where the dislocation density is evaluated. Since the electropolishing procedure induced a
preferential etching in the A2/AlsxZrs regions, they were thinner than the surrounding A2/B2
regions. Thus, a method was implemented to account for this difference in thicknesses. To
determine the thickness of the TEM sample within A2/AlsxZrs "domains”, a procedure that
involved taking a STEM-BF micrograph (Figure S1a) was conducted, considering the orientation
determined from the diffraction pattern in Figure S1b and the geometry of the TEM sample

represented in Figure S1c.
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The dislocation contained in A2 phase (bccl) has a projection whose trace is marked with the blue
line in Figure S1a, and whose magnitude is O = 59 nm. It has been described in literature that screw
dislocations typically move in bcc phases [1]. Therefore, we assume that the dislocation in the A2
phase, marked by blue, is along the a(111). A repsententation of the cubic unit cell oriented along
the (111) plane is shown in Figure S1b, where the trace of the dislocation line in Figure S1a is also
represented by the same blue line, shown as s in Figure Slc. The (111) plane is approximately

parallel to the sample plane, and therefore, the normal # of the sample is parallel to the zone axis
ZA, as shown in Figure S1c. The angle between the Z4 and the §, as shown in Figure Slc, can be
determined using:

ZA.3

OS(I) = =5
|ZA||3]

where Z4 = [111] and the § = [111], and ¢ is the angle between them. ¢ = 70.53°, which give o =
19.47¢ (cf. Figure S1c). After obtaining this angle, the tangent function was applied to calculate the
opposite (the dashed line marked in red in the triangle in Figure S1c) and hence determine the
thickness of the sample (“X”). Thus, the thickness of the sample was found to be X = 21 nm in the

domains.

(a) (b) (C) TEM sample
' ' F = ZA=[111]

) l.E:[lli] ____________

e / ‘g

Sample thickness “X”

ZAhex=1201JrZAbcc1 = 11.111
R )

. - . ' !
e ®
Olohe\

Ogohm = 1iobc€1
.

4 1ﬁhm’ 102]19\

Figure S1. Representation of the procedure to determine the thickness of the TEM sample (a) STEM-HAADF
micrograph of an Als«xZrs/A2 domain showing a diffraction contrast, where dislocations in the A2 phase are visible.
(b) Corresponding SADP where diffraction spots from the AlsZrs phase (P6s/mcm space group) are marked with
red arrow heads (zone axis: [201]a;,  zr,) While the A2 phase is oriented along the [111]a, zone axis.
(c) Representation of the TEM sample. Trigonometric relation between the thickness of the sample “X” and the

trace of dislocation line marked by the blue line in (a) and the blue arrow in the cube in (b).
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b. Microstructural characterization after annealing
Determination of phase area fractions after annealing (head of creep samples, o= ()

The microstructural evolution in the AIMoosNbTaosTiZr RSA after annealing at 900 °C for 142 h,
1000 °C for 116 h, and 1100 °C for 102 h, is shown in the BSE micrographs displayed in Figures
S2a-c, respectively. In these images, taken at a magnification of 8.000X, A2/AlsxZrs domains are
visible. These domains were first marked in black (see Figures S2d-f) using the image analysis
software FIJI. Then, Figures S2d-f were binarized and the area fraction of the black/white regions
was measured from Figures S2g-i, where the black regions represent the A2/AlsxZrs domains, and
the white region represents the A2/B2 matrix, in Figures S2g-i. A total of at least three images for
each condition were binarized (not shown here) and analyzed to determine the total area fraction

with the respective standard deviation. The results are summarized in Table S1.

1000 °C /116 h 900°C/142h

1100 °C /102 h

Figure S2. BSE micrographs of the AIM0oosNbTagsTiZr RSA from the head of the miniaturized creep samples
exposed to (a) 900 °C for 142 h, (b) 1000 °C for 116 h, and (c) 1100 °C for 102 h. (d-f) Same BSE micrographs
as in (a-c) where A2/Al4xZrs domains are black. (g-i) Binarized images taken from (d-f), to quantify the area
percentage of the domains (black) with respect to the A2/B2 matrix (white). Image analysis was performed with
the FIJI software [2].
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To determine the surface fraction of the A2+Als.xZrs phases at grain boundaries (GBs) and within
needles (or plates), we used the same procedure as for the domains. Figures S3a and d show BSE
micrographs of the RSA annealed at 900 °C for 142 h at low (300X) and medium magnifications
(1000X), where structures at GBs and within needles (or plates) are visible, respectively. A total of
at least three images for each condition were binarized (not shown here) and analyzed to determine
the total area fraction with the respective standard deviation. Additionally, the same procedure was
applied to the samples annealed at 1000 °C for 116 h and 1100 °C for 102 h (not shown here) to
assess the surface fractions of the A2+AlsxZrs phases at GBs and within needles. All the obtained

results are summarized in Table S1.

900 °C/142h
(b)

GBs

Needles

Figure S3. (a,d) BSE micrographs of the RSA from the head of creep samples exposed to 900 °C for 142 h
(b) Same BSE micrograph as in (a) where A2/AlsxZrs regions at GBs are highlighted with a black color.
(c) Binarized image, taken from (b), to quantify the area percentage of A2/Al.«Zrs regions at GBs. (¢) Same BSE
micrograph as in (d) where A2/Al..Zrs needles (or plates) within grains are marked as black regions. (f) Binarized
image, taken from (e), to quantify the area percentage of needles (or plates). Image analysis was performed with
the F1JI software [2].

To quantify the AlsxZrs area fraction within A2/AlsxZrs domains, we analyzed the BSE
micrographs in Figures S4a-c of specimens annealed at 900 °C for 142 h, 1000 °C for 116 h, and
1100 °C for 102h, respectively. The red-framed domains in Figures S4a-c are magnified in
Figures S4d-f. The latter were binarized and the results are shown in Figures S4g-i, where the black
and white regions represent the AlsxZrs and A2 phases, respectively. A total of at least three images
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for each condition were binarized (not shown here) and analyzed to determine the average area

percentages of the Als.«Zrs and A2 phases within domains, see Table S1.

900 °C /142 h

°C /116 h

Figure S4. BSE micrographs of the AIMoosNbTagsTiZr RSA from the head of miniaturized creep samples
exposed to (a) 900 °C for 142 h, (b) 1000 °C for 116 h, and (c) 1100 °C for 102 h. The red-framed regions showing
AlsxZrs/A2 domains in (a-c) are magnified in (d-f), respectively. Using the image analysis software FIJI, the BSE
micrographs in (d-f) were binarized and the results are shown in (g-i), respectively, where the AlsxZrs phase is
black and the A2 phase white.

Figure S5a shows a BSE micrograph of the RSA at high magnification (30.000X), where an A2/B2
region in the head of a creep sample exposed to 1100 °C for 102 h can be observed. Using the same
procedure as mentioned before, the surface percentages of the A2 and B2 phases and the
corresponding standard deviations were determined, see Table S1. Domain-free zones are seen
close to GBs in the RSA annealed at (Figure S6a) 900 °C for 142 hours; (b) 1000 °C for 116 hours;
and (c) 1100 °C for 102 hours. White double arrows were used in Figures S6 to indicate the widths

of these zones.
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Figure S5. (a) BSE micrograph showing the A2/B2 matrix of the RSA after annealing at 1100 °C for 102 h (head
of the creep specimen). (b) Binarized image from (a), using an image analysis software to determine the area
fraction of the A2 and B2 phases. In (b), the A2 precipitates appear as white particles and the B2 channels as a

black background.

- 900°C/142h

Figure S6. After annealing of the RSA, domain-free zones are observed near grain boundaries. The widths of
these zones are marked with white double arrows. BSE micrographs of the RSA from the head of miniaturized
creep samples exposed to (a) 900 °C for 142 h, (b) 1000 °C for 116 h, and (c) 1100 °C for 102 h.

The microstructural characteristics of the RSA annealed at 900 °C for 142 h, 1000 °C for 116 h,
and (c) 1100 °C for 102 h are displayed in Figures 7a-c, respectively. These include GBs covered

with A2 and AlsxZrs phases, A2/AlsxZrs domains within grains, and A2/B2 zones in grain interiors.
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900 °C/142h

1000 °C /116 h

1100 °C /102 h

Figure S7. Overview of microstructural features in the RSA after annealing at (a) 900 °C for 142 h, (b) 1000 °C
for 116 h, and (c) 1100 °C for 102 h. The low-magnification BSE micrographs, taken from the head of
miniaturized creep samples, where grain boundaries (GBs) covered with AlsxZrs/A2 regions, Als«Zrs/A2 domains

within grains and A2/B2 zones in grain interiors are marked with arrows.
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c. X-ray diffraction analyses

Figure 8a shows the XRD pattern of the RSA in the as-received state (i.e., homogenized at 1400
°C, HIPed at 170 MPa and 1370 °C for 2 h, and cooled at 10 °C/min). The pattern confirms the
presence of the B2, A2, and hexagonal Al-Zr-rich phases. The latter is indexed as AlsZrs. The lattice
parameters of the phases are 331.48 £ 0.15 pm and 326.12 + 0.09 pm for the B2 and A2 phases,
respectively, and a = 805.65 + 0.63 and ¢ = 545.04 £ 1.19 pm for AlsxZrs, 0 <x < 1.

Figures 8b and ¢ show XRD patterns recorded from the head of the creep specimen exposed to
900 °C for 142 hand 1100 °C for 11 h, respectively. Figure S8a-c confirms the presence of the A2,
B2, and hexagonal AlsxZrs phases before and after annealing. Diffraction peaks corresponding to
the hexagonal phase are more intense in the annealed samples than in the as-received sample. This
is in good agreement with the increase in the area fraction of this phase following annealing. For
the sample annealed at 900 °C and 142 h, the lattice parameters of the phases are 331.19 + 0.11 pm
and 325.68 + 0.02 pm for the B2 and A2 phases, respectively, and a =805.65 + 0.63 pm and
€ =545.04 £ 1.19 pm for AlsZrs.

For the sample annealed at 1100 °C and 11 h, the lattice parameters of the AlsxZrs phase are similar
to the sample annealed at 900 °C, and the lattice parameters of the A2 and B2 phases are 326.12
and 331.57 pm, respectively.
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Figure S8. XRD of the RSA (a) before creep (as-received state) and after annealing at (b) 900 °C for 142 h, and
(c) 1100 °C for 11 h.
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Table S1. Comparison of area fractions and sizes of the different phases in the crept samples after exposure to different temperatures and plastic strains.

Phase/region area fraction / % Phase size Minimum
Relative Al Zrs/A2 Relative Relative Al Zrs/A2 distance
A2 A2 AlyyZrs Total A2 between
Sample T/°C) t/h o/ MPa el % . fraction fraction Total A2 | Total B2 - Needle Domain domains
fraction in in AlaZrs fraction*  fraction® | PreCIPIaes oot diamet d GB
in the needles = domains = GBs domains/ | domains/ fraction* (nm) eng lameter an s
A2/B2 (Hm) (Hm) (Hm)
needles needles
As- - - - - 38+2 - - <1 - - <l 38+2 62+2 4.5:41.7 . . )
received
900 142 =0 ~0  3gE2 2 51 5 42+2  B8x2  34%2  40+2  26+2  L0<x<9 34£18 5%l 187
Head 1000 | 116 =0 ~0  3gE2x 2 16 6 $3%3  57x3 14x3  39x2  a7z2  onxs 1¥ES 5e2 8+3
1100 102 | =0 ~0 | 35+3 - 9 5 44+3 56 +3 8+3 36+2 56 +2 217-747 i 4l 812
900 142 60 064 27+6 2 54 5 44+2  56+2  34+2  41+6  24+6 95228 28+12 | 522 1946
Eﬁgfh 1000 116 30-60 047 315 1 16 5 44+3  56+3 1243 41%5  47+5 105250  o*4  4*l 7l
1100 102 30 103 32+4 - 12 5 44+2  56+2  10+2  39%4  5l+4 293997 4l 82

*Total amount in the RSA
** Due to the limited resolution of the SEM, we assume the same phase fraction as in the as-received state.

***Due to the limited resolution of the SEM, we assume A2 precipitates size “X” to be larger than in the as-received state, and smaller than in the gage

length.
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ZA=[011] .11l
3 ()'ll

111
100

. 211
By 200 ¢

Figure S9. (a) STEM-BF micrograph of the A2/B2 substructure in the head of a miniaturized sample (c ~ 0) of
the RSA after exposure at 1100 °C for ~ 200 h at (a) low magnification showing the SADP from the region marked
by the green circle oriented along ZA = [011], (b) in the region marked by the white squared in (a), (c) higher
magnification of the red framed region in (b), showing within the B2 matrix reinforced by A2 nanoprecipitates.

Figure S9a shows a micrograph of the A2/B2 nanostructure in the head of a miniaturized sample of
the RSA after exposure at 1100 °C for = 200 h. The SADP from the region delimited by the green
circle is oriented along ZA = [011], as shown in the inset (cf. Figure S9a). In Figure S9b, we present
the region marked by the white square in Figure S9a (also Figure 5 of the manuscript). The region
marked in red and magnified in Figure S9c shows a region analogous to the previously mentioned
SAD region marked in green within Figure S9a. Upon examination of the SADP, it becomes evident
that both phases, i.e., A2 and B2, are discernible. Notably, the region designated by the green circle
exclusively aligns with the B2 matrix phase, and the diffraction pattern exclusively reveals the
presence of the A2 and B2 phases. Based on this observation, we can conclude that the A2 phase

precipitates are the secondary component within the B2 phase.

d. Microstructural characterization after creep

Determination of phase area fractions after creep (gage of creep samples, o # 0)

Figure S10 shows BSE micrographs of the RSA after creep at 1100 °C for 11 h, where the head
(e = 0 %, Figure S10a), and the gage (¢ = 0.66 %, Figure S10b) of the corresponding creep sample
are compared. At this magnification, it is visible that the domains are distributed uniformly inside

the grains.
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Figure S10. Non-significant effect of applied load during annealing on microstructure of the RSA. (a) BSE
micrographs of the material crept at 1100 °C and 60 MPa for 11 h: (a) head of the creep sample (no applied stress,

no plastic deformation) and (b) gage of sample crept to € = 0.66 %.

1.22%

1100 °C /=200 h /¢

Figure S11. Determination of the surface fraction of phases in A2/Al4.«Zrs domains in the RSA crept at 1100 °C
for 102 h up to £~ 1.22 %. (a-b) STEM-HAADF micrographs taken from the gage of the miniaturized creep
sample. The red-framed A2/Al.Zrs domain in (a) is magnified in (b), and binarized in (c) to quantify the area
percentage (%) of the Als.«Zrs phase. In the binarized image, the black and white regions correspond to the AlsxZrs

and A2 phases, respectively.

Figure S1la shows a STEM-HAADF micrograph of the RSA after creep at 1100 °C for 102 h
resulting in € = 1.3 %. The image was taken from the gage of the creep sample. To quantify the
surface fraction of the AlsxZrs phase in domains, a region of the micrograph in (a) is marked with
a red square and magnified in (Figure S11b) where there is a combination of AlsxZrs/A2 phases.
Figure S11b was binarized (Figure S11c) to determine the area percentage of the black region,
corresponding to the AlsxZrs phase and the white region, corresponding to the A2 phase. The
obtained results are summarized in Table S1.
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e. Determination of orientation relationship between the A2 and AlsxZrs

needles-like regions

As a starting point, the morphology of the needles and was considered, since it they show a fine
lamellar A2/AlsxZrs substructure that runs approximately parallel to the needle trace. These
lamellae also run approximately parallel to {100},,/5,, Where the initially coherent A2/B2
interfaces are located. One of these planes is also approximately parallel to the c axis of the
hexagonal lattice that in turn aligns approximately along the needle traces (cf. al and n3 in Figure
8a in the manuscript). As the thin A2/AlsxZrs lamellae could be due to a semicoherent substructure,
the planes of the AlsxZrs phase with interplanar distances dna were inspected using the software
JEMS [3], which followed these orientation tendencies, and which would give a mismatch < 10 %
with dnoo for the A2 phase. Table S2 shows the list of for plane families and their hexagonal

equivalents, their dna and the calculated mismatch (1 — dyo0,,/dhki,,_zn) X 100.

Table S2. Interplanar distances d of hkl ), 7, that yield to a mismatch < 10 % with dngg,, (h: 1,2).

h0Oa2 dhooao /MM dhklap, zr/PM  Mismatch/%  hklap,zrs

100 0.3232 0.34116 5.6 111,110, 211, 121, 211
0.16763 3.7 230, 520, 250, 350

200 0.1616 0.16104 0.3 321, 521, 351
0.15944 1.3 510, 410, 450

Subsequently, the HKL 5 software was used to generate the pole figures of the Als.xZrs (hexagonal)
phase for the needle region of the EBSD map in Figure 8a. Comparing these pole figures with the
pole figure of the A2/B2 phases, it was found that only one of the {321}, zr reflections, with a
mismatch of 0.3 % (cf. Table S2), coincides with one of the {010} o2 (cf. al and n3 respectively

marked in Figure 8c and d of the main manuscript). Therefore, a possible semicoherency OR is

found, as described by Equation 3 in the main manuscript.
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f. Determination of a possible Moiré effect

In the RSA, the cube-on-cube relationship of the A2/B2 substructure, with {100} interfaces, shows
two sets of diffracting planes but different lattice parameters. When the transmitted electron beam
passes through these two lattices one after another, a Moiré pattern may appear in the overlapping
region of the resulting image, with interference fringes that arise from a superposition of the two

original interplanar distances, d;, and d>.

As described in Ref. [4], bright and dark fringes or patterns with spacing D may thus form between

these two periodicities, following the relationship:

__did,
S di— dy

where di, and d», are the interplanar spacings of each phase for the respective operating reflection

vector g.

From the lattice parameters of the A2 and B2 phases determined by XRD (aa2 and ag), the
respective interplanar spacings (dnw) that should be observed in TEM were determined. Table S3
summarizes the measured aa2, asz, dito, Dcac (Calculated), and Dexp (experimental). Dcac was
determined using diio extracted from the XRD lattice parameters for each phase. Dexp Was
determined by measuring the average values for the pattern spacing along the blue line in the red

square shown in Figure S12.

Table S3. Lattice parameters (a), Miller indices of the diffracting planes (hkl reflections),
interplanar spacings (dna), calculated and experimental periodicity (Dcaic and Dexp), determined from
the XRD patterns in Figure S8.

Reflection Deaic/ Dexp /
Phase a/nm dh / Nm
h| k|| nm nm
B2 0.3313 |1 |1 |0 |0.234264

A2 03254 | 1|1 0 |0.230093

12.92 10.74
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Figure S12. STEM-BF micrograph of the A2/B2 nanostructure oriented along the [111] zone axis after exposure
of the RSA to 1100 °C for 200 h up to € ~ 1.22 %. The image was taken from the gage of the creep specimen. The

pattern spacing at the A2/B2 interface was measured along the blue line in (a) to determine a possible Moiré effect.

AS Dcaicand Dexp do not match (cf. Table S3), with a difference of = 20 %, it can be concluded that
the visible patterns at the A2/B2 interface are not related to the Moiré effect but correspond to
dislocation networks. Furthermore, as Moiré fringes for our cube-on-cube A2/B2 orientation
relationship would be parallel to the traces of the diffraction planes (ga2 = 110 || gs2 =110) and
perpendicular to Ag, the pattern lines visible in Figure S12 do not match the plane traces of the
diffraction planes that would contribute to the Moiré effect (see red line in Figure S12).
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5. General conclusions and outlook

The work presented here comprises a comprehensive investigation of hitherto not addressed
relevant aspects of the AIMoosNbTaosTiZr RSA, which include: 1) thermodynamic and
microstructural stabilities at high temperatures through CALPHAD method, 2) microstructure
analysis in both, as-cast (AC) and annealed state (AN), 3) microstructure, lattice misfit, and
mechanical properties at room temperature (Vickers hardness and fracture toughness) as affected
by cooling rates, and 4) creep behavior. The present study aimed to evaluate the potential of the
RSA for high-temperature structural applications and explore opportunities to improve its room
temperature mechanical properties, which have been described as a major concern for this alloy. To
accomplish this, several materials states from different processing steps and routes, including as-
cast, homogenized at 1400 °C for 24 hours, and different cooling rates after homogenization were
explored. The alloy was analyzed in several ways, such as microstructural analysis, mechanical
characterization at room temperature via nanohardness and microhardness-based fracture
toughness, and at high temperature (from 900 to 1100 °C) via tensile creep testing. The key findings
and conclusions from the analysis of the RSA are summarized as follows:

The as cast and homogenized states at 1400 °C for 24 h exhibit distinct microstructures. In the AC
state, the dendritic structure comprised A2/B2 phases in both the dendritic and interdendritic
regions. Additionally, A2 phase precipitates were embedded in a B2 phase matrix, with an edge
length < 20 nm, which differs to the AN state. In the latter, a strong plate-like formation and
channels (A2/B2 structure) with an edge length ~ 10-fold larger is present. Furthermore, within the
interdendritic structure in the AC state, a mostly amorphous phase was found, which was rich in Al
and Zr (= 8 % of phase, 5 % crystalline), with a P63/mcm space group and AlsxZrs stoichiometry.

The AN crystalizes completely after annealing.

The phase stability of the RSA using equilibrium CALPHAD calculations with TCNI10 and
TCHEAZ3 databases, showed a good agreement with the AN in the high temperature phase
formation, anticipating the formation of two bcc phases, i.e., Al-Zr-Ti-rich and Mo-Nb-Ta-rich
phases, assumed to be respectively the A2 and B2 phases determined experimentally. However, in
the non-equilibrium condition using the Scheil-Gulliver model equation, there are many
discrepancies, indicating the formation of a single bcc phase, and phases such as Sigma and Laves,
which were not identified in the AC experimental microstructure. These results highlight the need
for additional research to refine the modeling in the used TC databases, in which accurate
solidification paths and ordered phases formation are lacking due to the absence of key ternary
diagrams (e.g., Mo-Nb-Ta, Mo-Nb-Ti, Mo-Nb-Zr, Nb-Ta-Zr, Nb-Ta-Ti, Ta-Ti-Zr, Ti-Zr-Mo, Ti-
Zr-Nb).



General conclusions and outlook 158

Through CALPHAD calculations, it was possible to anticipate the formation of a miscibility gap,
which confirmed the hypothesized spinodal decomposition, as the mechanism of precipitation of
the A2/B2 phase nanostructure observed experimentally. Furthermore, a proposed mechanism
describes the formation of A2 precipitates, inspired in an earlier mechanism observed in alloys with
miscibility gap regions and a large lattice misfit. Then, the development of the RSA microstructure
appears to be a result of a dynamic process, characterized by a complex coarsening of the A2/B2
microstructure, which is notably influenced by the lattice misfit between the A2/B2 phases and

varies with time and temperature.

When the cooling rate starting at the solutioning temperature is increased, it leads to the formation
of a finer and more homogeneous A2/B2 substructure while inhibiting grain boundary precipitation
of the hexagonal AlsxZrs intermetallic phase. The A2/B2 substructure refinement was also found
in the as-cast state.

The finer A2/B2 substructure without AlsxZrs phase at GBs achieved at higher cooling rates
enhances the room temperature hardness without affecting the fracture toughness, which remains
poor. This hardness enhancement is highly influenced by the constrained phases (i.e., A2/B2),
resulting in reduced stresses and strain forces acting at the interface (and therefore reduced misfit),
when the microstructure becomes smaller and more homogeneous. Thus, implementing this
processing route enables the alloy to exhibit improved resistance, particularly at room temperature,
which is highly desired in many technical applications. However, from a mechanical perspective,
the similarity in fracture toughness between the RSA and other B2 intermetallics is as a limitation,

as it makes the material more challenging to manage at room temperature.

DTA results proved that the liquid phase appears at a temperature higher than for Ni-based alloys,
e.g., = 200 °C higher than for the SX CMX4 alloy, which points in the right direction for high
temperature structural applications. Keeping this in mind, the high temperature stability and creep
resistance in the 900-1100 °C and 30-160 MPa regime was evaluated in this work, in order to
further assess the applicability of the RSA and related alloys for this kind of applications. Thus, a
Norton exponent n =~ 2.7-3.4 was found for the load range 30 < ¢ < 90 MPa, which verifies the
three-power law as the mechanism at lower stresses. In the stress level 90 < ¢ < 160 MPa, the five-
power law can be interpreted as valid at 1000 °C, where dislocation climb is expected to be rate

controlling for creep plasticity.

Characteristic microstructural changes in the RSA play a crucial role in the mechanism of
deformation during tensile creep. First, the effect of only high temperature exposure, i.e., e = 0 %,
promotes microstructural changes that include: 1) phase transformation from the B2 phase to the
AlsxZrs hexagonal phase with two ORs and their associated domain and needle morphologies, 2)

faceting of Als.Zrs hexagonal phase decorating the GBs, which elongate along the [0001],,, 7., at
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900 and 1000 °C and enhances needle formation, and 3) coarsening and coherency loss of the

starting A2/B2 nanostructure.

The formation of domain and needle structures, in both of which a A2 /AlsxZrs lamellar substructure
evolves from a as the transformation B2 - A2 + AlsxZrs during the creep process, facilitates the
dislocation movement within the ductile A2 phase. This phase transformation leads to a recovery
process that is associated with a reduction in misfit stresses and a "topological phase inversion" that
promotes plasticity. Therefore, the phase transformation is an important thermodynamically driven
mechanism that contributes to creep around 900 °C. In this manner, the B2-to-AlsxZrs+A2
transformation could contribute to decrease the apparent activation energy for creep in the RSA,
which was determined as 111 + 11 kJ/mol. Additionally, the low apparent activation energy can
also be partly explained by its stronger elastic modulus dependence at low homologous
temperatures (here, T/Tm < 0.65). The value for the apparent activation energy found here is namely

low compared to other B2-structured alloys and CCAs.

However, the o-enhanced coarsening of the A2/B2 structure and its associated rafting also enhances
dislocation movement during creep, especially around 1100 °C. Thus, at higher temperature, where
the A2/B2 and domains coarsening is more dramatic, € is higher at least partly due to a reduction
of the Orowan stress in both A2 and B2 phases.

The misfit between the A2/B2 phase is ~ -1—2 % when the RSA is cooled at different rates, i.e.,
higher misfit (= -1.71) when the cooling rate is lower (5 °C/min), and lower misfit (=~ -1.36) when
the cooling rate is higher (30 °C/min). Furthermore, as the temperature increases in a short-term
experiment (= 30 min), the coefficient of thermal expansion of the A2 phase induces a lattice
parameter expansion that is faster than that of the B2 phase. Consequently, the lattice misfit

becomes less negative, especially up to 900 °C.

However, the formation of dislocation networks between the former interfaces is promoted after
long-term temperature exposure at 1100 °C and = 200 h, which accommodate the coherency stresses

between the A2 and B2 phases, which in turn increases lattice misfit to > 2%.

In general, a comparison between the RSA and other equivalent microstructures of previous works
showed that the RSA has a superior creep resistance than other B2-structure alloys, including other
B2-structured CCAs. However, when comparing with well-established Ni-based superalloys that
are designed for structural applications in the high temperature regime, the RSA still presents lower
creep resistance, probably due to the poor microstructural stability, which can minimize the long-

term high temperature performance and increase the tendency to failure.

Interestingly, the RSA with a nanostructure that resembles that of the Ni-based superalloys, was

described to be a good prospect for high-temperature structural applications, with superior
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compression properties than the former up to 1200 °C. Although the creep resistance of the RSA at
evaluated temperatures is lower than for some Ni-based superalloys, the superior creep resistance
compared to other B2-structure alloys is encouraging. However, grain boundary and B2-matrix
instabilities, as well as lack of room temperature ductility require further improvement before
considering this alloy for the intended applications. Furthermore, the mechanical properties have
been evaluated so far under vacuum conditions (in order to separate the effect of the mechanical
behavior and the degradation of the alloy by oxidation and/or corrosion). Evaluating the oxidation
behavior at the intended application temperatures has received little considerations to date, despite
its essential character for typical high-temperature applications. Thus, in terms of future prospects,

additional research is needed in this respect.

Finally, the findings of this study have practical applications in the design and development of the
RSA material class, where knowledge of microstructure, mechanical properties, and creep behavior
are critical for achieving desired material properties. Therefore, this study advances the

understanding of the RSA class and provides a foundation for future research in this area.
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