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Refractory chemically complex alloys with bcc-based microstructures show great potential for high-tem-
perature applications but most of them exhibit limited room-temperature ductility, which remains a
challenge. One such example is the AlMogsNbTag sTiZr alloy, mainly consisting of a nano-scaled structure
with an ordered B2 matrix and a high-volume fraction of aligned cuboidal and coherently embedded A2
precipitates. This work aims to investigate how the cooling rate after hot isostatic pressing of the
AlMog sNbTag sTiZr alloy affects its microstructure and its resulting hardness and fracture toughness at
room temperature. A slow cooling rate of 5 °C/min leads to a coarse microstructure consisting of aligned
slabs (mean A2 precipitate = 25 nm) with a nanohardness of about 8 GPa. In contrast, after the fastest
cooling rate (30 °C/min), the A2 precipitates become more cubic with an edge length of = 16 nm, resulting in
an increase in nanohardness by 10 %. The fracture toughness is roughly independent of the cooling rate and
its mean value (= 4.2 MPa-m'/?) resembles that of some B2 intermetallics and other A2/B2 alloys. As the
lattice misfit between the A2 and B2 phases is known to play a key role in microstructure formation and
evolution, its temperature dependence between 20 and 900 °C was investigated. These findings offer in-
sights into the evolution of the microstructure and room-temperature mechanical properties of the
AlMog sNbTag 5TiZr alloy, which could help the development of advanced chemically complex alloys.

© 2023 The Authors. Published by Elsevier B.V. This is an open access article under the CC BY license (http://
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1. Introduction

Chemically complex alloys (CCAs) are a class of materials with
unique microstructures and properties. They have been studied for
the past 20 years because they open a wide range of possible com-
binations of alloying elements with high concentrations that can
satisfy the ever-growing requirements of, e.g., high-temperature
materials, as conventional one-element-based materials reach their
limits [1,2]. Refractory (r)CCAs, which were first reported by Naka
[3], contain high concentrations of elements such as Mo, Nb, and Ta
and have been widely studied in recent years as a possible solution
to the limitations of conventional alloys [4-6], e.g., as potential
candidates for improving the efficiency of components used in high-
temperature structural applications such as gas turbines [7-9]. One
promising example of rCCAs is the AlMogsNbTagsTiZr alloy (here,
the Mo and Ta mol fractions are half those of Al, Nb, Ti, and Zr,
corresponding to AlygMooNbyeTa1oTizgZr29 in at%), which was
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produced for the first time by Senkov et al. [10] and has been re-
plicated and later studied by other authors [11-14]. After cooling
from 24 h at 1400 °C, this rCCA decomposes spinodally into a dual-
phase A2/B2 (Strukturbericht designation [15]) microstructure, also
known as ofa’ microstructure in Fe-based alloys [16], which re-
sembles the y/y’ microstructure of well-known Ni-based superalloys
[17]. For this reason, together with its good compression properties
at room and high temperatures (i.e., yield strength of 2000 MPa and
745 MPa, at 23 and 1000 °C, respectively), this rCCA has also been
called refractory superalloy (RSA) by Senkov et al. [10]. It also con-
tains a minor Al-Zr-rich hexagonal intermetallic phase decorating
the grain boundaries. The A2/B2 microstructure has also been re-
ported for other CCAs that also form by spinodal decomposition [18].

While its compressive strength is high, the ductility of this RSA
and other bcc-based rCCAs [19] is still a great concern. Some efforts
have already been undertaken to reduce the room-temperature (RT)
brittle behavior of CCAs [20-23], and of the RSA [24]. For example,
Soni et al. [25] demonstrated that the RT ductility of the
AlgsNbTag gTiisVoZr A2/B2-structured alloy can be improved
through phase inversion by controlling the annealing process. Re-
cently, Dong et al. [22] reported that replacing Ta with Ti increases
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the ductility of the Als(NbTaTiZr)ges alloy, although it may compro-
mise the compressive yield strength. In the case of the Al-
Moo sNbTagsTiZr RSA, reducing the Mo content also reduces the
brittle behavior under compression at RT, although it decreases the
strength of the alloy and leads to the formation of a finer Al-Zr-rich
phase at grain boundaries [24]. Due to this limitation, the quest to
optimize the composition of these alloys and/or to establish new
processing routes to improve their properties continues.

Recent studies in the field of CCAs demonstrate that their mi-
crostructures and their resulting mechanical properties could be
tuned by adjustments of the processing route [26-28]. For instance,
Wang et al. [29] determined that an increase in the amplitude of
ultrasound solidification refined the L1,/B2 eutectic microstructure
and therefore improved the strength and ductility of the FeCo-
NiyAlg g alloy. Cooling rates can have a significant effect on the mi-
crostructure and mechanical properties of Ni- and Co-based
superalloys [30,31] and of CCAs [32,33], e.g., Munitz et al. [34] de-
monstrated that changes in the heat treatments and cooling rates
lead to microstructural changes of the AlCrFeNiTips CCA, i.e., heat
treatment at 650 °C increased the amount of A2/B2 phases and de-
creased the amount of the ductile fcc phase, thus increasing the
hardness but reducing the ductility. In the AlgsCoCrFeNi CCA, con-
sisting of fcc, bcc and B2 phases, Xoing et al. [35] found that faster
cooling rates resulted in larger volume fractions of the B2 phase,
which in turn promoted the hardness at the expense of ductility.
While these studies suggest that higher cooling rates generally result
in higher strength and lower ductility, the specific results may de-
pend on the nature of the alloy.

Given these recent studies that show the potential for modifying
the microstructure and mechanical properties of CCAs by controlling
their processing routes, the effects of the cooling rate on the mi-
crostructure and room temperature mechanical properties of the
AlMog sNbTag sTiZr RSA are investigated here. Specifically, this study
focuses on following the microhardness, nanohardness and fracture
toughness of the alloy as a function of cooling rate (5, 10 and
30 °C/min).

2. Materials and methods
2.1. Material

Pure elements were vacuum arc melted under Ar atmosphere
and allowed to solidify to produce an ingot of approximately
20 x 20 x 50 mm?>. For details related to arc melting, the reader may
refer to Ref. [13]. The ingot was subsequently homogenized at
1400 °C for 24 h (under Ar, purity >99.998 %) and cooled at< 4 °C/
min. Then, three slices with dimensions 20 x 20 x 6 mm? were in-
dividually HIPed (Quintus QIH-9 URQ from Quintus Technologies AB
equipped with a Molybdenum furnace) at 1370 °C for 4 h under
170 MPa to close porosity introduced via casting, after which each
slice was cooled at a different rate of 5, 10, and 30 °C/min. The
cooling rate was controlled by natural cooling (free convection) in
combination with regulated gas flow of cold gas and heating inter-
vals while the temperature was monitored with 4 thermocouples.
Thus, it was possible to control the cooling rates. After processing,
metallographic specimens were ground using SiC abrasive papers
(p320, p600, p1200, p2500, and p4000) followed by polishing for
10 min using colloidal silica with a 50-nm grain size.

2.2. Mechanical properties

Nano and microindentation tests at RT were conducted on the
metallographically prepared specimens that underwent different
cooling rates (5, 10, and 30 °C/min). While the microhardness tests
were averaged over several phases and grains of the matrix, 10-16
local nanoindentation tests were performed to evaluate the
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nanohardness of intermetallics forming at grain boundaries and
two-phase (A2/B2) regions within grains. The nanoindentation
measurements were performed using a Hysitron Tribolndenter
(Hysitron TI 980 Bruker) equipped with a Berkovich diamond in-
denter tip, a maximum load of 8 pN, a holding duration of 10 s, and a
speed of 0.8 uN/s. The displacement (h) was monitored as a function
of the load (P) throughout each load-unload cycle. The indentation
modulus E, was determined from the slope of the unloading curve at
maximum load using the classical relationship [36]:

[ lvyzdp

" 2.JAdh (1)
The elastic (Young's) modulus (E) of the alloy can then be cal-
culated from [37]:

1 _1-92 1 -2

E, E E; )

where v (assumed to be equal to 0.3) and »; (= 0.07) are the Poisson's
ratios of the specimen and diamond indenter tip, respectively, and E;
represents the Young's modulus of the indenter tip (E; =
1141 GPa [38]).

Microhardness measurements were performed following the DIN
EN ISO 6507-2 standard with a testing machine (KB 30 SR FA Basic)
equipped with a Vickers indenter tip. Measurements were per-
formed with three different weights of 1, 20, and 30 kg (loads of
9.8N, 196 N, and 294 N, respectively) and about 20 indentations for
each load. Subsequently, both diagonals of each remnant indent
were measured by optical microscopy to estimate the hardness. To
avoid interactions between indents, the latter were performed 2 mm
apart. The fracture toughness (K.) of the RSA was estimated using the
model described in Ref. [39]. To this end, the lengths of the cracks
formed at the corners of the indenter tip were measured using a
scanning electron microscope (SEM) equipped with a field emission
gun (FEG) and a backscatter electron detector (BSE) at an accelera-
tion voltage of 25 kV (SEM, FEI Quanta 3D). First, only remnant in-
dents whose four primary cracks emanated straight and radially
from each corner (as described in the ISO 21618 standard [40]) were
considered. Then, indents with spalled edges, asymmetrical, split, or
forked cracks were also considered to compare the final values be-
tween the subset and the full set of microindents. SEM images were
acquired in the specimens after microhardness testing with 20 and
30kg. Additionally, the fraction of cracks, F, at the corners of the
indents was determined using F. = total number of cracks / (number
of indents x 4). To make a comparison of the fracture toughness of
the RSA with different relevant engineering materials, including bcc-
structured alloys, an Ashby plot was generated using the GRANTA
Edupack software (ANSYS, Inc.), which shows the fracture toughness
as a function of Vickers microhardness.

2.3. Characterization

The microstructures of the specimens cooled under different
conditions were analyzed before mechanical testing using the pre-
viously mentioned SEM. The latter is equipped with an energy-dis-
persive X-ray spectroscopy (EDS, EDAX Octane Elect SDDs) detector
that allowed for determining the compositions of different phases
and two-phase regions. The average grain size was determined ac-
cording to ASTM E112 [41]. SEM-EDS analyses of large regions (=
2 mm?) were performed on the three specimens cooled at 5, 10, and
30 °C/min (see Table S1 of Supplementary Material). Table 1 shows
the average chemical composition of the AlMogsNbTag sTiZr RSA.

For transmission electron microscopy (TEM), samples were pre-
pared as described elsewhere [13]. Conventional (C)TEM was used to
acquire selected area diffraction patterns (SADPs), bright-field (BF),
and dark-field (DF) micrographs. Scanning (S)TEM was conducted
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Table 1
Chemical composition of the RSA obtained using semi-quantitative SEM-EDS aver-
aged over large regions. All concentrations are in at%.

Al Mo Nb Ta Ti Zr

Concentrations in at% 22 12 20 8 20 18

using the high-angle annular (HAA)DF mode for atomic number
contrast imaging (Z-contrast). The TEM (JEOL JEM-2200FS),
equipped with a FEG, was operated at an acceleration voltage of
200 kV.

The size of the bcc (A2) precipitates, and B2 channels, as well as
the area fractions of the present phases in the HIPed samples after
different cooling rates, were estimated using the image analysis
package FIJI [42].

X-ray diffraction (XRD) patterns were recorded at RT, 200, 600,
800, and 900 °C with a D8 Advance Bruker diffractometer using the
Bragg-Brentano geometry, a Cu Kal radiation (g, = 0.15406 nm),
and a 26 scattering range between 10° and 140°. For the high-tem-
perature measurements, an Anton Paar furnace under vacuum (=
5.102 mbar) was employed. The identification of the phases was
carried out by comparing the experimental patterns with simulated
patterns using the PowderCell software package [43]. The lattice
parameters of the different phases were determined from the peak
positions (260) in combination with Bragg’s law.

The temperature dependence of the lattice parameters and the
misfit between the A2 and B2 phases were additionally calculated
using the ThermoCalc software (version 2020b) [44] in combination
with the TCHEA3 database. For this purpose, the molar volumes (V)
of the A2 and B2 phases were calculated as a function of temperature
and the corresponding lattice parameters (a) were deduced from:

1

- [ 2]
Ny 3)
where V,, is the molar volume and N, is the Avogadro’s constant.

The lattice misfit § in % was subsequently determined from a,, and
agp using Eq. (4):

5= 2(ap2 — 032)100
a2 + g2 (4)

3. Results and discussion
3.1. Effect of the cooling rate on the A2/B2 microstructure after HIP

Fig. 1 shows the microstructure of the RSA at different magnifi-
cations for the specimens cooled at 5 °C/min (1st column), 10 °C/min
(2nd column), 30 °C/min (3rd column). The microstructure in the
three cases consists of equiaxed grains (first row of Fig. 1) containing
subgrain boundaries. Grain and subgrain boundaries are marked
with blue and red arrows, respectively, in the second row of Fig. 1.
The average grain size is found to be nearly independent of cooling
rate, i.e,, 151 + 32 pm for 5 °C/min, 147 + 26 pm for 10 °C/min, and
154 + 25pm for 30 °C/min. This shows that the three specimens
experienced similar thermal histories and the region of the ingot
from where they were extracted had a homogeneous grain size. At
low magnification, contrast variations are visible within grains, in-
dicating that the dendritic microstructure was not fully homo-
genized during our heat treatment (1400 °C for 24 h).

In the 5-°C/min sample (Fig. 1a), the grain boundaries are almost
completely covered by dark precipitates surrounded by a bright rim
(Fig. 1b). They occupy 7 + 1 % of the surface (see Fig. S1 of supple-
mentary material and Table 2 and were identified in previous studies
as a hexagonal Al-Zr-rich phase (Aly_Zrs, with 0 <x<1) with a P65/
mcm space group while the bright regions surrounding the
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precipitates correspond to a Nb-Mo-Ta-rich A2 phase (<1 %)
[10,11,13]. These phases were also identified in the sample cooled at
10 and 30 °C/min, but the area fractions of the Al-Zr-rich phase were
3+1%and< 1%, ie, 23 and 7 times lower than in the 5-°C/min
specimen, respectively (Fig. S1 and Table 2). Based on this observa-
tion, it can be concluded that a lower cooling rate promotes the
precipitation of the Al-Zr-rich phase. When the cooling rate is suf-
ficiently slow, Al and Zr diffuse towards grain boundaries and allow
the Al-Zr-rich phase to grow while Ti, Ta, and Nb diffuse in the op-
posite direction and accumulate at the rim of these intermetallic
particles. Note that the amount of the Al-Zr-rich phase is disputed in
the literature. For the same heat treatment (1400 °C for 24 h) and
cooling rate (10 °C/min), three different area fractions were reported
for the Al-Zr-rich phase, e.g., Jensen found 16 % [45], Senkov et al., 6 %
[10] and Whitfield et al. less than 1 % [12]. This discrepancy cannot
be solved at this point.

At higher magnification (3rd row of Fig. 1), the well-known na-
nostructure described previously [10,24] with aligned cuboidal A2
precipitates embedded in a continuous B2 matrix appears for the
three different cooling rates. However, the cooling rate is found to
strongly affect the length scale of the nanostructure: the greater the
cooling rate, the finer the nanostructure.

Due to their small size, the A2 precipitates were further char-
acterized by TEM. Fig. 2a-c show CTEM-DF micrographs and corre-
sponding SADPs of the 5, 10, and 30-°C/min specimens, respectively,
viewed along the [001] zone axis. By selecting the superlattice re-
flection (100) marked with green circles in the SADPs (shown as
insets), the ordered B2 channels appear bright while the disordered
A2 precipitates are dark. A more detailed analysis of the CTEM-DF
micrographs is provided in Figs. S2-54 of the supplementary mate-
rial. The contrast in the STEM-HAADF micrographs in Fig. 2d-f is
equivalent to the BSE contrast in Fig. 1a-c but with a better resolu-
tion, i.e., the A2 precipitates appear brighter than the B2 matrix
owing to their higher Z-contrast. SEM-EDS and TEM-EDS analyses in
Table S2 of supplementary material confirmed that the A2 phase is
Mo-Nb-Ta-rich while the B2 phase is Al-Zr-rich and the hexagonal
P63/mcm phase is Al-Zr-rich, consistent with previous reports on the
AlMog sNbTag sTiZr RSA [10,24]. The diffraction contrast in the STEM-
BF images did not reveal the presence of dislocations at the A2/B2
interfaces after cooling from 1370 °C (see Fig. S5 and Fig. S6 of
supplementary material), so that all the aligned cuboidal pre-
cipitates were fully coherent unless found at defective regions, e.g.,
subgrain boundaries (see red arrows in Fig. 1b, e and h), which were
not quantified here.

The relative area fractions of the A2 and B2 phases were de-
termined from STEM-HAADF micrographs (see Fig. S7 of supple-
mentary material). The mean grain size, the area fractions of the
different phases, the range of precipitate and channel sizes as well as
their average sizes for the RSA cooled at different rates are sum-
marized in Tables 2 and S3. It is also visible in Fig. 2d-f that the B2
phase presents narrow and wide channels, whose widths are pro-
vided in Table 2.

The variations in area fractions of the A2 and B2 phases after
different cooling rates (cf. Table 2) are small compared to the error
bars, indicating that they are approximately independent of cooling
rates. In contrast, the average edge length (d) of the A2 precipitates
and the width of the wide B2 channels significantly decrease by 36 %
and 61 % with increasing cooling rates from 5° to 30°C/min, re-
spectively (cf. Table 2). At this point, d disregards the elongated
character of the A2 precipitates. This aspect is now investigated in
more detail in Fig. 3, which shows the aspect ratio (AR) histograms of
the A2 precipitates in the RSA cooled at different rates. The AR of
each precipitate is calculated as: AR =narrow edge length | wide
edge length, with 0<AR <1, so that the projection of the particle is
an almost perfect square when AR is close to 1. These projected
square-shaped particles are mostly located at the intersections of
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5 °C/min

10 °C/min

30 °C/min

Fig.1. BSE micrographs of the RSA after annealing (1400 °C for 24 h) followed by HIP (1370 °C for 4 h at 170 MPa) and cooling at (a-c) 5 °C/min, (d-f) 10 °C/min, and (g-i) 30 °C/min.
Note that the magnification within a given row is the same. The blue and red arrows indicate grain and subgrain boundaries, respectively.

Table 2

Grain size, area fractions of the different phases, edge length of the A2 precipitates, and width of the B2 channels in the RSAs cooled at different rates. The error bars correspond to

the standard deviations.

Cooling rate Grain size (pm) Phase area fraction (%)

Phase average size (nm)

(°C/min) B2 A2 AlyZrs, B2 channel width A2 precipitate edge length (d)
channels precipitates 0<x<1 -
narrow wide
5 151 + 32 54 +7 39+7 7+2 4+1 46 + 20 25+15
10 147 + 26 62 +2 35+2 31 3+1 31+12 18+9
30 154 + 25 54 +4 45+ 4 <1 3+£1 18£8 16 £7

two perpendicular rows of aligned precipitates, i.e, each row is de-
limited by wide channels, Fig. 2d-f. A comparison of Fig. 3a-c reveals
that the percentage of A2 particles with a nearly perfect square
shape (see black arrows) declines with a decreasing cooling rate,
indicating that the elastic strain energy of rows of aligned slabs
becomes lower than that of cubes as the particles coarsen. Apart

from the sharper maximum at AR = 1 for higher cooling rates, the AR
distribution shows a broad asymmetric maximum. The position of
this broad maximum as well as its width are found to increase with
an increasing cooling rate. It is thus clear that there is a tendency to
form more symmetric precipitates (with higher AR values) in the
RSA as the cooling rate increases. Note that the composition of the
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5 °C/min

30 °C/min

CTEM-DF

STEM-HAADF

10 °C/min

Fig. 2. (a-c) CTEM-DF micrographs of the nanostructure within equiaxed grains oriented along the [001] zone axis with their respective SADPs (insets) for RSAs cooled after HIP at
(a) 5 °C/min, (b) 10 °C/min, and (c) 30 °C/min. Superlattice reflections (100) used for imaging are marked with green circles. In this diffraction condition, the B2 phase appears
bright while the A2 phase is darker. (d-f) Equivalent STEM-HAADF micrographs for (d) 5 °C/min, (e) 10 °C/min, and (f) 30 °C/min. The fact that the contrast of the A2 slabs and
cubes is brighter in (d-f) indicates that these precipitates have a higher density than the B2 matrix. The red and green arrows in Fig. 2d-f, and red dashed rectangles in Fig. 2d and f,
represent a comparison with the mechanisms proposed by Wang et al. [46]. For details see Section 3.4 and Fig. 7.

A2 and B2 phases remains approximately the same in all three
states, as determined with TEM EDS (Table 3).

Based on these results, it can be concluded that the cooling rate
affects the microstructure of the RSA in terms of morphology, size,
and distribution of both B2 channels and A2 precipitates, as well as
the precipitation of the Al-Zr-rich phase. The area fractions of B2 and
A2 phases fluctuate around rather constant values and the width of
the thin B2 channels remains roughly constant.

As shown previously, a slow cooling rate promotes the hetero-
geneous precipitation of an Al-Zr-rich phase at grain boundaries.
Since this phase grows at the expense of the B2 phase [22], one may
expect the B2-phase volume fraction in the vicinity of grain
boundaries to be locally lower. However, since the area fractions and
compositions of the A2 and B2 phases (cf. Table 3) were determined
in the center of the grains, their values are unlikely to be affected by
the presence of the Al-Zr-rich phase. This may be the reason why the
area fractions and compositions of the A2 and B2 phases listed in
Table 3 do not significantly depend on the cooling rate.

3.2. Effect of cooling rate on the lattice misfit

The XRD patterns at RT of the RSA cooled at 5, 10, and 30 °C/min
are displayed in Fig. 4 as black, light and dark purple lines, respec-
tively. The A2 and B2 phases as well as a hexagonal Aly_,Zrs inter-
metallic were identified. The lattice parameters of these phases (see
Tables 3 and 4) agree well with those previously determined for the

AlMog sNbTag sTiZr RSA [10,12,13,45]. The lattice misfit, 5, between
the A2 and B2 phases was calculated using Eq. (4) [48], resulting in
negative lattice misfits (Table 4).

As the lattice parameters of the hexagonal intermetallic phase
were found to be nearly independent of the cooling rate, we provide
their average values in Table 4. In contrast, when the cooling rate
increases, the lattice parameters of the A2 and B2 phases in Table 4
increase and decrease respectively, resulting in a decreasing mag-
nitude of the apparent lattice misfit. In principle, there are three
potential contributions to this evolution, namely (1) the formation of
a dislocation network at the A2/B2 interface that may relax the
misfit (resulting in stronger differences between aa, and agy), (2) a
change in the composition between the A2 and B2 phases, and (3) a
size effect related to the density of A2/B2 interfaces. (1) As no dis-
locations were observed by TEM at the A2/B2 interfaces regardless of
the cooling rate (cf. Fig. S5 and Fig. SG of the supplementary mate-
rial), we conclude that the investigated cooling rates are fast enough
to avoid the formation of dislocations upon cooling. Therefore, this
contribution can be neglected. (2) TEM-EDS observations (cf. Table 3)
show that the composition of the A2 and B2 phases does not change
significantly with the cooling rate. A contribution of the composition
on the lattice misfit can thus be ruled out. (3) When the cooling rate
is slow, there is a low number density of large precipitates. As the
lattice misfit across a coherent interface induces an elastic strain
[49], the lattice parameters of the A2 and B2 phases in the vicinity of
the interface are constrained, resulting in a small local "constrained"
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Fig. 3. Histograms showing the relative frequency distributions of A2-particles aspect
ratios in the RSAs cooled at (a) 5 °C/min, (b) 10 °C/min, and (c) 30 °C/min.

misfit. However, these constraints are progressively relaxed as one
moves away from an interface. As a result, the cores of the large A2
precipitates and wide B2 channels are less affected by the coherency
misfit and the local apparent misfit is larger there. When there is a
high number density of small precipitates (e.g., for a high cooling
rate), the density of A2/B2 interfaces is larger, resulting in a greater
effective volume affected by elastic strains and therefore the mag-
nitude of the apparent macroscopic lattice misfit is smaller. This
latter contribution is in line with our experimental results in Table 4.

Now we compare our results with those reported in the litera-
ture. All recorded A2/B2 lattice misfits of the AlMog sNbTag sTiZr RSA
at RT are between -1 and -2%. (c¢f. Table 3). Compared to § in fcc-
structured superalloys, which are usually in the order of -0.1 % (in
many commercial Ni-based superalloys) or +0.3 % (Co-base) [50],
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the misfit value in the AlMogsNbTagsTiZr RSA is very large. A de-
tailed comparison of our lattice misfit data with the works from
Senkov et al., (6=-11 % [10]), Kloenne et al. (§=-2.1 % [14]) and
Whitfield et al. (§=-1.51 % [12]) proves challenging on different le-
vels, e.g., the uncertainty of some of those measurements was either
not given [12], or led to variations of up to As=0.6 % [10], albeit, in
the latter case, the authors did not focus on the subject of lattice
misfit. In two of the works summarized in Table 3 [10,12], the final
microstructure arose after cooling from 1400 °C at 10 °C/min, while
in the work by Kloenne et al. [ 14], the lattice misfit was studied after
aging at 1000°C for 6h and subsequent water quenching (cf.
Table 3).

The work of Senkov et al. [10] reported |5] = 1.07 %. If we use the
measurement uncertainty given by Senkov et al. to find the lower
and higher limits for their as; and ag, and apply Eq. 4, we find the
range - 1.37 %< 6 < -0.76 % (cf. 4th row in Table 3). The aa, and ag,
values reported by Whitfield et. al. [12] (cf. 5th row in Table 3) yield
§=-1.51 %. They did not report an uncertainty for the measurements.
However, their 6 is more negative than that of Senkov et al. [10], and
thus closer to what we found. Considering the three possible con-
tributions to the lattice misfit mentioned previously, we can state
the following: (1) the A2/B2 images reported by Senkov et al. [10] (cf.
their Figs. 5 and 6) do not show the presence of misfit dislocations,
as in our case. The SEM images reported by Whitfield et al. [12]
reveal an A2/B2 microstructure with flat interfaces and sharp cor-
ners resembling our dislocation-free interfaces. (2) The chemical
composition of Senkov's A2 and B2 phases is similar to ours (Table 3)
but no information on A2 and B2 compositions was reported by
Whitfield et al. [12]. (3) By inspection of the (S)TEM images from
Senkov et al. [10] and from their stated values, both the average edge
length of their A2 precipitates and the width of their wide B2
channels are smaller than our measured values. They report a higher
fraction of the A2 phase than we do. These values would represent
an increased density of A2/B2 interfaces in their material state,
which in turn would lead to a stronger constrain of the respective
inner phase regions by the latter, and thus to a smaller value of |5|. As
for a comparison with the work by Whitfield et al. [12], no conclu-
sion can be drawn because their SEM-BSE image does not show the
widths of the channels precisely enough.

In the third work, Kloenne et al. [14] used a different material
condition: their alloy was aged at 1000 °C for 6 h and water quen-
ched. After aging, the authors found that an array of misfit disloca-
tions formed at the A2/B2 interfaces to relax the coherency strains.
Based on the spacing between dislocations, Kloenne et al. [14] es-
timated a "relaxed" lattice misfit of —2.1 %, which is more negative
than our "constrained" values for fully coherent A2/B2 interfaces.

3.3. Temperature dependence of the lattice misfit &

To determine the temperature-dependent lattice parameters of
the A2 and B2 phases, as well as the lattice misfit between them, in-
situ XRD was performed between RT and 900 °C in an RSA that was
cooled at 10 °C/min. The in-situ XRD patterns are shown in Fig. 5
where the inset allows us to distinguish the 110 peaks of the A2 and
B2 phases. At RT, the A2 and B2 peaks are clearly separated. With
increasing temperature, the intensity of the 110 peaks of the A2
phase decreases due to its progressive dissolution. Moreover, the
distance between the 110 peaks of the A2 and B2 phases decreases
between RT and 900 °C, indicating that the difference between the
lattice parameters decreases. From the XRD patterns in Fig. 5, the
obtained lattice parameters (aa» and ag,) and the lattice misfit are
summarized in Table 5 and their temperature dependences are
shown on the left and right axes of Fig. 6a, respectively. With in-
creasing temperature from RT to 200 °C, as the atomic mobilities are
extremely low, the microstructure must remain constant and the
changes in as, and ag, reflect thermal expansion. In Fig. 6a, aay is
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Table 3
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Phases, compositions, microstructural features, and processing parameters of the AlMogsNbTagsTiZr RSA from this work and other studies. The phase and alloy compositions
were determined by TEM-EDS and SEM-EDS, respectively. In this table, we also list the area fractions (AF) of the different phases, the lattice parameters of the cubic phases, the
lattice misfit (5) between the A2 and B2 phases, the A2/B2 coherency, the corresponding heat treatments, and sources.

Phase / alloy Concentration (at%) AF a ) A2/B2 coherency (Final heat Source
(%) (A) (%) treatment step)
Al Ti Zr Mo Nb Ta cooling®
A2 51 17+1 8+1 17+1 301 23+1 39 3.2632 -1.65 > & > -1.77 Fully (1370°C, 4h) This work
B2 271 23+1 251 8+1 13+1 4+1 54 3.3196 coherent 5°C/min
Al Zrs 40+1 9+2 34+1 3+1 11%1 2¢1 7
alloy 22 20 18 12 20 8
A2 4+1 151 111 171 291 241 35 3.2616 -1.54 > 5 > -1.73 Fully (1370°C, 4h) This work
B2 261 211 251 9+1 14+£1 5% 62 3.3155 coherent 10 °C/min
AlyyZrs 39+£1 9+%1 34+1 4+1 1M+120 3% 3
alloy 23 20 18 12 7
A2 5%1 16+1 101 16+1 27+1 261 45 3.2616 -1.20 > § > -1.52  Fully (1370°C, 4h) This work
B2 271 22+1 24+1 8+1 14 +1 51 54 3.3155 coherent 30 °C/min
Al Zrs 40+1 9+1 35+1 3+1 10t1 3+1 <1
alloy 22 21 17 12 20 8
A2 4 17 10 16 32 22 45 3.2690 -0.76 > 8 > -1.37  Fullycoherent (1400 °C, 24 h) [10,45]
B2 26 25 26 6 14 4 39 3.3040 10 °C/min
AlyZrs® 37 10 38 3 9 3 16 (£0.005)
alloy 20 18 19 1 22 10
A2 18 21 22 9 19 11 50 3.2700 -1.51* Fully (1400°C, 24 h) [12]
B2 50 3.3200 coherent 10 °C/min to
Aly \Zrs® <1 750°C +
alloy furnace cooled
A2 12 20 9 15 28 16 *Same as 3.3100 -2.00 > 5 > -2.19 Relaxed by misfit (1000 °C, 6 h) [14,47]
B2 30 25 24 6 12 3 Senkov 3.3800 dislocations Water quench
AlyZrs® et al.[10]
alloy

& Calculated using Eq. 4, from values of lattice parameter described in [12]

¢ All works treated the alloy to 1400 °C for 24 h before final cooling step

« For simplification, we assume that the Al-Zr-rich phase, reported by other authors, corresponds to our Als ,Zrs phase.

+ Assumption based on provision of material by O. Senkov, as stated in their acknowledgement [14].
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Fig. 4. XRD patterns of the RSA cooled at 5 °C/min (black), 10 °C/min (light purple),
and 30°C/min (dark purple). The (110) reflections of the A2 and B2 phases are
magnified in the inset. The dashed lines represent the position of the peaks in the
sample cooled at 5 °C/min for the A2 (blue), B2 (red), and Al,_4Zrs (green) phases.

Table 4

Fig. 5. In-situ XRD patterns of the 10-°C/min sample at different temperatures (RT,
200, 600, 800, and 900 °C). The dashed lines represent the position of the peaks in the
sample at RT for the A2 (blue), B2 (red), and AlyZrs (green) phases. As the tem-
perature increases, the thermal expansion induces a peak shift towards lower angles.

Lattice parameters of the A2 and B2 phases (aa; and ag,) determined by XRD in the samples cooled at different rates and corresponding apparent lattice misfits. Also shown are
the lattice parameters (a, c) of the Al-Zr-rich hexagonal phase. The uncertainties in "a", associated with the fit of the 2¢ peaks in the A2/B2 phases, are given by the standard

deviation of several peaks for the Als_Zrs phase and are calculated by the laws of error propagation for the lattice misfit.

Lattice parameters (A) Lattice misfit & (%)

Cooling rate Qpo agy AlyyZrs, 0<x<1

5 °C/min 3.2632 + 0.0006 3.3196 + 0.0010 a =8.0565 + 0.0063 -1.71 + 0.06
10 °C/min 3.2616 + 0.0009 3.3155 + 0.0016 ¢ =5.4504 £ 0.0119 -1.64 £ 0.09
30 °C/min 3.2689 + 0.0033 3.3138 + 0.0019 -1.36 £ 0.16
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found to increase at a slightly higher rate than ag, with increasing
temperature from RT to 200 °C, thus resulting in an increase of the
misfit, which becomes less negative. These variations can be ex-
plained as follows: as the atoms in an ordered intermetallic are more
strongly bonded compared to a disordered solid solution with the
same structure, the binding energy-vs.-distance curve of the B2
phase is expected to be narrower than that of the A2 phase. There-
fore, the former should have a lower coefficient of thermal expan-
sion than the latter [51], consistent with our experimental results
and those reported in the field of Ni-based superalloys [52].

Between 200 and 600 °C, s strongly increases from - 1.54 + 0.05
to —1.23 £ 0.27 (see Table 5). As atomic mobilities become suffi-
ciently large at 600 °C, diffusion becomes significant and allows
microstructural changes. At 600C, the driving force for A2 pre-
cipitation must be large and we believe that nanoscale A2 pre-
cipitates may form within the B2 channels, similar to the
precipitation of tertiary y’ typically observed in Ni-based superalloys
in this temperature range [17,53]. However, further work is still re-
quired to confirm or discard this hypothesis.

When the temperature is further increased between 600 and
900 °C, & continues to increase probably due to thermal expansion
and an eventual change of the A2 and B2 compositions.

Using Thermo-Calc in combination with the TCHEA3 database,
we also computed the evolutions of au,, ag,, and § by changing the
temperature, the effects of which are shown with gray, black, and
red lines in Fig. 6b, respectively. Here, the colored backgrounds in-
dicate the temperature domains in which different phases are stable,
e.g., A2 + B2 + ¢ + Al3Zr, in beige. While the o phase is one of the most
commonly reported intermetallics in steels [54,55], Ni-based su-
peralloys [56], HEAs [57] and compositionally complex alloys [20],
this phase was not observed in the present work after cooling from
high temperatures. Recently, Whitfield et al. [12] performed long-
term 1000-h anneals to investigate the phase stability of the Al-
Mog sNbTag sTiZr alloy between 800 and 1200 °C. The authors re-
ported that the o phase is not stable in this temperature range,
indicating that the TCHEA3 database should be improved to ensure
better predictions.

Since ThermoCalc predicts that the A2 and B2 phases are in
equilibrium above =750°C [13], the dotted beige region between
750 and 900°C in Fig. 6a,b highlights this temperature range in
which the experimental and calculated data can be compared.

The temperature-dependence of the calculated and experimental
lattice misfit show opposite trends between 800 and 900 °C (com-
pare red curves in Fig. 6a,b). This may be related to the presence of
the ¢ phase in the thermodynamic calculations, which was not de-
tected experimentally. Furthermore, in the TCHEA3 database, all
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Table 5
Lattice parameters of the A2 and B2 phases at different temperatures, measured via
in-situ XRD using the sample cooled at 10 °C/min.

Temperature (° C)  Lattice parameter (A) Lattice misfit B2/

A2 (%)
ap2 g 5
RT 3.2616 + 0.0009 3.3155 + 0.0016 -1.64 + 0.09
200 3.2749 * 0.0006 3.3258 + 0.0008 -1.54 + 0.05
600 3.2912 £ 0.0005 3.3319 + 0.0073 -1.23 £ 0.27
800 3.2979 = 0.0027 3.3362 = 0.0016 -115 £ 0.11
900 3.2970 + 0.0036 3.3342 + 0.0012 -112 £ 013

phases are considered as disordered even though the B2 and Al-Zr-
rich phases are ordered intermetallics. That is, ThermoCalc in com-
bination with TCHEA3 computes phase equilibria based only on
phase compositions. Another reason for the discrepancies between
the ThermoCalc results and our data is that ThermoCalc considers
stable states at different equilibrium temperatures after long-term
anneals while our samples were continuously cooled at different
rates from high temperatures. The in-situ experiment, which led to a
reduction of the apparent lattice misfit with increasing temperature,
took a few minutes at each temperature and the obtained tem-
perature-dependent lattice misfit may thus correspond to me-
tastable states. Therefore, it cannot be directly compared with
equilibrium data, nor with the long-term exposure experiment
performed by Kloenne et al. [ 14]. Further investigations on long-term
exposure are planned for a subsequent investigation. The short hold
times in the in-situ experiment reflect rather the evolution of the
lattice misfit while cooling from 900 °C to RT, which as expected
shows a continuous increase in lattice misfit as the temperature is
lowered.

Finally, these results demonstrate that a faster cooling rate
during solidification can promote the formation of a finer and more
homogeneous A2/B2 microstructure in the RSA with a more con-
strained lattice misfit between the A2/B2 phases.

3.4. A2/B2 microstructure: origin of narrow and wide B2 channels as
well as plate and cubic-shaped A2 precipitates

The A2/B2 microstructure of the AIMogsNbTagsTiZr RSA was
reported to form by spinodal decomposition [10]. Based on experi-
mental observations and phase-field simulations, the specific
pathway was later proposed to occur in three steps upon cooling
[45,47]: (1) congruent ordering (A2 to B2 phase); (2) spinodal de-
composition of B2 into Al-Zr-rich and Mo-Nb-Ta-rich regions; and
(3) disordering of Mo-Nb-Ta-rich B2 regions to A2, which form

(b)
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Fig. 6. Lattice parameters (left axis), and lattice misfit (right axis) of the A2 and B2 phases as a function of temperature. (a) Experimentally measured using in-situ XRD and (b)

calculated using ThermoCalc (TCHEA3 database, version 2020b).
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coherently embedded cuboids with edge lengths aligned along the
elastically soft <100 directions to minimize the elastic strain energy
[11,45]. In our case, for a slow cooling rate, the structure dwells
longer at higher temperatures, where the wavelength of the fastest
growing concentration waves from the spinodal decomposition is
longer [58] and thus the size scale of the final A2 and B2 micro-
structure is coarser. Hence, a slow cooling rate leads to the formation
of a low number density of large A2 precipitates, as also observed in
spinodally decomposed Fe-Cr alloys with a high Cr content (e.g.,
40 wt% Cr)) [59].

Our TEM investigations in Fig. 2 show the presence of wide and
narrow B2 channels as well as cubic and plate- shaped A2 pre-
cipitates in the AlMogsNbTag sTiZr RSA. These features were already
described by Senkov et al. [10], who reported that the large matrix
channels are much more depleted in refractory elements than the
narrow channels and the authors suggested that the former are too
depleted in refractory elements to form the A2 precipitates. They
argued that the spinodal decomposition takes place in two stages at
different temperatures upon cooling: the high-temperature stage is
responsible for the formation of refractory depleted wide B2 chan-
nels; during the second, low-temperature stage, thin B2 channels
with higher amounts of refractory elements form. Thus, their rea-
soning is thermodynamic in nature [10]. Another explanation was
proposed by Jensen [45] according to whom the formation of thin
plate-shaped and cubic A2 precipitates in the RSA can be attributed
to overlapping compositional waves on two orthogonal <100» direc-
tions. His assumption is that the superposition of two orthogonal
wave maxima leads to the precipitation of A2 cubes and that of two
orthogonal wave minima leads to large, squared regions of the B2
phase (e.g., see red dashed framed regions in Fig. 2d). When a wave
maximum overlaps with a minimum of an orthogonal wave, it leads
to the formation of thin A2 plates separated by thin B2 channels.
This process thus yields a mixture of cuboidal and platelet pre-
cipitates, as well as wide regions in between, especially for slow
cooling rates. However, the latter mechanism proposed by Jensen
seems incomplete. Overlaps between orthogonal waves, as such, do
not have fast-changing compositional variations allowing phase se-
paration. Instead, an additional step such as that proposed by Senkov
et al. [10] at these locations would be required to rapidly reach the
thermal equilibrium compositions that then allow the precipitation
of thin A2 platelets separated by thin B2 channels. This step may
happen simultaneously with the precipitation of the main over-
lapping maxima and not necessarily at low temperatures. Additional
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mechanisms may also play a role in shaping the microstructure of
the RSA, as discussed in the following.

The three schematic drawings in Fig. 7, which were adapted from
the work of Wang et al. [46], illustrate the microstructural evolution
upon coarsening of a spinodally decomposed alloy with a lattice
misfit between the two phases, which was described by Wang et al.
[46], in the following manner: At the beginning of coarsening
(Fig. 7a), the microstructure consists of a periodic array of aligned
cubic precipitates with some defects. In our case this array could be
found in the two incomplete rows of precipitates, highlighted by red
dashed frames in Fig. 7a (described by Wang et al.) and Fig. 2 f (our
experimental findings). This array is reminiscent of the extra half
planes of atoms associated with an edge dislocation. Thus, at the end
of these rows, there is a “macrodislocation” (according to Wang
et al.) in reference to its resemblance to pure edge dislocations ob-
served edge-on at atomic resolution. As a result of coarsening, the
simulations by Wang et al. showed that the extra rows of pre-
cipitates are less stable and dissolve following a process similar to
dislocation climb, leading to the coarsening of the A2 precipitates as
well as the B2 channel width, which were also observed in our ex-
periment (see dashed red rectangles in Figs. 7b,c and 2 d).

Additionally, the red and green arrows in Fig. 2d-f mark doublets
of parallel A2 plates and presumably octets of A2 cubes (which we
cannot capture in our 2D images), respectively, that presumably
formed by the splitting of initially large cuboidal precipitates (note
that the splitting is often asymmetric). These results can be ratio-
nalized based on the 2D simulations of spinodal decomposition in
cubic alloys reported by Wang et. al. [46], who showed that when
the elastic energy contribution dominates significantly over the in-
terfacial energy contribution, the fastest way to relax the starting
non-equilibrium shape to an equilibrium one of a precipitate could
be via splitting.

Therefore, we think that the heterogeneous microstructure
with wide and narrow B2 channels as well as cubic and plate-
shaped A2 precipitates could result from the dynamic processes,
described by Wang et. al. [46], associated with the complex coar-
sening behavior of the A2/B2 microstructure that is strongly af-
fected by the lattice misfit between the A2/B2 phases as a function
of time and temperature. The A2 platelets may either form through
the mechanism proposed by Wang et al. [46], the mechanism
proposed by Jensen [45], or a combination of the two. It may not,
however, be ruled out that the mechanism of formation of the
bimodal channel width simultaneously occurs by multiple times of
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Fig. 7. Morphological evolutions upon coarsening in alloys undergoing an asymmetrical spinodal decomposition under a high strain energy (coherent lattice misfit) as described
by Wang et al., [46], (a) beginning of the process (b) middle and (c) end of coarsening. The sketch was adapted from Figures 3b3-d3 in Ref [46].
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Table 6
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Vickers microhardness of the AIMog sNbTagsTiZr RSA after different cooling rates for different applied loads ranging from 1 to 30 kg. At least 19 indentation tests were performed
for each condition. The proportion (Fc) of cracks that developed at the corners of the indenter at a given load is indicated, e.g., Fciy3o = 76/80 means that among the 80 corners of
the 20 remnant indents, 76 exhibited cracks. The uncertainties are given by the standard deviations.

State Cooling rate (°C/min) Hardness (HV1) Hardness (HV20) Hardness (HV30) Fchvao Fchvso
Annealing + HIP 5 629 + 18 606 + 12 592 + 8 51/76 76/80
10 644 + 6 623 + 10 609 + 11 4876 66/80
30 667 + 11 652 + 10 634 + 11 22[76 56/80

spinodal decomposition at different temperatures during cooling
as proposed by Senkov et al. [7]. More experimental evidence is
required to confirm this mechanism.

3.5. Influences of cooling rate and microstructure on room temperature
strength

Indentation methods were employed to assess different aspects
of the mechanical behavior of the RSA at different length scales.
Microhardness tests with weights up to 30 kg were performed to
estimate the strength of the alloy and fracture toughness averaged
over several grains. Nanoindentation tests were carried out to
evaluate the strength of the A4—.Zrs hexagonal intermetallic at the
grain boundaries, the strength of the A2/B2 microstructure within
grains, and their contributions to the microhardness of the alloy.
Table 6 summarizes the microhardness values of the RSA for dif-
ferent applied loads and different cooling rates. As expected, the
microhardness of a given sample slightly decreases by =6 % with
increasing applied load from 9.8 to 294 N. This size effect arises from
the fact that, as the indented volume increases with increasing ap-
plied load, the probability of finding crystalline defects or pre-ex-
isting cracks in the indented volume increases, resulting in a lower
hardness. The cooling rate is found to have a similar effect on
strength, i.e., the microhardness increases by 6-8 %, regardless of the
applied load when the cooling rate increases from 5° to 30°C/min.

Nanoindentation tests were performed with a maximum applied
load of 8 uN to evaluate the nanohardness of the hexagonal Al-Zr-
rich intermetallic phase, and the A2/B2 regions for different cooling
rates, cf. Table 7 and Fig. 8a. The nanohardness of the Al-Zr-rich in-
termetallic compound is =60 % larger than that of the A2/B2 na-
nostructure (Fig. 8a), i.e.,, =13 GPa and =8 GPa for the Al-Zr-rich
phase and A2/B2 regions, respectively, for a cooling rate of 30 °C/
min. The nanohardness of the Al-Zr-rich intermetallic is approxi-
mately independent of the cooling rate because the morphology and
composition of this hexagonal phase do not change with increasing
cooling rate (see Fig. 1 and Table S2). In contrast, the nanohardness
of the A2/B2 regions increases by =10 % when the cooling rate in-
creases from 5° to 30°C/min, which is consistent with the micro-
hardness results. However, it is worth noting that, owing to the low
applied load, the nanohardness of the A2/B2 regions is not affected
by grain boundaries, the Al-Zr-rich intermetallic phase, nor pre-ex-
isting cracks, contrary to the microhardness data. This is probably
the reason for the smaller effect of cooling rate on microhardness (=
6 %) compared to that on nanohardness (= 10 %). As the cooling rate
decreases, the strength of the A2/B2 regions decreases but this effect

is mitigated by the increase in volume fraction of the hard Al-Zr-rich
precipitates present at the grain boundaries.

To correlate the variation of strength with microstructural
changes, we show in Fig. 8b how nanohardness depends on the
mean edge length (d) of the A2 precipitates. Here, the nanohardness
decreases from 8.8 GPa to 8.0 GPa while d increases from 16 to
25 nm, respectively. This size-dependence of the nanohardness (H)
can be well described by the following empirical relationship: log H
=log Hy + s log d, where Hy is a constant (= 15.8 GPa) and s (= -0.2) is
the slope of the log H-versus-log d-curve obtained by regression
fitting of the data. It is expected that the parameters contributing to
the nanohardness of the A2/B2 regions are related to the precipitate
and channel sizes, the compositions of the A2 and B2 phases and the
associated coherency stresses.

In the field of Ni- and Co-based superalloys, if the volume frac-
tion of y' phase remains constant, studies show that the size of the y'
precipitates becomes smaller by increasing the cooling rate. This
results in an increase in hardness, which varies inversely with the
size of the y' precipitates [30,31]. This evolution can be attributed to
an increase in dislocation density within the y channels due to the
disruption of dislocation motion by obstacles (precipitates) [31].
Since the RSA has a similar two-phase nanostructure with a cube-
on-cube orientation relationship, the behavior of the bcc-structured
RSA may be analogous to that of fcc-structured superalloys. How-
ever, the main difference is that, in the RSA, the matrix consists of a
strong and ordered intermetallic reinforced by isolated cuboidal
precipitates of a softer and disordered phase while in fcc-structured
superalloys, the soft disordered matrix is reinforced by stronger or-
dered precipitates. Consequently, in the AlMogsNbTagsTiZr RSA,
dislocations must nucleate in the A2 precipitates while the B2 phase
is still deformed elastically, resulting in a load transfer to the
stronger B2 phase. The dislocations probably glide within A2 pre-
cipitates until they are stopped at the A2/B2 interfaces where they
relax the lattice misfit. Based on this scenario, there are three main
contributions to the strength of the alloy: the intrinsic properties of
the individual phases, the coherency stresses and an Orowan con-
tribution (zorowan = Hb/d, where pn is the shear modulus, b the mag-
nitude of the Burgers vector, and d is assumed as the narrowest
average width within the A2 precipitates contained in the disloca-
tion glide plane [60]). Of these three contributions, only the Orowan
stress is microstructure-dependent and may be invoked to rationa-
lize the evolution of nanohardness with the A2 size in Fig. 8b.

From the load-displacement curves obtained by nanoindentation
(Fig. S9), we also determined the indentation moduli of the Al-Zr-
rich intermetallic and the A2/B2 regions, see Table 7. Since the A2
precipitates and B2 channels are nanoscale (16-25 nm and 3-45 nm,

Table 7

Nanohardness, indentation modulus (E,), and elastic modulus (E) calculated assuming a Poisson’s ratio of 0.3 for each phase of the RSA after different cooling rates.
Cooling rate Nanohardness (GPa) E, (GPa) E (GPa)
(°C/min) Al-Zr-rich A2/B2 Al-Z-rich A2/B2 Al-Z-rich A2/B2

phase Phase phase

5 131 £ 0.5 80+04 137 £ 8 1M2+5 142 + 8 1135
10 132+ 05 85+038 155 + 10 121+ 6 163 + 10 123+ 6
30 133+ 0.7 8.8 + 06 151+ 9 115 £5 159 £+ 9 116 £ 5

10
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(b)

30 °C/min | m Nanohardness A2/B2
10 °C/min
log(H) = 1.2 - 0.2 log(d)
R?=0.99

5 °C/min

Nanohardness / GPa
(oo}
'S

o]
1

Fig. 8. (a) Nanohardness vs. cooling rate of different regions: within the A2/B2 substructure and the Al-Zr-rich phase, for the samples cooled at 5, 10, and 30 °C/min. (b)
Nanohardness of the A2/B2 phase substructure vs. A2 precipitate mean size d. The red line in (b) represents the regression line obtained from the data. The error bars are given by
the standard deviation. Representative BSE micrographs of remnant indents in the A2/B2 microstructure and the Al-Zr-rich phase are shown in (c) and (d), respectively.

respectively, see Table 2), their elastic moduli and hardness could
not be measured separately by nanoindentation. Given experimental
uncertainties, the indentation and Young’'s moduli are nearly in-
dependent of the cooling rate. The Al-Zr-rich intermetallics are = 25
% stiffer than the A2/B2 regions. Assuming a Poisson’s ratio of 0.3,
the Young’s modulus of the A2/B2 regions, which constitute at least
93 vol% of the alloy depending on the cooling rate, is 120 + 5 GPa,
consistent with the value reported by Senkov et al. [24] (122 GPa),
which was obtained from compression tests.

3.6. Effect of cooling rate on fracture toughness

The fracture toughness (K.) was estimated from the length and
morphology of the cracks that formed at the corners of the micro-
indenter tip. While no cracks were found after microindentation
with an applied weight of 1kg, cracks were clearly visible with
higher weights of 20 and 30 kg. To estimate the fracture toughness, it
is first necessary to determine the nature of the cracks. For this
purpose, the ratios c¢/h and I/h were determined, where h is the
length between the center and the corner of a remnant imprint, c is
the crack length from the center of the indent to the crack tip, and !
is the length between the corner of the indent and the tip of the
crack, as exemplarily shown in Fig. 9. According to Niihara et al. and

1

Fig. 9. BSE micrograph of a representative remaining Vickers indent with cracks
emanating from all four corners, where h is the length of the half-diagonal of the
indent and [ is the crack length from the corner of the indent to the crack tip. The
microhardness test was performed with a weight of 20 kg using an RSA cooled at
10 °C/min.
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Table 8

Microhardness, crack length (1), indent diagonal (h), I/h ratio, and fracture toughness (K.) of the RSA for the three studied cooling rates at different loads. Also shown in this table

are elastic moduli determined by nanoindentation.

Journal of Alloys and Compounds 949 (2023) 169871

Cooling rate F(N) Hardness (GPa) E (GPa) h (um) ¢ (um) [ (um) I/h K. (MPa-m'/?) K. (MPa-m'/?)
[a] [b]

5 °C/min 294.0 5.8 + 0.1 1153 £33 148.2 £ 0.6 309.6 £ 354 171.8 = 36.5 12 £0.2 46 0.5 46 + 0.5
196.0 59+ 0.1 119.7 £ 11 264.7 £ 414 157.9 + 40.2 1303 4.0 £ 05 39+05

10 °C/min 294.0 6.0 + 0.1 1239 £ 34 144.0 £ 2.0 342.2 £ 544 2124 + 48.8 1503 45 £ 0.5 44 £ 0.5
196.0 6.1 £0.1 116.0 £ 1.0 273.8 £ 29.7 168.7 + 26.8 1503 38 +05 39+04

30 °C/min 294.0 6.2 + 0.1 116.2 £ 2.6 1419 + 1.3 348.1 + 46.4 2219 + 40.8 16 £ 03 - 42 £ 04
196.0 6.4 + 0.1 1159 £ 0.6 278.2 + 20.1 175.6 + 224 1.5+0.2 - 3.8+03

[a] considering only the indentations for which four primary cracks emanated straight and radially from each corner. When no value is provided, it means that there were no

indentations with four primary cracks.

[b] considering all indentations that contained at least one crack emanating from a corner.

Schiffmann [39,61], the cracks either have a half-penny shape that
joins the tips of two cracks located on opposite sides of the indent
when c/h 2.5 (the total length of a half-penny crack projected on
the sample surface corresponds to 2c) or they are of Palmqvist type
when 0.25<I/h £2.5, i.e., they are much shorter and form circular
arcs right below the visible cracks (projected length of each crack: I).

In this study, since 0.25 <I/h <2.5 in the AIMog sNbTag sTiZr RSA,
the cracks are of Palmqvist type and the fracture toughness K¢, also
known as indentation fracture resistance [62] can be calculated
using:

EV® P
KC_A(E) "

(5)

where factor A is a constant equal to 0.009. E is the elastic modulus
obtained from the nanoindentation tests, H is the measured micro-
hardness, and P is the indentation load. The parameters in Eq. 5
required to compute K. are listed in Table 8 for the samples cooled at
different rates. The fracture toughness (K.) of the RSA was calculated
using two different criteria. In the first case [a], we only considered
at least five remnant indents with cracks emanating from each
corner following the standard test method ISO 21618 [40], see K, [a]
in Table 8. In the second case [b], all the indents (10-15 independent
measurements) that showed at least one crack were considered to

estimate K. [b]. Given the experimental errors, the average K. value
of 4.2 + 0.4 is not significantly affected by criteria [a] and [b], the
applied load, and cooling rate, see Table 8.

Additionally, we estimated in Table 6 another parameter that is
related to the fracture toughness, i.e., the fraction of cracks (F.) ob-
served at the corners of the remnant microindents as described in
Section 2.2. The fraction of cracks is found to increase with in-
creasing applied load for a given cooling rate. We believe that this is
related to a sampling effect, i.e., the larger the applied load, the
greater the indented volume, and the higher the likelihood to nu-
cleate a crack at a defect. F. decreases with increasing cooling rate.
There may be two microstructural features that contribute to this
phenomenon. First, as the cooling rate increases, the precipitation of
the brittle Al-Zr-rich intermetallic at grain boundaries is progres-
sively suppressed. Second, as the size of the A2 precipitates de-
creases at an increased cooling rate, the density of A2/B2 interfaces,
which may impede crack nucleation and propagation, increases.

With all this new data, the alloy can now be compared to other
material classes. The Ashby plot displayed in Fig. 10 shows the
fracture toughness as a function of Vickers microhardness for dif-
ferent groups of engineering materials. These groups, marked with
gray areas, include foams, elastomers, polymers, composites, tech-
nical and non-technical ceramics, glasses, and engineering alloys as
well as other bec-structured alloys that are highlighted in color. For

Metal's
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Fig. 10. Ashby plot, obtained with the Granta Edupack software, of different engineering materials showing their fracture toughness vs. Vickers microhardness. The red area
highlights the AIMogsNbTagsTiZr RSA investigated in the present study. The other colored regions correspond to other bcc-structured alloys.
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Table 9
Mechanical properties at RT (Vickers hardness and fracture toughness) of different alloys and intermetallics with bcc structures reported in the literature.
Alloys Structure Hardness Fracture Method Reference
(HV) toughness
(MPa-m'/?)
NiAl B2 330 [63] 5.08 - 6.42 Vickers indentation (ring on ring disk bend test) [65]
NiAl B2 460-560 10.6 - 14.8 Fatigue tests of pre-cracked specimens following the ASTM E399 [66]
(4.5-5.5GPa) [64] standard
NiAl B2 13.0 - 17.0 Double cantilever beam [67]
Ni-50Al B2 3.79 - 9.31 Fatigue tests of pre-cracked specimens following the ASTM E399 [68]
Ni-46Al 3.00 - 3.09 standard
Fe40Al B2+A2 Fe (Al) 867 23.8 Vickers indentation [69]
Co-40Al B2 2.20 Fatigue tests of pre-cracked specimens following the ASTM E399 [68]
Co-49Al 3.08 standard
Fe-40Al B2 197-380 [70] 33.3 - 558 [68]
Fe-48Al 11.7
W and some W-alloy A2 367-389 [71] 54 -135 [72]
Molybdenum-base alloys
TZM-Mo A2 230-262 [73] 10.0 - 27.5 [74]
0ODS-Mo 27.8 -147.32
LCAC 14.6 - 385
Aly3C045Cry3CugFe sNis A2 +B2 +fcc 545 (5.3 GPa) 5.8 Pre-cracked ASTM E399 [67]
54 Chevron notched rectangular bar (CVNRB)
Al;gCr;1Fe;0Co50Nin A2 +B2 +fcc 508 9.0 Pre-cracked ASTM E399 [75]
FeCoNiCrAl; B2 740 7.6 Vickers indentation [76]
Nb2sMo025TazsWas A2 455 1.6 Bending of notched micro-cantilever [78]
(4.46 GPa) [77]
HfNbTaTiZr A2 509 [79] 210 Single specimen compliance method for J-integral measurement [80]
(ASTM E1820-17 standard)
AlCuTaVW two fcc +B2 1326 (13 GPa) 8.36 Vickers indentation [81]
instance, the toughness/hardness combination of the Al- The cooling rate does not affect the composition of the A2 and B2

Mo sNbTag sTiZr RSA (red dot in Fig. 10, present work) is compared
to those of B2 intermetallics (NiAl and FeAl, orange areas), single-
phase A2 metals and alloys (blue regions), and two-phase A2/B2
compositionally complex alloys from the Al-Cr-Fe-Co-Ni system
(green) and the corresponding data is summarized in Table 9 As
shown in Fig. 10, the fracture toughness and Vickers hardness of the
RSA are intermediate between those of technical ceramics and en-
gineering alloys. However, its toughness/hardness combination is
similar to those of B2 intermetallics and two-phase A2/B2 alloys.

4. Conclusion and summary

In the present work, the effects of the cooling rate on micro-
structure, hardness, and fracture toughness of AlMogsNbTagsTiZr
RSA were investigated. From our results, it can be concluded that
increasing the cooling rate produces a finer and more homogeneous
A2/B2 substructure and suppresses grain boundary precipitation of
the hexagonal Al Zrs intermetallic phase, which improves the
hardness of the alloy but does not reduce its brittleness. Some of the
key findings can be summarized as follows:

1. The volume fraction of the hexagonal Als,Zrs intermetallic
compound can be reduced to< 1 % with a cooling rate of at least
30 °C/min. In contrast, the relative volume fractions of the A2 and
B2 phases remain approximately unaffected by the cooling rate.
The nanohardnesses of the Aly_,Zrs intermetallic and A2/B2 re-
gions are = 13 and 8-9 GPa, respectively.

2. The cooling rate affects the size, aspect ratio, and size distribution
of the A2 cuboidal precipitates. When the cooling rate increases
from 5° to 30°C/min, the size of the A2 precipitates decreases
from 25 to 16 nm, resulting in an increase in microhardness of ~ 6
% (averaged over different phases and grains). In addition, a high
cooling rate promotes the formation of more cubic precipitates
while they are elongated and form slabs at lower cooling rates.

13

phases.

3. While the lattice parameter of the hexagonal Al-Zr-rich phase is
unaffected by the cooling rate, those of the A2 and B2 phases
become more similar with an increasing cooling rate, thus re-
sulting in a decrease of the constrained lattice misfit.

4. With increasing temperature, the lattice parameter of the A2
phase expands at a higher rate than that of the B2 phase, owing
to a higher coefficient of thermal expansion of the former, thus
resulting in a decrease of the lattice misfit, which becomes less
negative.

5. The fracture toughness K. =4.2 + 0.4 MPa-m'/? of the RSA is in-
dependent of the cooling rate and its value is comparable to that
of most B2 intermetallics and two-phase A2/B2 alloys reported in
the literature. From a general viewpoint, the fracture toughness
of the RSA lies between that of engineering alloys and ceramics.

While this paper focuses on the room temperature properties of
the RSA, it is important to note that the tensile properties at high
temperatures are also critical for its potential use in structural ap-
plications. Therefore, results of tensile creep tests will be presented
in a subsequent contribution, which will provide a more complete
picture of the suitability of the alloy for high-temperature applica-
tions.
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