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� Microstructural characterization of
the AlMo0.5NbTa0.5TiZr refractory
superalloy in the as-cast state is
reported for the first time and
compared with hitherto known
annealed state.

� The detailed CALPHAD analysis with
Scheil-Gulliver and equilibrium
calculations reveal new insights into
understanding the nature of the
studied alloy by comparing with the
experimental data.

� The equilibrium-based CALPHAD
approach used here pinpoints the
presence of a miscibility gap between
two bcc-based phases, confirming the
hypothesis that this alloy is formed
by spinodal decomposition.

� Differential thermal analysis was
reported for the first time for this
alloy, revealing a good agreement
between measured phase
transformation temperatures and
calculated values.
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Detailed microstructural characterization of the AlMo0.5NbTa0.5TiZr refractory high entropy superalloy in
the as-cast state is reported for first time and compared with the state annealed at 1400 �C for 24 h. The
former shows a dendritic structure, with a mixture of A2/B2 phases < 20 nm in both the dendritic and
interdendritic regions. A mostly amorphous phase, rich in Al and Zr, is found within the interdendritic
region. The annealed state reproduced the combination of A2/B2/Al-Zr-rich phases reported previously.
Calculations from two relevant ThermoCalc databases were compared with the experimental results.
Equilibrium calculations were compared with results for the annealed alloy, whereas solidification paths
calculated using Scheil-Gulliver model were used for comparison with the as-cast alloy. A previously
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Refractory superalloys
Chemically complex alloy
Characterization
Microstructure.
hypothesized spinodal decomposition during cooling as the mechanism responsible for the patterned A2/
B2 microstructure is confirmed via the CALPHAD calculations, pointing to its use as an efficient design
tool for such alloys. Finally, the comparison between the experimental and computational findings
allowed better understanding the solidification path and equilibrium stability of this alloy, giving a base
to make better decisions on the field of new refractory superalloy design.
� 2022 The Authors. Published by Elsevier Ltd. This is anopenaccess article under the CCBY-NC-ND license

(http://creativecommons.org/licenses/by-nc-nd/4.0/).
1. Introduction

To improve the performance of future structural components
for high temperature applications, it is necessary to develop new
materials that can withstand higher temperatures than at present
while retaining high strength and good creep and corrosion resis-
tance. Ni-base superalloys have been in the last decades the mate-
rial of choice for severe service conditions [1–4]. The realm of
chemically complex alloys (CCAs), materials that lack a base ele-
ment but instead are composed of several of them at high compo-
sitions, has been increasingly studied in the last years thanks to
their interesting and sometimes unexpected microstructures and
properties. The CCAs made of refractory elements such as Mo, Nb
and Ta are attractive candidates for use at extremely high temper-
atures (associated with many technological applications) [5–7]. An
example of a refractory CCAs is the AlMo0.5NbTa0.5TiZr, which has a
measured density of 7.4 g/cm3, Vickers microhardness (Hv of
5.8 ± 0.1 GPa = 591.4 HV1) and a high temperature (compressive)
strength of 772 MPa at 1000 �C with a fracture strain < 50% [8,9].
One drawback of this alloy is its room temperature ductility of
d = 10% [8]. Senkov et al. [8] and Jensen et al. [10] reported that
a coherent two-phase nanostructure forms for the AlMo0.5NbTa0.5-
TiZr alloy after applying a heat treatment under argon atmosphere.
The obtained microstructure resembles the c/c pattern of the Ni-
base superalloys, L12 cuboids (c) embedded in a continuous fcc
matrix (c) [4], therefore naming it refractory high entropy superalloy
(RSA) [8–11]. This resemblance promotes the possibility of profit-
ing from the long-term knowledge gained on the effectiveness of
such microstructures to high temperature performance. However,
important differences exist, e.g.: 1) the dimensions of the cuboid/-
matrix structure are one order of magnitude smaller; 2) the nanos-
tructure is formed by cuboidal A2 phase (discontinuous) particles
embedded in a continuous B2 phase matrix, i.e. the matrix is made
of an ordered phase, opposite to Ni-base superalloys; and 3) there
is a strong partitioning of Mo, Nb and Ta to the A2 phase, and of Al,
Ti and Zr to the B2 phase [8,10].

Beyond the high strength at high temperatures, and the pres-
ence of refractory elements, the AlMo0.5NbTa0.5TiZr RSA contains
� 20% of Al (to lower its density) that has been determined to form
an intermetallic rich in Al and Zr, but also significantly lowers its
melting point. However, there is no clear study in the literature
indicating whether this RSA has a higher melting point than Ni-
based alloys or not. In the case of having a higher melting point,
this alloy could be attractive for use at extremely high tempera-
tures, and therefore, this is also addressed in this contribution. As
CCAs contain multiple principal elements, which contrasts with
conventional alloys, it has been challenging to understand the
phase equilibrium and solidification path of alloys like the RSA.
In recent years, CALPHAD-based methodologies have been used
largely in the field of CCAs to understand their formation and to
their optimization [12–15]. Senkov et al. [16] calculated the equi-
librium and non-equilibrium diagrams using the Pandat Ti data-
base and showed the formation of two phases, BCC and Al2Zr3,
after non-equilibrium solidification and three phases, BCC, Ti3Al
and Al2Zr3, in equilibrium. A clear mismatch however was found
between these results and their experimental measurements [16]
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while the phases formed during casting have not been assessed,
e.g., by comparing the as-cast state and the non-equilibrium calcu-
lations. Nevertheless, considering the importance of the initial
solidification process of refractory alloys with respect to the ability
to effectively tune their properties by subsequent heat treatments,
a step back to understand the casting behavior of this RSA can shed
insights into improving it. Whitfield et al. [17] calculated the phase
equilibria using the SSol5 database, which demonstrated better
agreement to the phases observed experimentally, although large
differences were found in the solvus temperatures, especially for
the Al4Zr5 intermetallic phase. Thus, it seems like the simple use
of available databases for CALPHAD calculations of such multi-
principal elements is not enough to establish robust phase stability
anticipations for this alloy system and presumably its derivates.
Here the use of analytical and of structural characterization meth-
ods is still much needed in the field of CCAs [18] to further aid the
development and validation of the developing CALPHAD databases.

In the present work, we aim to understand the phase stability
and solidification behavior of the RSA AlMo0.5NbTa0.5TiZr as a base
to tackle similar systems. To this end, an approach was imple-
mented where detailed CALPHAD thermodynamic stabilities and
solidification paths were calculated and compared with experi-
mental data found for both as-cast, AC, and annealed state, AN
(AC + 1400 �C for 24 h). The processing of most HEAs is still based
on trial and error. In this context, the study of the as-cast struc-
tures needs special attention, to allow better design of heat treat-
ments that may help to overcome the room-temperature
embrittlement in this and similar high-temperature alloys or to
pinpoint detrimental microstructural features that may not be
reverted by heat treatment. In addition, a comparison with CAL-
PHAD Scheil solidification is used to benchmark two published
databases and to assist future CALPHAD-integrated RSA design.
Furthermore, the results go beyond the state-of-the-art [8,10,17]
by directly comparing CALPHAD equilibrium calculations and dif-
ferential thermal analysis in the annealed state, casting light on
the phase transformation pathways and temperatures. The exper-
imental data are accompanied with CALPHAD calculations that
were conducted using the commercial thermodynamic software
ThermoCalc [19] with two different databases, the established
TCNI10 and TCHEA3, in order to evaluate the accuracy for this
alloy. The database TCHEA4 was used for all the calculations as
well; however, only the results obtained with the TCHEA3 are
reported since this shows a better match with the experimental
data. The current experimental and computational findings assist
the better design of refractory high-entropy alloys.
2. Material and methods

2.1. Material (as-cast and heat treated)

The AlMo0.5NbTa0.5TiZr alloy was prepared by vacuum arc melt-
ing of the pure elements in an argon atmosphere (purity > 99.998%,
with small impurities of H2O (<5 v-ppm), O2 (<5 v-ppm) and N2

(<10 v-ppm), following the description given by Senkov et al.
[16] but with some differences. Aluminumwas in the form of gran-
ules (2–10 mm) with a purity of 99.99%, molybdenum in the form

http://creativecommons.org/licenses/by-nc-nd/4.0/


Fig. 1. Sample (button) obtained by vacuum arc melting which shows from where
the casting and annealed samples were obtained for subsequent characterization.
The surfaces marked as ‘‘A” and ‘‘B”, show the region where the SEM and TEM
analysis were performed in the AC and AN, respectively, with the analyzed surfaces
being on the black rectangular regions and orthogonal to the plane of the image.
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of 0.5 mm thick sheet with a purity of 99.99% and niobium was in
form of granules ranging 2–10 mm with 99.9% of purity. Tantalum
was in the form of pellets of 6 � 6 mm, titanium in the form of
pieces < 5 mm and zirconium in the form of granules (1–3 mm)
and their purities were 99.9%, 99.5%, 99.9%, respectively. Arc melt-
ing was conducted on a water-cooled copper plate. High-purity
molten titanium was used as a getter for residual oxygen, nitrogen,
and hydrogen. To achieve a homogeneous distribution of elements
in the alloy, the button was re-melted seven times, flipped for each
melt, and kept in a liquid state for � 5 min during each melting
event. After casting, the sample was cut as is shown in Fig. 1 to
get the as-cast sample for characterization. Another piece of sam-
ple was cut from the button, as shown in Fig. 1, and was annealed
at 1400 �C for 24 h in continuously flowing high-purity argon to
homogenize the grain structure, and cooled at a cooling rate after
annealing < 4 K/min.
2.2. Characterization

The alloy composition was determined by inductively coupled
plasma atomic emission spectroscopy (ICP-OES) and is given in
Table 1.

Differential Thermal Analysis (DTA, SETERAM TAG24), was used
to determine the main temperature transformations. Measure-
ments were conducted by placing a small specimen of � 20 mg
in an open corundum crucible at a heating rate of 5 K/min up to
a maximum temperature of 1620 �C (limit of the DTA facility).
Cooling to room temperature was carried out at –5 K/min. For sig-
nal correction, a measurement of an empty crucible was conducted
with the same experimental conditions.

Bulk phase analysis was conducted by X-ray diffractometry
(Seifert PTS 3000), Co Ka radiation (kKa1 = 1.7902�A) and a 2H scat-
tering range of 10–100� for the as-cast state (AC), and 10 – 120� for
the annealed (AN) alloy. The identification was carried out by com-
paring the experimental patterns with patterns simulated using
PowderCell [20].

The microstructures of the AC and AN alloy were analyzed by
scanning electron microscopy (SEM, FEI Quanta 3D) equipped with
backscatter electron (BSE) and energy-dispersive X-ray spec-
troscopy (EDX, EDAX Octane Elect SDDs) detectors. The average
grain size for the AN alloy was determined in accordance with
Table 1
Experimental chemical composition of the AlMo0.5NbTa0.5TiZr sample represented in mole

Al Mo Nb

21.03 10.19 20.23
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ASTM E112 [21]. Also, electron backscattered diffraction (EBSD,
SEM LEO Gemini 1530 V P Zeiss, EBSD detector Bruker e-flash HD
with Bruker Esprit 1.9 EBSD-Software package) was conducted on
the AN alloy at a mediummagnification to determine the polycrys-
tallinity of the A2/B2 grains and to characterize the phases forming
at grain boundaries. For transmission electron microscopy (TEM),
samples were cut in slices � 500 lm in thickness, after which thin
foils with 3 mm in diameter were prepared by mechanical polish-
ing to � 100 lm and finally thinned by twin-jet electropolishing
(Struers Tenupol-3) in an electrolyte consisting of 950 mL ethanol
(86.4%), 100 mL butanol (9.1%) and 50 mL perchloric acid (4.5%) at
�30 �C and 30 V. The TEM was equipped with a field emission gun
(FEG) source (TEM, JEOL JEM-2200FS) working at an acceleration
voltage of 200 kV. Conventional (C) TEM was conducted for acqui-
sition of energy filtered (EF) selected area diffraction patterns
(SADPs) as well as bright field (BF)/dark field (DF) micrographs.
Bright field and high angle annular (HAA) DF micrographs were
also acquired in the scanning (S) TEM mode, the former for diffrac-
tion contrast and the latter for atomic number contrast. The SADPs
were indexed with the aid of the Java version of the electron micro-
scopy suite (JEMS) [22]. The volume fraction of the A2/B2 phases in
both states was estimated using the image analysis package ImageJ
[23].

2.3. Thermodynamic calculations

CALculation of PHAse Diagram (CALPHAD) is an important ther-
modynamic methodology based on the minimization of the total
Gibbs energy of the system with different phases for a given alloy
system that enables to calculate not only the phase diagram but
also different thermodynamic properties of the system [24]. The
CALPHAD calculations were developed using the TCNI10 and
TCHEA3 databases via ThermoCalc software. Although TCNI10 is
primarily optimized for Ni-based superalloys, it does cover all
the edge binaries and several ternary phase diagrams of the Al-
Mo-Nb-Ta-Ti-Zr system. Scheil and equilibrium solidification were
calculated for the RSA using the composition determined experi-
mentally (cf. Table 1). The Scheil-Gulliver equation describes the
solute redistribution during solidification of an alloy, if perfect
mixing in the liquid and no diffusion in the solid phase is assumed
[25]. All calculations were performed using the experimental
chemical composition in Table 1 to compare the results with the
experimental data. Note that the phases will reflect their names
as they are expressed in each commercial database. Thus, body
centered cubic (bcc)-based phases called ‘‘BCC_B2#1” and
‘‘BCC_B2#3” do not necessarily mean that the phase is ‘‘B2”.
3. Results

3.1. Microstructural characterization

3.1.1. As-cast state (AC)
The AC alloy has a typical dendritic structure with an average

grain size of 75 ± 19 lm, as is shown in Fig. 2a-b. The presence
of a strong segregation can also be seen inside the grains between
dendritic and interdendritic regions. Due to elemental partitioning
that results in different mean atomic numbers, the dendritic
regions exhibit a brighter contrast and interdendritic regions exhi-
bit darker contrast in the BSE-SEM images. A higher magnification
%.

Ta Ti Zr

6.76 20.79 21.00



Fig. 2. SEM-BSE micrographs of the RSA in AC (a) sample center (see cut ‘‘A” in
Fig. 1) (b) higher magnification showing the presence of a darker phase within the
interdendritic region with the presence of an Al-Zr-rich phase (c) detail of the dark
Al-Zr-rich phase acquired at a grain boundary; letters ‘‘D” and ‘‘I” respectively mark
dendritic and interdendritic regions, with their diffuse boundary highlighted by a
dotted red line. (For interpretation of the references to color in this figure legend,
the reader is referred to the web version of this article.)

Table 2
Chemical composition of the phases in the different regions in mole fraction (%) for the AC
elements of which the phase is rich.

State Phase Method Region

As-cast (AC) Al-Zr-rich TEM-EDX Neighboring region marked as SAD in green
A2/B2 SEM-EDX Interdendritic, e.g., ‘‘I” in Fig. 1c
A2/B2 SEM-EDX Dendritic, e.g., ‘‘D” in Fig. 1c

Annealed
(AN)

Al-Zr-rich TEM-EDX Grain boundary in a similar region marked w
A2 TEM-EDX Grain core (bright precipitates in Fig. A3a of
B2 TEM-EDX Grain core (dark channels in Fig. A3a of sup
A2 SEM-EDX Bright rim surrounding the Al-Zr-rich grain

Fig. 3. EDX element mapping of components in the RSA/AC-alloy.
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reveals the presence of an Al-Zr-rich network, as determined by
EDX (summarized in Table 2), with the darkest contrast in the
interdendritic regions (Fig. 2b-c).

Compositional maps of the alloying elements Al, Zr, Nb, Mo, Ta
and Ti are shown in Fig. 3. As it can be qualitatively seen, Mo and
Ta, with the highest melting points, are located preferably inside
the dendritic regions, and of Al, Zr and Nb partition stronger to
interdendritic regions. Ti is distributed almost evenly between
dendritic and interdendritic regions, although a weak partitioning
towards the latter is still visible.

In Fig. 4a-b, EBSD data is respectively presented as a pattern
quality (PQ) map and inverse pole figure (IPF) from a TEM sample
and AN alloy. The error bar is given by the standard deviation. Bold numbers show the

Composition (mole fraction /%)

Al Mo Nb Ta Ti Zr

in Fig. 6a 34 ± 4 6 ± 5 9 ± 2 2 ± 1 8 ± 2 41 ± 5
27 ± 1 8 ± 1 17 ± 1 4 ± 1 21 ± 1 23 ± 1
20 ± 1 14 ± 1 23 ± 1 9 ± 1 21 ± 1 13 ± 1

ith blue row in Fig. 7b 32 ± 2 3 ± 1 10 ± 1 2 ± 1 7 ± 1 47 ± 1
supplementary data) 7 ± 1 20 ± 1 35 ± 2 13 ± 1 16 ± 1 9 ± 3
plementary data) 20 ± 1 9 ± 1 19 ± 1 3 ± 1 19 ± 1 30 ± 1
boundary in Fig. 7b 9 ± 1 17 ± 1 25 ± 1 13 ± 1 26 ± 1 10 ± 1



Fig. 4. EBSD maps of RSA in AC. (a) pattern quality, (b) inverse pole figure (IPFZ).

Fig. 5. (C)TEM-DF micrographs of the interdendritic zone in AC oriented along
[001] zone axis: (a) using superlattice reflection (100) in (c); and (b) using
reflection (200). (c) SADP with contrast apertures marked in green for images in (a)
and (b). (d) STEM-HAADF micrograph of the region marked as ‘‘Fig. 5d” in the IPFZ
in Fig. 4b. (For interpretation of the references to color in this figure legend, the
reader is referred to the web version of this article.)
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of the RSA in the AC condition (with an electron-transparent region
close to large hole on lower right). The EDX-coupled EBSD system
indexes the large equiaxed grains in Fig. 4 as ‘‘BCC” (Body-Centered
Cubic), irrespective of location, i.e. the dendritic structure is not
resolved. In turn, the IPFZ map shows subgrains separated by
non-indexed regions, which have comparable sizes to secondary
dendritic arms (cf. Fig. 2b). Within these subgrains, a further sub-
division into smaller regions with varying orientations is seen,
e.g., purplish-bluish grain bordering left side of large whole (shown
by the white arrow in Fig. 4b). The grain and subgrain boundary
regions rich in Al and Zr, as seen in Fig. 2, are not indexed in this
map.

The nanostructure of the AC alloy was revealed by TEM. Fig. 5
shows two CTEM-DF images (a and b) and their corresponding
zone axis (Z = [001]) SAD pattern (P) (c). In green, Fig. 5c shows
the reflections selected to retrieve the diffraction contrasts in Fig. 5-
a-b. Since the image in Fig. 5a was formed using a superlattice 100
reflection and the image in Fig. 5b was formed using a 200 reflec-
tion, the interdendritic region can be interpreted as composed of a
mixture of two bcc-based phases. The insets in the bottom right of
Fig. 5a-b show a magnified region marked by a white square. Three
white lines in these inserts, placed at the same locations, show that
different locations are illuminated in both images. Furthermore,
the bright regions seem strongly interconnected in Fig. 5a. Thus,
5
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the phase with the bright contrast in Fig. 5a (matrix channels) is
ordered (B2) while the remaining phase is disordered (A2). The
STEM-HAADF image in Fig. 5d, acquired at a similar interdendritic
location, more clearly reveals a continuous region with a low mean
atomic number (dark), while discrete bright regions in between are
associated to a large mean atomic number.

The Al-Zr-rich region (cf. Fig. 2b-c) was also characterized by
TEM, as presented in Fig. 6. Fig. 6a shows a CTEM-BF of the Al-
Zr-rich region (mostly bright areas) surrounded by thicker regions
Fig. 6. (a) (C) TEM-BF micrograph of an Al-Zr-rich region in the interdendritic zone
(region marked as ‘‘Fig. 6a” in the IPFZ in Fig. 4b). (b) (C) TEM-DF micrograph
marked with white rectangle in (a). (c) SADP from the region marked in green in (a).
Inset on bottom right shows the indexed simulated diffraction pattern. For details
see text. (For interpretation of the references to color in this figure legend, the
reader is referred to the web version of this article.)
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such as those in Fig. 5. Most of the SADP (Fig. 6c) can be indexed
(cf. inset simulated diffraction pattern on bottom right) as either

Al3Zr5 or Al4Zr5, both along the zone axis [1 �100]. Both Al-Zr-rich
phases are hexagonal, having the P63/mcm space group (Al3Zr5:
ICDD- 04–003-0819, Al4Zr5: ICDD �00–048-1382). More details
about the hexagonal phase will be discussed in Section 4. The
CTEM-DF image (Fig. 6b) shows two types of contrast. One is very

bright which comes from the reflection (�1 �120) in the diffraction
pattern, around which the contrast aperture was placed, to which
discrete nano-sized regions can be associated. The second contrast
is weaker and covers the region that also appears bright in Fig. 6a.
This contrast may be associated to the diffused ring of which center

of mass coincides with f�1 �121g in Fig. 6c, typical for amorphous
material. This reflection is also the strongest for powder diffraction
patterns of either Al-Zr-rich candidates. For the estimation of the
volume fraction in the AC alloy, SEM-BSE images were used for
the Al-Zr-rich phase in the grain boundaries and STEM-DF images
for the A2 and B2 phases. The volume fraction was estimated to be
(8 ± 4)% for the hexagonal Al-Zr-rich phase, (36 ± 4)% for the B2
phase, and the rest for the A2 phase.
3.1.2. Annealed state (AN)
After annealing, the dendritic structure cannot be discerned

anymore and the equiaxed grains become clearer (Fig. 7a), forming
grain and subgrain boundaries. The average grain size is
78 ± 10 lm. Large second phase precipitates (black core sur-
rounded by bright rim) are found at the grain boundaries (blue
arrows in Fig. 7a-b). Also, the subgrain boundaries are found to
be replaced with a black-bright dual phase that is also a common
feature within the large grains (red arrows in Fig. 7b-c). These
interfacial layers can be as thick as 1 lm. Fig. 7d show the structure
inside the equiaxed grains at a high magnification, which also
reveals a now continuous black phase that surrounds bright pre-
cipitates. The large second phase precipitates at the grain bound-
aries are rich in Al and Zr (see Fig. A1- Appendix A of
supplementary data), whereas the bright interfacial layer sur-
rounding the Al-Zr particles is rich in Nb, Mo and Ta. This elemen-
tal partitioning also applies to the dual phase structure found at
subgrain boundaries at a higher magnification (Fig. 7c), as revealed
by qualitative EDX points of these regions, i.e., a dark phase rich in
Al and Zr, and a bright phase rich in Nb, Mo and Ta (cf. Table 2).

To identify the phases mentioned above, X-ray diffraction (XRD)
patterns were indexed as shown in Fig. 8. Three phases, (B2, A2 and
hexagonal intermetallic phase) are identified by comparing their
patterns based on PowderCell simulations for both states. The A2
and B2 match well with the pattern acquired for the AC alloy
(Fig. 8a), with corresponding lattice parameters a1 = 3.28 Å and
a2 = 3.32 Å. The lattice parameters of the A2 and B2 phases in
the AN alloy are determined as a3 = 3.27 Å and a4 = 3.31 Å, respec-
tively (Fig. 8b). Based on previous results of an alloy of similar
composition [10,17], the peaks that do not match with neither
the A2 nor the B2 phase, are indexed as the hexagonal intermetallic
phase (space group: P63/mcm).

The EDX-coupled EBSD system indexes the large equiaxed
grains in the AN as ‘‘BCC” (rich in Nb, Ti and Zr), even though it
has a dual A2/B2 nanostructure (see separate peaks in Fig. 8b),
and the precipitates located at the grain boundaries are indexed
as a hexagonal crystal structure (space group: P63/mcm) with a
composition rich in Al and Zr. (cf. Fig. A2- Appendix A of supple-
mentary data), corroborating the results obtained by XRD and by
Jensen et al. [26]. TEM results demonstrate a heterogeneous nanos-
tructure that consists of precipitates with B2 phase (plate-like with
thickness � 10 – 100 nm) embedded in a continuous phase (chan-



Fig. 7. SEM-BSE micrographs of the AN alloy, revealing features at different length scales. (a) Low magnification image showing an equiaxed microstructure with large
secondary precipitates at grain boundaries. (b) Detail of coarsened precipitate at grain boundaries. (c) Detail of two-phase replacing the subgrain grain boundaries (d) High
magnification image showing a nanometric two-phase basket-weave lamellar structure within grains. Blue and red arrows respectively mark coarse grain boundary
precipitates and finer subgrain boundary precipitates. (For interpretation of the references to color in this figure legend, the reader is referred to the web version of this
article.)
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nels with thickness � 3 – 30 nm). For a detailed description of the
TEM analysis see Fig. A3 of supplementary data.

These results show that the microstructure in the annealed
state with the condition in the present work (1400 �C for 24 h
and cooled at � 4 K/min) reproduces the microstructure reported
with the conditions in the literature (1400 �C for 24 h + hot iso-
static pressing at 1400 �C for 4 h and 205 MPa, cooled at 10 K/
min) [8,10].

Table 2 summarizes the chemical composition of the phases in
the different regions for the AC and AN alloy. For the estimation of
the volume fraction in the AN alloy, SEM-BSE images were used for
the Al-Zr-rich phase in the grain boundaries and STEM-DF images
for the A2 and B2 phases. The volume fraction was estimated to be
(13 ± 6)% for the hexagonal Al-Zr-rich phase, (34 ± 8)% for the B2
phase, and the rest for the A2 phase.
3.2. Differential thermal analysis (DTA)

Fig. 9 shows that two peaks are distinguished at the following
temperature ranges: the first peak is detected between � 820 �C
and 1543 �C, which has an exothermic character; the second and
smallest peak, with an endothermic character, is detected between
1555 �C and 1613 �C. The final 7 �C of the curve show a steep path
towards the maximum temperature of the analysis shown by the
dashed line at the end of the last peak (which coincides with the
maximum temperature of the equipment), and it therefore could
extend to higher temperatures.
7

3.3. Thermodynamic calculations

3.3.1. Scheil simulation for non-equilibrium
In Fig. 10, the fraction of the dependences of the solid phases on

the temperature during solidification is shown for the studied RSA
based on the experimentally measured composition in Table 1.The
temperatures of start, TL,Scheil (solid < 0.01%), and completion, TS,
Scheil, of Scheil modeling and the temperatures of start, TL,Eq., and
completion, TS, Eq., of equilibrium are given in Table 3, as calculated
using the TCNI10 and TCHEA3 database.

Fig. 10 represents the Scheil solidification diagram using the
TCHEA3 database, which shows the formation of a single disor-
dered A2 phase (BCC_B2#1) that is rich in Al, Ti and Zr. Solidifica-
tion starts at TL,Scheil = 1895 �C and ends at TS,Scheil = 1345 �C with a
solidification range of DTs, Scheil = 550 �C. When BCC_B2#1 reaches
a fraction of solid � 0.72, the SIGMA phase starts solidifying
between 1475 �C and 1360 �C. At this temperature, the intermetal-
lic phase Al4Zr5 appears with approx. X = 0.85 until almost the end
of the solidification, where the C14_LAVES phase then appears. The
Scheil-Gulliver model diagram was also calculated for the TCNI10
database (see Fig. B1-Appendix B of supplementary data), and it
shows the same results as the TCHEA3 database.

3.3.2. Equilibrium
The property diagrams of the RSA alloy with the chemical com-

position given in Table 1 were calculated using CALPHAD analysis.
The property diagram describes the relative amount of the phases
in equilibrium as a function of their evolution with temperature,



Fig. 8. XRD pattern (a) AC state (b) AN state.

Fig. 9. DTA signal of the AN specimen as a function of the temperature recorded
during the heating ramp up to 1620 �C. The signal is corrected by a blank
measurement.

Fig. 10. Scheil solidification diagram for the RSA using the ThermoCalc software
with database TCHEA3 database (cf. Fig. B1-Appendix B of supplementary data for
database TCNI10).

Table 3
Liquidus and solidus temperature for Scheil and equilibrium solidification in both
databases.

Database TL (Scheil-Eq.) / �C TS (Scheil) / �C TS (Eq.) / �C

TCHEA3 1895 1345 1503
TCNI10 1895 1345 1503

Fig. 11. Property diagram for the RSA using ThermoCalc software (TCHEA3
database). (cf. Fig. B2 and Table B2-Appendix B of supplementary data for database
TCNI10).
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assuming the transformation rate is extremely slow or that species
diffuse at a very fast rate [27]. The calculated equilibrium phases
and their volume fractions in the temperature range from 600 �C
to 2000 �C are shown in Fig. 11 for the TCHEA3 database. A detailed
8

description of the equilibrium phase transformation temperatures
(in �C) in the studied alloy is given in Table B1 and Table B2
(Appendix B of supplementary data) for TCHEA3 and TCNI10,
respectively. In Fig. 11 the beginning of solidification is marked
by the formation of a single bcc phase at 1895 �C (Table B1-
Appendix B of supplementary data), which is rich in Nb, Mo and
Ta (BCC_B2#1), until another bcc phase named BCC_B2#3 and rich
in Al, Ti and Zr starts appearing at 1570 �C. The formation of SIGMA
at T = 1388 �C is also indicated with a low final fraction of the phase
(<10%). At 1225 �C, a phase rich in Al and Zr appears, i.e., Al4Zr5,
and at 1025 �C this phase seems to transform into Al3Zr4, which
continues forming below 600 �C. Lastly, at 743 �C the formation
of HCP_A3 is anticipated, which is mostly rich in Ti. The results
obtained for the TCNI10 database are the same for the TCHEA3
database (see Fig. B2 and Table B2-Appendix B).
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Fig. 12 represents a comparison of the mole fraction of the ele-
ments in the equilibrium bcc phases calculated at 1000 �C with the
TCHEA3 database (cf. Table B4-Appendix B of supplementary data
for the TCNI10 database). At 1000 �C, the two databases show the
presence of two bcc phases in equilibrium and in both cases, these
are one Al-Ti-Zr-rich and one Mo-Nb-Ta-rich phase. The phase
composition indicates that the first phase to solidify is rich in Nb,
Mo and Ta while the second one is rich in Al, Ti and Zr (cf.
Fig. 11). In addition, the temperature where the first and second
phase appear is similar for both databases (cf. Table B1 and
Table B2-Appendix B of supplementary data). The HCP_A3 phase,
rich in Al, Ti and Zr (cf. Table B7 and Table B8-Appendix B of sup-
plementary data), is anticipated to form at lower temperatures.
TCNI10 and TCHEA3 indicate the formation of the phase SIGMA
at the same temperature with a very small amount (<10%). Both
databases indicate the formation of Al-Zr-rich phases (Al4Zr5 and
Al3Zr4).

Fig. 13a represents a simulation assuming that the bcc phases
are the only solid phases that are formed, in order to identify the
miscibility gap and the difference in composition and volume frac-
tion of the bcc phases. Here, the mole fraction of Al is plotted
against temperature, indicating how the formation of the bcc
phases varies with varying Al and Zr content, while the composi-
tion of the rest of the elements remains fixed (at XMo = 0.1019,
XNb = 0.2023, XTa = 0.0676, XTi = 0.2079). The color-coded legend
inset in Fig. 13a denotes the boundaries at which a phase transfor-
mation exists. The incomplete light blue line (BCC_B2#3) is due to
a lack of information on that special projection. The marked region
of dashed gray lines in the graph (Fig. 13a) is made as an attempt to
show where the miscibility gap region closes. However, the exact
composition at which the miscibility gap closes is not known since
the diagram is a projection. Considering the experimentally deter-
mined mole fraction of Al in the alloy (XAl = 0.2103), the equilib-
rium conditions were calculated at 2000, 1700, 1520 and 1200 �C
(red vertical line in Fig. 13a), as shown in Fig. 13b (calculated phase
fractions and composition of the phases are summarized in
Table B9-Appendix B of supplementary data). At 2000 �C, only
the liquid is present whereas at 1700 �C the first bcc phase
(BCC_B2#1) already appears. At this temperature, the volume frac-
tion of BCC_B2#1 (rich in Nb, Mo, and Ta) is 0.32 and the rest is liq-
uid. At 1520 �C, the BCC_B2#1 (Nb-Mo-Ta-rich), BCC_B2#3 (Al-Ti-
Zr-rich) and liquid are in equilibrium with mole fractions of 0.26,
0.64 and 0.10, respectively. Finally, at 1200 �C, only BCC_B2#1
Fig. 12. Mole fraction of the elements in equilibrium phases for the studied alloy at
T = 1000 �C (1273 K) as calculated with the TCHEA3 database (cf. Table B4-Appendix
B of supplementary data for the TCNI10 database).

Fig. 13. (a) Mole fraction of Al vs temperature in equilibrium considering only the
formation of bcc phases and liquid, using the TCHEA3 database. A miscibility gap
region that closes in the region marked with dashed gray lines is shown. (b) Mole
fractions of the elements of equilibrium phases in the studied alloy, considering
only the formation of bcc phases at 2000, 1700, 1520 and 1200 �C respectively,
calculated with the TCHEA3 database.
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and BCC_B2#3 will be in equilibrium with mole fractions of 0.30
and 0.70, respectively.
4. Discussion

The microstructural analysis demonstrates that the AlMo0.5-
NbTa0.5TiZr RSA in AC condition presents dendritic and interden-
dritic zones with differences in composition and a mixture of A2/
B2 phases � 2 – 20 nm, and the presence of a residual eutectic rich
in Al and Zr inside the interdendritic region (Fig. 2c). The diffuse



Fig. 14. (a) Mole fraction of solid vs mole fraction of each element in the liquid
using Scheil model with the TCHEA3 database. X (Liquid, *) = mole fraction of
element ‘‘*” in the liquid. (b) Comparison between calculated liquid composition at
0.85 mol fraction (85%) of the solid (dashed line in (a) and Table 4) and
experimental composition of the Al-Zr-rich phase in the interdendritic region in
AC (Table 2).
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ring and the presence of bright areas in Fig. 6b reveal that the Al-
Zr-rich phase region in the AC is formed by crystalline as well as
amorphous portions, the latter being larger, with a 95 ± 4% of area
fraction. Thus, at this cooling rate and probably due to the strong
solute segregation to the interdendritic region, the conditions for
forming an amorphous phase are fulfilled. In fact, Zr-Al alloys are
well-known for their glass-forming ability [28,29], which is even
further pronounced in the presence of the other elements. On the
other hand, the AN state shows the presence of larger (� 10 –
100 nm) A2/B2 phases than in the AC state, and an increment of
� 5% in the volume fraction of the Al-Zr-rich phase (hexagonal
P63/mcm), which can be due to its full crystallization. A good
agreement with what was reported by Senkov et al. [8] and Jensen
et al. [10,26] for the fully heat-treated state is thus found, with the
results shown here for only annealing at 1400 �C (without hot iso-
static pressing treatment at the same temperature for further 4 h).

The AC results obtained experimentally may be primarily simu-
lated by the Scheil model, which assumes total diffusion in the liq-
uid and no diffusion in the solid. In the Scheil solidification model,
both databases evaluated here show that even at 1400 �C, complete
solidification is not reached. The Scheil model indicates the forma-
tion of a single Al-Ti-Zr-rich bcc (A2) phase until the fraction of
solid reaches � 72% (Fig. 10). However, a separation of the two
bcc phases should be visible when comparing with the experimen-
tal AC state. Therefore, additional calculations using the uncom-
mon miscibility gap option were performed, still showing the
formation of a single A2 phase.

On the other hand, the formation of the intermetallic Al4Zr5
phase is indicated in the Scheil solidification. Unlike the calcula-
tions, the hexagonal phase in the experimental results does not
show an Al4Zr5 stoichiometry. In fact, the average pattern quality
shown in Fig. 4b for these regions is poor yet still indexable: con-
sidering the experimental conditions in the present work, the man-
ual indexation of individual high quality Kikuchi patterns (not
shown here) suggests evidence of an unknown stoichiometry (Alx-
Zry) for a phase with hexagonal symmetry but that is not identified
as hexagonal solid solution (HCP), the latter being reported else-
where [9]. Evaluating the differences between the lattice cells of
the two possible experimental ordered hexagonal phases (Al3Zr5
and Al4Zr5) shows that the surplus of Al atoms found in the Al4Zr5
phase is distributed along the c axis on the corners of the hexagon,
only causing a slight repositioning of the remaining atoms in the
cell when compared to Al3Zr5 (see Fig. C1-Appendix C of supple-
mentary data). Although the distribution of the atoms is different,
both phases belong to the same space group (P63/mcm). However,
a detailed identification of this phase is beyond the scope of this
publication and will follow in a separate contribution. Since the
diffraction patterns between Al3Zr5 and Al4Zr5 resemble each other
and considering that probably the AlxZry phase of the present alloy
probably is an intermediate phase between those two (Al4-xZr5,
0 � x � 1), the diffraction pattern shown in the Fig. 6c was indexed
as the Al4Zr5 phase.

To understand the solidification path of the alloy, the Scheil
model was implemented using the TCHEA3 database to calculate
the mole fraction of solid vs the mole fraction of each element in
the liquid (Fig. 14). This simulation evidences that there is a high
segregation in the last liquid (85% of solid formation), rich in Al
and Zr, regarding the original alloy composition. The calculated
ratio XZr / XAl at 85% of solid formation (Table 4) matches the
experimental ratio XZr / XAl of the Al-Zr-rich phase (Table 2), which
is also close to the stoichiometry of the Al4Zr5 phase. This phase is
stable almost at the end of solidification according to the calcula-
tions, and the Al-Zr-rich intermetallic phase is found in the inter-
dendritic zone, which is also the last region that solidifies,
showing a good agreement between the calculations and the
experimental findings.
10
On the other hand, the microstructure of the AN alloy emerged
after high temperature annealing at 1400 �C followed by furnace
cooling and, as such, even only after 24 h, it is believed to be
indicative of the stable high temperature phases. Therefore, the
experimental results of the AN alloy are compared with the equi-
librium calculations. In equilibrium, both databases (TCNI10 and
TCHEA3) show the formation of two disordered bcc phases, one
that is rich in Al, Zr and Ti, and another, rich in Nb, Mo and Ta. Fur-
thermore, in the binary diagrams as well as in the ternaries calcu-
lated within the databases under study (not shown here), there is
no modeling for a B2 (ordered) phases, so it is to be expected that
the A2 (disordered) phase is the default phase. Thus, considering
that the databases used in this paper do not distinguish between
order and disorder, and based on the experimental phase composi-
tion of the bcc phases, it could be assumed that the calculated Al-
Zr-Ti-rich phase is the B2, and the Nb-Mo-Ta-rich phase is the A2
obtained experimentally. In fact, the databases only indicate the
presence of these two bcc phases (named BCC_B2#1 and
BCC_B2#3) at that temperature (1400 �C) and, in both databases,
solidification starts with the formation of the BCC_B2#1 (rich in
higher melting Mo, Nb and Ta).



Table 4
Calculated composition of the last 15% of the liquid phase according to the Scheil solidification as shown in Fig. 14.

Database Phase Sol. mole fraction Xsol Al Mo Nb Ta Ti Zr XZr/ XAl

TCHEA3 liquid 0.85 36.90 1.99 2.82 2.43 11.60 44.26 1.2
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Experimental results show the presence of a dual phase struc-
ture composed of A2 and B2 phase in the AN alloy with channels
and precipitates as in the AC alloy, but with smaller sizes for the
latter. Jensen et. al [26], proposed that the precipitation of these
phases may occur by spinodal decomposition during cooling, due
to the compositional fluctuations in high temperature phases.
Kadirval et al. [30] analyzed the details of a possible phase trans-
formation pathway for this alloy, including a congruent spinodal
decomposition upon heat treatment. The Fig. 13 confirms that a
miscibility gap already exists at 1400 �C at the exact composition
of the original alloy, where the two bcc phases coexist and the con-
stituents are not completely miscible, pinpointing the possibility of
a spinodal decomposition as suggested in the previous works
[26,30] and the experimental results found in the present work.
Moreover, the dual phase structure being present at compositions
found in the interdendritic region of the AC alloy and the dendritic
regions of the AN alloy is also in line with the wide miscibility gap
found Fig. 13a, where both phases are indicated to coexist.

Although experimental evidence of SIGMA is neither shown in
the AC state nor in the AN state, under equilibrium conditions,
the stability of this phase has been studied on several occasions
for both conventional and multicomponent alloys [35–38] where
both temperature and annealing time play an important role, and
there is evidence that longer annealing times (>500 h) are required
to stabilize this phase. Therefore, SIGMA may be thermodynami-
cally stable but still not developed after 24 h of annealing. The
other phases proposed to be formed in equilibrium conditions (Al3-
Zr4 and HCP_A3), are stable at temperatures below the annealing
temperature, so they are not expected to appear in the experimen-
tal results.

The Scheil diagram, Fig. 10, indicates that, due to the strong
solute segregation, the last drop of liquid may solidify at a temper-
ature as low as 1345 �C, about 50 �C below the annealing temper-
ature (1400 �C) and 150 �C lower than the equilibrium solidus
temperature (1503 �C). This means that the local melting temper-
ature at the grain boundaries and subgrain boundaries can be rel-
atively low. Together with the assistance from additional
interfacial energies released, these can result in the formation of
liquid-like interfacial phases during the annealing at 1400 �C, as
observed in several ceramics [31–34]. The formation of such
liquid-like phases dramatically enhances the diffusion of solute
atoms at the interfacial regions. This can then explain the coars-
ened microstructure at the grain and subgrain boundaries, espe-
cially the formation of large secondary Al-Zr-rich precipitates
with the continuous surrounding layer around them (c.f. Fig. 7
for the details) in the AN sample. The formation of interfacial
phases at both grain and subgrain boundaries has important conse-
quences for the mechanical performance of the RSA, the detailed
study of which will be presented elsewhere.

Senkov et al. [16] studied the AlMo0.5NbTa0.5TiZr alloy using the
Pandat Ti database to model Scheil solidification. They found that
solidification starts with the formation of a bcc phase (enriched
with Mo, Nb and Ta), and that a very small amount (� 0.3%) of
the intermetallic phase Al2Zr3 forms at the end of solidification.
Furthermore, they showed the formation of three phases at equi-
librium: ‘‘bcc1”, Ti3Al and Al2Zr3. Furthermore, Whitfield et al.
[17] anticipated the formation of two bcc phases at high tempera-
ture using the SSol5 database, whereas Al4Zr5 formed close to
1000 �C, and a B2 and HCP phase formed below 1000 �C (in equi-
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librium conditions) in their calculations. The latter resembles the
results obtained in the calculations from the present work. Unfor-
tunately, the composition of each phase was not reported by Whit-
field et al., which makes a comparison with the results presented
here impossible. However, later analyses by XRD and TEM have
demonstrated that the ‘‘B2” phase described by the SSol5 database
is in fact a disordered A2 phase [39]. Thus, it must be considered
that the databases usually do not make a distinction between order
and disorder, which leads to a decline of accuracy in the
calculations.

Finally, from the differential thermal analysis shown in Fig. 9,
the observed peaks can be related to the phase transformations
according to the experimental observation, and these phase trans-
formations can be compared with the thermodynamic calculations
presented in Fig. 11 (equilibrium conditions). The first peak can be
associated with solid–solid phase transformations and the second
peak with a melting process (Fig. 9). Although exact equilibrium
conditions cannot be achieved during DTA, the results are obtained
in conditions close to equilibrium because a slow heating rate of
5 K/min was used and therefore, these results may be used to ver-
ify the thermodynamic calculations. The widest peak, observed
between 820 �C and 1543 �C, is likely to be composed of several
overlaying peaks. These could be related to the increase of amount
and final dissolution of the major phase BCC_B2, enriched in Al, Zr
and Ti (BCC_B2#3 according to both databases) as well as early
stages of a premelting at grain boundaries. The last peak at a tem-
perature above 1555 �C can be related to a first event of bulk melt-
ing, which can be clearly seen in the equilibrium calculations
(Fig. 11). Note that even from the equilibrium calculations, the liq-
uid and the two bcc phases (BCC_B2#1 and BCC_B2#3) coexist
already at 1503 �C. Considering the broadness of the second peak,
it is possible that an overlap of different peaks takes place, suggest-
ing that liquification may start happening in parallel to dissolution
of the BCC_B2 phase. These results indicate that, from the point of
view of hot cracking, the alloy starts the formation of liquid at a
temperature � 200 �C higher than the temperature where liquid
appears in single crystal (SX) Ni-based superalloys (1345 �C for
the SX CMX4 alloy). However, grain boundary instabilities and lack
of room temperature ductility were observed (not shown here),
and therefore, mechanical properties at high temperature, as well
as corrosion behavior should be assessed to stablish whether this
alloy has potential for high temperature applications such as Ni-
based superalloy.

5. Summary and conclusions

In the present work, an approach to study the phase stability
and solidification behavior of the RSA AlMo0.5NbTa0.5TiZr was
implemented using CALPHAD calculations with two different data-
bases (TCNI10 and TCHEA3), and compared with experimental data
from as-cast, AC, and annealed state, AN (AC + 1400 �C for 24 h).
The as-cast state was compared with Scheil, whereas the annealed
state was compared with equilibrium calculations. The following
conclusions can be drawn from the results:

� The as-cast state shows a dendritic structure with a A2/B2
phase structure in both the dendritic and interdendritic regions,
which are an order of magnitude smaller than the A2/B2 phase
structure reported previously and reproduced in the present
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work. Annealing at 1400 �C for 24 h crystallizes completely a
mostly amorphous phase that is rich in Al and Zr within the
interdendritic region in the as-cast state.

� Thermodynamic calculations using the Scheil-Gulliver model
indicated the formation of a single bcc phase in both databases,
although the presence of both A2 and B2 was experimentally
demonstrated for the as-cast state. Phases such as SIGMA and
LAVES also appear in the Scheil calculations even though no evi-
dence is found in the experimental data for the conditions eval-
uated here. However, both databases anticipated the formation
of the Al4Zr5 intermetallic phase, which has the space group of
the Al-Zr-rich intermetallic found experimentally (Al4-xZr5,
0 � x � 1), thus showing a partial agreement with the experi-
mental data.

� Equilibrium thermodynamic calculations show the formation of
two bcc phases, i.e., one rich in Al, Zr and Ti and a second one,
rich in Mo, Nb and Ta, which is supported by the present and
previous experimental results, although the calculations do
not reflect the differences between ordered and disordered
phases. The possibility of a spinodal decomposition resulting
in the patterned microstructure observed experimentally was
confirmed through the miscibility gap calculations.

� DTA results proved that in this alloy the liquid phase appears at
a temperature higher than for Ni-base alloys, which could make
it attractive for high temperature applications. However, other
properties of this material, such as tensile behavior and corro-
sion resistance, need to be evaluated when pondering this RSA
for structural applications. In particular, the role and mecha-
nisms of interfacial phase changes during annealing need to
be explored. Further efforts are currently in progress with a
focus on these aspects.

� Finally, both databases evaluated here reproduce the same
results, showing that the TCNI10 database is as useful for this
alloy as the TCHEA3 database. However, there are still many
discrepancies between calculations and experimental results.
Therefore, more research should be developed to improve the
modeling, including B2 ordering, and more effort could be made
by experimentalists to investigate important ternaries that
could provide information for the model improvements.
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