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A B S T R A C T   

This study presents a thorough characterization of the creep properties of austenitic stainless steel 316L produced 
by laser powder bed fusion (LPBF 316L) contributing to the sparse available data to date. Experimental results 
(mechanical tests, microscopy, X-ray computed tomography) concerning the creep deformation and damage 
mechanisms are presented and discussed. The tested LPBF material exhibits a low defect population, which al
lows for the isolation and improved understanding of the effect of other typical aspects of an LPBF microstructure 
on the creep behavior. As a benchmark to assess the material properties of the LPBF 316L, a conventionally 
manufactured variant of 316L was also tested. To characterize the creep properties, hot tensile tests and constant 
force creep tests at 600 ◦C and 650 ◦C are performed. The creep stress exponents of the LPBF material are smaller 
than that of the conventional variant. The primary and secondary creep stages and the times to rupture of the 
LPBF material are shorter than the hot rolled 316L. Overall the creep damage is more extensive in the LPBF 
material. The creep damage of the LPBF material is overall mainly intergranular. It is presumably caused and 
accelerated by both the appearance of precipitates at the grain boundaries and the unfavorable orientation of the 
grain boundaries. Neither the melt pool boundaries nor entrapped gas pores show a significant influence on the 
creep damage mechanism.   

1. Introduction 

Additive manufacturing of metallic materials (metal AM) is an 
emerging technology that is increasingly the subject of research activ
ities and industrial application. Some general advantages of the tech
nology are the geometrical design freedom, the savings in weight and 
operational costs, e.g., in tooling and warehouses, and the potential to 
reduce lead times [1]. Therefore, metal AM is establishing itself grad
ually as a new group of manufacturing processes of general relevance 
complementary to casting, forging, or machining. Regarding its use, 
apart from the successful production of parts in the jewelry, sport, or 
medical sector, there have also been recent advances in the 
manufacturing of parts used in safety-relevant applications [1,2]. 
However, metal AM still faces challenges regarding its use in specific 
safety-relevant applications that could benefit from its advantages, and 
that involve, for instance, creep or thermo-mechanical fatigue. The 
reasons for the delay of this technological breakthrough are the lack of a 

deeper understanding of process-structure-properties relationships and 
the limited availability of material properties data [3,4]. 

The austenitic stainless steels 316L and 316LN, with different ni
trogen contents, and commonly grouped as 316L(N), are commonly 
investigated materials in their AM variants. The conventional variant 
has several fields of application. 316L is, for instance, used as surgical 
stainless steel and also to manufacture bolts and nuts with an operating 
temperature range from − 200 ◦C to 400 ◦C [5]. Additionally, it is used in 
nuclear reactors, where the operating temperatures can reach up to 
625 ◦C [6,7]. Additively manufactured 316L has also made some steps to 
start being applied in safety-relevant applications [8]. However, at least 
to the authors’ knowledge, there are no AM 316L parts being used in 
applications where creep plays a role. Regarding the state of the 
research, there are up to date only a few publications dealing with the 
creep behavior of LPBF 316L [9–12]. More investigations are still 
needed to gain a full understanding. Li et al. [9] reported creep tests at 
temperatures of 550 ◦C, 600 ◦C and 650 ◦C. They tested LBPF 316L as 
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well as wrought 316H steels. Williams et al. [12] tested double notched 
test pieces at 650 ◦C. Yoon et al. [11] tested small test pieces (3 mm 
diameter, 22.5 mm gauge length) at 650 ◦C. Jong et al. [10] performed 
small punch creep tests at 650 ◦C. Conventionally manufactured 316L 
(N) on the other hand has been intensively studied regarding the creep 
behavior, see e.g. [13–17]. Sasikala et al. [14], for instance, investigated 
316 and 316LN steels and their weldments at 600 ◦C and 650 ◦C and 
performed extensive metallographic investigations to rationalize the 
observed properties. 

Overall, the microstructure of AM metals is highly dependent on 
process conditions, and the scanning and deposition strategy [18,19]. 
The process conditions prevailing during the LPBF process generate 
unique microstructural features in the manufactured alloys, and each 
manufacturing strategy delivers in principle a different microstructure. 
In the resulting unique microstructures, the different typical AM features 
are present in varying degrees and length scales and thus may influence 
in different respects the mechanical properties, including the creep 
properties [20]. This variability of the AM microstructure makes it 
challenging to investigate mechanical properties such as creep that 
depend on many factors. Some microstructural features considered 
relevant to creep behavior are briefly presented below. 

One of the most relevant process conditions that affects the micro
structure is the high cooling rate. In LPBF, they can be around 105 K/s to 
106 K/s compared to 100 K/s to 102 K/s which is the typical range for 
casting processes [4]. The high cooling rates often lead to high residual 
stresses and as-built anisotropic and metastable microstructures [4]. In 
LPBF 316L and other AM metals, the high cooling rates contribute to 
forming a solidification cellular structure (referred to hereafter as 
cellular structure) with high dislocation density (1014 m-2 for LPBF 316L 
in [21]) accumulated along the cell walls and subgrain boundaries that 
have different dislocation densities [22–25]. Furthermore, in LPBF 
316L, this cellular structure has a localized concentration of elements 
such as Cr and Mo and segregation of nano precipitates along the cell 
walls [25,26]. The nano precipitates were identified for LPBF 316L in 
[25] as transition-metal-rich silicates. The effect of the cellular structure 
on certain material properties of 316L has been reported in literature. At 
room temperature during tensile deformation, its presence contributes 
substantially to creating a steady work-hardening ability, large uniform 
tensile elongations, and high yield strengths, due to, i.e., the resulting 
high dislocation density [25–28]. The effect on the creep behavior has 
been noted but so far not investigated thoroughly. Li et al. [9] suggested 
that the cellular structure has an effect on the stress dependency of the 
creep rate and pointed out that it limits the capacity of dislocation 
multiplication, which leads to achieving the minimum creep rate 
rapidly. 

Apart from high residual stresses, as-built anisotropic and metastable 
microstructures, columnar grains, and the cellular structure, AM mi
crostructures include gas porosity, lack of fusion voids, melt pool 
boundaries, and often textured microstructures with unique grain 
morphologies. These material characteristics and manufacturing flaws 
may as well influence the creep behavior [9,11,12], especially in terms 
of the damage accumulation. Yoon et al. [11] showed occurrence of 
cracking at grain boundaries. Williams et al. [12] reported large trans
granular cracks and intergranular creep micro-cracks that apparently 
mainly extended from lack of fusion defects and to a lesser extent from 
gas porosity. The intergranular micro-cracks were suggested to be a 
product of the coalescence of creep cavities at the grain boundaries and 
were seen at grain boundaries perpendicular as well as nearly parallel to 
the building direction. The final fracture was due to the branching and 
linking of the micro-cracks through several defects and across multiple 
layers. The rupture was ultimately transgranular in nature. The inves
tigated material had a defect volume fraction smaller than 0.5%. In the 
work of Li et al. [9], grain boundary cracking was the dominant failure 
mode. The grains were highly elongated, and the cracks grow primarily 
along the grain boundaries perpendicular to the loading direction. A few 
large cracks mixed with a high density of microcracks dispersed at grain 

boundaries were seen. The defect volume fraction in the analyzed region 
was 0.10%, being higher and more concentrated towards its center 
(0.18%). 

Furthermore, the chemical composition, the stacking fault energy 
(SFE), and the precipitation kinetics may also influence the creep 
behavior of 316L(N) stainless steel as reported for the conventional 
variant [14,17,29]. Sasikala et al. [14] reported in their study the pre
cipitation of M23C6-type carbides and intermetallic σ-phase. The pre
cipitation kinetics was dependent, i.e., on the initial chemical 
composition, e.g., the nitrogen and carbon content, and phases, e.g., the 
amount of delta ferrite. 

This study aims to contribute to the understanding of the creep 
behavior of LPBF 316L through the presentation and discussion of 
experimental results related to creep deformation and damage behavior. 
Data on the material properties and results that represent a first step in 
understanding the creep deformation and damage mechanisms are 
presented. As a benchmark to assess the material properties, a conven
tionally manufactured variant of the same alloy is tested. The results are 
compared to existing literature data. Within the study, the LPBF 316L 
and the conventional 316L, are subjected to hot tensile tests and con
stant force creep tests at 600 ◦C and 650 ◦C. The creep behavior of both 
materials is characterized in terms of characteristic values (e.g., rupture 
times, creep strain, minimum creep strain rate). The influence of the 
microstructure is discussed. Because of the complex hierarchical nature 
of AM microstructures, the microstructure and the creep damage 
behavior of the LPBF material are characterized by different destructive 
and non-destructive techniques across different length scales and 
compared to the behavior of the conventional variant. 

2. Materials and methods 

2.1. Conventional and LPBF material and specimens 

The LPBF specimens are produced on a commercial LPBF machine of 
type SLM 280 HL (SLM Solutions Group AG, Lübeck, Germany) under 
argon gas atmosphere, using stainless steel 316L powder with a particle 
size distribution between 10 μm and 45 μm. Detailed information about 
the LPBF system and the 316L powder feedstock are described in a 
previous publication [30]. The specimens used for this investigation are 
rectangular prisms of the dimensions 13 mm × 20 mm × 112 mm 
manufactured vertically on the build plate. Rectangular prisms are 
manufactured instead of near-net shape specimens to avoid variations of 
properties due to geometrical changes in the building direction, which 
might influence the resulting microstructure [35]. The z-axis dimension 
is 114.5 mm to compensate for cutting waste during part removal from 
the baseplate. The specimens are manufactured using a meander stripe 
scanning strategy with a rotation of the scanning direction by 90◦ after 
every layer. The scan vectors proceeded parallel to the edges of the 
specimen and are not interrupted within the cross-sections. The 
following process parameters are applied: laser power of 275 W, scan
ning velocity of 700 mm/s, hatch distance of 0.12 mm, layer thickness of 
0.05 mm, substrate preheating of 100 ◦C and inter layer time of approx. 
65 s. Further details can be found in [30,35]. All specimens are 
heat-treated at 450 ◦C for 4 h under argon gas atmosphere while still 
attached to the base plate. The cooling takes place in the furnace in the 
gas atmosphere. The heat treatment aims to partially relieve the residual 
stresses while avoiding substantial changes in the microstructure. 

A hot-rolled sheet of austenitic stainless steel 316L (1.4404/ 
X2CrNiMo17-2-2) according to DIN EN 10028-7 [36] is used as con
ventional material. The sheet is 20 mm × 1000 mm x 500 mm (Out
okumpu PSC Germany GmbH, Heidenheim, Germany). After hot rolling, 
the material is solution annealed at 1100 ◦C and subsequently quenched 
in water. The manufacturer obtained the sheet from a larger plate by 
plasma cutting. The sheet is mechanically cut into single blocks with 
dimensions 135 mm × 20 mm x 20 mm to obtain test pieces. 20 mm 
were left unused from all sides of the sheet to avoid possible edge effects. 
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All blocks are oriented longitudinally in the rolling direction. The blocks 
aimed for the manufacturing of the tensile and creep test pieces are 
selected from random locations within the sheet. 

The tensile and creep test pieces are machined from the middle re
gion of the conventional blocks and the LPBF rectangular prisms. 
Therefore, the centers of gravity from the test pieces coincide with the 
centers of gravity of the conventional blocks and the LPBF rectangular 
prisms. Table 1 shows the actual composition of the two investigated 
316L variants as determined for this study. The composition of both 
materials is determined on one piece of each material. Mn, Cr, Mo and Ni 
are determined with X-ray fluorescence spectroscopy, C and S are 
determined with combustion analysis; N is determined with carrier gas 
hot extraction. Si and P are determined with inductively coupled plasma 
atomic emission spectroscopy (ICP-AES). The values in Table 1 confirm 
that both investigated variants are 316L (and not 316LN) according to 
DIN EN 10028-7 [36]. Throughout this article, the additively manu
factured material is referred to as LPBF material and the conventionally 
manufactured as HR material. 

2.2. Microstructure characterization, evaluation of damage and 
microstructural changes after failure 

The microstructure of the LPBF 316L specimens investigated in this 
study has been partly characterized by Charmi et al. in [30]. A 
comprehensive texture analysis with electron backscatter diffraction 
(EBSD) was reported in that study, and the internal porosity of the 
tensile test piece geometry was described with μCT. The microstructure 
features a 110 crystallographic texture and a checkerboard grain 
morphology in a view perpendicular to the building direction [30]. The 
morphology is the result of the layer wise 90◦ rotation of the scan vectors 
[30]. In [30], the initial porosity of a tensile test piece made from the 
same batch of AM specimens investigated in this study was character
ized. The segmented pores in all the test pieces were spherical and were 
assumed to be gas pores. The measured porosity was much smaller than 
0.01%, and the pores were evenly distributed along the volume. 

In the present study, a further characterization of the initial micro
structure using optical microscopy (OM), μCT and transmission electron 
microscopy (TEM) is performed. To characterize the porosity, two creep 
test pieces are measured by μCT. To characterize the failure behavior 
and to gain an insight of the creep damage mechanism of both materials, 
cross-sections of selected tested test pieces, one conventional and one 
LPBF, test piece are metallographically analyzed after fracture. Metal
lographic investigations using optical, scanning electron microscopy 
with EBSD, energy dispersive X-ray spectroscopy (SEM-EDS), and non- 
destructive investigations with μCT are performed. 

For OM, the analyzed pieces, initial and postmortem investigations, 
are first cold mounted and subsequently ground down to the plane of 
analysis with 180 P SiC abrasive paper. After that, they are further 
ground in three steps using SiC abrasive papers of 320 P, 600 P and 1200 
P grain size. Finally, they are mechanically polished using polishing 
cloths MD Dac, MD Nap, and MD-Chem (Cloeren Technology GmbH, 
Wegberg, Germany). The grain sizes are 3 μm, 1 μm and 0.2 μm, the 
polishing suspensions DiaPro Dac, DiaPro Nap-B (Struers GmbH, Wil
lich, Germany) and Mastermet II (Buehler, ITW Test & Measurement 
GmbH, Esslingen, Germany), and the polishing agents Diamond (2x) and 
SiO respectively. For grinding and polishing, a semi-automatic Buehler 
Phoenix 4000 machine (Buehler, ITW Test & Measurement GmbH, 
Esslingen, Germany) is used. For optical microscopy and SEM, the 
mounted samples are additionally etched for about 3 s – 5 s using Bloech 

& Wedl etchant (30 ml dest. H₂O, 30 ml HCl conc. 37% and 0.6 gr 
K2S2O5). 

The OM images are taken with an inverted metallurgical microscope 
GX71 (Olympus Europa SE & CO. KG, Hamburg, Germany). EBSD 
measurements and SEM-EDS analysis are done on a scanning electron 
microscope (SEM) Leo Gemini 1530 VP (Carl Zeiss Microscopy GmbH, 
Germany) equipped with a high-resolution EBSD detector e− FlashHD and 
an EDS detector -XFlash 5030 (Bruker Corporation, United States). The 
software package ESPRIT 1.9.4 (Bruker Corporation, United States) was 
used for acquisition, indexing and post-processing of the EBSD and the 
EDS data. For EBSD analysis, the voltage is 20 kV, the minimum and 
maximum pixel sizes used are 0.94 μm and 6.32 μm, the beam current is 
10 nA and the pattern size 160 × 120 pixels. For EDS Analysis, the pixel 
size is 24 nm. Furthermore, a Tescan VEGA3 (Tescan Orsay Holding, a. s. 
Brno, Czech Republic) scanning electron microscope is used for selected 
analysis. 

Scanning transmission electron microscopy (STEM) is used to make a 
comparative qualitative characterization of the dislocation density at 
room temperature of both investigated materials. To perform this 
investigation, two samples were prepared, one from the HR and one 
from the LPBF material in the heat-treated initial state. The samples 
came from the material close to the middle of the HR blocks and of the 
LPBF rectangular prisms. To this end, 0.5 mm thin slices were extracted 
in the case of the LPBF material parallel to the building direction and in 
the case of the HR material perpendicular to the rolling direction. The 
building direction in the LPBF material and the rolling direction in the 
HR material are equivalent to the loading direction of the creep test 
pieces. These slices are subsequently ground on both sides to a quality of 
1200 P emery paper to reach a thickness of about 100 μm. These disks 
are then electrolytically thinned to electron transparency in a twin-jet 
Tenupol-3 device (Struers GmbH, Denmark) at 24 ◦C and 25 V with a 
flow rate of 3.1 a. u. with a mixture of 95% acetic acid and 5% hydro
chloric acid. TEM was conducted at an acceleration voltage of 200 kV in 
a JED-2200FS (JEOL Ltd., Japan) microscope equipped with a field 
emission gun, an in-column “omega”-type energy filter and a scanning 
(S)TEM device. 

The μCT data is acquired on the commercial μCT scanner GE v|tome| 
x 180/300 (GE Sensing & Inspection Technologies GmbH, Germany) 
using the 300 kV X-ray source at a voltage of 200 kV, a current of 50 μA. 
A silver prefilter of 0.25 mm thickness is used. A voxel size of (10 μm)3 is 
achieved. The data is filtered using the plug-in non local means denoising 
[37,38] in the open source software Fiji [39]. To analyze the recon
structed volumes, the commercial software VG Studio MAX Version 3.3 
(Volume Graphics GmbH, Germany) was used in combination with the 
open source software iLastik [40]. 

2.3. Creep and tensile testing 

2.3.1. Tensile testing 
Tensile tests on 8 mechanical test pieces were conducted to obtain 

strength and deformation values that enable the interpretation of the 
results of the creep tests. For each material, three tests at 600 ◦C and one 
at 650 ◦C according to DIN EN ISO 6892-2 [41] were performed. The 
characteristic deformation values: percentage elongation after fracture 
(A) and the reduction of area (Z) are calculated based on measurements 
on the test pieces before and after the tests. 

A 100-kN Instron testing machine (Model: 4505, class 1 calibration, 
Instron GmbH, Darmstadt, Germany) equipped with a split tube furnace 
(Model: 3210, ATS Applied Test Systems Inc.) was used. To measure the 

Table 1 
Chemical composition in wt %.   

Fe C Si Mn P S Cr Ni Mo N 

LPBF Balance 0.013 0.53 0.97 0.007 0.0044 17.70 12.70 2.33 0.077 
Hot rolled Balance 0.017 0.46 1.28 0.030 0.0044 16.90 10.10 2.03 0.045  
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strain, an MTS water-cooled high-temperature extensometer (Model: 
632.51C-05, at least class 1, nominal gauge length 21 mm) is applied. 
Tensile test pieces B 6 × 36 according to DIN 50125 [42] with cylin
drical cross-section, ground (Rz ≤ 3.2), with threaded ends M10, total 
length 60 mm, diameter of parallel length 6 mm, and length of reduced 
parallel section 36 mm are used. 

All tensile tests are carried out strain-rate-controlled up to approxi
mately 20% engineering strain. If possible, the extensometer is removed 
after that, and the test is further driven in crosshead-speed control. The 
strain rate for the tests is 7 × 10-5 1/s, the crosshead speed 0.00252 mm/ 
s (0.1512 mm/min). These values correspond to the suggested range in 
method A of the standard [41]. The heating ramp to the test temperature 
lasts about 3 h, and the test pieces are soaked for around 70 min at the 
respective testing temperature before starting the tests. The loading 
direction coincides with the building direction in the LPBF material and 
with the rolling direction in the HR material. 

2.3.2. Creep testing 
Twelve creep tests at constant force are performed until rupture of 

the test pieces according to DIN EN ISO 204:2019–04 [43]. The tests are 
conducted on both LPBF and HR 316L at 600 ◦C and 650 ◦C using initial 
stress levels ranging from 175 MPa to 275 MPa with a 25 MPa incre
ment. Three BAM-modified 20-kN creep testing machines (Mohr & 
Federhaff AG, Mannheim, Germany) are used. All three machines 
feature calibration class 1 of the applied force according to DIN EN ISO 
7500-2 [44] and are equipped with three-zone furnaces (custom-made 
by Heraeus Holding GmbH, Hanau, Germany). The initial loading force 
(full weight) that delivers the initial stress level was applied shock-free 
by hand. The loading time ranged from 15 s to about 90 s, and the 
loading speed from 3.05 MPa/s to 11.67 MPa/s. A pre-force of 1 kg was 
applied before heating the test pieces to keep the extensometer fixed 
during the initial heating. 

Calibrated temperature data acquisition units SCXI-1102 from Na
tional Instruments are used (National instruments Kft., Debrecen, 
Hungary). The temperature control takes place via the temperature 
signal from the furnaces. The temperature of the test pieces is measured 
using three thermocouples type S tied along the gauge length. The 
thermocouples are calibrated based on EURAMET/cg-08 [45], and the 
temperature measurement chain is calibrated based on 
EURAMET/cg-11 [46]. MTS water-cooled high-temperature single-side 
extensometers (Model: 632.51C-03, class 1, nominal gauge lengths 50 
mm and 52 mm) are used to measure the strain. 

The data acquisition takes place initially, before initial loading, every 
5 s. During the initial loading, the data acquisition time interval is set to 
0.1 s. After initial loading, it is set to 1 min up to max. 10 min, depending 
on the test duration. 

Proportional test pieces with cylindrical cross-section, ground (Rz ≤

3.2), with threaded ends M12, total length of 100 mm, diameter of in the 
gauge length of 8 mm, and 60 mm length of reduced parallel section are 
used. The percentage elongation after fracture (A) is not measured at the 
test pieces. The reduction of area after rupture (Zu) is determined ac
cording to the standard [43]. 

The stress levels used for each material and temperature are stepwise 
determined based on the partial results. The objective was to have at 
least two coincident stress levels for both types of materials at each 
tested temperature. The choice of the testing temperatures is based on 
the service temperature of the alloy (see section 1) and on available 
literature data. Similar to the hot tensile test procedure, the heating 
ramp lasts approximately 2.5 h (~4 ◦C/min), and the test pieces are 
soaked for approximately 1.5 h at testing temperature before performing 
the tests. As in the case of the tensile tests, the loading direction co
incides with the building direction in the LPBF material and with the 
rolling direction in the HR material. 

3. Results 

3.1. Microstructure 

Fig. 1 shows representative images of the microstructure of the two 
material conditions. Fig. 1a and b are optical micrographs from the 
etched LPBF material, and Fig. 1c and d from the HR material. The z 
direction corresponds to the loading direction in both cases (building 
direction in the case of the LPBF material and rolling direction in the 
case of the HR material). 

Fig. 1a is a micrograph taken from a plane perpendicular to building 
direction of the LPBF material. The checkerboard grain morphology 
described by Charmi et al. [30] is visible. Fig. 1b is a micrograph from a 
plane parallel to the building direction. There, the grains have an 
irregular shape which is a product of the epitaxial grain growth of 
remelted zones. They are stacked on top of each other in parallel 
columnar regions and show the “ripple-like” shapes as described else
where [25]. In both figures, the grain boundaries (GB) and the melt pool 
boundaries (MPB) are identified (black arrows). Apart from the light 
micrographs shown in Fig. 1, a 4 mm × 3 mm EBSD scan is analyzed 
regarding phases and grain size description. The microstructure is fully 
austenitic, as the light micrograph in Fig. 1b suggests by the lack of any 
other visible phases following etching. The mean grain size, determined 
in a plane parallel to the building direction, is 75 μm. It is calculated as 
the mean diameter value of equivalent circles with the same area of each 
grain. The underlying misorientation (MO) angle is 15◦. The μCT anal
ysis of the porosity in the two investigated test pieces reveals that all 
segmented pores are spherical. Therefore, they are assumed to be gas 
pores. The porosity is much lower than 0.01%, and the pores distribute 
evenly along the volume. Since the porosity results of the investigated 
creep test pieces coincide with the results reported in [30], one can 
conclude that this porosity is typical for this material. 

Concerning the HR material, Fig. 1c shows a micrograph from a 
plane perpendicular to rolling direction and Fig. 1d from a plane parallel 
to the rolling direction, z corresponds to the rolling direction and x and y 
to the transverse and normal (through-thickness) direction. The grain 
morphology is equiaxial, and twins are present, accounting for a 
considerable proportion of the grains. On both micrographs, delta ferrite 
can be identified. The delta ferrite was identified using phase analysis in 
three EBSD scans. It appears in different sizes and has mostly an elon
gated morphology, which depending on the analyzed plane can also 
appear circular or oval. As suggested by Fig. 1c and d, the microstructure 
is primarily austenitic with ca. 0.9% delta ferrite, as determined from 
two EBSD scans. The grain size is determined in a plane perpendicular to 
the rolling direction in the band contrast (BD) image of an EBSD mea
surement using the planimetric procedure according to ASTM E112-13 
[48], and it corresponds to grain size number, G, of 7.0, which corre
sponds to ca. 30 μm equivalent average diameter. This variant of 316L is 
well suited as a benchmark because it represents an idealized fine, fully 
recrystallized, equiaxed microstructure, which is suitable for multiple 
applications. 

In terms of the dislocation substructure, Fig. 2 shows representative 
bright field (BF) STEM images of the initial microstructure at room 
temperature of the investigated materials: on the top, Fig. 2a and d show 
the coordinate systems of the sample and of the crystal for the regions 
investigated, Fig. 2b and e show low-magnification micrographs, where 
white regions mark the higher magnified images shown in Fig. 2c and f. 
The LPBF material is presented on the left of Fig. 2 (a, b and c), while HR 
material is on the right (d, e and f). In the LPBF material, x and y are 
parallel to the tower walls, as also indicated in Fig. 1a and b. In the HR 
material, y is the normal (plate through-thickness) direction, and x the 
transverse direction, as presented in Fig. 1c and d. 

The LPBF material has a high dislocation density as qualitatively 
shown. In Fig. 2b, three subgrains, with widths below ≈10 μm, have 
been partially captured on the left, center and right, as can be recognized 
by the overall different contrasts of these regions. The subgrain 
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boundaries (SGB) are exemplarily shown in Fig. 2b and c (black arrows). 
All these subgrains present similar shapes of cellular structure, with a 
cell size of roughly 0.5 μm–1 μm. At this scale, the microstructure of the 
LPBF material is clearly characterized by dislocation networks that 
decorate mostly the walls of cellular structures, as becomes apparent in 
the magnified image of Fig. 2c. Furthermore, localized concentration of 
Cr and Mo and segregated nano precipitates also decorate the cell walls 
(not shown in Fig. 2). The dislocations also spread into the cell cores. All 
dislocations seem to be perfect dislocations without apparent signs of 
dissociation. The arrangement of the dislocations is clearly different in 
the subgrain boundaries than in the cell walls: in the subgrain bound
aries, dislocation walls are narrower, whereas the cell walls are wider, 
and the dislocations are tangled. This finding coincides with previous 
descriptions of the microstructure of LPBF 316L at this scale, e.g., in 
[21]. Altogether, the LPBF material has a hierarchically organized 
microstructure consisting of the grains seen in Fig. 1, and the subgrains 
with cellular structures within them. Before heat treatment, the dislo
cation substructure looks identical at all scales studied (results not 
shown). 

In the images corresponding to the HR material, Fig. 2e and f, the 
round-shaped darker region is delta-ferrite, and was identified in the TEM 
by an increase in Cr and Mo via EDS, as well as by selected area diffraction 
patterns (SADP) on this particle and on several similar particles. The inset 
SADP in Fig. 2f was acquired on the round appearing particle at a sample 
tilt ≈11◦ away from the tilt in the BF STEM image. In this material, other 
than these delta ferrite particles, twins (see Fig. 1c and d) represent large 
planar defects with serrated interfaces, at which dislocations interact. The 
overall dislocation density is at least an order of magnitude lower than for 
the LPBF material, and they have larger mean free paths between inter
facial obstacles, e.g., delta/gamma interfaces, or twin and large-angle 
boundaries. A common observation throughout the HR material is that 
the dislocation density, while overall low, increases towards these planar 
defects, e.g., close to the delta-ferrite particle in Fig. 2e. From trace 
analysis of Fig. 2e, it is clear that the few present dislocations are localized 
on rows along just a few slip planes, i.e., shear bands (see schematic lattice 
planes and directions in Fig. 2d). A closer look into the region squared in 

white on Fig. 2e reveals that many of these dislocations are dissociated 
into partials, which reveal the darker contrasts spanning between dislo
cation pairs on slip planes that are not edge-on, see black arrows in Fig. 2f. 

3.2. Tensile and creep testing 

3.2.1. Tensile tests 
The characteristic values determined from the test pieces are listed in 

Table 2, and, where possible, the mean values and standard deviations. 
The LPBF material features at both test temperatures a significantly 
higher yield strength (about 2.5x higher in the LPBF than in the HR 
material). The increase in ultimate tensile strength is almost negligible 
(5%–7.5%). The ductility is lower but still close to the values of the HR 
material (30%–50% lower elongation to fracture in the LPBF material). 
Characteristic values at room temperature for the LPBF material are 
reported in [30]. 

3.2.2. Creep tests 

3.2.2.1. On-load response. The total strain during the creep tests, et, eq. 
(1), consists of the time-independent initial loading strain component, 
eti, and the time-dependent creep strain component, ef . The initial 
loading strain component, eti, is the strain reached by the end of the 
application of the load and the creep strain, ef , is the strain developed by 
the material under constant load with time. The initial loading strain, eti, 
in turn has an elastic and a plastic component, ee and ei, respectively, eq. 
(2). 

et = eti + ef (1)  

eti = ee + ei (2) 

Fig. 3a and Fig. 3b show the strain response to the initial loading (eti, 
ee and ei). Fig. 3a shows the initial strains, eti, that each material reaches 
at each combination of applied stress and temperature. The LPBF ma
terial (black symbols) features much smaller initial strains, eti, (<0.3%) 
than the HR material (>3%) at all test conditions. Furthermore, eti does 

Fig. 1. Initial microstructures (OM) at room temperature after etching. a) and b) LPBF material, z corresponds to the building direction c) and d) HR material, z 
corresponds to the rolling direction. 
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Fig. 2. BF STEM images from the initial microstructures at room temperature. a), b) and c): LPBF material; c), d) and f): HR material. b) and e): low magnification. c) 
and f) higher magnification (see white boxes). In the coordinate systems shown in a) and d), z corresponds to the building direction in the LPBF material, images a) to 
c), and to the rolling direction in the HR material, images d) to f). 

Table 2 
Results of hot tensile tests: yield strength, Rp0.2, ultimate tensile strength, Rm, elongation at fracture, A and reduction of area, Z. Calculated mean values and standard 
deviation (SD) when possible.    

LPBF HR 

T ◦C 600 650 600 650 

Test piece no. – 1 2 3 Mean SD 1 1 2 3 Mean SD 1 

Rp0.2 MPa 315 323 316 318 4 282 120 128 117 122 6 118 
Rm 372 381 385 379 7 328 360 365 362 362 3 305 

A % 43 43 37 41 3 21 – 63 56 60 5 42 
Z 52 53 50 52 2 32 – 81 84 83 2 82  
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not change significantly with the variation of the temperature for the 
two materials. 

Fig. 3b provides additional information on the elastic and plastic 
components, ee and ei, respectively, of the initial loading strain, eti. The 
initial strain of the LPBF material consists mainly of the elastic compo
nent, ee, (triangular symbols) whereas the HR material deforms mainly 
plastically (circular symbols represent ei). Note that the y axis is plotted 
at a logarithmic scale to visualize the changes. The plastic components 
of the LPBF material are equal to zero at 650 ◦C/175 MPa and at 600 ◦C/ 
200 MPa. 

3.2.2.2. Creep response. Fig. 4 shows the results regarding the creep 
response. Three different curves are shown: a creep strain, ef , vs. time, t, 
graph, Fig. 4a; a creep rate, ėf , vs. t graph, Fig. 4b, and a creep rate vs. 
total strain graph, Fig. 4c. The creep strain ef vs. t graph, Fig. 4a, is 
obtained from the raw strain data plotted against the time. Due to a 
failure data acquisition, there is a gap in the data at 650 ◦C/200 MPa at 
approximately 150 h. To determine the ėf vs. t graph, Fig. 4b, smoothed 
strain data using a rolling average is differentiated with respect to time. 
Subsequently, the obtained creep rate data is again smoothed with a 
rolling average. To obtain the ėf vs. et graph, Fig. 4c, the smoothed creep 
rate data is plotted against the original unsmoothed strain data. 

3.2.2.2.1. Time to rupture. Commonly, the creep behavior is plotted 
in terms of creep strain over time, Fig. 4a. A comparison of the indi
vidual curves shows that the LPBF material (black symbols) has shorter 
times to rupture, tu, than the conventional material (blue symbols) at the 
same test parameters. Fig. 5 shows the creep rupture diagram repre
sented as applied stress, Ro, vs. rupture time, tu, for the two materials at 
the two tested temperatures. The times to rupture, tu, of the LPBF ma
terial (black symbols) for the two tested temperatures and at all applied 
stresses are shorter than those from the HR material (blue symbols, 
dashed lines). The creep lifetimes are fitted with a power function of the 
form f(x) = a⋅xb, to show that the straight line-fit for the two materials 
approximates the tendency with increasing stress at both temperatures. 

3.2.2.2.2. Creep ductility. A value that, alternatively to the elonga
tion after fracture, Au, serves to describe the creep ductility indirectly is 
the total plastic deformation at failure (ep in equation (3)). Making a 
description based on ep is only reasonable if all test pieces break either 
inside or outside of the extensometer gauge length, which is the case in 
this study, where all test pieces broke at similar positions relative to the 
grips outside the extensometer gauge length. ep, can be derived from the 
results shown in Figs. 3b and 4. Fig. 4 shows that, in addition to the fact 
that the LPBF material has smaller plastic initial loading strains, ei, (see 
Fig. 3b), it has smaller creep strains, ef , compared to the HR material at 

all test conditions. The LPBF material has lower creep ductility than the 
HR material at all combination of test parameters. 

ep = et − ee = ei + ef (3)  
3.2.2.2.3. Time in creep stages. From a microstructural point of view, 

a representation of the creep strain rate, ėf , as a function of time, Fig. 4b, 
or strain is more insightful, since the creep strain rate directly represents 
the material’s response to loading [49]. In addition to the observations 
from Fig. 4a and b shows that the LPBF material reaches the minimum 
creep strain rate at the same stress level and temperature faster, i.e., has 
a shorter primary creep stage, than the HR material. Furthermore, 
Fig. 4b shows that the LPBF material has a shorter secondary creep stage, 
and a more accelerated damage behavior, i.e., shorter tertiary creep 
stage, than the HR material. Fig. 6 shows the durations of the primary, 
t1, secondary, t2, and tertiary creep stages, t3, and represents in a clearer 
manner the findings regarding Fig. 4b. The plot also shows that the 
differences between durations of the creep stages at the same stress level 
and temperature are significant (note that the y axis is plotted on a 
logarithmic scale). For all durations of creep stages in Fig. 6, the dif
ference between LPBF (black symbols) and HR material (blue symbols, 
dashed lines) appears to become smaller with increasing applied stress, 
as in the case of the times to rupture in Fig. 5. To show that, the data 
points are fitted with a power function. For both materials the duration 
of the tertiary creep stage is about one order of magnitude higher than of 
the other two stages. The times from the onset of the secondary and 
tertiary creep stages, t12 and t23, respectively (eq. (4)) are determined as 
the limits of a line-fitting performed on the raw data strain vs. time, 
which is done to determine the minimum creep rate, ės. The secondary 
creep duration, t2, is determined as indicated in eq. (4) and the duration 
of the tertiary creep is determined as shown in eq. (5)., whereby tu 
represents the time to rupture. 

t2 = t23 − t12 (4)  

t3 = tu − t23 (5)  
3.2.2.2.4. Creep strain at minimum creep rate. A diagram of the creep 

strain rate, ėf , over the total strain, et , until failure, Fig. 4c, helps to 
further understand the differences in the materials behavior. On the one 
hand, it shows again (see Fig. 3a) that the initial loading strain, eti, is 
smaller in the LPBF material than the HR material for all tested com
binations of parameters. To enlighten this point, note that the x-axis 
represents the total strain, et , and not the creep strain, ef , or the total 
plastic strain, ep. Therefore, the initial strain, eti, is visible as an offset in 
et (before creep starts, ėf is inexistent). This offset is most evident for the 
conventional material. On the other hand, Fig. 4c suggests that the LPBF 

Fig. 3. a) Total strain on application of force, b) elastic and plastic components. Note that the lines connecting the data points do not represent a fit.  
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material reaches the minimum creep rate at smaller total strains, et, 
compared to the HR material at the tested temperatures and stress levels. 
The same is, of course, valid for the creep strain, ef . To further analyze 
this latter point, Fig. 7 shows the creep strain corresponding to the 
minimum creep rate at each applied stress, ef at ės, which is determined 
as the creep strain value corresponding to the time of the onset on sec
ondary creep stage, t12, (eq. (4)). The figure confirms that the LPBF 
material (black symbols) reaches the minimum creep rate at signifi
cantly lower strains (<0.2%), around one order of magnitude lower, 
compared to the HR material (blue symbols, dashed lines; >2%). 
Furthermore, the stress dependency of ef at ės, of both materials at each 
test temperature is negligible. The minimum creep rate, ės, is read from 
Fig. 4a by performing a linear interpolation between the data points. The 
values obtained for ės are presented in Table 3. The dependence of ės on 
stress and temperature is discussed in section 4, subsection 4.2.3. 

Table 3 shows an overview of the studied parameters and results of 
the creep tests. Relevant characteristic values are shown. A comparison 
of the values obtained for the elongation at fracture from the tensile tests 
(Table 2) with the creep strain in the creep tests (Table 3) shows that the 
decrease in material ductility is much higher (up to 3x) for the LPBF 
material in the creep tests compared to the tensile tests at same tested 
temperatures than for the HR variant. 

3.3. Evaluation of creep damage and microstructural changes after failure 

This section summarizes the results of the postmortem investigations 
of two selected creep test pieces, one LPBF and one HR, both tested at T 
= 600 ◦C and Ro = 225 MPa. The results shown in this section represent 
a first insight on the creep damage mechanisms operating, with focus on 
the LPBF material. These test pieces were selected because they have the 
largest difference in rupture times of all matching pairs of test pieces 
(4027 h). Besides, 600 ◦C represents a more application-relevant tem
perature compared to 650 ◦C. 

3.3.1. HR material 
Fig. 8 depicts the creep fracture characteristics of the HR creep test 

piece. Fig. 8a is a μCT reconstruction of the analyzed creep test piece. 
The shape of the test piece visible in this image (light gray) is repre
sentative for all tested test pieces of the HR material. They all show a 
pronounced necking that indicates ductile fracture, and which is also 
evident in the values of reduction of area, Zu, in Table 3. Fig. 8b is a 
detailed view from a cut section at the fracture region; some damage in 
the form of voids can be recognized (blue arrows). Away from the 
fracture the microstructure is much less deformed than at the fracture 

Fig. 4. a) Creep strain vs. time, b) creep strain rate vs. time, and c) creep strain 
rate vs. total strain. 

Fig. 5. Applied stress vs. time to rupture.  
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region (see Fig. 8c). The larger deformation in the necked region is 
visible in the larger aspect ratio of the grains. In regions further away 
from the fracture area (not shown here) the grains are less deformed 
than grains shown in Fig. 8c, and are optically similar to the initial 
morphology shown in Fig. 2. All combined, Fig. 8 reveal that the creep 
deformation accumulates the most near the fracture surface in the 
necked region. The μCT reconstruction, Fig. 8a, reveals furthermore that 
the voids’ population is sparse and localized in the fracture region with a 
tendency towards the middle region of the test piece. The voids are 
visible mostly as blue features. In Fig. 8b, only a few round-to-oval voids 
are observed. The final fracture is transgranular in nature. Additionally, 
Fig. 8b and c suggest that either the initially present delta ferrite or a 
transformed product is present after the test. 

3.3.2. LPBF material 
The postmortem characterization of the LPBF creep test piece was 

first done in terms of internal damage. Fig. 9 shows two- and three- 
dimensional images obtained with OM and μCT. Fig. 9a shows an OM 
image of the fracture region of the analyzed creep test piece. The test 
piece shown is representative for all tested LPBF creep test pieces, which 
exhibit almost no necking. The brittle fracture behavior can also be 
derived from the low reduction of area (Zu) as shown in Table 3. Fig. 9b 
shows a μCT reconstruction of the analyzed creep test piece. The shorter 
and the larger ends of the test piece were separately scanned and then 
joined virtually. A large number of cavities (mostly blue) are present. 
The cavities’ irregular shape corresponds, at first sight, the shape of the 
grain and the melt pool boundaries. Their size lies in the order of the 
grain size reported in subsection 3.1. Besides, these types of cavities 
were not found in the initial state of the test pieces. Therefore, they are 
assumed to be associated to creep damage and are called microcracks 
from now on. The later analysis with OM on the etched sample, Fig. 11, 
reveals that they originate at the grain boundaries, i. e intergranular. 
The microcracks are ordered in columns parallel to the build direction. 
The microcracks do not only concentrate in the immediate region of 
close to the fracture. In the longer part of the fractures test piece they can 
be found throughout the whole captured gauge length. In the shorter 
part they diminish before the end of the gauge length, presumably due to 
a geometrically conditioned lower local stress. Interconnected micro
cracks are found close to the fracture surface. 

The microcracks identified with μCT have a total volume fraction of 
2.65% in the inspected gauge length. The volume fraction includes 
microcracks and all other cavities that can be present, e.g., gas pores. 
The scale on the left side of Fig. 9b allows for the differentiation of the 
cavities depending on their total volume. Bigger microcracks are located 

Fig. 6. a) Time spent in primary, b) secondary and c) tertiary creep stages, vs. 
applied initial stress. 

Fig. 7. Creep strain at minimum creep rate vs. applied initial stress.  
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near the fracture surface. These bigger microcracks are either single 
microcracks or interconnected microcracks (mostly in green). A repre
sentative detail from these two types of microcracks is shown on the 
bottom right of Fig. 9b. The interconnection of microcracks occurs 
rather rarely. 

Fig. 9c shows an OM overview of the fracture surface and an OM 
detail section (see the black arrow and the corresponding black box). On 
the fracture surface, the checkerboard pattern presented in Fig. 1 can be 
recognized. The topography of the fracture surface is not completely flat, 
which can be seen in Fig. 9a and c. Besides, Fig. 9c schematically shows 
the plane of the cut section that is subsequently analyzed (blue lines and 
text), which is slightly tilted from the y-direction. The detailed image 
elucidates how the section plane cuts through the columns of grains and 
through the intercolumnar regions (see white text). 

Fig. 9d shows OM images of the cut section in an unetched state. The 
image reveals the existence of a periodically present stripe pattern. This 
pattern consists of damaged and undamaged regions (see blue text and 
arrows). In agreement with the results from μCT shown in Fig. 9b, the 
microcracks are ordered in columns and not only concentrated in the 
immediate fracture region. Besides, as in Fig. 9b, one can also roughly 
identify that they are tendentially bigger and more often interconnected 

near to the fracture surface (see enlarged detail in the bottom of Fig. 9d). 
Fig. 9e shows a two-dimensional virtual cut generated from the μCT 

scan of the larger rest of the test piece that is intentionally created to 
reproduce the metallographic section of the OM sample preparation 
(Fig. 9d). To recreate the stripe pattern seen with OM, the virtual cut 
must be performed not perfectly parallel to the columns of microcracks. 
From the results of this virtual section, it can be deduced that the ma
terial within these striped areas appear to be free of damage and that 
these areas are located between the microcracks. 

In the lower parts of Fig. 9d and e, the fracture region is shown with 
higher magnification with OM and μCT, respectively. In these two- 
dimensional images, the microcracks show an inclined double wedge 
shape. The sharpness of the magnified μCT image is limited by the voxel 
size of (10 μm)3. The results in Fig. 9 demonstrate that μCT as a 3D non- 
destructive testing method complements the information delivered by 
destructive characterization techniques, and enables the analysis of the 
3D shape of the damage. Through the freedom of generating arbitrary 
virtual cuts, it furthermore proves to be a complementary technique that 
helps to understand the occurrence of the damage. 

To further analyze the damage mechanism of the investigated test 
piece, representative secondary electron (SE) SEM images from the 

Table 3 
Results of creep-rupture tests.    

LPBF HR 

T ◦C 600 650 600 650 

Test piece no. – 1 2 3 1 2 3 1 2 3 1 2 3 

Ro  MPa 200 225 250 175 200 225 225 250 275 200 225 250 

tu  h 402 260 79.3 155 42 16.4 4287 716 184 640 33.9 9.6 

ės  x 10-8 1/s 0.58 0.7 2.5 2.4 7.6 19 0.21 2.2 7.1 5.0 100 360 

eti  % 0.19 0.17 0.3 0.18 0.18 0.22 4.4 5.8 7.2 3.3 4.5 6.1 
ef  2.4 4.6 2.2 9.2 6.6 4.9 8.4 14.3 18.5 18.7 19.9 15.6 
Zu  7.9 6.5 11 13 10 12 74 75 71 76 74 73  

Fig. 8. Conventional material after failure. Test parameters are 600 ◦C and 225 MPa, z-coordinate corresponds to the rolling and loading direction. a) μCT 
reconstruction of the analyzed creep test piece. b) and c) representative detail views regions of the fracture region b) and away from it c). 
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Fig. 9. Creep failure of LPBF test piece at 600 ◦C and 225 MPa. Visualization of microcracks with destructive (OM) and non-destructive (μCT) characterization 
techniques. In all images, the z-coordinate corresponds to the building and loading direction. a) Macroscopic view of fracture region and b) μCT scan of the analyzed 
test piece. c) OM images of the fracture surface, the plane used for the cut section analyzed is schematically shown. d) OM images of the cut section in unetched state, 
overview (top) and detail (bottom). e) Two-dimensional μCT images of the same cut section (virtual cut), overview (top) and detail (bottom). 

Fig. 10. SE SEM images showing details of fracture surface from LPBF investigated test piece shown in Fig. 9 at a) lower and b) higher magnification. Fracture 
appears to be overall intergranular with more ductile areas in intercolumnar regions (black arrows). 
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fracture surface (partly shown in Fig. 9c), are shown in Fig. 10. Fig. 10b 
is a detailed image from a selected region (white box) of Fig. 10a. In the 
images, the checkerboard pattern can again be clearly recognized. In the 
figure, regions with a rather ductile and a rather brittle fracture 
morphology can be seen. The regions where the failure seems to be more 
ductile (black arrows) coincide with the intercolumnar regions seen in 
Fig. 9c (white text). The regions where the failure appears to be more 
brittle (blue arrows) coincide with the columns of grains, also seen in 
Fig. 9c (white text). The intercolumnar regions feature a rather ductile- 
like fracture. The zones that feature brittle-like fracture are located to
wards the middle of the columns of grains. In these more brittle zones 
suggesting intergranular fracture, very small dimples are visible, which 
can be interpreted as ductility on the microscale. The final fracture 
overall is mainly intergranular. 

Complementing the results shown in Figs. 9 and 10, optical micro
graphs from the cut section after etching are shown in Fig. 11. Fig. 11a 
represents an overview. Fig. 11b to e are micrographs showing details 
from regions away and near the fracture surface. Fig. 11b–e show that 
the microcracks identified in Fig. 9 are located at grain boundaries, i.e., 
product of intergranular damage (ID, black arrows), and that their 
propensity is lower in regions away from the fracture surface (Fig. 11b 
and d). Besides, images shown in Fig. 11b–e demonstrate that micro
cracks are not forming at melt pool boundaries (MPB, black arrows 
linked to dashed black lines highlighting them partially). Furthermore, 
in Fig. 11b–e, round voids can be observed that do not appear to influ
ence cracking. These round voids are assumed to be original gas pores 
generated by the manufacturing process. In Fig. 11e two of the micro
cracks are connected (see black circle). These interconnected micro
cracks are rather seldom as presented in Fig. 9. 

Finally, in Fig. 11b and c, one can identify regions with less inter
granular damage (ID). These regions are either intercolumnar or within 
the columns of grains. Within the columns of grains, the regions with less 

ID correspond to groups of grains that are still connected and do not 
exhibit open cavities at the grain boundaries. The intercolumnar regions 
with less damage are visible between the columns of grains where the 
grain morphology is more elongated in the building (horizontal) direc
tion. In addition, they are visible as stripes with less damage in Fig. 9 or 
as areas with a different grain morphology in Fig. 11, as shown with 
dashed boxes in Fig. 11b and c. The presence of these microstructural 
features as previous mentioned arises because the section is not perfectly 
parallel to scan direction. Therefore, the section cuts the microstructure 
at an acute angle, leading to the intercolumnar regions to be clearly 
visible on the cross-section. 

To better understand the mechanisms causing the intergranular 
damage, the cut section is analyzed in the polished state with SEM-EDS. 
The analysis of a microcrack tip in the LPBF sample is shown in Fig. 12. 
In Fig. 12a, results from back-scatter electrons (BSE) measurements 
show the location of the analyzed microcrack tip within the cut section 
in overview and in detail (follow blue boxes and arrows). Fig. 12b shows 
the element EDS maps for four selected elements. 

The element maps reveal that there is a depletion of Cr and Mo at the 
crack tip (black regions) and that Cr- and Mo- rich precipitates form on 
the submicron-scale (white arrows), close to the resolution limit of this 
technique. These precipitates are moreover depleted in Fe- and Ni 
content (black regions in the corresponding element maps). They form 
at the grain boundaries, where the microcracks appear. The precipitates 
were also observed through SEM-EDS in the crept conventional material. 
However, they were generally larger than in the LPBF material and 
occurred less frequently and also within the grains. Additionally, a small 
void is visible in the rightmost image of Fig. 12a along the grain 
boundary. Its size lies below the resolution limit of the μCT scans per
formed. Such voids are also present near to tips of other microcracks as 
well as at other grain boundaries in the crept test piece. These small 
voids are rather rarely observed along the grain boundaries in the 

Fig. 11. LPBF creep test piece after failure. OM after etching, same test piece as in Fig. 9. Test parameters are 600 ◦C/225 MPa, z-coordinate corresponds to the 
building and loading direction, the coordinate system is the same for all images. a) Overview of cut section, b) and d) Detail views from regions away from the 
fracture surface, c) and e) Detail views from the vicinity of the fracture surface. 
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condition before testing. 

4. Discussion 

4.1. Microstructure and tensile strength 

The hierarchical microstructure observed in this study for LPBF 316L 
is a characteristic feature consistent with those reported in literature, e. 
g. [25,26,50]. In agreement with literature, apart from high and low 
angle grain boundaries, the microstructure after solidification is char
acterized by a pronounced cellular structure, which has been reported 
for several others AM metals [21,25,27,51]. The almost dislocation-free 
cell interior as well as the cell size observed in our material (Fig. 2) 
matches well with values reported in the literature [9,25–27,52]. It is 
well known that this characteristic microstructure resulting from the 
LPBF process leads to a considerably higher yield strength at room 
temperature compared to conventional 316L material [9,25,27,53,54]. 
Besides, it is known that the observed strength of the LPBF material is a 
combination of several strengthening mechanisms, whereby the cellular 
structure and associated dislocations play an important role [25,27,55]. 

Elevated temperatures can potentially destabilize and cause to 
disappear the cellular structure, thus potentially altering the hot tensile 
and creep properties. This phenomenon can, in principle, occur during 
targeted heat treatments or the heat-up of the material before testing at 
elevated temperatures. In our study, as mentioned in section 3.1, the 
heat treatment (450 ◦C/4 h) did not cause any major changes in the as- 
built microstructure across all length scales. The cellular structure 
remained stable. The stress relief effect (as-built vs. heat-treated rect
angular prisms) was minor (less than 5%) as described by Sprengel et al. 

in [56]. The subsequent manufacturing of tensile test pieces led to a 
stronger stress relief effect than the heat treatment [30]; the stresses 
within test pieces are 10–20% from stresses in rectangular prisms. It is, 
therefore, reasonable to assume that the cellular structure remains 
present at least at the beginning of both the hot tensile and the creep 
tests and that it still plays an important role in the strengthening of the 
alloy at the tested temperatures. These facts agree well with literature, 
where in general it has been reported that temperatures (800–900 ◦C) 
higher than 450 ◦C (our heat treatment) or 600–650 ◦C (our mechanical 
tests) are needed to cause changes in the microstructure, residual 
stresses, and room temperature tensile strength [27,52,55–62]. Besides, 
the drop in the yield strength has been thereby often related to the 
decrease in the dislocation density associated with the disappearance of 
the cellular structure. Indeed, the results from our hot tensile tests on the 
LPBF material (Table 2) coincide roughly with data from Dryepondt 
et al. [52] and Akino et al. [57]. 

4.2. Creep behavior 

4.2.1. Time to rupture 
Fig. 13 compares times to rupture data from several authors on 

conventional and additively manufactured 316L(N) with the data of 
Fig. 5. The hot yield strengths (see Table 2) are shown as horizontal 
lines. Because of the higher hot yield strengths of the LPBF compared to 
the HR material, it becomes clear that the HR material was loaded in the 
creep tests above and the LPBF below its hot yield strength (see hori
zontal lines in Fig. 13; black: LPBF and blue: HR). Testing applied 
stresses above the hot yield strength (HR material) is questionable from 
a practical perspective since creep-critical parts, as a rule, should 

Fig. 12. EDS analysis at crack tip of fractured LPBF creep sample (same as shown in Fig. 9, Fig. 10, and Fig. 11). The coordinate system on the bottom left of the 
figure applies for all images in the figure. Fig. 12a) BSE Images showing the location of the analyzed crack tip within the cut section. Fig. 12b) Element maps resulting 
from the EDS measurement for four selected elements. The maps are generated from the location shown with a black box in the rightmost image of Fig. 12a. 
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undergo as little plastic deformation as possible. However, the stresses 
chosen are commonly used in literature, lead to reasonable rupture 
times, and permit a comparison to available creep lifetime literature 
data. 

The rupture times from conventionally manufactured 316LN with 
0.086 wt % N from Sasikala et al. [14] (blue cross-marks and x) agree 
very well with the results in our study, taking into account the slightly 
different nitrogen content. The creep rupture times reported by Li et al. 
[9] for LPBF 316L (black crosses and cross-marks with dashed lines) 
agree very well with the results of this study. Besides, our data seem to 
follow the tendency of the rupture lives of the vertical specimens of the 
study of Williams et al. [12] (black semi-filled triangles) despite of the 
different stress states present in notched test pieces. The same tendency 
is also observed when comparing to the rupture times of the small ver
tical test pieces of Yoon et al. [11] (black semi-filled squares). 

4.2.2. Creep mechanisms 
The shorter rupture times and the shorter duration of each creep 

stage, particularly from the primary creep stage may represent a 
disadvantage of the LPBF material over the HR material. The shorter 
duration of the individual creep stages and the lower creep ductility are 
caused by different creep mechanisms of the LPBF material compared to 
the HR variant. In this subsection, creep deformation and creep damage 
mechanisms are systematically discussed in separate subsections, 
although they jointly contribute to the creep behavior of the material. 

4.2.2.1. Deformation. The deformation mechanism is understood in this 
article as the mechanism governing the initial loading and the primary 
creep. The secondary creep stage is assumed to be partly governed by the 
deformation mechanism due to competing mechanisms of hardening 
and recovery. The relative position of the applied stresses with respect to 
the hot yield strengths for both materials (see Fig. 13) explains the lower 
initial loading strain and its lower stress dependency, Fig. 3a, as well as 
the mainly elastic initial response, Fig. 3b, in the LPBF material. This 
result agrees well with an observation of Wilshire and Willis [20] that 
pre-straining at room temperature of conventional 316H creep test 
pieces reduces the initial loading strain to almost zero when crept at 
575 ◦C. They also found that the initial loading strain becomes inde
pendent of the applied stress if the pre-strain is high enough to eliminate 
the plastic component of the initial loading strain. This finding is similar 
to the behavior of our LPBF material. The small temperature de
pendency of etiin both materials, Fig. 3a, can be caused by similar elastic 
responses independent of the temperature. Similar elastic responses are 
indeed present and become evident in a plot of the strain response of the 
materials to the application of load until the initial stress Ro is reached 
(not shown). 

The duration (Fig. 6a and b) and the ductility during the primary 
creep stage (Figs. 4c and 7) can be affected by several factors. In the 
following paragraphs, they are systematically discussed. The dislocation 
substructure is considered one of several controlling factors [9,14]. In 
the case of the LPBF material, it is organized in cell walls with high 
dislocation density that are a typical feature of the cellular structure, 
Fig. 2. The dislocation substructure of the LPBF material resembles a 
microstructural condition similar to that which forms during 
dislocation-dominated creep in single-phase crystalline materials during 
the primary creep stage, which fully develops in the secondary creep 
stage [63]. Therefore, it is reasonable to argue that the LPBF material 
does not need much time -and strain-to form the typical microstructure 
-in terms of dislocations substructure-from the end of a primary creep 
stage. Besides, this substructure matches the microstructural condition 
of a cold-worked material (dislocation densities in the order of 1014 to 
1016 m-2 were reported for LPBF 316L [21,55]). This condition can limit 
the strain hardening capacity of the material and thus cause shorter 
primary creep stage in the LPBF material compared to the HR material. 
Finally, other authors coalesce around the idea that either the subgrains 
along with the high dislocation density in 316L weld metal [14] or the 
dislocation cell structure in the as-built LPBF 316L [9] limit the 
work-hardening capacity of the material and is therefore responsible for 
achieving the minimum creep rate faster and at lower strains. 

On the other hand, the HR material is characterized by a low dislo
cation density in the initial state (Fig. 2). It has therefore more hardening 
capacity than the LPBF material. When the external creep stress is 
applied, the dislocation density increases gradually with the external 
stress. In the primary creep region, more dislocations are generated than 
are removed by recovery. The increasing dislocation density would 
produce a more tightly meshed dislocation network and thus more sig
nificant mutual interference of dislocation motions. At the end of the 
primary creep stage, an equilibrium between dislocation generation and 
recovery is established. However, until this is reached, significantly 
higher creep strain values are achieved compared to the LPBF variant 
(Fig. 7). Because of the reasons mentioned in the former paragraph, 
including the supporting literature data, and since the dislocation sub
structure is a microstructural feature that differs significantly between 
the two materials studied, it is considered the main factor determining 
the creep deformation mechanism during the primary creep stage. The 
future study of heat-treated states of the LPBF material and intermediate 
states in both materials, e.g. at the end of the primary creep stage, should 
help to confirm this hypothesis in further studies. 

Apart from the dislocation substructure, other factors have been 
identified in literature to potentially affect the creep deformation 
mechanism in 316L(N). These factors are primarily related to the 
chemistry and the phases of the material. The stacking fault energy 

Fig. 13. Rupture times in comparison with literature data.  
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(SFE), which is related to the chemical composition, the interstitials (in 
particular C and N) and its influence on the precipitation behavior, and 
the presence of delta ferrite count among them. In this work, both ma
terials have nearly the same carbon content, see Table 1, and the LPBF 
material in this study does not have delta ferrite. Therefore, is assumed 
that they do not determine the differences in the creep deformation 
behavior. The presence of nitrogen can increase the duration of the 
primary and secondary creep stages, Already small differences of ca. 
0.04 wt % may play a role, for details see e.g. [14–17,64–66]. In this 
study, the LPBF material has 0.077 wt % N, which is a higher amount of 
nitrogen than the HR, and still, it has shorter primary and secondary 
creep stages. This observation suggests that nitrogen also does not play a 
major role in determining the different creep deformation behaviors 
between the two materials. 

Finally, the SFE is widely believed to be an important parameter 
influencing the high-temperature deformation behavior of metallic 
materials. Sherby and Burke [67] describe this correlation in a quali
tative manner. When the SFE is reduced, the distance between partial 
dislocations is increased since it is easier to create the stacking fault 
between the partials. The widely extended dislocations have then diffi
culty climbing because the partials must first combine before climb 
becomes possible. The more widely separated the dislocations (lower 
SFE), the greater the difficulty in climb (recovery process), and hence 
the creep rate is reduced proportionally. The increased difficulty in the 
recovery process leads potentially to longer durations of the primary and 
secondary creep stages [67]. However, interpretations must be taken 
with care, since at elevated temperatures, where creep occurs, the 
apparent value of the SFE increases, and a correlation between 
high-temperature creep rate and room temperature SFE of alloys is 
questionable, see [68]. 

The SFE can be quantitatively determined by TEM investigations 
involving extensive amounts of work. In our case, for comparison pur
poses, it is estimated based on the chemical composition using the for
mula proposed by Schramm et al. [69] for austenitic steels, eq. (6). That 
formula considers the content of the impurities and interstitials such as 
C, N, Si, P, S, Co, etc. and of Ni, Cr, Mn and Mo. The influence of the 
interstitials is represented presumably by the negative constant at the 
beginning of the equation [69]. 

SFE
(
mJ

/
m2) = − 53 + 6.2 wt % Ni + 0.7 wt % Cr + 3.2 wt % Mn

+ 9.3 wt % Mo (6) 

Based on eq. (6), the SFE of the LPBF material is 62.9 mJ/m2 and that 
of the HR material is 44.4 mJ/m2, i.e., the estimated SFE is lower in the 
HR material compared to the LPBF variant. This agrees well with the 
presence of more partial dislocations in the HR material than in the LPBF 
variant (Fig. 2). This lower SFE of the HR material can potentially be the 
cause of the longer durations of the primary and secondary creep stages. 
Conversely, the higher SFE of the LPBF material, in addition to its 
cellular structure, can be considered as a possible -secondary- cause for 
the shorter primary and secondary creep stages compared to the HR 
material, provided that the SFE of the HR material remains lower than 
that of the LPBF material at the test temperatures. 

4.2.2.2. Damage. The general understanding of creep damage is that it 
governs the secondary and tertiary creep stages [70]. The damage 
mechanism governs the tertiary creep and the secondary creep. During 
secondary creep, the mechanisms that originate the formation of dam
age and cause the onset of tertiary creep can already appear. The onset of 
tertiary creep represents the initiation of conditions that lead to fracture 
and is an indication that voids or cracks are slowly but continuously 
forming in the material [71]. The microcracks, present primarily within 
the columnar regions, play a major role in the mostly intergranular 
failure of the LPBF material, as evident in the fracture surfaces and cut 
sections shown in Figs. 9, Figure 10, and Fig. 11. The ductile fracture 
present in the intercolumnar regions (see Fig. 10) contributes to a minor 

extent to it. The microcracks presumably determine the duration of the 
tertiary creep (Fig. 6c) and partly also the lower ductility of this alloy 
compared to the HR variant (Fig. 4c). During tertiary creep, the 
microcracks might be detectable. Further investigation of interrupted 
conditions should help clarify the time course of cracking, and whether 
the mechanisms causing it starts already in the secondary creep. In the 
following paragraphs, first, the nature of the damage of the two inves
tigated materials and, subsequently, the different factors or mechanisms 
that may contribute to the formation of the microcracks in the LPBF 
material are discussed. 

The damage of the LPBF test piece is characterized by the inter
granular creep damage shown in Figs. 9 and 11, which develops along 
the grain boundaries. The final fracture is overall mainly intergranular. 
Our results contrasts with the results of Williams et al. [12] and are in 
agreement with the work of Li et al. [9], disregarding the different grain 
morphologies. The rather ductile-like fracture in the intercolumnar re
gions (Fig. 10) suggests that more deformation accumulates in these 
regions during the creep test. In our almost defect-free investigated LPBF 
material’s test piece (porosity less than 0.01%), the gas pores did not 
play a role in the damage behavior and did not interact with or enhance 
the microcrack formation. This enabled us to evaluate microstructure 
towards the damage behavior, excluding porosity and lack of fusion 
defects. The μCT and optical microscopy results presented in Figs. 9 and 
11 show that the microcracks in the LPBF creep test piece occur mainly 
at the grain boundaries that are oriented either 45◦ tilted to the loading 
direction, the theoretical region of maximum shear stress, or perpen
dicular to it. This differs slightly from the results of Williams et al. [12] 
where creep cavities were seen at grain boundaries oriented perpen
dicular as well as nearly parallel to the building direction. In contrast to 
the LPBF test piece, the HR test piece is characterized by ductile trans
granular fracture typical of creep tests at high stresses near the hot 
tensile strength [72], and fracture occurs with significant necking. 

The large amount of unfavorable oriented grain boundaries is 
evidently one of the mechanisms that can accelerate the intergranular 
damage of the LPBF material since the unfavorable orientation of the 
grain boundaries is known to be detrimental to the creep damage 
behavior [29]. However, as evidenced in Figs. 1 and 8, the HR material 
has as well a large amount of grain boundaries that are unfavorable 
oriented and still has considerably less intergranular damage. The 
different deformation and damage characteristics could help explain it: 
as evident from the results of the creep tests (see Table 3, Figs. 3, 
Figure 7), the HR material can deform more during the creep loading, 
because it has more hardening capacity in the initial condition, as dis
cussed in subsection 4.2.2.1. Besides, in contrast to the LPBF material, 
microcracks do not form at the grain boundaries (see Fig. 8 vs. Fig. 11), 
thus allowing the grains to deform more before failure. 

In addition to the unfavorable oriented grains, the appearance of the 
precipitates seen in Fig. 12 might be a process that weakens the grain 
boundaries and thus be a further triggering and accelerating factor for 
the intergranular damage. These precipitates, based on a time- 
temperature-precipitation (TTP) diagram of the conventional variant 
of this material, see [75], and the results on wrought material of Sasikala 
et al. [14] the precipitates could be M23C6-type carbides. As the results 
in subsection 3.3.2 suggest, the appearance of these precipitates might 
be a process that weakens the grain boundaries and triggers and accel
erates the intergranular damage. In fact, grain boundary precipitates are 
by far considered as the most important crack nucleation sites during 
creep cavitation of creeping alloys [74]. Apart from the existence of the 
precipitates per se, the different precipitation characteristics can cause 
the different damage behaviors between the two materials. Indeed, it is 
known that if carbides form in austenitic stainless steels, their density, 
the maximum intercarbide spacing might play a role in the damage 
caused [73]. In our study, the precipitates in the LPBF material were 
mainly at grain boundaries and in general much smaller and more often 
seen than in the HR material (see subsection 3.3.2, Fig. 12). 

The small voids observed rather rarely along the grain boundaries in 
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the outgoing condition and more often in the crept test pieces near crack 
tips (see Fig. 12) and at grain boundaries might also play a role in the 
formation of cracks. These small voids can be either gas pores, which 
may act as crack initiation sites, or round-type (r-type) cracks or cavities 
in different formation states. The formation of r-type cracks is usually 
observed in intergranular creep damage [29,76]. These cavities can 
form either by the accumulation of vacancies under an effective tensile 
stress or by a change in the bonding states in the material [77]. Apart 
from r-type cracks, wedge-type (w-type) cracks are usually observed in 
intergranular creep damage [29,76]. The relative movements of the 
grains along their grain boundaries cause stress concentrations at grain 
boundary triple points, grain boundary steps, and grain boundary par
ticles [29]. If these stresses are not or only incompletely relaxed in the 
grain volume, crack initiation occurs at those locations. The latter for
mation mechanism could also potentially contribute to the formation of 
the microcracks observed in this study in the LPBF material. 

Another interesting aspect worth investigating as a contributing 
factor to the creep damage is the influence of a quasi-predeformed state 
in the LPBF material, which is caused by the dislocation substructure 
(Fig. 2). It is reported in the literature [29] that previous deformation at 
room temperature favors the formation of creep voids and increases 
their number. In conventionally manufactured materials, the spacing of 
the cavities is associated with the spacing of slip bands. This fact opens 
the question of whether or not the very small dimples on the inter
granular fracture surfaces of the grain boundaries (Fig. 10) are associ
ated with the dislocation cell structures present in the LPBF material. 
Detailed TEM and SEM studies should help to test this hypothesis in 
further studies. 

Further postmortem investigations reveal that the cellular structure 
remains present after the creep tests in the same sample investigated 
(Fig. 14). The cellular structure appears as rough features over the whole 
surface in the SEM image after etching. The features represent pro
trusions due to micro-segregation at the cellular boundaries [21] and do 
not necessarily evidence the existence of the dislocation substructure 
(Fig. 2) after testing. Li et al. [9], however, demonstrated its existence 
and instability after creep at 550 ◦C and 650 ◦C. This observation opens 
the ground to discuss whether it plays a role in the damage behavior 
since it still exists in the material after failure. Due to the nature of the 
cellular structures in LPBF metals, one can argue that it may be able to 
accelerate the onset of the tertiary creep stage. Indeed, apart from the 
high concentrated dislocation density, the cell walls feature segregation 
of nanoparticles and enrichment of chromium and molybdenum along 
them. The characteristic enrichment of chromium and molybdenum 

along the cell walls can potentially accelerate the precipitation process 
at the grain boundaries of the LPBF material compared to the HR 
variant. This can be the case if, for instance, a high concentration of cell 
walls is randomly located near or exactly at a grain boundary. 

Finally, the local solidification conditions of the AM process cause a 
local variation of the relative orientation of the slip systems to the 
loading direction. This local variation in the relative orientation of the 
cells and therefore of the slip systems to the loading direction might as 
well be a contributing factor for the formation of damage. The epitaxial 
growth occurs perpendicular to the MPBs, causing that within a grain, 
the cells grow in different directions to the sample’s coordinate system, 
following the preferred local crystal growth direction, in fcc crystal 
<001> [21,79]. The MO-angle used to define the grain size in this 
article (15◦) was chosen to make the grain size roughly consistent with 
the grain boundaries that are seen in Fig. 1. This decision implies that 
within one grain there are zones that consist of cell colonies with 
different orientations. The biggest orientation difference is present in 
cells growing from the bottom of the MPBs, which contribute to a 
crystallographic weak {100} texture vs. crystals not growing from it, 
which determine the predominant {110} crystallographic texture of the 
material, reported by Charmi et al. [30]. In the intercolumnar regions 
(cells growing from the bottom of the MPBs), the <001> directions of 
the fcc unit cell will tend to become parallel to the loading direction. 
Towards the middle region of the columns of grains, they will tend to 
become perpendicular to it. Accordingly, depending on this change of 
the relative orientation of the columnar cell structures to the loading 
direction, different slip systems will become differently active as the 
Schmid factor varies, tending to be higher in the intercolumnar regions. 

From the discussion in this subsection 4.2.2, it is clear that further 
investigations are needed to better understand the creep deformation 
and damage mechanisms. These investigations should include inter
rupted creep tests accompanied by microscopy and μCT to understand 
the sequence of damage development and dedicated TEM investigations 
to elucidate the role of cellular structure. These detailed studies are 
planned but are way beyond the scope of this article. 

4.2.3. Dependency of minimum creep rate on stress 
The creep rate is an important design parameter, and information 

such as the stress to produce a specific creep rate is usually determined 
from the test data. The creep rate depends on the applied stress and 
temperature. It is well known that in the medium stress range (as studied 
here), the stress dependency of the secondary creep rate follows a power 
law, eq. (7) with reasonable accuracy [80]. 

ės(σ)=C⋅(R)n (7) 

A logarithmic representation of the creep rate vs. stress for a given 
temperature can be fitted to a line, eq. (8). 

logės = log A + n log R (8) 

The slope of that line represents the stress exponent, n, and defines 
the dependency of the minimum creep rate on the stress at a given test 
temperature. In the case of simple model materials (e.g. pure metals), n, 
can be interpreted in terms of the steady-state creep approach, which is 
based on the physical view that a strain hardening process (e.g., increase 
of dislocation density) is balanced by a thermal recovery process (e.g., 
climb-controlled dislocation annihilation) resulting in a dynamically 
steady microstructure (e.g. with constant dislocation density) [29]. A 
stress exponent of 3–5 is for model materials (e.g. pure metals, binary 
alloys) associated with recovery-creep processes controlled by diffusion 
[68,81]. For technical alloys, however, the exponents can be signifi
cantly higher. Besides, as mentioned in [68], the determination of n in 
limited domains of stress and temperature do not provide enough in
formation to pinpoint the creep processes. It has little physical signifi
cance per se and cannot be used to discriminate between mechanisms. 
Thus, interpretation of the exponents in terms of the deformation 

Fig. 14. SE SEM image in etched state of a region near to a microcrack in the 
LPBF material. The cellular structure remains present after the creep tests. 
Partially cracked grain boundaries (GB) and melt pool boundaries (MPB) 
are visible. 
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mechanism may not be meaningful without a detailed microstructure 
investigation. Therefore, the values for n are determined here for the 
literature comparison but are not interpreted further in terms of creep 
mechanisms. 

The stress exponents calculated using the initial stress, Ro, as R in 
eqs. 7 and 8, no, are shown in Table 4 and Fig. 15. The calculation using 
Ro allows for a comparison with literature data. Since the tests in this 
study are performed under constant force, the stress increases with 
increasing test duration and total strain as the cross-section of the test 
piece reduces. This means that at the point when the minimum creep 
rate is reached, the actual stress is higher. The latter is particularly the 
case in the HR material, which experiences a greater reduction of area, 
as evidenced by the values after rupture, Zu, in Table 3. The actual 
stresses at minimum creep rate, R , can be calculated according to eq. (9) 
for each test. 

R=Ro(1+ eti +(ef at ės)) (9) 

Using R, one can recalculate the stress exponents, n, which are also 
shown in Table 4. As expected, due to the lower reduction of area in the 
LPBF material, its stress exponents do not differ significantly. In the HR 
material, the n-values are, on average, 10% lower than the no-values. 
The actual stresses at minimum creep rate in the HR material are, on 
average, 20 MPa higher than the applied stresses, whereas in the LPBF 
material Ro and R are almost equal. A correction of the applied stress 
does not affect the comparative analysis of the creep behavior between 
the two investigated materials despite the reduction of area of the HR 
variant. 

The dependency of the minimum creep rate on the applied stress is 
shown in Fig. 15 for both tested materials and temperatures along with 
literature data. Table 4 and Fig. 15 show that the LPBF material (black 
open and semi filled circles) has smaller stress exponents (6.5 or 8.2) 
compared to the HR material (17.6 or 19.3; blue open and semi filled 
circles). The stress dependency of the minimum creep rate is weaker in 
the LPBF material. Besides, Fig. 15 shows that at each tested tempera
ture, the minimum creep rates of both materials can be similar for the 
same applied stresses, where a comparison is possible, e.g., at 600 ◦C/ 
250 MPa and 650 ◦C/200 MPa. However, this seems to be stress 
dependent. Furthermore, Table 4 and Fig. 15 show that increasing the 
temperature increases slightly the stress exponents for both materials. 
When comparing to literature data, the stress exponents of the LPBF 
material are tendentially smaller than the comparison data, except for 
Williams et al. [12]. The minimum creep rates of the LPBF material of 
this study are at least one order of magnitude lower than the literature 
data. Concerning the HR material, they are also almost one order of 
magnitude lower, and the stress exponents higher. 

Wilshire and Willis [20] pointed out that microstructure variations 
(e.g., due to partial solution heat treatment) may result in a large scatter 
of results. They reported n = 8 for T = 575 ◦C, both for a solution 
annealed conventional 316 stainless steel and for the same material 
prestrained at room temperature. It is, therefore, expected that the dif
ferences in the microstructure may partly explain the differences in 
stress exponents of this study when compared to literature data. In the 

study of Sasikala et al. [14], the material was tested in the 
solution-annealed condition, contained delta-ferrite in an austenitic 
matrix, and had an equiaxed grain structure with a mean-linear inter
cept grain size of 88 μm (against 30 μm in our case). The cell sizes re
ported by Li et al. [9] and Yoon et al. [11] in LPBF 316L are similar to the 
those shown in this study. In contrast, the columnar grain morphology, 
similar between their studies and the study of Williams et al. [12], differs 
from that reported in this study. The grain morphology in [9,11,12] does 
not feature the “ripple-like” shape visible in Fig. 1, and the grains’ shape 
seems to be more like those of the intercolumnar region of this study. In 
addition, the difference in nitrogen content might play a role. Mathew 
et al. [17] showed that increasing the nitrogen content leads to smaller 
stress exponents. The difference in nitrogen contents could partly 
explain the higher stress exponents of the results of the HR material of 
this study (0.045% N) if compared to Sasikala et al. [14] (0.086 wt % N), 
and the smaller stress exponent of the LPBF material of this study 
(0.077% N) if compared to the data of Li et al. [9] (0.067 wt % N). 

The similarity in minimum creep rates at some stress levels, e.g., at 
600 ◦C/250 MPa and 650 ◦C/200 MPa, suggests that a similar disloca
tion substructure can be reached in both investigated materials, on the 
assumption that the HR material tends to develop a substructure as 
described by Takeuchi et al. [63]. The smaller stress exponents (lower 
stress dependency of the minimum creep rate) of the LPBF compared to 
the HR material further supports the hypothesis mentioned in section 
4.2.2 that the dislocation substructure associated to the cellular struc
ture is the main contributor to the minimum creep rate and, therefore, 
the creep strength in the LPBF material. Indeed, building on the latter 
ideas, it is conceivable that at higher stresses or shorter exposures, the 
HR material cannot form a dislocation substructure similar to that in the 
LPBF material. At lower stresses or longer exposures, it might develop a 
finer one. 

4.3. Improvement opportunities 

The LPBF material studied did not have a microstructure optimized 
for creep or intended to represent a material to be applied in real ap
plications. It instead allows for the isolated study of the effect on the 
creep behavior of other aspects of a typical LPBF microstructure, e.g., 
the cellular structure or the grain morphology. Based on the results and 
previous discussion, some opportunities to improve the creep behavior 
through microstructure modifications are presented in the following 
paragraphs. 

Since the cellular structure is considered to play an important role in 
the creep mechanisms, one would like to partly dissolve it as an 
approach to improve the creep properties of the LPBF material. The use 
of targeted heat treatments that dissolve it to some extent, especially the 
associated dislocation substructure, while not changing the micro
structure drastically is crucial. Some work has been already published 
addressing this topic, e.g. [55,82,83], however mostly only room tem
perature tensile properties have been investigated (see section 4.1). 
Apart from diminishing the initial dislocation density, targeted 
post-processing strategies or even targeted process variations can avoid 

Table 4 
Stress exponents calculated according to eq. (8) using initial applied stress, Ro, and the actual stresses at the minimum creep rate stress, R, respectively resulting in 
exponents no and n.    

LPBF HR 

T ◦C 600 650 600 650 

Test piece no. – 1 2 3 1 2 3 1 2 3 1 2 3 

Ro  MPa 200 225 250 175 200 225 225 250 275 200 225 250 
R  201 226 251 176 201 226 240 270 302 218 243 276 

no   6.5 8.2 17.6 19.3 
n  6.5 8.3 15.3 17.9  
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or eliminate chromium and molybdenum segregation along the cell 
walls. For some work in this direction with other alloys, see e.g. [84,85]. 

Modifying the chemical composition and with it the SFE, also rep
resents an improvement opportunity, see eq. (6). Slightly reducing the 
contents in Ni, Cr, Mn, and Mo, while remaining within the limits of the 
specification [36], could help to decrease the SFE and thus increase the 
duration of the primary and secondary creep stages. Changing the 
content in interstitials and impurities is, however, rather not conceiv
able. On the one hand, in eq. (6), the exact compositional dependencies 
of the interstitials and impurities are unknown, and a significant 
second-order effect on SFE composition dependence is presumed [69]. 
On the other hand, the impurities and interstitials can hardly be 
controlled in the AM process. 

Other potential improvement opportunities are to change the 
loading direction relative to the grain morphology or to change the grain 
morphology itself, e.g., through partial recrystallization. The latter can 
be done by tailoring the LPBF process or through heat treatments, tar
geting an optimal balance of properties. However, on changing the 
loading direction by 90◦ while maintaining the same grain morphology, 
all the grain boundaries in the intercolumnar regions would become 
perpendicular to it, and the 45◦ oriented grain boundaries would remain 
at the same angle. This approach could thus possibly lead to similar or 
even worse results. Finally, since the grain boundaries appear to be 
inherently weak, techniques that strengthen the grain boundaries such 
as grain boundary engineering (GBE) are an interesting approach [86]. 

5. Conclusions 

In this study, a thorough characterization of the creep behavior of 
LPBF 316L contributing to the sparse available data is presented in 
comparison to its wrought counterpart. Hot tensile tests and creep tests 
at 600 ◦C and 650 ◦C are performed. Furthermore, supported by targeted 
microstructural investigations, a first step is taken towards under
standing the evolution of the microstructure and the main underlying 
factors governing the creep deformation and damage mechanisms. The 
most relevant conclusions are:  

• The LPBF material has a unique creep deformation behavior. The 
stress dependency is lower than in the HR material. In terms of 
ductility, it features smaller initial loading strains, eti, and creep 
strains, ef , and reaches the minimum creep rate at significantly lower 
creep strains, around one decade lower, compared to the wrought 
counterpart at all tested combinations of parameters. The LPBF 
material has shorter times to rupture, shorter primary and secondary 

creep stages, and a shorter tertiary creep stage than the HR material 
at all combinations of test parameters. The cellular structure is 
considered to be the main cause of the differences in deformation 
behavior, especially during the first creep stage, primarily because it 
limits the work hardening capacity of the material. The higher SFE 
presumably also plays a role. The difference in nitrogen contents is of 
no significance. 

• The final fracture in the LPBF material is overall mainly intergran
ular in contrast to the HR material. There are zones that feature 
intergranular brittle-like fracture as well as zones that show a rather 
ductile fracture. The zones with a brittle-like fracture are located 
towards the middle of the columns of grains, where the grain 
boundaries are more perpendicular to the loading direction. The 
regions of the material where the grain boundaries are rather parallel 
to the loading direction, which coincide with the location of the 
bottom of the MPBs, feature a rather ductile failure suggesting that 
they bear the most deformation.  

• The intergranular damage leads to cracking and subsequently to the 
failure of the material. It is presumably caused and accelerated by 
both the appearance of precipitates at the grain boundaries that 
seemingly weakens them and their unfavorable orientation. The 
dislocation substructure is also a factor that might play a role in 
triggering or accelerating the intergranular damage. As evidenced in 
Figs. 9 and 11, neither the melt pool boundaries nor the larger 
intragranular gas pores significantly influence the creep damage 
mechanism. 
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L.A. Ávila Calderón et al.                                                                                                                                                                                                                     

http://refhub.elsevier.com/S0921-5093(21)01487-8/sref1
http://refhub.elsevier.com/S0921-5093(21)01487-8/sref1
http://refhub.elsevier.com/S0921-5093(21)01487-8/sref1
https://doi.org/10.1016/j.mser.2020.100596
http://refhub.elsevier.com/S0921-5093(21)01487-8/sref3
http://refhub.elsevier.com/S0921-5093(21)01487-8/sref3
http://refhub.elsevier.com/S0921-5093(21)01487-8/sref3
https://doi.org/10.1016/j.pmatsci.2017.10.001
http://refhub.elsevier.com/S0921-5093(21)01487-8/sref5
http://refhub.elsevier.com/S0921-5093(21)01487-8/sref5
https://doi.org/10.4028/www.scientific.net/AMR.794.3
http://refhub.elsevier.com/S0921-5093(21)01487-8/sref7
http://refhub.elsevier.com/S0921-5093(21)01487-8/sref7
http://refhub.elsevier.com/S0921-5093(21)01487-8/sref7
http://refhub.elsevier.com/S0921-5093(21)01487-8/sref8
http://refhub.elsevier.com/S0921-5093(21)01487-8/sref8
https://doi.org/10.1016/j.jnucmat.2021.152847
https://doi.org/10.1007/s12206-020-0717-z
https://doi.org/10.1111/ffe.13322
https://doi.org/10.1111/ffe.13322
https://doi.org/10.1016/j.addma.2020.101706
http://refhub.elsevier.com/S0921-5093(21)01487-8/sref13
http://refhub.elsevier.com/S0921-5093(21)01487-8/sref13
http://refhub.elsevier.com/S0921-5093(21)01487-8/sref13
https://doi.org/10.1007/s11661-000-0113-3
https://doi.org/10.1007/s11661-000-0113-3
https://doi.org/10.1016/0921-5093(91)90827-A
https://doi.org/10.1016/0921-5093(91)90827-A
https://doi.org/10.13182/NT88-A34083
https://doi.org/10.13182/NT88-A34083
https://doi.org/10.1016/j.msea.2011.12.044
https://doi.org/10.1016/j.msea.2011.12.044
https://doi.org/10.1007/s00170-016-9429-z
https://doi.org/10.1007/s00170-016-9429-z
https://doi.org/10.1016/j.addma.2020.101432
https://doi.org/10.1016/j.addma.2020.101432
https://doi.org/10.1007/s11661-004-0367-2
https://doi.org/10.1016/j.actamat.2020.07.063
https://doi.org/10.1016/j.msea.2017.02.062
https://doi.org/10.1016/j.msea.2017.02.062
https://doi.org/10.1016/j.addma.2014.12.002
https://doi.org/10.1016/j.addma.2014.12.002
http://refhub.elsevier.com/S0921-5093(21)01487-8/sref24
http://refhub.elsevier.com/S0921-5093(21)01487-8/sref24
https://doi.org/10.1038/nmat5021
https://doi.org/10.1038/nmat5021
https://doi.org/10.1007/s10853-020-05109-0
https://doi.org/10.1016/j.msea.2020.140279
https://doi.org/10.1016/j.msea.2020.140279
https://doi.org/10.1016/j.matdes.2020.109385
https://doi.org/10.1016/j.matdes.2020.109385
http://refhub.elsevier.com/S0921-5093(21)01487-8/sref29
http://refhub.elsevier.com/S0921-5093(21)01487-8/sref29
https://doi.org/10.1016/j.msea.2020.140154
https://doi.org/10.1016/j.procir.2020.09.030
https://doi.org/10.1016/j.procir.2020.09.030
http://refhub.elsevier.com/S0921-5093(21)01487-8/sref36
http://refhub.elsevier.com/S0921-5093(21)01487-8/sref36
http://refhub.elsevier.com/S0921-5093(21)01487-8/sref36
http://refhub.elsevier.com/S0921-5093(21)01487-8/sref37
http://refhub.elsevier.com/S0921-5093(21)01487-8/sref37
http://refhub.elsevier.com/S0921-5093(21)01487-8/sref37
https://doi.org/10.5201/ipol.2011.bcm_nlm
https://doi.org/10.5201/ipol.2011.bcm_nlm
https://doi.org/10.1038/nmeth.2019
https://doi.org/10.1038/nmeth.2019
https://doi.org/10.1038/s41592-019-0582-9
http://refhub.elsevier.com/S0921-5093(21)01487-8/sref41
http://refhub.elsevier.com/S0921-5093(21)01487-8/sref41
http://refhub.elsevier.com/S0921-5093(21)01487-8/sref41
http://refhub.elsevier.com/S0921-5093(21)01487-8/sref42
http://refhub.elsevier.com/S0921-5093(21)01487-8/sref42
http://refhub.elsevier.com/S0921-5093(21)01487-8/sref43
http://refhub.elsevier.com/S0921-5093(21)01487-8/sref43
http://refhub.elsevier.com/S0921-5093(21)01487-8/sref43


Materials Science & Engineering A 830 (2022) 142223

20

[44] German version EN ISO 7500-2:2006, Metallic Materials - Verification of Static 
Uniaxial Testing Machines - Part 2: Tension Creep Testing Machines - Verification 
of the Applied Force (ISO 7500-2:2006), International Organization for 
Standardization, 2007, 4. 

[45] E. e.V., Guidelines on the Calibration of Thermocouples, EURAMET Calibration 
Guide No. 8, Braunschweig, Germany, 2020. 

[46] E. e.V., Guidelines on the Calibration of Temperature Indicators and Simulators by 
Electrical Simulation and Measurement, EURAMET Calibration Guide No. 11, 
Braunschweig, Germany, 2007. 

[48] ASTM E112-13 Standard Test Methods for Determining Average Grain Size, ASTM 
International, West Conshohocken, PA, 2013. 

[49] B. Skrotzki, J. Olbricht, H.-J. Kühn, High temperature mechanical testing of metals, 
in: S. Schmauder, C.-S. Chen, K.K. Chawla, N. Chawla, W. Chen, Y. Kagawa (Eds.), 
Handbook of Mechanics of Materials, Springer Singapore, Singapore, 2018, 
pp. 1–38. 

[50] R. Casati, J. Lemke, M. Vedani, Microstructure and fracture behavior of 316L 
austenitic stainless steel produced by selective laser melting, J. Mater. Sci. Technol. 
32 (8) (2016) 738–744, https://doi.org/10.1016/j.jmst.2016.06.016. 

[51] P. Bajaj, A. Hariharan, A. Kini, P. Kürnsteiner, D. Raabe, E.A. Jägle, Steels in 
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