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ABSTRACT  
Replacement of expensive duplex stainless steel and conventional carbon steel by a 

new generation of supermartensitic stainless steel has been taken into account since the 
last decade corresponding to the “Fitness for Purpose” concept in order to meet the 
technical-economical challenge for transportation flowlines of unprocessed oil and gas 
products in offshore technology, in particular. Supermartensitic stainless steels can provide 
appropriate material properties such as: improved strength-to-weight ratio, enhanced useful 
corrosion resistance as well as application at relatively low cost. With decreased carbon 
content and increased molybdenum content compared to traditional martensitic stainless 
steel, hydrogen assisted stress corrosion cracking (HASCC) problems have been found 
during service caused by hydrogen being taken up during from sour service environments 
by cathodic protection. Hydrogen assisted cold cracking in supermartensitic stainless steel 
can also occur during fabrication welding with hydrogen picked up during welding, since this 
steel is relatively crack-susceptible by hydrogen. 

Therefore, effects of hydrogen assisted cracking (HAC), i.e. HASCC and HACC, on 
characteristic susceptibility of girth welds of supermartensitic stainless steel pipelines are 
studied in the present thesis by numerical modelling, which is developed using a available 
commercial finite element program. Firstly, numerical modelling for simulation of HASCC 
based on the NACE-TM 0177-96 approach is carried out for providing a basic 
understanding of the crack propagation behaviour. Secondly, a two dimensional finite 
element according to the gauge length cross-section of the orbitally welded pipeline is 
created for numerical modelling in order to calculate the time to failure of welded the 
component exposed to the NACE electrolyte solution with various H2S saturation. Externally 
applied loads of a series of constant strain rates and of the load history of full scale testing 
are also taken into account. Finally, numerical modelling is carried out under three specific 
aspects, i.e. thermal analysis, structural analysis, and hydrogen diffusion analysis, in order 
to simulate HACC in supermartensitic stainless steel pipelines welded orbitally by four 
layers of matching filler wires with an interpass temperature of 40°C. 

By indirect coupling of numerical diffusion and numerical structural modelling, all three 
stages of HASCC, i.e. crack initiation, stable crack growth and rapid rupture, are 
represented for the standard specimen when appropriate interaction between local 
hydrogen and local strain ahead of the crack tip takes place, so that the time to failure is 
controlled by Stage II: stable crack growth. In the case where the local strain rate is above 
5.0E-05 s-1, rapid rupture of the specimen occurs by mechanical overload rather than 
HASCC. As evidently represented by numerical modelling, the heat affected zone (HAZ) is 
the most susceptible region to HASCC due to its kinetics of crack propagation, which is 
affected by the metallurgical HAZ behaviour of HAZ and by relatively high hydrogen 
subsurface concentrations in the base metal (BM) diffusing into the susceptible HAZ region 
ahead of the crack tip. The life time of orbitally welded pipelines with HASCC is significantly 
dependent on the HAZ crack propagation characteristic, however, this phenomenon may be 
changed by the presence of a previous crack in the weld metal resulting from HACC, which 
can reduce the new crack length generated by HASCC during exposure to sour service 
environments. This HACC can be avoided by using a welding fabrication in which the local 
hydrogen concentration picked up during welding remains below 10 ml·(100gFe)-1. In 
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addition, the short-term approach of post weld heat treatment (PWHT) may be employed to 
reduce local hydrogen concentration from sensitive regions in order to minimise the risk of 
failure during the spooling/pipelaying process. 

 
Keywords: numerical modelling, supermartensitic stainless steel, girth welds, pipeline, 
hydrogen assisted cracking (HAC), hydrogen assisted stress corrosion cracking (HASCC), 
hydrogen assisted cold cracking (HACC), hydrogen subsurface concentration, crack 
propagation, time to failure (TTF), hydrogen diffusion coefficient, post weld heat treatment 
(PWHT), full scale test 
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1 INTRODUCTION 
Fitness for Purpose represents the key issue motivating the replacement of plain carbon 

steels and of duplex stainless steels by a new generation of supermartensitic stainless 
steels in offshore technology, particularly in the North Sea oil and gas fields. 
Supermartensitic stainless steels (SMSS) offer a number of advantages compared to 
conventional steels, such as a strength-to-weight ratio equal to that of high-strength low 
alloy steels at an enhanced corrosion resistance, good weldability as well as relatively low 
effective costs[SPM 47]. 

This new generation of steels has been developed during the last two decades based 
on conventional martensitic stainless steels by modifying the chemical composition, i.e. 
keeping the carbon content below 0.02 wt.-% to improve weldability of the materials and 
increasing the nickel content up to 6.5 wt.-% and the molybdenum content up to 2.5 wt.-% 
to enhance corrosion resistance and mechanical properties. The matrix microstructure of 
soft martensite is obtained during complete steel production processes, including various 
heat treatment. 

Until recently, supermartensitic stainless steels are predominantly applied to subsea 
flowlines. Through such flowlines, unprocessed oil and gas products are typically at sour 
service conditions, providing a potential risk of hydrogen and subsequent material 
degradation. To the extent that supermartensitic stainless steel might be used in such 
environments, it is a key question in offshore industrial research and development. The 
most important task to be investigated is the resistance of such materials against hydrogen 
assisted cracking (HAC). 

In general, hydrogen assisted cracking can be categorised into hydrogen assisted 
stress corrosion cracking (HAC) and hydrogen assisted cold cracking (HACC), depending 
on the different hydrogen sources. 

The resistance of supermartensitic stainless steel against hydrogen assisted stress 
corrosion cracking has extensively studied, usually using small scaled standard test 
specimens and exposing to standard test solutions.  

Whereas the supermartensitic stainless steel pipelines are usually welded, special 
attention has recently been paid to microstructure transformations caused by thermal cycle 
effects in the weld metal and the heat affected zone (HAZ). Lifetime prediction of welded 
components is most significant for numerous applications in oil and gas industry, since 
serious problems, e.g. additional cost and environmental impact, might arise from in-service 
failure of flowlines. 

Lifetime prediction of welded components is the most significant for numerous 
applications in oil and gas industry, since serious problems, e.g. additional cost and 
environmental impact, might arise from in-service failure of flowlines. It turned out that 
lifetime prediction of orbitally welded supermartensitic stainless pipelines taking account of 
real service of subsea flowlines can best be performed by adoption of conclusive test 
sequences and full scale test (Figure 1-1).  

As a consequence of recent failure cases, hydrogen assisted cold cracking has to be 
regarded as a matter of prime concern in supermartensitic stainless steel flowline  
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Figure 1-1: The full scale test facility for performance of welding test and stress corrosion cracking test 
on girth welds of supermartensitic stainless steel pipelines. 

fabrication. Hydrogen might be provided by moisture or by non-hydrogen free base and 
filler materials and can be absorbed in the weld metal during arc welding. It can only be 
emphasised that it is impossible to avoid stress-strain build-up caused by thermal 
contraction resulting form welding thermal cycle as well as from the restraint intensity given 
by design of surrounding structure[GEN 17]. Additionally, welded flowlines are largely strained 
during reeling and de-reeling as well as during pipeline laying operations. 

Recently, post weld heat treatment procedures are under strong discussion to reduce 
the hydrogen levels in the welds. However, similar to hydrogen assisted stress corrosion 
cracking, also hydrogen assisted cold cracking has been tested up to the present 
predominantly by small scaled technological and particularly non-realistic procedures with 
respect to restraint and strong intensities, although specific procedures have been 
developed to transfer the real conditions to the laboratory and vice versa. To sum it up, both 
hydrogen assisted stress corrosion cracking and hydrogen assisted cold cracking have to 
be investigated by conclusive test sequences. Such test sequences have to be 
accompanied by numerical methods. 

Since testing of real welded components is much more complicate and also requires a 
lot of resources, e.g. preparation time, operation cost, etc., such numerical modelling as a 
tool for the lifetime prediction is an alternative, which has been developed based on a 
commercial finite element programme. Additionally, various parameters can be studied by 
numerical modelling in order to gain a better understanding of the characteristics and 
mechanisms of hydrogen assisted stress corrosion cracking in welded pipelines with less 
consumption of time and resources in comparison with the realistic test. 

Although the exact mechanism of hydrogen assisted cold cracking is still in question, it 
can simply be deduced that hydrogen assisted cold cracking will take place in sensitive 
regions of welded components if the following conditions are simultaneously encountered:  
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I. Presence of a sufficiently high local concentration of hydrogen picked up during 
welding, 

II. Introduction of a local stress-strain distribution caused by unavoidable thermal 
contraction and global conditions of restraint intensity, 

III. Presence of susceptible microstructure with low ductility caused by subsequent 
rapid cooling, and  

IV. Inclination of the welded component’s temperature to near room temperature 
during cooling. 

The motivation for the present thesis is to further develop an existing model for 
simulation of hydrogen assisted cracking, so that the new model can be applied for 
simulation of both hydrogen assisted stress corrosion cracking and hydrogen assisted cold 
cracking at welded supermartensitic stainless steel pipelines. The purpose of this thesis is 
to provide the basics for numerical lifetime evaluations of such components. 
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2 LITERATURE REVIEWS 
The supermartensitic stainless steels have also been taken as a reference material to 

study the characteristics of hydrogen assisted cracking, i.e. hydrogen assisted stress 
corrosion cracking and hydrogen assisted cold cracking, because they have a more or less 
homogeneous microstructure which allows easier using numerical finite element simulation. 
Nevertheless, these types of steels bear a number of additional characteristics to be 
modelled, and thus it is first necessary get a better understanding of the metallurgical 
behaviour of these steels. 

There have been proposed numerous contrary mechanisms for hydrogen assisted 
cracking phenomena in literature. The common mechanisms are also reviewed in this 
chapter because particularly in the recent years new basic understandings of such 
phenomena have been gained. But still, hydrogen assisted cracking cannot be explained by 
reference to any of these mechanisms and there is more and more evidence coming up that 
the interactions between hydrogen and mechanical loads promote crack initiation and 
propagation[HAS 86],[HAS 99]. 

Numerical modelling of hydrogen assisted cracking is based on simulation of diffusion 
and thus, the basic diffusion theories are also reviewed in this section. Finally, the literature 
related to the two major groups of hydrogen-assisted cracking is summarised with a special 
emphasis on modelling such phenomena. 

2.1 Supermartensitic Stainless Steels  
The new generation of supermartensitic stainless steels has been developed in the last 

two decades based on so-called soft martensitic and on traditional martensitic stainless 
steels, for example AISI 410. As a result of improved steel production technology, carbon 
content can be decreased to the range of 0.01 to 0.02 wt.-%, whereas molybdenum content 
in the range of 2.0 to 4.0 wt.-% is used in order to improve corrosion resistance and 
mechanical properties of this steel[SPM 37],[SPM 47]. 

Since chromium with a content in the range of 11 to 14 wt.-% and nickel with a content 
in the range of 4 to 6 wt.-% are the major alloying elements of supermartensitic stainless 
steels, microstructure formation in equilibrium state can be described dependent on the 
major alloying element by binary iron-chromium equilibrium phase diagrams as represented 
in Figure 2-1a. This indicates that above a level of approximately 12 wt.-% Cr, binary alloys 
will not form austenite at any temperature, they cannot be hardened by heating and 
subsequent cooling. Increasing the chromium content can extend the α-region which will 
transform into the α´-phase if the steel temperature with a chromium content above 50 wt.-
% falls below 600°C. It has to be mentioned, however, that due to the nickel content 
supermartensitic stainless steel still can be hardened. Figure 2-1a also clearly 
demonstrates that the σ-phase can be formed from a chromium content between 40 wt.-% 
and 50 wt.-% at temperatures in the range of 475°C to 820°C. For the second major 
alloying element, Figure 2-1b represents the binary iron-nickel equilibrium diagram 
indicating the effect of an austenite stabiliser. The γ-region is extended by increasing the 
nickel content even though the α-ferrite phase extends to about 6 wt.-% Ni. 
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a) Fe-Cr equilibrium diagram b) Fe-Ni equilibrium diagram 
Figure 2-1: Effects of major alloying elements on microstructure formation of conventional stainless 
steel[GEN 24]. 

Considering to these two diagrams, the prediction of microstructure formation of 
supermartensitic stainless steel experiencing arc welding operation for flowline fabrication in 
the offshore technology can be performed using constitution diagrams as represented by 
the corrected WRC-92 diagram in Figure 2-2. 

Such diagrams propose a relationship between alloying elements that influentially 
promote the formation of ferrite, i.e. chromium equivalent, and elements that influentially 
promote the formation of austenite, i.e. nickel equivalent. Using such diagrams, calculation 
is carried out for both the chromium and the nickel equivalents from the chemical 
compositions of the weld metal and neighbouring zones. Subsequently, an estimation of 
microstructure can be illustrated by plotting the calculated chromium and nickel equivalents 
in the diagram. 

A chromium equivalent in the range of 13.8 and a nickel equivalent in the range of 5.5 
are typically obtained for supermartensitic stainless base materials (see Figure 2-2) and are 
located nearby the interface between the martensite and the ferrite region in the dual zone 
of martensite-ferrite (M+F). By using matching filler material, complete martensite occurs in 
the weld metal due to the chemical compositions provided by the chromium equivalent in 
the range of 14.6 and nickel equivalent in the range of 7.9.  

2.1.1 Base Material and Weld Microstructures  
Microstructure formation is dependent on constitutional alloying elements of 

supermartensitic stainless steel described as a main physical property in this paragraph. 
Table 2-1 lists main alloying elements of supermartensitic stainless steel pipeline and 
matching filler material employed as the reference materials for the present research. 
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Figure 2-2: WRC 92 constitution diagram for stainless steels influenced by alloying elements of 
austenite stabiliser and of ferrite stabiliser[GEN 13]. 

Table 2-1: Chemical composition of supermartensitic stainless steel pipeline and matching filler 
material. 

Composition [wt.-%] Materials 
C Cr Ni Mo Mn S+P N 

Base metal 0.015 12.35 4.48 1.41 1.11 0.026 0.013 
Filler wire 0.013 11.78 6.16 2.78 0.61 0.006 0.085 
 

The vertical transverse section of the equilibrium microstructure dependent on 
temperature for the chromium-nickel system of 3:1 is represented in Figure 2-3a. Delta 
ferrite is always present as a primary phase in the solidification process by forming a 
dendrite core with the pure Fe-Cr phase.  

As reported by Gooch[SPM 47] based on the principle of austenite-martensite 
transformation of 12.0 wt.-% Cr and at least 3.0 wt.-% Ni with respect to low carbon (< 0.05 
wt.-%), formation of lath-type soft martensite will be obtained at room temperature, which 
offers a combination of excellent toughness with high strength and good ductility. However, 
those material properties can drastically be decreased when some α-ferrite phases develop 
in the martensitic matrix. Thus, estimation of the amount of undesired α-ferrite formation at 
room temperature in supermartensitic stainless steel should be carried out based on 
chemical compositions by using the following equation known as Kaltenhauser ferrite 
factor[SPM 47]: 

)NC(40Ni4Mn2Nb4Al2Mo4Ti8Si6CrFF +−−−+++++=  (2-1) 

This formula indicates the effects of alloying elements for promoting ferrite formation as 
well as for promoting martensite by forming austenite prior to phenomena of phase 
transformation. The ferrite factor can be decreased by increasing austenite stabilising 
elements such as manganese, nickel, carbon and nitrogen in order to enhance the 
austenite-martensite transformation. However, during TIG welding of supermartensitic 
stainless steel pipeline, a ferrite phase frequently appears at room temperature, in particular 
at the fusion line. 
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a) Equilibrium diagram of 3:1 system b) Extent of γ-loop affected by increased Ni 

Figure 2-3: Graphical illustration of the equilibrium constitution diagram showing microstructure 
formation of martensitic stainless steels in system 3:1 (Cr:Ni)[GEN 24]. 

A duplex-microstructure region will appear in these diagrams if the chromium content 
exceeds approximately 21 wt.-%, which will subsequently transform into the dual phase, i.e. 
martensite + α-ferrite, during cooling to room temperature. From this diagram, it can be 
assumed that complete formation of martensite without the presence of ferrite might be 
required to avoid brittle microstructures by a decrease in the ductile transition temperature 
of the steel[GEN 24].  

However, at a chromium content of around 12 wt.-% formation of a duplex structure 
before directly transforming the microstructure into martensite under practical cooling 
conditions is not being anticipated from this diagram[SPM 35]. Thus, as previously described, 
the formation of γ-region is significantly dependent on the austenite stabiliser nickel ranging 
between 4 and 6 wt.-%. Known to previously form austenite before cooling to room 
temperature, the effects of the nickel content on the γ-loop formation in the iron-chromium 
equilibrium system is presented in Figure 2-3b. The γ-region is extended by expanding its 
nose as well as by decreasing the temperature of austenite formation. It should be noted 
that increasing the nickel content up to 1.0 wt.-% will not significantly influence the extent of 
the γ-region compared to 4.0 wt.-% and 6.0 wt.-% Ni. Nickel represented a very effective 
alloying element for expanding the γ-loop rather than other austenite stabilisers, because it 
does not increase the hardness of the final martensitic microstructure[GEN 24]. 

Also, the carbon and the nitrogen content have significant potential to decrease a 
tendency of the α-ferrite formation by expanding the γ-region, which subsequently 
transforms to martensite. The equilibrium phase diagram considering the effects of the 
carbon content is represented in Figure 2-4. Increasing the carbon content from 0.01 wt.-% 
to 0.05 wt.-% can enlarge the γ-region and also the duplex region, i.e. the δ-ferrite phase + 
γ-phase. 
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Figure 2-4: Region of γ-, δ- and α-phase in the iron-chromium constitution diagram[SPM 47]. 

However, the carbon content in supermartensitic stainless steel, must strongly be 
limited to the range of 0.01 to 0.02 wt.-% in order to improve weldability and toughness 
properties while the γ-region should be large enough to form martensite during the 
subsequent cooling process[SPM 37],[SPM 46]. Again, increasing the nickel content (to 
approximately 4.0 wt.-% to 6.0 wt.-%) represents a better procedure to achieve sufficient 
toughness of supermartensitic stainless steels at low carbon contents[SPM 39]. In the 
estimation of the ferrite using Equation (2-1), a ferrite factor of close to zero is obtained for 
the supermartensitic stainless steel pipeline and the matching filler material with chemical 
compositions listed in Table 2-1. Due to the high nickel content, it has to be anticipated that 
also retained austenite will be present at room temperature. As an additional point, it has to 
be considered that during annealing treatment, as for instance during steel processing, but 
also during post weld heat treatment annealing, austenite may be formed[SPM 39]. It has to be 
understood how these austenite fractions might contribute to the mechanical properties and 
to hydrogen diffusion.  

Molybdenum with a content of up to 2.0 wt.-% or more has been taken into account as 
an additional alloying element for supermartensitic stainless steel in order to suppress a 
tendency of carbide precipitation during cooling after completed welding and to improve 
mechanical properties as well as corrosion resistance.  

Depending on the amount of alloying elements, supermartensitic stainless steels are 
categorised into three major groups, i.e. lean supermartensitic stainless steels with 11%Cr-
2%Ni, medium supermartensitic stainless steels with 12%Cr-4.5%Ni-1.5Mo, and high 
supermartensitic stainless steels with 12%Cr-6.5%Ni-2.5%Mo[SPM 39],[SPM 46],[SPM 47]. The 
basic behaviour of significant alloying elements to be known for a better understanding of 
their effects on the material properties is listed in Table 2-2. 
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Table 2-2: Effects of alloying elements on material properties of supermartensitic stainless steel. 
Element Microstructure formation Mechanical property Corrosion resistance 

Carbon 
(C) 

- Decreasing δ-ferrite phase 
- No effects on AC1- 
  temperature 
- Depressing Ms-temperature 
  (strongest) 
- Expanding γ-region 
- Increasing tendency of  
  carbide formation 
- Strong austenite stabiliser 

- Increasing a tensile  
  strength 
- Decreasing toughness 
- Increasing hardness 

- Decreasing HASCC-  
  resistance  
- Decreasing general  
  corrosion resistance  

Chromium 
(Cr) 

- Promoting δ-ferrite phase 
- Retarding ferrite and  
  pearlite transformation  
- Depressing Ms-temperature
- Strong ferrite stabiliser  
- Increasing α-ferrite 

- Increasing tensile  
  properties 
- Increasing tempering  
  resistance of  
  martensite 

- Improving general  
  corrosion resistance  
- Decreasing HASCC- 
  resistance by forming   
  carbide 

Nickel 
(Ni) 

- Decreasing δ-ferrite phase 
- Depressing AC1- 
  temperature 
- Depressing Ms-temperature 
- Assisting transformation to  
  martensite 
- Expanding γ- 
  region(austenite stabiliser) 

- Improving toughness 
- Increasing tempering  
  resistance 
 

- Improving general  
  corrosion resistance 
- Improving HASCC- 
  resistance 

Molybdenum 
(Mo) 

- Promoting δ-ferrite phase 
- Increasing AC1-temperature 
- Depressing Ms-temperature 
- Ferrite stabilise 

- Decreasing second  
  phase formation 
- Increasing tensile  
  strength 
- Improving toughness  

- Improving HASCC- 
  resistance 
 

Manganese 
(Mn) 

- Decreasing δ-ferrite phase 
- Depressing AC1- 
  temperature 
- Depressing Ms-temperature 
- Expanding γ-region 
- Decreasing AC3- 
  temperature 

- Increasing tensile  
  properties  
- Improving toughness 
- Increasing tempering  
  resistance 

- Improving HASCC- 
  resistance 

Copper 
(Cu) 

- Decreasing δ-ferrite phase 
- Austenite stabiliser 
 

- Improving toughness 
- Enhancing the  
  secondary hardening   
  reaction 

- Improving HASCC- 
  resistance 

 

2.1.1.1 Martensite Formation 
As outlined above, extending the γ-region by increasing the nickel content in 

supermartensitic stainless steels is necessary for austenite-martensite transformation. 
Recently, matching filler wires are considered to be used for orbital welding of 
supermartensitic stainless steel pipeline in order to avoid triplex austenitic, ferritic and 
martensitic microstructure, in particular in the HAZ. 

Estimation of martensite formation can simply be explained in terms of the Ms-
temperature based on the chemical compositions, in particular for 13 wt.-% Cr stainless 
steels as follows[SPM 27]: 

( ) Si11W11Mo21)12Cr(17Ni17Mn33C474300CM s −−−−−−−−=°  (2-2) 
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Table 2-3: Typical transformation temperature of general categories of supermartensitic stainless 
steels[SPM 39]. 

Transformation 
temperature [°C] 

Lean Medium High 

Ms 360 250 150 
Mf 220 120 30 
AC1 650 640 630 

 

and for stainless steels with 10-18 wt.-%Cr and 0 – 7 wt.-% Ni is given by[SPM 27]: 

( ) Mo6.46Cr8.10Ni3.36Mn3.6C497540CM s −−−−−=°  (2-3) 

The prediction of the Ms-temperature may be erroneously in the range of approximately 
±30°C because of the simple order form of the equation[SPM 27]. Additionally, it is possible 
that rapid cooling and higher peak temperature in the austenitic range can influence the 
depression of the Ms-temperature in supermartensitic stainless steels. By using Equation 
(2-2), Ms-temperatures of 145°C and 155°C are obtained for the supermartensitic stainless 
steel as base metal and matching filler material. 

But, these Ms-temperatures will change if the estimation is carried out with Equation 
(2-3). In this case, Ms-temperatures of 164°C and 110°C are obtained, for instance, for 
supermartensitic stainless steel as base metal and matching filler material, respectively. A 
decrease of Ms-temperatures of supermartensitic stainless steel implies that the amount of 
retained austenite during cooling to room temperature in the welded component can be 
increased. These retained austenitic phases have been found to be inter-phase hydrogen 
trapping sites having relative low binding energy. Hence, hydrogen assisted cracking may 
take place in the most susceptible martensitic phases resulting from high hydrogen 
concentration in the retained austenitic phases diffusing into the neighbouring martensite 
under changing service conditions[HAS 39]. It is well known that dual-phase 
(austenite+martensite) formation will result in a reduction of weld metal tensile strength. 

In heat treatment technology, low Ms-temperature of supermartensitic stainless steels 
means that few auto-tempering phenomena might appear in the neighbouring zone of the 
weld metal during deposition of a single run. The hardness of the as-welded component 
can therefore be directly related to the carbon content of the material[SPM 27]. Irvine et al.[SPM 

35] worked on 12 wt.-% Cr steels, where a reduction of the local chromium content resulted 
from the precipitation of chromium carbides at grain boundaries, which can increase the Ms-
temperature and create plates of auto-tempered martensite adjacent to the boundary 
carbides. Irvine also explained that it is necessary to maintain the matrix microstructure of 
supermartensitic stainless steel with as few α-ferrite phase as possible in order to improve 
the mechanical properties. Furthermore, depression of the AC1-temperature to below 700°C 
and of Ms-temperatures to below 200°C should be avoided. Low AC1-temperature will 
influence the re-austenitisation temperature, which can suddenly increase the material’s 
hardness if austenite is repeatedly reformed[SPM 35]. 

Mf-temperature estimations reported by Haynes[SPM 52] for a new generation of 
martensitic stainless steels approximately range between 80°C and 140°C below the Ms-
temperature. It is also possible for some grades of martensitic stainless steel with high  
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Table 2-4: Typical second-phase constituents observed in stainless steels[GEN 13].  
Phase Crystal 

structure 
Lattice 

parameters, nm 
Compositions Comments 

M23C6 fcc a0=1.057-1.068 (Cr16Fe5Mo2)C6 
(Cr17Fe4.5Mo1.5)C6 
(Fe,Cr)23C6 

Observed carbide in 
austenitic stainless steels. 
Precipitates from 500-950°C, 
fastest 650-700°C   

M6C fcc a0=1.085-1.111 (Cr,Co,Mo,Ni)6C 
(Fe3Mo3)C 
 

Observed in austenitic grades 
containing substantial 
molybdenum or niobium after 
long time exposure 

M7C6 Hexagonal a0=1.398 
c0=0.4523 

Cr7C3 Observed in martensitic 
grades 

MC Cubic a0=0.430-0.470 TiC 
NbC 

Observed in alloys with 
additions of titanium or 
niobium. Very stable carbide. 
Will usually contain some 
nitrogen 

Sigma(σ) Tetragonal a0=0.879-0.918 
c0=0.454-0:459 

FeCr 
FeMo 
Fe(Cr,Mo) 
(Fe,Ni)x(Cr,Mo)y 

Formation from δ-ferrite is 
much more rapid than from 
austenite. Potent embrittler 
below 595°C. Forms with long 
time exposure from 650-
900°C  

Chi(χ) Bcc (α-Mn) a0=0.886-0.892 Fe36Cr12Mo10 
(Fe,Ni)36Cr18Mo4 
M18C 

Observed in alloys containing 
substantial molybdenum. Chi 
precipitates with exposure to 
730-1100°C 

Laves(η) Hexagonal a0=0.470-0.474 
c0=0.772-0.7725 

Fe2Mo 
(Ti21Mo9) 
(Fe30Cr5Si5) 

Forms in austenitic alloys with 
substantial amounts of 
molybdenum, titanium, or 
niobium after long time 
exposure from 600-1100°C 

 

carbon content and/or high content of alloying elements, that the Mf-temperature become 
close to ambient temperature, thus removing any retained austenite, which may 
conditionally form untempered martensite after multipass re-heating or single tempering.  

However, Marshall et al.[SPM 39] compiled general Ms-temperatures, Mf-temperatures, and 
AC1-temperatures of general categories of supermartensitic stainless steels as listed in 
Table 2-3. 

2.1.1.2 Second Phase Precipitation 
The nature of high alloy steels, in particular of high chromium stainless steels is related 

to the complexity of microstructure formation such as second phase precipitation in the 
matrix microstructure under welding thermal cycles. Table 2-4 gives a compilation of 
possible second phases precipitated in stainless steels. In traditional 12 wt.-%Cr stainless 
steels, formation of chromium carbides may take place at grain boundaries involving 
reduced corrosion resistance. Control of chromium carbide precipitation has been enabled 
by advanced developments in steel production for fabricating extra low and/or low carbon 
supermartensitic stainless steels, e.g. C ≤ 0.02 wt.-%. 

It is well known that titanium can also be taken into account as a carbide stabiliser 
forming very stable carbide phases and therefore decreasing the effective carbon 
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content[SPM 27],[SPM 35]. This automatically enhances corrosion resistance and mechanical 
properties of supermartensitic stainless steels. However, using higher amounts of titanium 
added to the materials might adversely affect economic efficiency with respect to 
commercial production because this alloying element needs very high solution 
temperatures to dissolve carbides[SPM 35].  

During rapid cooling, the formation of austenite from ferrite is associated with the 
diffusion phenomenon of carbon and nitrogen rather than with that of substitutional 
elements and thus, a quenched martensitic microstructure will exhibit the former grain 
boundaries. Nevertheless, it has to be noted that carbides may develop in subcritically 
reheated areas during deposition of subsequent weld runs. 

For 13 wt.-% Cr martensitic stainless steels, general precipitation of chromium carbide 
phases, i.e. M7C3 and M23C6, can easily occur at temperatures above 400°C. This means 
that precipitation of second phases throughout the martensitic structure will take place if the 
temperature of the component is in the range of 450°C to 500°C. Even high temperatures in 
the range of 600°C to 800°C might cause local chromium depletion[SPM 27]. 

Folkhard[GEN 24] reported that the precipitation phase, M23C6, can form in the matrix 
structure of soft martensitic stainless steels, in particular at grain boundaries. The formation 
of sigma phases and embrittlement might only occur if time is sufficiently long in the 
respective temperature range of around 475°C. 

2.1.1.3 Post Weld Heat Treatment  
In order to improve material properties, post weld heat treatment (PWHT) will 

conditionally be considered as the subsequent process after completed welding operation 
on components. In martensitic stainless steels, post weld heat treatment can primarily 
cause tempering and softening by carbide precipitation: maximum softening takes place 
with precipitation of M23C6 by heating at temperatures above 500°C[SPM 27].  

The temperature level of post weld heat treatment is usually dependent on the AC1–
temperature, for instance, conventional post weld heat treatment can be carried out at 
temperatures above 700°C for materials with low nickel and carbon content in order to 
receive the maximum softening effect. On the other hand, post weld heat treatment for 
materials with increased nickel content has to be carried out at temperatures lower than 
those for low-alloyed materials. 

AC1-temperature estimation of 13 wt.-% Cr martensitic stainless steels with a carbon 
content below 0.05 wt.-% as a function of alloying elements is given by[SPM 27]:  

( ) ( ) ( )10Cr20Mo25Si25Mn25Ni50NC1500850CA 1C −+++−−+−=°  (2-4) 

Post weld heat treatment at 600°C is practically performed for 13Cr4Ni stainless steels 
because carbide formation may be decreased gradually at low temperatures, which 
inevitably promotes some reformations of austenite[SPM 27]. This reformed austenite consists 
of different chemical compositions compared to the austenite retained after welding since 
the diffusion is a significant factor for controlling the reformation of austenite. Hence, an  
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a) 13Cr4Ni0.5Mo system b) 13Cr6Ni1.5Mo system 

Figure 2-5: Effects of PWHT conditions on austenite reformation in two different systems of 
supermartensitic stainless steel[SPM 52]. 
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a) Average values b) Dependence on various carbon content 

Figure 2-6: Average hardness levels of the weld metal dependent on PWHT parameters: a) Average 
values, b) Dependence on various carbon content[SPM 37]. 

enrichment phase with nickel, carbon, and/or nitrogen in the reformed austenite can appear 
even though carbon content is fairly low for the modified supermartensitic stainless steels. 
In the case that PWHT is carried out at a temperature just slightly (say 40°C) above the 
AC1–temperature, in this way the formation of enriched austenite will be stable during 
cooling to room temperature. On the other hand, at a further rise of temperature above the 
AC1-temperature, equilibrium state of the austenite phase content can easily be obtained 
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with the reduction of enriched austenite and then the formation to virgin martensite can take 
place once again. Thus, softening effects intended for PWHT become more negative. 

However, AC1-temperatures of 640°C and 665°C are, respectively, obtained in the 
present research for supermartensitic stainless steel the base metal and matching filler 
material by estimation performed with Equation (2-4). 

An estimation of the austenite content at room temperature with various PWHT 
conditions, in particular for the new generation of supermartensitic stainless steels can be 
obtained by using a Larsen-Miller parameter as expressed by[SPM 52],[SPM 37]: 

( ) [ ] 3
LM 10tlog20KTP −⋅+⋅°=  (2-5) 

where T  and t  are the tempering temperature (°K) and the duration (hour), respectively. 

Figure 2-5 represents effects of tempering conditions on the retained austenite in the 
new generation of supermartensitic stainless steels, i.e. 13Cr4Ni0.5Mo and 13Cr6Ni1.5Mo. 
The most reverted austenite forms at an LMP -parameter in the range of 15.5 to 18, and it 
remains stable during cooling to room temperature. For LMP -parameters above 18, the 
reverted austenite becomes unstable and then transforms to untempered martensite during 
cooling[SPM 52]. 

As suggested by Gooch[SPM 27], an extension of tempering duration for PWHT performed 
on 13 wt.-% Cr martensitic stainless steels is unacceptable for specific applications such as 
welded pipeline components. Therefore, short-term post weld heat treatment, i.e. 5 to 10 
minutes at 650°C, has been recommended for the martensitic stainless steel family 
experiencing welding fabrication. The temperature at 650°C is proposed to promote 
required softening effects to a specific extent, but attention to the formation of partial re-
austenite should be paid as well. Furthermore, possible side effects, i.e. stress corrosion 
cracking caused by a reduction of tensile strength, sensitisation, etc., after PWHT must be 
taken into account. At such short duration, the PLM ranges between 15.5 to 18 and thus, has 
to be regarded as uncritical for the formation of annealing austenite. 

In addition, Gooch[SPM 37] who worked on heat treatment of welded 13Cr4Ni martensitic 
stainless steels, reported that the hardness level of the welded component decreases with 
increasing LMP -parameter as shown in Figure 2-6a. The hardness of the welded component 
is inversely proportional to an increase of the LMP -parameter until 18.8 which acts as a 
minimum, and then the hardness of the welded component increases, but only slightly. 
However, it must be recognised that for the reduction of the hardness by increasing the 

LMP -parameter, heat treatment must be carried out for longer times instead of increasing 
the operation temperature. 

This behaviour is observed at higher carbon levels. But, for extra low carbon steels, i.e. 
C ≤ 0.01%, increasing hardness values with the LMP -parameter are achieved without a local 
minimum at PLM = 18.8. 
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Table 2-5: Effects of two different kinds of filler materials on material properties of welded SMSS 
components[SPM 54]. 

Filler materials Conditions 
Duplex and superduplex Matching 

(12.5Cr6.5Ni2.5Mo) 
General description Having a track record of successful 

use in offshore projects. 
Considering as a economical – 
technical challenge. 

Strength value  - 22 Cr duplex :  
  603 MPa (0.2%PS at 20°C) 
  803 MPa ( UTS at 20°C) 
  485 MPa (0.2%PS at 100°C) 
  672 MPa ( UTS at 100°C) 
- 25 Cr superduplex : 
  755 MPa (0.2%PS at 20°C) 
  876 MPa ( UTS at 20°C) 
  621 MPa (0.2%PS at 140°C) 
  769 MPa ( UTS at 140°C) 

Match or overmatch to the parent 
material. 

Toughness value (for 
GMAW) 

- 22 Cr duplex : 
  271 J at –30°C (weld metal) 
  292 J at –30°C (fusion line) 
- 25 Cr superduplex : 
  > 185 J at –30°C 

42J at –50°C 

Corrosion resistance Improving resistance against SCC 
and general corrosion in the weld 
metal and its neighbour zone for 
long term exposure to offshore oil 
and gas media. 

No performance 

Post weld heat treatment Short-term heat treatment, e.g. 
650°C/5min, has been applied to 
soften HAZ peak hardness without 
detrimental effects on weld metal 
microstructure. 

Usually, a few minutes up to an 
half hour at temperature around 
650°C can be carried out for 
PWHT, as a optimum temperature 
650°C for holding time of 30 min is 
regarded.  

 

2.1.1.4 Filler Materials for Supermartensitic Stainless Steels 
Optimum arc welding consumable selection is based on the assumption that the weld 

metal and the base metal must have mechanical properties and corrosion resistance equal 
to or in excess of the specified requirements and also should have toughness and hardness 
values, which meet the demands of the relevant specification. Thus, the decision in 
selecting filler materials and welding processes for fabrication of subsea flowline 
components must be taken with the following factors in mind: I) Matching strength, II) 
Achieving adequate toughness value, III) Keeping hardness at an acceptable level, IV) 
Matching corrosion properties, and V) Minimising or avoiding PWHT[SPM 55]. 

Until recently, supermartensitic stainless steel pipelines have been joined by using 
superduplex or duplex filler materials, but these filler materials often present a number of 
problems due to the so-called yield strength undermatch. Therefore, the development of 
matching filler materials for the consumable welding process is firmly focused on avoiding 
such problems. However, the elongation and toughness properties of the weld metal joined 
by the matching filler material still indicate the negative state, hence short-term heat 
treatment at 650°C for 5 to 30 minutes is additionally required to improve toughness[SPM 53]. 
Such aspects have been investigated by Gough et al.[SPM 54] and summarised in Table 2-5. 
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a) Proof stress and tensile strength b) Impact toughness of supermartensitics 

Figure 2-7: Mechanical properties of supermartensitic stainless steels: a) Comparison of proof stress 
and tensile strength of supermartensitics with lean martensitics and utility ferritics, b) Impact toughness 
value of supermartensitics[SPM 39]. 

Investigation of microstructure formation during welding of supermartensitic stainless 
steel with matching material has been carried out by Karlsson[SPM 55], who reported that arc 
welding of supermartensitic stainless flowlines using matching filler material is 
uncomplicated in comparison to using duplex or superduplex filler material. It is evidently 
shown that matching filler material with a molybdenum content above 1.5 wt.-% can 
improve the weld metal properties in order to avoid brittle behaviour compared to 
molybdenum-free filler materials. Furthermore, weld metal toughness values in the as-
welded condition up to 141 J at – 40°C were experimentally achieved in the TIG welding 
process due to the full martensite and low oxygen content in the weld metal. Further 
improvements of material properties can be achieved by decreasing the heat input and 
interpass temperature as well as by short-term post weld heat treatment. 

2.1.2 Mechanical Properties  
The basic mechanical properties of supermartensitic stainless steel are generally 

affected by the carbon content, the amount of alloying elements, and the types of matrix 
formation microstructure. Also, these mechanical properties are strongly influenced by 
manufacturing and heat treatment processes[SPM 39]. 

Figure 2-7a represents the relationship between levels of proof stress and tensile 
strength of supermartensitic stainless steel in comparison with lean martensitic stainless 
steel and utility ferritic stainless steel. Both the proof stress and the tensile strength of 
supermartensitic stainless steels are higher those of lean supermartensitic and utility ferritic 
stainless steels. Proof stress ranging between 550 MPa and 900 MPa and tensile strength 
ranging between 800 MPa and 1000 MPa have been achieved for supermartensitic 
stainless steels, at ratios ranging between 0.75 and 0.90[SPM 39]. 

Supermartensitic stainless steels with a proof stress of 550 MPa (X80) are commonly 
applied to flowline construction for transporting oil and gas products in offshore technology. 
For reasons of cost-efficiency and weight-saving, a number of flowline users and producers 
look for relatively high strength materials to replace lower strength ones. Therefore, 
supermartensitic stainless steels with a proof stress higher than 700 MPa (X100) are 
interestingly focused on by flowline manufacturers. 
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a) Impact toughness b) Tensile strength 
Figure 2-8: Influence of post heat treatment on mechanical properties of soft martensitic stainless 
steels: a) Impact toughness, b) Tensile strength[GEN 24],[SPM 49]. 

During service application at low temperatures, in particular, a reduction of the ductile to 
brittle transition temperature (DBTT) can play an important role in influencing component 
failure. Therefore, lean supermartensitic stainless steels can generally be considered to be 
appropriate for applications of at temperatures down to –20°C, whereas medium- and high-
alloyed supermartensitic steels are designed for specific applications at temperatures down 
to –50°C [SPM 39]. 

As represented by the absorbed energy versus temperature curves in Figure 2-7b, 
medium alloys are slightly tougher than the high-alloyed steels. Lean supermartensitic 
stainless steels reach an energy range similar to that of medium and high martensitic 
stainless steels by increasing temperature close to zero, but they become more brittle at 
extremely low temperatures. However, at temperatures above –80 °C, all types of 
supermartensitic stainless steels still have an absorbed energy value higher than 100 J[SPM 

39]. 

In offshore applications, supermartensitic stainless steel pipelines transporting hot 
products may be exposed to high temperatures up to 100°C - 150°C[SPM 48]. During service 
performance at elevated temperatures, supermartensitic stainless steels exhibit good 
mechanical properties when compared with duplex stainless steels. For example, in the 
temperature range of 20°C to 250°C, high supermartensitic stainless steels have a reduced 
proof stress of around 15 percent, whereas a proof stress reduction of around 25 to 30 
percent has been obtained for duplex and superduplex stainless steels[SPM 47]. 

Although the mechanical properties of the supermartensitic stainless steels are strongly 
dependent on their chemical compositions, heat treatment can also be taken into account 
as an additional process for improving the mechanical properties. The toughness values in 
terms of absorbed energy of supermartensitic stainless steels are dependent on different 
conditions of post weld heat treatment as represented in Figure 2-8a. The impact 
toughness of as-welded weld metal is somewhat lower than that of the weld metal after post 
weld heat treatment. It is obvious furthermore that the toughness value at room temperature 
becomes higher when the weld metal has been treated by an austenitising process with 
subsequent tempering or annealing. On the other hand, post weld heat treatment can affect 
the mechanical properties by decreasing the levels of proof stress and tensile strength of 
the weld metal as represented in Figure 2-8b. 
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A relatively simple way to assess the mechanical behaviour of such materials is 
represented by hardness measurements. This method seems to be more convenient 
particularly for welding engineers. For welded components of supermartensitic stainless 
steels, hardness values in the range of 250 to 350HV (10 Kgf) are dependent on the carbon 
content of the material, measuring positions, heat treatment processes, etc.[SPM 27],[SPM 

31],[SPM 50]. 

2.1.3 Corrosion Resistance  
Because subsea flowlines in offshore technology are directly exposed to sour service 

environments and subjected to external mechanical loads concurrently, the corrosion 
resistance of the material must be taken into account as a significant factor in material 
selection. In this context, it should be noted that supermartensitic stainless steels have 
been designed for field application with exposure to slight or moderate sour electrolytic 
solutions. Hence, a description of the possible forms of corrosion in the specific 
environmental conditions is required in order to avoid misunderstanding on the selection of 
materials for offshore applications. 

General corrosion is a simple form of corrosion, which is characterised by 
electrochemical reactions showing the loss of metal matrix over the entire environmentally 
exposed surface. A reduction of the carbon content can normally improve the general 
corrosion resistance of supermartensitic stainless steels. By avoidance of the formation of a 
chromium depleted zone caused by precipitation of chromium carbides. Moreover, 
beneficial additional alloying elements such as molybdenum and nickel can also improve 
the general corrosion resistance of supermartensitic stainless steels[SPM 39]. The 
determination of general corrosion resistance of supermartensitic stainless steels regarding 
the effects of major alloying elements is given by the following equation of the general 
corrosion index (GCI)[SPM 14]: 

N10Ni77.0C12CrGCI ++−=  (2-6) 

Ni2C10CrCCI +−=  (2-7) 

However, it still remains in question why the molybdenum content is not included in 
these equations, even though it can effectively improve the general corrosion resistance, as 
well. A GCI-value of 15.75 is obtained for the base metal of supermartensitic stainless steel 
pipeline calculated by Equation (2-6) and a GCI-value of 17.21 for the matching filler 
material. 

In order to confirm this result, Hashizume[SPM 48] examined effects of chemical 
compositions and tensile strength on general corrosion resistance of martensitic stainless 
steels in CO2 and H2S environments. He reported that the GCI-index is very useful for 
estimating the corrosion rate of martensitic stainless steels in the CO2 and H2S 
environments tested at elevated temperatures. The corrosion rate is decreased by 
increasing the GCI-index of the material as represented in Figure 2-9a. Moreover, 
increasing the temperature of the considered system can also enhance the general 
corrosion rate of the material as represented in Figure 2-9b. 
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a) GCI-corrosion rate diagram b) Arrhenius plot of corrosion rate 

Figure 2-9: Effects of GCI-index and temperature of the testing system on the general corrosion rate of 
martensitic stainless steel[SPM 48]. 
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Figure 2-10: Three main local factors influencing hydrogen assisted stress corrosion cracking 
behaviour[HAS 108]. 

2.2 Mechanisms of Hydrogen Assisted Cracking 
Hydrogen assisted cracking can microscopically be regarded as the local interaction 

between the microstructures with the local mechanical load and the hydrogen concentration 
as represented in Figure 2-10. 

Until recently, numerous contrary suggestions have been given on the mechanisms of 
hydrogen assisted cracking based on different points of view because critical events 
associated with interaction between local mechanical loads and local hydrogen 
concentration for hydrogen assisted cracking occur on atomic scale at the crack tip, thus, 
theories are not easily verified. There is general agreement in literature that the 
phenomenon cannot be described by a single mechanism. However, a basic understanding 
of the general mechanisms of hydrogen assisted cracking as well as of the hydrogen 
uptake and hydrogen diffusion processes, and a basic determination of mechanical loads 
may provide sufficient explanation of the phenomenon of hydrogen assisted cracking. For 
this reason, the different categories of mechanisms are described more in detail. 
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Figure 2-11: Schematic illustration of pressure theory for describing the hydrogen assisted cracking 
phenomenon[GEN 6]. 

2.2.1 Pressure Theory 
Pressure theory represents the oldest proposed mechanism for hydrogen assisted 

cracking. According to this theory, blisters and internal cracking are produced by charging 
unstressed specimens with hydrogen which precipitates and recombines to molecules at 
internal defects such as flakes, voids and non-metallic inclusions, and subsequently 
generates high internal pressure within the defects. As proposed by Zapffe et al.[HAS 40], the 
principal portion of absorbed hydrogen in iron consists of partially ionised molecules 
occluded in internal defects such as micro-voids, non-metallic inclusions etc. 

The pressure of hydrogen molecules from the recombination of adsorbed atoms in such 
defects increases according to the solubility law. However, if the precipitation of molecular 
hydrogen is sufficiently pronounced or the reinforcement of the lattice is weak, nucleation 
and growth of micro-cracks may occur in the absence of externally applied stress. 
Generally, the local pressure is by orders of magnitude higher than 1 atm, i.e. higher than 
the yielding pressure of the steel, which will dominate an extent of the micro cracks as 
shown in Figure 2-11, where micro-voids or micro-cracks eventually combine to form more 
macroscopic cracks[HAS 14], which play a significant role for rupture of the material.  

The fact that stresses in steel structures are of the triaxial type means that imposed 
stress, i.e. local stress combined with externally applied stress, may lead to the rupture of 
the materials[HAS 41]. Hydrogen in micro voids can easily be removed by either baking the 
material at elevated temperatures or holding it at room temperature for a certain amount of 
time if it is not recombined to molecules[HAS 86]. In any case, micro-voids with molecular 
hydrogen still remain as substructures of the material, which have a nature of triaxial stress 
and imposed stress.  

In the description by Zapffe et al., it is stated that pickling and cathodic electrolysis can 
also cause great supersaturation, because these processes produce hydrogen 
concentrations on the steel surface that equal to or greater than the concentrations 
occurring in pure hydrogen at elevated temperatures. When hydrogen supersaturation 
exceeds a certain degree, hydrogen is recombined to molecules at the internal defects,  



2. Literature Reviews 

22 BAM-Dissertationsreihe 

 
Figure 2-12: Variation of temperature at equilibrium pressure for molecular hydrogen precipitated within 
steels as a function of hydrogen concentration[HAS 40]. 

hydrogen under pressure exceeding the elastic strength, thus to breaking off the lattice 
bonds at low temperatures rather than at high temperatures as represented in Figure 2-12. 

As a special effect regarding welding it has to be considered that hydrogen molecules 
are usually formed at higher temperatures, and consequent pressure occurs during cooling.  

2.2.2 Decohesion Theory 
The effect of hydrogen on the cohesive strength of the iron lattice has first been 

mentioned by Troiano et al.[HAS 18],[HAS 106]. This theory has been extended by Oriani[HAS 3],[HAS 

23],[HAS 100], who proposed that dissolved hydrogen can reduce the average cohesion force 
between iron atoms as shown in Figure 2-13a. This assumption is supported by the fact that 
the fracture of steel in a hydrogen environment appears brittle, and that it is easier for the 
metal to respond to the applied stress by parting iron-iron atomic bonds rather than by 
plastic deformation. 

Furthermore, the local concentration of hydrogen is increased by the positive 
component of elastic stress, since hydrogen must first diffuse into a severe elastically 
stressed region[HAS 23] and accumulate in the regions with a specific hydrostatic stress up to 
equilibrium in short atomic distance from the crack tip. Under these assumptions, the main 
point of this mechanism is to describe how hydrogen affects crack propagation, not crack 
nucleation, although the two phenomena are most likely dependent on the same physical 
processes. 

Based on the basic principle of this model, crack propagation can occur if the local 
maximum tensile stress maxσ′  at the specific location ahead of the crack tip normal to the 
plane of the crack equals the maximum cohesive resistive force of the metal mnF  per unit 
area of the cracking plane. It can be formulated by[HAS 23]: 

[ ]HDFn mmax ⋅⋅=′σ  (2-8) 

where n is the number of metal atoms per unit area of the cracking plane and mF is the 
maximum cohesive resistive force of iron atoms. 
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a) Model representation b) Schematic illustration 

Figure 2-13: Decohesion theory describing hydrogen assisted cracking phenomena: a) Model 
representation of decohesion of iron-iron bonds caused by dissolved hydrogen atoms, b) Schematic 
illustration of the equilibrium of hydrogen concentration at the position of maximum tensile stress at the 
specific value of hydrogen chemical potential, e

µµ [HAS 23]. 

However, with respect to the effect of hydrogen concentration on the crack propagation 
behaviour, larger hydrostatic and/or larger shear stresses will lead to a larger accumulation 
of dissolved hydrogen ahead of the crack tip up to equilibrium state while the maximum 
cohesive drag force will be decreased more than usual as represented in Figure 2-13a.  

Moreover, Oriani also suggests that hydrogen assisted cracking occurs by distinct 
processes, i.e. decohesion facilitated by hydrogen and plastic tearing of ligaments 
unaffected by hydrogen between decoherent region. Thomson [HAS 29] proposed that plastic 
zones around the crack tip shields the crack tip from the full force of the externally applied 
stress. Cracking with brittle failure may occur if there is a large energy barrier for the 
emission of dislocations ahead of the crack tip. 

As a particular advantage, the decohesion theory is based on the assumption that 
hydrogen diffusion is required to transport it into the critical strain region ahead of the crack 
tip, which explains delayed cracking. 

2.2.3 Adsorption Theory 
The adsorption theory proposed by Uhlig[HAS 62] is based on the Griffith criterion for 

fracture in ideally brittle solids. Atomic hydrogen has been thought to reduce the binding 
energy of the metal atoms, particularly at the specific location of the extreme root of notch, 
below a critical level of the shear stress which is required to create new fracture surfaces. 
This means that crack initiation and propagation takes place without the dissolution of the 
metal as as represented in Figure 2-14[HAS 14],[HAS 109]. 

The application of the adsorption theory to hydrogen assisted cracking remains in 
questions because crack initiation and propagation have been assumed to take place by 
rupture of material in a limited distance ahead of the crack tip in the area of maximum 
stresses and strains normal to the crack plane [HAS 14]. Moreover, the energy that is required  
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Figure 2-14: Schematic illustration of the mechanism of hydrogen assisted cracking based on the 
adsorption theory[HAS 109]. 

for fracture in the material is associated almost entirely with plastic deformation, hence 
change in surface energy should not be significant [HAS 41]. Other disagreements to this 
model have been reported by Hirth [HAS 99], for instance, an underestimation of the required 
energy for creating new fracture surfaces and non-consideration of continuous crack 
propagation processes. Thus, the adsorption theory is not quite adequate to account for the 
dynamic stages of crack propagation. 

2.2.4 Dislocation Interaction Theory 
The basic assumption for the hydrogen-dislocation interaction is that the presence of 

hydrogen around a dislocation can change the mobility of dislocation. This mobility can 
influence the fracture behaviour of materials by changing the extent and character of 
plasticity. Nelson[HAS 86] observed that the influence of hydrogen on the dislocation mobility 
represents either a hardening effect or a softening effect dependent on the material and on 
the alloying composition. 

Regarding the hardening effect, it is assumed that hydrogen will interact with the high 
tensile stress field adjacent to the dislocation to form a Cottrell-atmosphere[GEN 22], i.e. a 
hydrogen cloud, that can strongly hinder the movement of a dislocation so that more 
dragging forces are required for the movement of dislocation. 

The reduction in dislocation mobility and change in slip character makes deformation at 
the crack tip more difficult, hence the crack propagation takes place at low levels of external 
load applied to the component. 

In contribution to such cracking phenomena, Louthan et al.[HAS 46] reported that the 
association and movement of hydrogen with dislocations can cause degradation of metal 
properties because the hydrogen-dislocation interaction modifies plastic deformation 
processes by stabilising micro-cracks and by changing the work hardening rate. However, 
such a mechanism of embrittlement is more applicable to ductile materials than to brittle 
ones, since deformation of brittle materials is already limited[HAS 86]. 
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Figure 2-15: Schematic demonstration of crack propagation in high strength steels based on 
Beachem’s assumption: a) In the absence of hydrogen crack growth occurs by micro-void coalescence 
within a large plastic deformation ahead of the crack tip, b) In the presence of hydrogen deformation 
becomes easier and crack growth occurs as result of severely localised deformation at the crack tip[HAS 

25],[HAS 86]. 

The idea behind the softening effect is the assumption that hydrogen may reduce the 
fracture strength of the materials. As experimentally observed by Beachem[HAS 25], the 
reduction of microscopic plasticity and the change of fracture modes associated with 
hydrogen enhanced brittle fracture. Fractographical observations in high strength steels 
have been mentioned to support this idea. Such deformation is basically localised to the 
zone where the hydrogen concentration is saturated. Failure of the metal lattice will occur 
when the critical strain is reached within the specific local zone ahead of the crack tip as 
schematically represented in Figure 2-15. Lynch[HAS 41] gave an extensive expression to 
support Beachem’s observation that dissolved hydrogen on the crack tip surface facilitates 
the movement of the dislocation instead of restricting the moving dislocation. Since the 
chemisorption of a species like hydrogen increases the number of neighbours around the 
surface atoms, surface-lattice distortion will be reduced and dislocation nucleation will 
become easier. 

The most comprehensive research dealing with these phenomena has been performed 
by Sofronis et al.[HAS 8],[HAS 9] and Birnbaum[HAS 39] by developing the theory of Hydrogen 
Enhanced Localised Plasticity (HELP) mechanism. The basic principle of their assumption 
is that the presence of hydrogen in solid solution reduces barriers to dislocation motion and 
increases the mobility of dislocations, thereby creating high capabilities of local deformation. 
The fracture process is a highly localised plastic failure process by decreasing the strength 
of the material rather than embrittlement, because the localised zone is softened by the 
presence of local hydrogen. Based on this mechanism, the crack propagation characteristic 
of relatively pure metals and alloyed metals can be different. For pure metals, fracture 
tended to be along slip planes and for alloys, fracture tended to be along the plane of 
maximum normal stress due to the action of multiple slip systems. 
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Figure 2-16: Schematic illustration of hydrogen cloud on moving dislocation at left, which is stripped off 
at the particles of effective size D and spacing l. Diffusion along dislocation restores cloud uniformity as 
dislocation moves away, at right[HAS 86],[HAS 110]. 

Considering the contribution of Tien et al[HAS 110], who proposed a model for determining 
hydrogen transported by the dislocation as well as hydrogen enhancing the mobility of 
dislocation based on the assumption of the Cottrell-atmosphere model, the effect of 
hydrogen concentration on the dislocation can be described by the Boltzmann equation[HAS 

110] as: 

[ ] [ ] �
�

�
�
�

�−= ∞ kT
EexpHDHD B

dis  (2-9) 

where BE is the binding energy of hydrogen to the dislocation (0.1 – 0.5 eV), k  is the 
typical Boltzmann’s constant, T  is the absolute temperature, [ ]disHD  is the hydrogen 
concentration on the dislocation, and [ ]∞HD  is the equilibrium hydrogen concentration at 
the pick-up site. 

Figure 2-16 is the Cottrell-atmosphere model representing the dislocation with 
enrichment of hydrogen passing across inclusion particles by an applied external load. 
Hydrogen can be captured at the inclusion that results in an increase of drag forces for 
dislocation movement and in the reduction of the amount of hydrogen at the moving 
dislocation, and then the movement of the passed dislocation becomes more difficult. Thus, 
the crack propagation can occur in susceptible regions in which the formation a sharper and 
more brittle crack tip is found. The kinetics of crack growth will drastically increase if the 
global load is additionally applied. The reason is that the change of fracture behaviour is 
affected by a reduction of the dislocation mobility with changes in slip characteristics[HAS 86]. 
However, the dislocation velocity with a hydrogen cloud DHv can generally be expressed by 

the Einstein-Stokes relation[HAS 110]: 

ddDH FMv ⋅=  (2-10) 

where M  is the mobility of the cloud and ddF  is the force driving the dislocation. 
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A usual form of mobility is given by ( )TkDM eff ⋅= , therefore the velocity of the 

dislocation with a hydrogen cloud is written by[HAS 110]. 

dd
eff

DH F
Tk

D
v ⋅

⋅
=  (2-11) 

where effD is the effective hydrogen diffusion coefficient. 

However, to date the theories regarding the effect of hydrogen on dislocation and 
deformation capability of materials are quite different and still have not been quantified. 

2.2.5 Hydride Theory 
Embrittlement of the metallic material by the formation of a second phase known as 

metal hydride has been categorised into hydrogen assisted cracking. Nelson [HAS 86] 
explained that the formation of hydrides in the material can be classified into four groups 
depending on the hydride potential which causes the different forms of metal-hydrogen 
bonds; I) ionic hydrides are salt-like in characteristic, II) transition hydrides, III) intermediate 
hydrides and IV) covalent hydrides. The transition hydrides are relatively important, in 
particular for structural alloys, but not all of the metals in the transition region, for instance 
Fe, Ni, Cu, Cr and Mo, can interact with hydrogen to form a metal-hydrogen bond. 
However, the transition metals in Group V, including Nb, V, Ta, Zr, Ti and Mg, can possibly 
interact with hydrogen to form metallic hydrides with participation of other mechanisms as 
described in the previous contribution[HAS 105]. 

Extensive research on the topic relating to hydride formation particularly for the Group-V 
metals has been reported by Birnbaum[HAS 105]. The systems that have precipitated brittle 
hydrides at relatively low values of hydrogen diffusivity, such as zirconium, exhibit cleavage 
of the hydride during stressing and ductile failure in the solid solution between the hydrides 
during tension tests at room temperature. The metal hydrides simply assists in decreasing 
the material strength and ductility, therefore, the brittle fracture mode can be observed on 
the crack surface at very low strain rates and temperatures, at which hydrogen can still be 
transported to the crack tip. However, for a number of systems, for instance β-bcc (Ti-
phase), significant embrittlement has been caused by hydrogen, which cannot be visualised 
because of the high hydrogen solubility in the material. On the other hand, for α-hcp system 
(Nb-phase), for instance, where stable hydrides can be formed, fracture turns into the 
cleavage fracture mode showing little local deformation, and crack propagation takes place 
along the hydride cleavage plane. For the system where hydrogen mobility is sufficiently 
high, the kinetics of hydride formation is generally governed by hydrogen interstitial 
diffusion in the embrittlement temperature range. 

Additionally, Birnbaum also determined the mechanism of hydride embrittlement as 
represented in Figure 2-17. The chemical potential of the local hydrogen solute at the crack 
tip with an extreme stress-strain distribution, can be reduced by application of a tensile 
stress that results in the transportation of hydrogen into the crack tip. The local hydrogen 
concentration ahead of the crack tip increases until it attains a value as given in Equation 
(2-12). 

 



2. Literature Reviews 

28 BAM-Dissertationsreihe 

JH

JH

σ

σ

JH

JH

σ

σ

JH

JH

σ

σ

JH

JH

σ

σ

JH

JH

σ

σ

JH

JH

σ

σ

JH

JH

σ

σ

JH

JH

σ

σ

a) b)

c) d)  

a) Flux of hydrogen to the crack tip due to 
reduction of the hydrogen chemical potential 
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Figure 2-17: Schematic illustration of hydride theory showing crack propagation in the metallic hydride 
region ahead of the crack tip by stress induced hydride formation[HAS 105]. 

[ ] [ ]
TR
VexpHDHD Hii

absprs ⋅
⋅= σ

 (2-12) 

where [ ]absHD  is the hydrogen concentration in the absence of stress, R is the universal 

gas constant, iiσ is the spherical stress, and HV is the partial molar volume of hydrogen in 
solution. 

The stress also decreases the free energy hydride formation ( β−α∆G ) in the stress 

concentration areas, and hydride precipitation will occur if the free energy is equal to zero 
( β−α∆G =0). In general, the embrittlement of alloys by the presence of metallic hydrides in 

the matrix lattice can take place. The kinetics of this process is controlled by hydrogen 
transportation to the hydrostatic stress field. 

The embrittlement of material influenced by the presence of metallic hydrides in the 
matrix lattice can occur either because the local volume in the matrix lattice is increased by 
hydride formation, or because the material ductility is reduced by the presence of metallic 
hydrides, or both[HAS 86]. 

However, there is no question that metallic hydride formation in the matrix lattice can be 
a main factor of embrittlement in alloys, but this mechanism cannot account for 
embrittlement of iron based alloys due to the reason described above. 

2.3 Effects of Crystal Structure of Steels on Hydrogen Transport  
In a quantitative lifetime assessment of components exposed to hydrogen 

environments, the calculation of hydrogen transportation is one of the major parts for 
modelling hydrogen assisted cracking with using finite element method. Transportation of 
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atomic hydrogen through metallic materials is significantly influenced by the crystal 
structure of the material. Thus, it is necessary to know the distinctive features of the basic 
crystal structures of an iron matrix lattice system, i.e. bcc-crystal structure and fcc-crystal 
structure, which provide interstitial sites with different behaviour for foreign atoms such as 
hydrogen. These crystal structures may be present in supermartensitic stainless steels as 
the matrix structure or the sub-structure dependent on the chemical compositions, on the 
history of heat treatment processes, etc. 

When looking at a close-pack array of metal atoms, it becomes evident that interstitial 
sites can be categorised into two groups; I) a tetrahedral interstice with the co-ordination 
number six, and II) a octahedral interstice with the co-ordination number four.  

The fcc-crystal system has two types of interstitial positions which may accommodate a 
smaller atom belonging to another element. The larger type of interstice is represented by 
the hole at the centre of the cube and centres on the cube edge. It is surrounded by six 
atoms in the fcc lattice at the corners of a regular octahedron, namely by octahedral 
interstices as represented in Figure 2-18a. The smaller type of interstice is represented in 
Figure 2-18b, which is the tetrahedral interstice surrounded by four atoms in the fcc lattice. 
The maximum radii of the spheres which can be inserted in the interstitial sites are equal to 
0.41r and 0.225r for the octahedral interstice and the tetrahedral interstice, respectively, (r 
denotes the radius of metal atoms ≈1.26 A°). 

The bcc-crystal system is less close packed than the fcc-crystal system, and also 
contains two types of interstice. The larger type is the tetrahedral interstice represented at 
the respective position on the cubic faces. It is surrounded by four atoms of the bcc lattice 
at the corners of a regular tetrahedron as illustrated in Figure 2-18d. The octahedral 
interstice is represented in Figure 2-18c. It is smaller than the tetrahedral interstice and 
surrounded by six atoms arranged at the corners of an irregular octahedron. The atom is 
located at the centre of the cubic edge and at the face centre. The tetrahedral space can 
accommodate a sphere with a maximum radius equal to 0.291r, whereas the octahedral 
space can accommodate a sphere with a radius of only 0.154r. 

Consequently, hydrogen solubility diffusion is affected by the characteristic of 
interstices. For example, the hydrogen solubility with an fcc-crystal structure is higher than 
that with the bcc-crystal structure.  

Smailowski[GEN 28] reported that the solubility of hydrogen in the matrix structure of steel 
is directly proportional to the amount of the austenite (fcc-crystal structure). The tetrahedral 
interstice is a stable sorption site for hydrogen in the fcc-crystal structure. In the bcc-crystal 
structure the tetrahedral interstice is more stable for atomic hydrogen than the octahedral 
one. Although no explanation of absorption phenomenology for hydrogen in the interstices 
has been found yet, it is clear that hydrogen can be solved in the γ-iron system rather than 
in the α-iron system due to different interstitial spacings.  
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Figure 2-18: Schematic illustration showing interstitial spacing for foreign atoms such as hydrogen in 
iron matrix lattice of bcc- and fcc-crystal structures[GEN 28],[GEN 32]. 

2.3.1 Hydrogen Evolution and Absorption 
Hydrogen diffusion requires generally chemical gradients of hydrogen concentration. 

Such gradients are generated by the different types of hydrogen sources. For welding 
applications, Two ways of hydrogen uptake are relevant: I) Hydrogen uptake in the weld 
metal during the welding process, II) Hydrogen uptake by cathodic reactions in electrolytic 
solutions during corrosion processes[GEN 6]. 

2.3.1.1 Hydrogen Absorption during Corrosion Processes 
In corrosion processes, atomic hydrogen can be assumed to be generated from 

aqueous environments during cathodic electrochemical reaction in the way described in 
Table 2-6 and as illustrated in Figure 2-19.  
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Figure 2-19: Consequence of hydrogen discharge and recombination at the metal surface exposed to 
electrolytic solution with subsequent diffusion into the matrix material[HAC 21]. 
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Evolution of hydrogen from sour service environments is most significant for the present 
research because it is directly related to many serious problems of flowline failure in oil and 
gas industry as reported elsewhere[HAS 108],[HPD 52]. Hydrogen uptake processes at steel 
surfaces exposed to electrolytic solutions are usually subdivided into four partial reactions 
as represented in Figure 2-19[HAC 21],[HPD 47]. 

The initial reaction is the mass transportation of hydrogen ions from the bulk electrolytic 
solution to the near surface area of the steel, which is a reversible reaction with a specific 
rate constant of k1 as formulated in Equation (2-13). Subsequently, reduction of positive 
hydrogen ions takes place in the discharge reaction by consuming an electron from the 
anodic reaction to generate absorbed atomic hydrogen in a neutral situation (Equation 
(2-14)). This absorbed hydrogen can also interact with another one to form molecular 
hydrogen in the Tafel-recombination reaction as described in Equation (2-16). Moreover, 
the Heyrovsky-recombination is also assumed to generate molecular hydrogen as 
represented in Equation (2-15). Finally, the most significant reaction for hydrogen assisted 
stress corrosion cracking is the absorption reaction because it represents the rate control of 
the hydrogen uptake process by the slowest rate constant of the reaction as shown in 
Equation (2-17). 
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Table 2-6: Summary of possible electrochemical reactions in corrosion processes of the steels. 
Reaction Remarks Reference 

- Anodic reactions  
−+ ++→+ e8H8OFeOH4Fe3 432 , 

−+ ++→+ e2H2NiOOHNi 2 , 
−+ ++→+ e6H6OCrOH3Cr2 322 , 

- Hydrolysis reaction 
−+ +→ e2NiNi 2 , 

+++ +↔+ HNiOHOHNi 2
2 , 

OHNiOOH2Ni 2
2 +→+ −+ , 

- Cathodic reaction 
HOHeOH2 +→+ −− , 

HeH →+ −+ , 
- Ionisation of water in the crack 

−+ +↔ OHHOH2 , 

- The solubility of metal cations is so low  
 at temperatures of BWR application, that  

  the anodic reaction process can be  
  considered as a source of hydrogen   
  ions. 
- There is no evidence of oxidation of  
  hydrogen atoms on the metal surfaces  
  within the crack. Oxidation of hydrogen  
  produced initially from cathodic reaction  
  in a crack represents as a relevant  
  factor in low temperature application. 
- The reduction of oxygen is neglected  
  because the oxygen concentration in the 
  crack is low. 
  Material: sensitised 304ss 

[HAS 11] 

- Anodic reaction 
−+ +→ e2FeFe 2 , 

+++ +↔+ HFeOHOHFe 2
2 , 

−+ +→ e3CrCr 3 , 
( ) +++ +↔+ HOHCrOHCr 2

2
3 , 

- Ionisation of water 
−+ +↔ OHHOH2 , 

- Cathodic reaction 
−− +→+ OHHeOH2 , 

HeH →+ −+ , 

- The reactions occur in the crack at  
  steady state in aqueous solution. 
  Material: High strength 4130 

[HAS 10] 

- Cathodic reaction  
HeH →+ −+  

- Ionisation of water 
−+ +↔ OHHOH2  

- In aqueous solutions hydrogen atoms  
  are electrochemically generated on the  
  metal surface as a partial reaction in the  
  corrosion process or as the primary  
  reaction during cathodic polarisation.  
  The reduction of water provides the   
  dominant source of hydrogen atoms at  
  pH greater than neutral (pH>7). 

[HAS 21] 

- The enhancement of hydrogen 
adsorption by iron due to H2S: 

ads)HS(HS −− ↔ , 
OH)HSH(OH)HS( 2ads3ads +−−↔+ +− ,

adsadsads H)HS(e)HSH( +→+−− −− , 
- Reaction involves H2S compared to 
HS- in acid solution. 

−− →+ ads2ads2 SHeSH , 

ads2adsads2 H....SHHSH →+ +− , 

adsads2ads2 HSHH....SH +→ , 

- Hydrogen occurs in the presence of  
  hydrogen sulfide during cathodic  
  charging of iron. The presence of H2S in  
  service solutions can sharply increase  
  hydrogen concentration in the materials. 
- The first group of reaction does not  
  correspond with the fact that in acid  
  solution the H2S concentration is higher  
  than HS-. 

[HPD 52] 
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Because crack propagation behaviour of hydrogen assisted stress corrosion cracking is 
partially controlled by hydrogen diffusion behaviour through the metallic material, i.e. 
hydrogen subsurface concentration and hydrogen diffusion coefficient, methods to 
determine hydrogen diffusion behaviour for the specific material system have to be used, 
which are explained in Section 2.3.2. 

2.3.1.2 Modelling of Hydrogen Absorption during Welding 
The susceptibility of welded components to cold cracking can be reduced if the local 

hydrogen concentration in sensitive regions is constrained to be lower than the critical 
value, because it is impossible to avoid a build-up of stress-strain distribution in fabrication 
welding, particularly in offshore construction. In order to improve the understanding of how 
to control hydrogen absorption levels in the weld metal, the hydrogen sources possible in 
arc welding should be discussed first in the following section.  

In general, the amount of hydrogen absorption in the weld metal during welding is 
dependent on the hydrogen potential level. For example, a submerged-arc welding process 
will provide a higher hydrogen concentration in the weld metal than a gas-shielded arc 
welding processes. The reason may be attributed to hydrogen concentration from 
surrounding environments and to hydrogen dissociation from atmospheric moisture. As a 
rough approach, the moisture can be converted to a potential hydrogen content by 
assuming that all H2O is completely converted to H2 (1g H2O = 1245 ml H2)[GEN 17]. 

Most known Figure 2-20 represents the normal distribution of the hydrogen 
concentration in the weld metal dependent on the welding processes, determined by the 
mercury measurement technique. It clearly indicates that relatively low hydrogen 
concentrations in the weld metal will be obtained by welding with high quality welding 
processes associated with corresponding filler material and shielding media conditions. For 
example, the TIG welding process should be designed for fabricating high-quality welded 
components, which may assist to decrease the risk of hydrogen-assisted cold cracking 
because the lowest weld metal hydrogen concentration in comparison with other welding 
processes has been obtained. 

In fabrication welding using TIG welding, the weld metal hydrogen distribution can be 
derived from three possible providers of hydrogen potential: I) shielding gas and ambient 
environments, II) initial conditions of parent materials, and III) filler material properties as 
represented in Figure 2-21. 

During the TIG welding process, the local hydrogen concentration in welded 
components is influenced by the procedure of hydrogen dissociation and subsequent 
hydrogen absorption, which can briefly be described as follows (see Figure 2-22): 

1. Dissociation and ionisation of molecular hydrogen in the arc column. 

2. Transformation of ionised hydrogen along the arc column into the atomic hydrogen 
with subsequent absorption by the weld pool, particularly in the hot spot region. 

3. Adsorption and desorption reaction of molecular hydrogen at the interface between 
the arc column and the shielding gas column above the surface of the weld pool. 



2. Literature Reviews 

34 BAM-Dissertationsreihe 

 

Flux-cored CO
process

2

Electrodes 
BS 1719,
Classes 2 and 3

Very low Low Medium High

0 5 15 2010 25 30 35
Weld hydrogen [ml·(100gFe) ]-1

Clean wire Dirty wire Gas shielded 
metal arc
Ar and CO2

BS 1719, Class 
6 electrodes

Submerged-arc
process

As-received or dried 100-150°CBaked 400-500°C

Clean wire dry flux

BS 1719 level

  
Figure 2-20: Typical hydrogen concentration in the weld metal dependent on various arc welding 
processes[GEN 17]. 
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Figure 2-21: Graphical illustration of major hydrogen sources from which hydrogen is picked up by the 
weld metal during welding. 
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Figure 2-22: Schematic illustration of the hydrogen absorption procedure in the weld metal during 
welding. 
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4. Reversible transfer of molecular hydrogen between the shielding gas and ambient 
environments. 

5. Distribution of the absorbed hydrogen in the weld pool by fluid movement affected by 
Marangoni effects, Lorentz forces, etc. 

6. Movement of the absorbed hydrogen from the weld pool into the freshly solidified 
weld metal by high pressure of the molten metal and of the arc column. 

7. Combination of the absorbed hydrogen atoms to form bubbles if hydrogen 
concentration in the molten metal exceeds the solubility limit in the solid state at the 
melting point for 2pH  = 1 atm. 

8. Equilibrium desorption of the hydrogen atoms absorbed from the solidified weld 
metal during cooling. 

9. Influence of the electrical pole during arc welding on the behaviour of hydrogen 
distribution in the weld pool. 

Figure 2-23 shows the total hydrogen concentration in the weld metal determined by 
carrier hot gas extraction dependent on hydrogen fraction in Ar-CO2 shielding gas with 
using a MAG welding process. The measurement has been carried based on ISO 3690-
2000[GEN 39]. Since a convenient way to calculate hydrogen concentration in the weld metal 
is generally required by relevant industries, two different methods of the hydrogen content 
calculation, i.e A method (hydrogen content with respect to the entirely fused metal) and B 
method (hydrogen content with respect only to the excess of fused metal), have been 
compared. It clearly shows that the hydrogen concentrations in the weld metal increase by 
increasing the hydrogen fraction in shielding gas. For example, the hydrogen concentration 
can be increased up to nearly 6 ml·(100gFe)-1 when the shielding gas mixtured with 2% H2 
is used (see A method).  

Draugelates et al.[HAC 18] performed an experimental investigation of hydrogen 
absorption in the weld pool during welding using TIG welding with argon–hydrogen mixed 
shielding gas. The results indicate that an increase of the arc voltage and application of 
pulse technique lead to an increase of the hydrogen concentration in the weld metal. 
Additionally, the hydrogen concentration in the weld metal was clearly shown to be direct 
proportional to the hydrogen content in the shielding gas, which can also be affected by 
various chemical compositions of filler materials. 

Thus, homogeneous weld metal hydrogen concentrations of variously typical levels 
during TIG welding can reasonably be assumed to study the characteristic of hydrogen 
distribution in welded components by numerical modelling. 

2.3.2 Determination of Hydrogen Diffusion Coefficients 
The hydrogen diffusion coefficient is a significant material property dependent on the 

specific system, which can experimentally be determined by electrochemical techniques. 
Iyer et al.[HPD 45] reported that hydrogen diffusion through the material is the slowest reaction 
and acts as a process control for the crack propagation behaviour.  

Based on the assumption that the entry of hydrogen into the steel surface is an 
intermediate adsorption-absorption reaction within local equilibrium reaction, the permeation  



2. Literature Reviews 

36 BAM-Dissertationsreihe 

 Hydrogen fraction in shielding gas [vol.-%]

H
yd

ro
ge

n 
co

nc
en

tr
at

io
n 

in
 w

el
d 

[m
l·(

10
0g

Fe
)

]
-1

0.00 0.50 1.00 1.50 2.00 2.50
0.00

3.00

6.00

9.00

12.00

15.00
Calculated with method A
Calculated with method B

Method A Method B

  
Figure 2-23: Measurement of hydrogen concentration in the weld metal dependent on hydrogen 
fraction in Ar-CO2 shielding based on ISO 3690[HAC 57]. 
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a) Concentration profile of permeation b) Permeation transient 

Figure 2-24: Schematic illustration of hydrogen permeation profile through steel membrane: a) 
Concentration profile of permeation, b) Permeation transient[HPD 21]. 

of flux ∞i  can simply be described as diffusion of hydrogen through the membrane (see 
Figure 2-24). 

For this boundary condition it is assumed that the hydrogen concentration in the 
membrane increases as a function of time producing a respective increase in the 
permeation current density measured at the exit surface, where zero concentration of 
hydrogen is defined because hydrogen is completely oxidised at the exit side[HPD 21],[HPD 44]. 
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At steady state, the concentration profile of hydrogen permeation is quite flat linear and 
does not change with permeation time, and the permeation transient reaches its maximum. 
Therefore, at the final state, hydrogen permeation or current density is given by[HPD 21],[HPD 

44],[HPD 45]: 

d
HDDF

i SSeff ⋅⋅
=∞∆ , (2-18) 

where effD is the effective hydrogen diffusion coefficient, SSHD is the hydrogen subsurface 

concentration, and d is the membrane thickness. 

Due to a difference of hydrogen concentration between the entry surface and the exit 
surface of the membrane, the hydrogen flux or permeation rate is directly related to the 
hydrogen subsurface concentration at the cathodic side that has experimentally been 
determined in previous contributions[HPD 21],[HPD 43] by using the following equations: 

d
HDD

Fz
J SSeff ⋅

=
⋅
∞  (2-19) 

d
HDD

F
iJ SSeff

H

⋅
== ∞∆

, (2-20) 

where HJ  is the hydrogen flux through the steel membrane. 

After obtaining results of the hydrogen transient curve dependent on time from 
permeation experiments, hydrogen diffusion coefficients can be evaluated using 
quantitative analyses as follows[HPD 21],[HPD 66],[HPD 67]: 

1. The time lag method 

2. The breakthrough time method 

3. The inflection point method 

2.3.3 The basic principle of diffusion 
Diffusion represents the basic mechanism for the modelling in the present work so that 

a understanding of atomic movement phenomena in materials is necessary. A number of 
authors[HPD 33]-[HPD 50] proposed that the diffusion of hydrogen through metallic materials can 
generally be explained based on a basic theory of Fick’s law in which the influence of the 
chemical potential of hydrogen is considered. Therefore, the flux of hydrogen passing 
through the specific plane can be expressed in terms of a hydrogen concentration gradient 
based on Fick’s first law under the assumption of a constant hydrogen diffusion coefficient 
by the equation[GEN 23],[GEN 29]: 

[ ]
�
�

�
�
�

�−=
dx
HDdDJ effH , (2-21) 

where HJ  is the hydrogen flux passing through the specific plane.  
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Figure 2-25: Schematic illustration of the basic principle of diffusion theory based on Fick’s second 
law[GEN 29]. 

Table 2-7: Hydrogen diffusion parameter relating to the Arrhenius relationship for micro alloy steels[HPD 

68]. 
Temperature 

[°C] 0HD  (mm2·s-1) Q  (kJ·mole-1) 

RT-740 
(α-range) 

1.07E-01 11.14 

740-1400 
(γ-range) 

2.84E-01 31.59 

1400-1540 
(δ-range) 

17.05E-01 42.71 

>1540 
(Liquid state) 

8.49E-01 31.57 

 

In real conditions, hydrogen diffusion coefficients are dependent on position, time, and 
temperature, but they can be deduced by an Arrhenius relationship to obtain a common 
form of diffusion coefficient as follows[GEN 23],[GEN 29]: 

�
�

�
�
�

�

⋅
−=

TR
QexpDD

0Heff , (2-22) 

where 
0HD  is the hydrogen diffusion coefficient in the normal state, and Q  is the barrier 

energy for hydrogen diffusion. 

A transient diffusion process involves a variation of hydrogen concentration at any 
position as a function of time, so that the flux of hydrogen has to be modified by integrating 
second differential into Fick’s first law. According to an assumption in Figure 2-25, the 
gradient of hydrogen entering through the entry surface and subsequently escaping at the 
exit surface can simply be described by[GEN 29]: 
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inout

diff

HH
H JJdx
x

J
−=

∂

∂
. (2-23) 

Under an assumption that the hydrogen diffusion coefficient is constant, the change of 
hydrogen concentration in the considered element with respect to time is characterised by 
the following relationship[GEN 23],[GEN 29]: 

[ ] [ ]
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�

�

∂
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∂
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2

2

eff x
HDD

t
HD

. (2-24) 

This is a principle equation to represent the relationship of hydrogen diffusion in metallic 
materials based on an assumption of Fick’s second law. 

2.3.3.1 Trapping Effect  
A derivation of effective hydrogen diffusion coefficients in metallic materials from the 

Arrhenius relationship was generally postulated that the interaction between the dissolved 
hydrogen atoms and trapping sites such as impurity atoms and structural imperfections is 
the main reason for changing diffusion behaviour from the ideal situation. Usually, metallic 
materials consists of a number of heterogeneous structures, for instance grain boundaries, 
second phases, etc. These heterogeneous structures might represent as traps, which can 
strongly affect the reduction of hydrogen diffusivity through solid materials. 

Figure 2-26 shows trapping sites that can be categorised into five groups; I) grain 
boundaries, II) pores or micro voids, III) dislocations, IV) precipitates or second phase 
particles, and V) internal defects such as substituted atoms and stacking faults of the crystal 
structure[GEN 19]. The different kinds of trapping sites can be classified based on the active 
energy or binding energy between hydrogen and the traps as reported elsewhere[HAS 

101],[HAS 102],[HAS 104],[HPD 39]. 

Referring to the contribution of Oriani[HPD 18], the interaction between dissolved hydrogen 
and trapping sites can be determined under equilibrium conditions. In a general state, 
dissolution of atomic hydrogen in metallic materials is characterised by the enthalpy of 
solution 0H∆  with respect to an atmosphere of gaseous hydrogen. In the case where there 
are trapping sites in the lattice structure of the steels, the interaction between the trapping 
sites and dissolved hydrogen can commonly be expressed by: 

traptrap
kk E,HH traptrap ∆↔− . (2-25) 

This equation represents a reversible reaction of hydrogen from a normal site to a 
trapping site with the differential of free energy trapE∆ , and the equilibrium state, which can 

simply be described as:  

nor

trap
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Figure 2-26: Graphical representation of general kinds of trapping sites interacting with dissolved 
hydrogen[GEN 19]. 

where trapk is the rate constant of trapping reaction and trapa and nora are the hydrogen 

activities on the trapping site and the normal site, respectively. 

Considering a system that consists of a number of normal sites per unit volume norN  
and of a number of trapping sites per unit volume trapN , the hydrogen concentration of the 

two states in such system can be written as [ ] nornornor NHD θ⋅=  and [ ] traptraptrap NHD θ⋅=  

for the normal site and the trapping site, respectively. The total hydrogen concentration in 
the considered system is expressed by: 

[ ] [ ] [ ]trapnor HDHDHD += , (2-27) 

where [ ]norHD and [ ]trapHD are hydrogen concentration in the normal site and trapping site, 

respectively. 

The effective hydrogen diffusion coefficient in the system containing both the normal site 
and the trapping site can be formulated by the following equation[HPD 16],[HPD 18]: 

[ ]
[ ]

[ ]
[ ] [ ]trapnor

nor
nor

nor
noreff HDdHDd

HDd
D

HDd
HDd

DD
+

== , (2-28) 

where norD is the hydrogen diffusion coefficient of the normal site. 

Thus, the flux of hydrogen given with a combination of normal sites and trapping sites 
may be expressed based on Fick’s first law as[HPD 18]: 

[ ] [ ] [ ]
dx

HDdHDd
D

dx
HDdDJ trapnor

effeffH

+
−=−= , (2-29) 
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Figure 2-27: Schematic illustration of interaction energy of atomic hydrogen and trapping sites[HPD 18]. 
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Figure 2-28: Schematic illustration of various trapping sites in terms of trapping energies with influence 
of trapping diameter[HAS 101],[HAS 104]. 
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Figure 2-29: Schematic illustration of binding energy between hydrogen and the trapping site 
influencing on cracking characteristic of α-iron[HAS 101]. 
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Table 2-8: Classification of the trapping sites based on the trapping energy for hydrogen-traps 
interaction.  

Trapping sites ∆Etrap  
(kJ·mole-1) 

Remark Reference 

Dislocation-elastic 
stress filed 

20 α-Iron system [HAS 101] 

Screw dislocation 20-30 α-Iron system [HAS 101] 
Mixed dislocation 59 α-Iron system [HAS 101] 
Grain boundary ~59 α-Iron system [HAS 101] 

Free surface 70-95 α-Iron system [HAS 101] 
Fe3C interface 84 α-Iron system [HAS 101] 
TiC interface 96 α-Iron system [HAS 101] 

TiC 51-63 Irreversible /Fe-Ti 
alloy 

[HPD 39] 

Grain boundary 53-58 Reversible/Fe-Ti 
alloy 

[HPD 39] 

Dislocation 24 Reversible/Fe-Ti 
alloy 

[HPD 39] 

Lattice site 8 Very reversible/Fe-Ti 
alloy 

[HPD 39] 

Ti-Substitutional 
atom 

26 Reversible/Fe-Ti 
alloy 

[HPD 39] 

 

Jumping of atomic hydrogen into the favourite trapping sites is controlled by free energy 
of the considered system[HAS 101],[HPD 18]. Figure 2-27 schematically represents the sinusoidal 
curve of free energy levels of the trapping site, which is lower than that of the normal site by 
a quantity of ∆EX and is bounded by a high energy barrier, which is the sum of the 
amplitude energy in the normal site Ea and the additional energy E´. This means that 
hydrogen requires energy equal to Ea+E´ in order to overcome the barrier energy before 
arriving at the trapping site, and it requires much more energy to escape from the trapping 
site. From these insights, one reason is given to explain the phenomenology of the 
accumulation of dissolved hydrogen at the trapping sites[HPD 18]. 

However, Bernstein et al.[HAS 105] stated that the trapping sites can be classified into two 
major groups: I) the reversible trapping site and II) the irreversible trapping site based on 
the potential energy or binding energy between hydrogen and trapping sites without 
consideration of barrier energies as represented in Figure 2-28.  

Additionally, Gibara et al.[HAS 101] confirmed that hydrogen-trap interactions may well be 
characterised if the density of trapping sites, the binding energy of traps, and the fraction of 
hydrogen at the trapping sites are known. Four major groups of trapping sites were 
approximately determined with respect to the required heat for hydrogen dissolution in iron 
∆E0 (~29 kJ·mole-1) as follows: I) point defects have been characterised as the weak traps 
by ∆Etrap lower than 15 kJ·mole-1, II) point defects with moderate to strong interaction have 
been characterised as the moderate traps by ∆Etrap ≥ 20 kJ·mole-1, III) dislocations with 
moderate to strong interaction have been characterised as strong traps by 20 kJ·mole-1 ≤ 
∆Etrap ≤ 60 kJ·mole-1, and IV) grain boundaries or interface surfaces with strong interaction 
have been characterised by ∆Etrap~50-100 kJ·mole-1. 
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Table 2-8 lists required activation energies for hydrogen-trap interactions with respect to 
different kinds of traps and material systems. 

Hydrogen assisted cracking caused by trapping effects can take place in the material if 
the binding energy of the hydrogen-traps interaction becomes stronger and the atomic 
hydrogen cannot escape from the trapping sites[HAS 101]. As represented in Figure 2-29, 
hydrogen assisted cracking in α-iron mostly occurs at room temperature if the binding 
energy is in the range of 7 to 35 kJ·mole-1. At elevated temperatures, the binding energy 
becomes lower than at room temperature, and hydrogen can then overcome attractive 
forces from the trapping sites, which is defined as the untrapped hydrogen. 

2.4 Crack Propagation Characteristics  
Crack propagation of metallic materials is usually characterised by three distinct phases: 

I) Crack incubation, Phase I, is the first cracking period where the degradation of the 
materials requires significant dislocation movement or plasticity, particularly for the local 
scale. Nucleation and the subsequent formation of a micro-crack takes place. The crack will 
continue to propagate if the local stress-strain reaches the critical value. Hirth[HAS 99] 
reported that hydrogen lowers the yield stress and the initial flow stress of pure iron at 
temperatures higher than 200 K and that a sufficient local hydrogen concentration is able to 
facilitate the mobility of screw dislocation by enhancing double-kink nucleation with 
promotion of slip planarity. For edge dislocations, dissolved hydrogen hinders the kink 
motion. 

In alloyed steels, local hydrogen concentration may reduce the yield stress with 
subsequent occurrence of rupture of the alloyed steels by either enhanced dislocation 
formation or void formation at grain boundaries and of the interface of second-phase 
particles[HAS 99]. However, a competition between softening effects associated with an 
enhanced mobility of screw dislocations in the case of dislocation injection and hardening 
effects associated with multiple slip caused by plastic incompatibility may take place in this 
cracking stage[HAS 99]. Nevertheless, the crack propagation characteristic in this stage is 
generally described in terms of the crack propagation rate as a function of stress intensity 
levels (see Figure 2-30). The nucleation of the crack appears if the local stress intensity 
reaches the threshold stress intensity, Kth, affected by hydrogen assisted cracking. The 
crack propagation rate during the incubation period is relatively high compared to that 
during stable crack growth. Fractographic analyses of the crack incubation stage might 
reveal intergranular (IG) or quasi-cleavage (QC)[HAS 13],[HAS 99]. 

II) Stable crack growth, Phase II, is stable propagation of a macroscopic crack at stress 
intensity levels higher than the threshold value, but lower than the critical value KIC (see 
Figure 2-30). In the presence of local hydrogen taken up from aqueous environments, the 
hydrogen-iron interaction ahead of the crack tip can significantly influence the behaviour of 
the crack propagation by degrading the material properties. The interesting phenomenon of 
this stage is the compatibility between local hydrogen concentration and stress intensity at 
the specific point ahead of the crack tip. This means that a sufficient local hydrogen 
concentration must be available at the specific point ahead of the crack tip for a specific 
stress intensity level. 
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a) Schematic illustration b) Experimental determination[HAS 13] 

Figure 2-30: Kinetics of the crack propagation as a function of stress intensity for hydrogen assisted 
cracking. 
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Figure 2-31: General relationship of crack length versus time for describing material properties under a 
condition of hydrogen assisted cracking. 

Crack propagation in this stage can shift to the region of unstable crack propagation if 
the required local hydrogen concentration is not available while local stress continuously 
increases. Therefore, the kinetics of stable crack growth can be said to be strongly 
dependent on the transportation of hydrogen from the environment exposed newly cracked 
surface into the specific zone ahead of the crack tip because a sufficient hydrogen 
concentration must be provided for crack growth in this stage[HAS 86]. 

Due to the fact that fracture in this stage occurs at the lowest rate of crack propagation 
rate, this stage can dominate the lifetime of components. The fractograph of the stable 
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crack growth is characterised by transgranular (TG) or mixed mode tearing and quasi-
cleavage (QC)[HAS 99]. 

III) Unstable crack growth, Phase III, occurs when the stress intensity ahead of the 
crack tip is greater than the critical stress intensity KIC, which can be decreased by the 
presence of a sufficient local hydrogen concentration. The last stage of fracture is controlled 
by high stress intensity levels due to increased crack length or local stress-strain in front of 
the crack tip, and this portion of the fractograph is less susceptible to hydrogen degradation 
than that of the previous stage of stable crack propagation[HAS 86]. Hence, the fractograph of 
unstable crack growth is characterised by micro-void coalescence (MVC)[HAS 86] or 
transgranular ductile rupture by hole growth[HAS 99]. 

Although the degradation of material properties affected by hydrogen assisted cracking 
is usually described in terms of the crack propagation rate dependent on stress intensity 
levels as represented in Figure 2-30, a relationship of crack length as a function of time can 
also be used to describe the crack propagation behaviour of materials as represented in 
Figure 2-31. 

For lifetime prediction, the crack length versus time diagrams are more useful and 
applicable than the conventional diagram of crack growth rate versus stress intensity 
because the crack length versus time diagram directly represents the time to failure of 
components under the specific test condition. Troiano[HAS 18], who investigated the effects of 
hydrogen on the mechanical properties of high strength steels, has shown that an 
incubation period for crack initiation and a period of stable crack growth control the total 
lifetime of such steels. The kinetics of crack initiation and propagation can be illustrated by 
the electrical resistance changes method as represented in Figure 2-31B.  

In fact, failure of high-strength steel components has evidently been found that the loss 
in ductility has played as a significant role in controlling lifetime of such components. 
Therefore, the characteristics of crack growth caused by hydrogen assisted cracking can 
explicitly be explained in terms of strain versus hydrogen and crack length. Additionally, in 
comparison with stress and/or stress intensity, strain is more conveniently used to make a 
direct correlation with the material ductility.  

2.4.1 Determination of Crack Propagation Kinetics  
The relationship between crack propagation and time describes the kinetics of crack 

growth. It is very useful for studying the properties of materials subjected to mechanical 
loads, interacting mechanical loads, environmental impacts and particularly hydrogen in the 
case of this study. Therefore, the crack propagation under the influence of interacting 
mechanical loads and hydrogen attacks is the main focus of attention in this section. 
Generally, crack propagation kinetics can be expressed by[HAS 108]. 

t
a

t
aVcrack ∆

∆
�

�== , (2-30) 

where crackV is the crack propagation rate, a  is the total crack length, and t is the total time 
for the crack propagation. 
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Figure 2-32: Schematic illustration of the kinetics of crack propagation in Mode I. 

Figure 2-32 schematically illustrates the crack propagation rate of hydrogen assisted 
stress corrosion cracking in standard test specimens according to Equation (2-30): The 
interaction between the local hydrogen concentration and the local stress-strain distribution 
is taken into account for defining the crack propagation rate. 

The kinetics of crack propagation is influenced by hydrogen supplying processes, which 
are related either to the rate of hydrogen production at the newly cracked surface 
depending on the rate of hydrogen transportation from the bulk solution to the crack tip and 
on a subsequent adsorption process, or to the rate of hydrogen diffusion into the specific 
zone ahead of the crack tip.  

Considering the contribution of Wei et al.[HAS 103], models for studying the effects of 
environmental factors such as pressure and temperature assisting crack propagation under 
sustained loads have been developed in order to obtain a better explanation of the kinetics 
of crack propagation, particularly in Stage II for 18Ni maraging steels. In this case of very 
high rates of surface reaction, the newly cracked surfaces act as an effective sink and can 
significantly reduce the hydrogen pressure at the crack tip. The transportation rate of 
hydrogen may control the reaction net rate when the external hydrogen pressure is 
sufficiently low. According to the authors, the kinetics of crack propagation can simply be 
found by keeping balance between the transportation rate and the consumption rate by 
surface reaction, which is directly proportional to the external hydrogen pressure and 
inversely proportional to the square-root of the absolute temperature as[HAS 103]: 

T

p
dt
da 2H

II

∝�
�

�
�
�

� . (2-31) 

As more general approach just to emphasis this, the model developed by Wei et al. [HAS 

103] represents definitively an analytical model which considers the effects of crack 
propagation and hydrogen uptake. Lu et al.[HAS 61] carried out an experimental investigation 
to determine the crack growth rate control process in hydrogen sulfide environments for an 
AISI 4340 steel, and proposed that the mean crack propagation rate of Stage II is directly  
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a) Influence of hydrogen sulfide pressure b) Influence of temperature 

Figure 2-33: Kinetics of crack propagation in Stage II of an AISI 4340 steel during exposure to 
hydrogen sulfide test solution[HAS 61]. 

proportional to the partial pressure of hydrogen sulfide in the test solution in accordance 
with the following equation[HAS 61]: 

( )b
SH

II
2

p
dt
da ∝�

�

�
�
�

� , (2-32) 

where SH2
p is the partial pressure of hydrogen sulfide environments and b is the constant 

value equal to 1 at low partial pressure, which decreases with increasing the partial 
pressure of hydrogen sulfide in the test solution as represented in Figure 2-33a. The effects 
of crack propagation and hydrogen redistribution are not considered appropriately. 

The kinetics of crack propagation in Stage II can be affected by the environment 
temperature (see Figure 2-33b). For example, at a hydrogen sulfide partial pressure of 133 
Pa, the crack propagation rate is inversely proportional to the square root of temperature for 
the determination in the low temperature range (analogous to Equation (2-31)). In the case 
that the hydrogen sulfide pressure reaches to 2660 Pa, the crack propagation rate seems to 
be different from that at the lower hydrogen sulfide partial pressure. The Arrhenius 
relationship is more suitable to describe the crack propagation rate in the low temperature 
range than in the elevated temperature range. Similar to Lu et al.[HAS 61] and as to the model 
from the diagram (Figure 2-33b), it should be noted that increasing partial pressures of 
hydrogen sulfide in environments will increase the crack propagation rate, because a 
sufficient local hydrogen concentration ahead of the crack tip can be provided by high 
hydrogen sulfide partial pressures within shorter time than by the low partial pressure of 
hydrogen sulfide. 

With increasing hydrogen pressure, the kinetics of crack propagation for hydrogen 
assisted stress corrosion cracking is controlled by the diffusion process of atomic hydrogen 
into the susceptible zone ahead of the crack tip rather than by the transport process in the 
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bulk solution and surface reaction. As anticipate by the authors, the kinetics of crack 
propagation is directly proportional to the square root of the hydrogen diffusion coefficient 
and of the hydrogen pressure as expressed by the following equation[HAS 103]: 
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HHeffH

II

, (2-33) 

where 
diffHE is the activation energy required for hydrogen diffusion through solid materials. 

In the case that the pressure of hydrogen at the crack tip is equal to the external 
pressure since hydrogen adsorption processes or surface reactions are relatively slow, the 
crack propagation rate is directly proportional to the partial pressure of hydrogen at the 
crack tip and the reaction rate constant of adsorption processes can be formulated by the 
following equation[HAS 103]: 
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, (2-34) 

where adsk  is the rate constant of the adsorption process and adsE is the energy required for 
the adsorption process. 

The study of hydrogen assisted stress corrosion cracking in high-strength and 
martensitic steels by Gerberich[HAS 13] presents fractographs of Stage I of the crack 
propagation process with relatively low stress intensities corresponding to the small plastic 
zone which show either an intergranular (IG) fracture topography or a quasi-cleavage (QC) 
fracture topography. Based on the assumption that crack propagation takes place when the 
local hydrogen concentration reaches the critical value, the kinetics of the crack 
propagation of Stage I can simply be described as the average incremental crack jump 
divided by the average time between jumps by the relationship[HAS 13]: 
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, (2-35) 

where [ ]iniHD and [ ]critHD are the hydrogen concentration at the initial state and the critical 
state, respectively. 

The main difference between Stage I and Stage II is that the hydrostatic stress gradient 
at the susceptible zone ahead of the crack tip increases with increasing stress intensity 
level for the crack propagation in Stage I, but it is independent of stress intensity levels for 
the crack propagation of Stage II. Therefore, the approximation of the crack propagation 
rate in Stage II will take account of the yield stress of the material instead of the hydrostatic 
stress as given by[HAS 13]: 
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where g is the average grain size of the material and ysσ is the yield strength of the 

material. 

Prior to an occurrence of material rupture, the stress intensity level ahead of the crack 
tip becomes high enough to produce ductile rupture. Typical fractographs of Stage III would 
reveal partially intergranular (IG) and mostly ductile rupture. The rupture stress intensity of 
Mode I is thus taken into account for calculating the kinetics of the crack propagation in 
Stage III as formulated in the following equation[HAS 13]: 
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where E  and IK are material properties as the Young’s modulus and the stress intensity 
of Mode I, respectively. 

Summarising the approach by Gerberich[HAS 13], it represents at least an analytical model 
considering the diffusion process ahead of the crack tip. It also represents a more simple 
approach than a numerical model[HAS 108]. However, the presumed effects of an increased 
grain size g  in the approach by Gerberich on decreasing the crack propagation rate shows 
some inconsistence. Normally, the opposite influence of the grain size has to be presumed. 
Gerberich does not mention in his publication why he uses such an approach for the effects 
of the grain size[GEN 40]. The consistence of the model has thus at least to be verified by 
respective experiments. As proposed by Toribio et al.[HAS 28], the kinetics of the crack 
propagation for hydrogen assisted cracking in metallic materials can be expressed as 
function of stress intensity factors, which are dependent on the total time of hydrogen 
assisted cracking. Thus, the relationship is simply written by: 

( )crackI t,Kf
t
a =

∂
∂

, (2-38) 

where crackt is the total time of hydrogen assisted cracking. 

However, it should be noted that the critical stress intensity factor is always dependent 
on the changing parameters involved with hydrogen assisted stress corrosion cracking and 
also varies drastically with increasing crack length and the redistributed hydrogen 
concentrations[HAS 28]. 

Chu et al.[HAS 35] examined the stress corrosion crack growth behaviour of high-strength 
steels (4130 and 4340) in aqueous solution. The results showed that the Stage II crack 
growth rate is exponentially thermal-dependent. This means that the crack growth rates 
increase with temperature at a constant activation energy of 34±3 kJ/mole. Furthermore, 
the rate of electrochemical reaction plays as a significant role in controlling the kinetics of 
crack propagation in high-strength steels in aqueous environments. The general 
mathematically form that can be used to describe the kinetics of crack propagation 
according to the above description is simply given by[HAS 35]: 
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Figure 2-34: Schematic illustration showing differentiation between anodic dissolution stress corrosion 
cracking and hydrogen assisted stress corrosion cracking at the cathodic reaction[GEN 15]. 
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where xxC  and xxE  are the pre-exponent terms and the corresponding activation energy, 
respectively, that individually depend on the hydrogen uptake process including the 
transport process, the surface reaction process, and the diffusion process. 

2.4.2 Mechanisms of Stress Corrosion Cracking 
The phenomenon of hydrogen assisted stress corrosion cracking has been 

distinguished from that of the stress corrosion cracking by the interaction with applied 
currents for many years, However, recent conferences showed that both failure types of 
structural metallic materials are related more with each other than generally anticipated. 
Thus, the distinct mechanisms of stress corrosion cracking should be described for a better 
understanding of the crack behaviour of metallic materials. Stress corrosion cracking in the 
fashioned style is considered if a component becomes more locally anodic and if 
accelerated cracking occurs during this process. Hydrogen assisted stress corrosion 
cracking is frequently only associated, if the crack initiation site is more cathodic. Figure 
2-34 represents the crack propagation of metallic materials taking account of the cracking 
mode and of applied currents for hydrogen assisted stress corrosion cracking and anodic 
stress corrosion cracking. 

The anodic reaction of stress corrosion cracking involves the movement of metallic ions 
from the matrix into the environmental solution, namely anodic dissolution. The anodic 
dissolution process is assumed to contribute to crack propagation with the generation of 
electrons from metal atoms to form metal ions during the anodic reaction. Therefore, the 
kinetics of crack propagation in the anodic dissolution mode is sometimes related to 
Faraday’s law. 

Results from experimental examinations of environment-induced deformation 
localisation during transgranular stress corrosion cracking of steels by Lian et al.[HAS 67] 
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showed that the crack nucleation and subsequent propagation in steels dealing with the 
anodic dissolution mode can be calculated with Faraday’s relationship as given in the 
following equation[HAS 67]: 

FeFe
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Fz
M

i
t
a

ρ⋅⋅
=

∂
∂

, (2-40) 

where i  is the applied current density, FeM  is the atomic weight of steels, Fez  is the 
valence electron of dissolved species, and Feρ  is the density of steels. 

Turnbull[HAS 21] summarised the mechanisms of environment assisted cracking focused 
as anodic dissolution (slip-dissolution), anodic reaction-induced cleavage, and surface 
mobility. 

The Slip dissolution model of cracking is a simple model for describing the crack 
advance with respect to the interaction between environments and mechanical loads. The 
basic principle of this model is that crack propagation may occur by a loss of localised 
metals, which results from the damage of oxidation surfaces by sufficient localised straining. 
Thus, the rate of crack propagation is dependent on the extent of mass loss during rupture 
of the oxide surface, which can be described by using the modified equation based on 
Faraday’s relationship as expressed by[HAS 21]: 
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⋅

= , (2-41) 

where fQ  is the oxidation charge passed the rupture event, fracε  is the fracture strain of 

the material and ctε�  is the strain rate at the crack tip. 

The re-filming reaction can result in the decay of the metal dissolution. Both the 
dissolution rate and the re-filming rate will be dependent on the interaction of the metal with 
the local environments at the crack tip.  

Anodic reaction-induced cleavage is a mechanism proposed to be responsible for high 
rates of transgranular crack propagation in comparison with the normal reaction of metal 
dissolution. The basic premise of this model is that crack initiation takes place in ductile thin 
films induced by anodic reaction at the crack tip, and crack propagation subsequently takes 
place in ductile metal substrates in a cleavage mode. However, the extent of crack 
propagation is dependent on the rate of dislocation emission from the crack tip and on the 
dislocation density that would be greater for high-strength steels. Cracking in the metal 
substrates can completely be induced by mechanical loads. Since the crack propagation of 
this mode involves film rupture induced cleavage, the average crack propagation rate is 
simply expressed by[HAS 21]: 
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where j  is the jump distance for crack propagation. 
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a) Travelling of atoms along the crack surface b) Atoms travel to the kink site on crack the surface 

Figure 2-35: Schematic illustration of crack propagation by the surface mobility cracking mechanism 
during anodic reactions[HAS 111]. 

The surface mobility model was proposed for characterising the crack propagation of 
non-hydride forming metals based on anodic reaction processes and is applicable to both 
liquid metal embrittlement and hydrogen embrittlement as demonstrated by Galvele[HAS 111]. 
The basic hypothesis of this model is that the capture of vacancies by the stressed lattice at 
the crack tip may result in crack propagation. An increase of the stresses at the crack tip will 
enhance the escape of metal atoms from the crack tip to the crack opening by coming 
along the crack surface (see Figure 2-35a). Consequently, vacancies are created at the 
crack tip, which induce the extent of crack propagation with one atomic distance as 
represented in Figure 2-35 b. 

The crack propagation rate according to the surface mobility model can be determined 
using the following equation[HAS 111]: 
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where metD is the surface self-diffusion coefficient, smmL is the diffusion distance of 
vacancies, ctσ is the tensile stress at the crack tip and smma is the crack distance advanced 
by movement of vacancies.  

2.5 Failure and Fracture Mechanisms for Modelling Hydrogen 
Assisted Cracking 

Hydrogen assisted stress corrosion cracking is a subordinate form of hydrogen assisted 
cracking, which involves the interaction of material properties, environments, and 
mechanical loads (see Figure 2-36) leading to crack initiation and subsequent crack 
propagation until rupture of the component. 

The mechanical load is partially a significant factor for hydrogen assisted stress 
corrosion cracking. For modelling hydrogen assisted stress corrosion cracking, it is 
necessary to provide the mechanisms for the mechanical fracture failure of materials. 
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Figure 2-36: Macroscopic aspect of three main factors influencing hydrogen assisted stress corrosion 
cracking behaviour[HAS 112]. 
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Figure 2-37: Graphical illustration of the three general modes of cracking[GEN 21]. 

2.5.1 Fracture Theory  
Typical cracking in the solid materials can be subdivided into three modes as 

demonstrated in Figure 2-37. The opening mode, Mode I, relates to applied external stress 
normal to the faces of the crack which results in the displacement of the crack surface in the 
perpendicular direction to the leading edge of the crack. Mode II, sliding mode, refers to 
external stresses applied normal to the leading edge of the crack. The displacement of the 
crack surface appears in the plane of the crack and perpendicular to the leading edge of the 
crack. Mode III, the tearing, is caused by external shear stresses applied parallel to the 
leading edge of the crack. The crack surface displacement is in the plane of the crack and 
parallel to the leading edge of the crack. 

Since Mode I is the most important cracking mode for technical applications[GEN 14],[GEN 

21], all calculations of crack propagation generally focus more on Mode I than the others. 
The stress intensity factor for Mode I, KI, is likely to determine the stress-strain field around 
the crack tip. The critical value of stress intensity generated by the stress-strain distribution 
ahead of the crack tip, KIc, is a material property and generally given by[GEN 21]: 
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aK critIc ⋅= πσ , (2-44) 

where criσ is the critical tensile stress of Mode I required for the crack propagation, and a  
is the actual crack length. 

In the general case, the stress intensity as a function of the specimen’s geometry can 
be expressed by[GEN 14]: 

( )W,afaK I ⋅⋅= πσ . (2-45) 

Rupture of the material will take place when the stress intensity factor IK  reaches the 
critical value of stress intensity. However, the critical value can be deceased with a 
degradation of material properties by environment-material-load interactions, as for 
example. 

2.5.1.1 Definition of Local Strain Rate  
Since hydrogen assisted cracking is a time-dependent phenomenon which depends on 

the diffusion process on one side and on the mechanical load on the other, strain rates with 
respect to a unit of time are much more applicable for lifetime prediction of components. As 
proposed by Ford[HAS 31], the local strain rate at the crack tip can differently be calculated 
dependent on the test methods containing constant strain rate test, slow strain rate test, 
and cyclic loads test, which are described as follows: 
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where locε�  is the local strain rate ahead of the crack tip, globε� is the global strain rate, 

crackV is the average value of the crack propagation rate, *x is the value dependent on the 
movement of dislocation, and A, B, C, and D are constant values dependent on the test 
method. 

Considering these equations, it should be noted that the local strain rate is a function 
not only of the externally applied stress of stress intensity, but also of the crack propagation 
rate. 

The study on the effect of strain rate on the behaviour of stress corrosion cracking in 
alloyed metals performed by Parkins[HAS 87] indicated that the local strain rate ahead of the 
crack tip is a function not only of externally applied strain and of the crack propagation rate, 
but also of a number of cracks along the gauge length. The equation for calculating the  
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Figure 2-38: Influence of externally applied strain rate on the local strain rate ahead of the crack tip 
taking account of the crack propagation and of the number of cracks along the gauge length[HAS 87]. 

local strain rate taking account of the number of cracks existing on the gauge length is 
written by: 
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where N  is the number of cracks along the gauge length. 

This equation indicates that the local strain rates decrease with increasing number of 
cracks along the gauge length at any applied global strain rates as represented in Figure 
2-38. This equation represents one of the seldom approaches to consider the run of 
concurrent cracks. 

From the article, it can be proposed that a single crack appearing on the gauge length of 
a test component exerts more influence on control the life time than many cracks because 
at the specific global strain rate the single crack can generate higher local strain rates than 
a greater number of cracks along the gauge length. 

As another point, the local and global strain rates have to be distinguished. Toribio[HAS 92] 
experimentally examined local parameter effects on the behaviour of stress corrosion 
cracking and hydrogen assisted stress corrosion cracking of alloyed steels by using four 
different types of pre-cracked and notched tensile specimens. He proposed that the local 
strain rate and the global strain rate can simply be expressed by the differential of the 
displacement within a specific time as given in the following equations: 
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where B  and D  denote the specimen parameters of thickness and of diameter, 
respectively. 

Furthermore, Toribio also formulated a simple relationship in order to describe the ratio 
of the local strain rate and the global strain rate as a function of various dimensionless 
variables referring to material properties, crack geometry, and levels of global loading as: 
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where ν  is Poisson’s ratio, c is the hardening index, EP is the plastic-elastic ratio, 
Drct is the ratio between the radius of the crack tip and the specimen diameter, Da is the 

ratio of crack length with respect to the specimen diameter, and DLglob is the ratio of the 

global reference length with respect to the specimen diameter. 

Finally, Toribio has published a most useful work by determining the relation between 
global and local strain rates by respective finite element analyses for different crack and 
notch geometries. Figure 2-39 indicates the relation of the local strain rate with respect to 
the global strain rate as a function of global strain. The notched specimens exert a great 
influence on the fraction behaviour when the global strain levels become higher. However, it 
should be noted that the factor ratio between the local strain rate and the global strain rate 
will be up to 20 for the specimen with the longest notch. 

Until recently, an exact calculating the local strain rate has not been found. However, 
Lidbury[HAS 113] proposed an applicable equation for determining the local strain rate as a 
function of the global strain rate, which plays a significant role in dominating the crack 
propagation behaviour. The equation is given by: 
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From this equation, Lidbury deduced that the ratio between local and global strain rate 
in the range 10 to 20 (10≤ globloc εε ��  ≤20) could be valid for alloyed steels, which are 

generally used as main construction materials for pressure vessels, and using this ratio, 
Lidbury also takes account of the actual crack length. The simple form for calculating the 
local strain rate dependent on the global strain rate is: 

globlidloc K εε �� ⋅= . (2-54) 

However, in order to reduce the number of complicated variables for estimating the local 
strain rate as a function of the global strain rate, it is possible to use the K-factor ( globloc εε �� ) 

as a simple variable instead of all complicated variables, particularly for performing 
numerical finite element simulations of hydrogen assisted stress corrosion cracking,  



2. Literature Reviews 

57 

 
Figure 2-39: Relationship between local and global strain rates as a function of global strain taking 
account of effects of notched forms[HAS 92]. 

because, based on the various points of view of the authors there is currently a variety of 
equations variable for determining the local and the global strain rate. 

2.6 Slow Strain Rate Test 
As a first approach to modelling of hydrogen assisted cracking, the simulation of 

respective test procedure is very appropriate, because this allows a direct comparison 
between modelling and experiment. As the most relevant test procedures for this 
contribution, the slow strain rate test (SSRT) is described here. 

In order to improve the testing technology for determining the susceptibility of alloyed 
materials to stress corrosion cracking (SCC) taking account of the interaction between 
mechanical loads and corrosive environments, the slow strain rate test was performed first 
in the 1960s. One of the most notable features is the testing speed, at which the test results 
can be achieved within the specific test duration[HAS 114]. The SSRT consumes less financial 
resources than fracture mechanics crack propagation tests, because its specimen geometry 
and test procedure are more simple[HAS 88]. For these reasons, the SSRT has recently been 
accepted for screening materials which will be exposed to service conditions with stress 
corrosion cracking reaction.  

The basic principle of this method is that the test specimen is continuously displaced by 
a constant deformation rate until total fracture: The test method is very attractive because it 
gives a definitive answer within a relatively short time to the question of whether or not a 
given alloy-environment system shows susceptibility to SCC[HAS 87]. The time to failure of the 
material is normally used to draw conclusions about the material properties under the 
specific test conditions because it can be obtained immediately after the failure of the 
specimen has taken place. Additionally, ductility parameters of the tested specimen, such 
as reduction in area or elongation can easily be measured after completion of the test. 

Since this test method is most sensitive to the strain rate which plays a significant role in 
controlling the time to failure of the material, the appropriate strain rate must previously be  
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Figure 2-40: Schematic illustration showing test facility and control connections for slow strain rate tests 
(SSRT)[HAS 94]. 

 

Table 2-9: Recommended appropriate strain rate for SSRT.  
Materials Suggested strain rate (s-1) Reference 

steels, nickel, aluminium based alloys 1.0E-7 – 1.0E-05 [HAS 87] 
Magnesium based alloys, titanium based 

alloys 
1.0E-06 – 1.0E-04 [HAS 87] 

Stainless steels (AISI 316) 1.0E-07 – 1.0E-06 [HAS 88] 
Nickel based alloys 1.0E-06 – 3.0E-08 [HAS 88] 

Copper alloys <1.0E-04 [HAS 88] 
Aluminium alloys in chloride solution 1.0E-06 [HAS 89] 
Copper alloys in ammoniacal solution 1.0E-06 [HAS 89] 

Ferrite steels in carbonate, hydroxide, or 
nitrate solution 

1.0E-06 [HAS 89] 

Magnesium alloys in chromate/ chloride 
solution 

1.0E-05 [HAS 89] 

Nickel based alloys in high temperature 
water 

1.0E-07 [HAS 89] 

Stainless steel in chloride solution 1.0E-06 [HAS 89] 
Stainless in pure water 1.0E-06 [HAS 89] 

Titanium alloys in chloride solution 1.0E-05 [HAS 89] 
 

determined to ensure that the failure of the specimen is completely caused by the 
interaction between mechanical loads and environmental attack, and not by individual 
mechanical loads or by individual environmental degradation mechanisms. For example, 
when the test is carried out at relatively high strain rates, the material degradation is not 
dominated by environmental effects which act as a main reason for SCC phenomena 
because a sufficient period of time is required for the interaction between materials and 
environments. Therefore, the appearance of micro-void coalescence on the fracture surface 
is typically found and used to identify the specimen failure by rapid rupture. The failure of 
the specimen by SCC can occur when the appropriate strain rate has been used because 
sufficient time for the environment-material-mechanical load interaction has to be provided. 
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Nevertheless, it should be noted that the strain rate should not be much slower because it 
will consume a lot of testing time without useful results. 

Depending on the specific test conditions and material systems, constant strain rates for 
the SSRT- technique in the range of 1.0E-05 to 1.0E-08 s-1 are generally recommended for 
evaluating the cracking susceptibility of materials caused by mechanical-environmental 
interaction as listed in Table 2-9. 

SSRT tensile test specimens can be fabricated in different forms dependent on the 
standard tests and given materials. In the present research, the standard test based on 
NACE TM 0177-96 “Laboratory Testing of Metals for Resistance to Sulfide Stress Cracking 
and Stress Corrosion Cracking in H2S Environments” is highlighted in the present research 
for determining the susceptibility of supermartensitic stainless steel to hydrogen assisted 
stress corrosion cracking. 

2.6.1 NACE Standard TM 0177-96  
This standard was established by The National Association of Corrosion Engineering 

(NACE) for evaluating the susceptibility of metallic materials to sulfide stress corrosion 
cracking in H2S environments. A brief account of this standard is given as follows: 

1. Anisotropy of the material with respect to the mechanical properties and to the 
environment-related cracking susceptibility can be an important parameter. The 
fracture path in the test specimen should match that anticipated in the actual 
component. 

2. Galvanic effects between dissimilar metals can either accelerate or suppress the 
cracking susceptibility: For instance, an acceleration of the cracking susceptibility 
may take place in some nickel-based alloys when they are coupled to 
electrochemically less noble materials, e.g. plain steel, whereas the cracking 
susceptibility of duplex stainless steels coupled to the electrochemically less noble 
material may be suppressed. 

3. The testing temperature can affect the cracking susceptibility. Testing at 
temperatures above 23°C reduces the cracking susceptibility of the test materials 
(steels), whereas the cracking susceptibility can be severely increased when the test 
is performed at temperatures below 23°C. 

4. Different test methods may not necessarily provide the same ranking of like 
materials. 

5. Inhomogeneous structure of test materials, e.g. weld metal, segregation, etc., can 
deviate test results. 

6. Maximum no-failure stresses for a specified exposure period should be considered 
as apparent threshold stress. Longer exposure times or larger numbers of 
specimens may result in lower threshold values. 

7. Sulfide stress corrosion cracking can show statistical variability. The replicate tests 
are required to obtain representative values applicable for characterising the 
susceptibility of the material to cracking. 
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Figure 2-41: Dimension of the test specimen for the standard tensile test[GEN 35]. 

8. For measuring the cracking resistance of the material, the results can be better 
obtained from some test specimens. 

9. The period of time for the test varies dependent on different types of the SSC test. 

Among the four existing methods, i.e. the standard tensile test (Method A), the standard 
bent beam test (Method B), the standard C-ring test (Method C), and the standard double-
cantilever-beam (DCB) test (method D), the standard tensile test has been chosen as the 
most interesting test to conduct this research. 

2.6.1.1 Test specimen 
In stadard test specimen specification, the following points should considered: 

a. Influence of specimen size and shape. 

b. The gauge section of the test specimen has a diameter of 6.4 mm and a length of 
25.4 mm as represented in Figure 2-41. 

c. The radius of curvature at both ends of the gauge section should be at least 6.4 mm 
in order to avoid high stress concentration and fillet failure. 

d. Both ends of the specimen must be sufficiently long to accommodate seals for the 
test container and to be firmly hold by the fixture. 

e. Machining of the test specimen must be done carefully to avoid overheating and cold 
working. From the final two passes of the specimen, no more than 0.05 mm should 
be removed. Grinding is also acceptable. The surface roughness of the specimen 
should be lower than 0.81 µm. 

f. The specimen should be degreased before installing it in the test cell. The gauge 
section should not be handled or contaminated after cleaning. 

2.6.1.2 Test Solution 
The electrolytic solution for the tensile test of the NACE standard should consist of 5.0 

wt.-% NaCl and 0.5 wt.-% glacial acetic acid in distilled or deionised water.  

2.6.1.3 Test Procedure 
In order to obtain precise results from the test, the test procedure should be carried out 

step by step as follows: 

1. Measuring the gauge diameter of the test specimen in order to calculate the 
specimen load according to a desired stress level. 
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2. Installing the specimen in the test cell and then sealing the test cell in order to 
prevent contamination from ambient environments in the test cell during the test. 

3. The external tension load is applied on the test specimen with a slight increase of 
monotonic displacement, but care should be exercised not to exceed the desired 
stress level. 

4. The test cell is immediately filled with deaerated solution. This solution should be 
purged with inert gas for at least 20 minutes in order to ensure that the test solution 
is oxygen-free prior to the introduction of H2S. 

5. The test solution is then saturated at a rate of 100 to 200 ml·min-1. for 20 minutes 
per litre of the test solution. 

6. The termination of the test should be at the point in time when specimen failure 
appears or after 720 hours. 

2.6.1.4 Failure Determination 
Occurrence of completed test specimen separation within the specific testing period is 

defined as failure. After 720 hours of testing, visual inspection should be performed on the 
gauge section for examining evidence of cracking. 

The time-to-failure seems to be very useful and much more applicable for evaluating the 
cracking susceptibility of the materials caused by an interaction of mechanical loads and 
specific environments, and should therefore be recorded using timing recorder systems. 

As described above, the advantages and disadvantages of this test method can be 
summarised as follows: 

Advantages: 

1. Decreasing test duration by controlling strain rates. 

2. Receiving quantitatively useful data for characterising material degradation. 

3. Variability of test conditions according to sour service applications. 

4. Convenience for monitoring test reactions and for operating test machines. 

 

Disadvantages:  

1. Consumption of more resources for providing the test chamber and specimens. 

2. Specification of test specimen dimensions and geometries. 

3. Occupation of a tensile test machine for longer time by testing. 

4. Requirement of more attention to test procedures for avoiding the deviation of tested 
results. 
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Figure 2-42: Failure of orbitally welded supermartensitic stainless steel pipeline during pipe laying in 
Tune oil and gas filed, North Sea: a) Overview of pipeline failure, b) Crack initiation adjacent to the 6-
hour position. 

2.7 Hydrogen Assisted Cold Cracking in Girth Welds 
High-strength steels are increasingly employed in many industries since they can 

provide optimum conditions to meet the technical-economical challenge in structural 
component engineering. However, serious problems of hydrogen assisted cold cracking 
must be taken into account when such steel components are fabricated by arc welding with 
relative high hydrogen concentration picked up by the weld metal during welding. 

As failure of Tune supermartensitic stainless steel pipelines orbitally welded by a TIG 
process with matching filler material during pipe laying in North Sea oil and gas production, 
hydrogen assisted cold cracking has been mentioned to be an potential reason for such a 
failure case[HAC 55]. 

The failure occurred during pipeline laying operations in the Tune field in Summer 2001 
during straightening at pipeline laying after 2 % straining during reeling and de-reeling, 
respectively. An inter-run lack of fusion has been identified as the primary origin of the 
failure. The fracture spread from both sides of the lack of fusion towards the top and root 
side of the weld[HAC 56]. In the first part of the fracture surface the crack propagated into the 
weld metal and then shifted more towards the heat affected zone (HAZ). However, at the 
crack initiation site the fracture surface appeared brittle in a transgranular cleavage or 
cleavage-like mode[HAC 56]. The rest and the major part of the fracture surface in the weld 
metal and in the heat affected zone, respectively, was identified as ductile microvoid 
coalescence. Figure 2-42a shows an overview of the failed supermartensitic stainless steel 
weld of Tune pipeline taking place during pipe laying operations. Crack initiation has 
occurred in a susceptible region adjacent to the 6-hour position as shown in Figure 2-42b. 

Thus, the main mechanism of hydrogen assisted cold cracking should be described for 
deepening the basic knowledge and for avoiding serious impairment of welded 
components. 
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Figure 2-43: Possible cracking types occurring in susceptible zones of welded steels for butt welds and 
fillet welds[HAC 17]. 

Table 2-10: Classification of cracking types occurring in welded components based on cracking 
characteristic and cracking causation[HAC 17]. 

Cracking type Characteristic Causes 
Throat cracking Crack propagation parallel or 

longitudinal to the weld bead. It 
appears in the weld metal and 
extends towards the root. It typically 
counts among hot cracking. 

High cooling rate and high 
restraint simultaneously 
appear in the weld metal.  

Root cracking Crack initiates in the root of the weld 
metal and then propagates 
longitudinal to the weld bead. 

High stress intensity in an 
area of uncompleted fusion 
of the root pass. 

Longitudinal cracking Cracking appears in the weld metal 
longitudinal to the weld bead. 

Interaction between high 
cooling rate and high 
restraint of the welded 
component.  

Transverse cracking Crack propagation across the weld 
bead transverse to the welding 
direction. It may just appear in the 
weld metal or progress into the heat 
affected zone or the base metal. 

High shrinkage stresses 
from low weld metal ductility 
and/or hydrogen 
concentration in the weld 
metal higher than solubility 
limit. 

Crater cracking Star-like cracking in the weld metal 
at the terminal position. 

Depression of the molten 
metal at the termination of 
the arc. This can be avoided 
by backstepping into the 
weld pool before breaking off 
the arc. 

Toe cracking Cracking occurs at the toe of the 
weld metal. 

racking results form high 
shrinkage stresses in a low 
ductility zone such as the 
heat affected zone. 

Underbead cracking Cracking often occurs in the heat 
affected zone under the weld bead 
and does not propagate to the 
external surface of the component. 

Low ductility of the heat 
affected zone interacting 
with hydrogen results in 
underbead cracking. 
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2.7.1 Overview of Hydrogen Assisted Cold Cracking of Welded Steels 
General location of cracking that may occur in susceptible zones of welded steels are 

represented in Figure 2-43. Table 2-10 lists all cracking types and briefly gives a description 
of cracking characteristic and main causation for each cracking type. 

Hydrogen assisted cold cracking is classified as a partial phenomenon of hydrogen 
assisted cracking, which is known as delayed cracking occurring either during 
manufacturing processes or later service applications. The exact mechanism of hydrogen 
assisted cold cracking is hitherto unclear, but similar to hydrogen assisted stress corrosion 
cracking. This has evidently been confirmed by the SEM observation showing the identical 
fracture topography, i.e. cleavage-like cracking. The local interaction between hydrogen 
and stress-strain distribution in susceptible regions affected by welding can be assumed to 
influence the behaviour of hydrogen assisted cold cracking. 

In order to assess the susceptibility of metallic materials to hydrogen assisted cold 
cracking, appropriate test methods should be performed using realistic boundary conditions 
for fabrication welding, which are described in the next Section. 

2.7.2 Hydrogen Assisted Cold Cracking Test Methods 
The purpose of this Section is to give an overview of the basic principles of test 

procedures, which are widely recommended to be used for assessing the susceptibility of 
materials welded with the filler materials and of parent materials to hydrogen assisted cold 
cracking during welding fabrication and subsequent cooling. 

2.7.2.1 IRC-Test 
For quantitative assessment of the susceptibility of metallic materials to hydrogen 

assisted cold cracking, the Instrumented Restraint Cracking (IRC)-Test has been developed 
by Hoffmeister[HAC 47],[HAC 49],[HAC 51],[HAC 53] drawing upon the basic principle of the self-
restraint test method. Further advantages of the IRC-Test in comparison with other test 
methods are to be seen in the time-dependent parameters involving the reaction force 
transverse to the welding direction Fy and a moment around the axis in welding direction Mx 
as well as a moment around the vertical axis of the welding direction Mz which can 
continuously be monitored during welding and subsequent cooling[HAC 47],[SDW 9]. Hence, the 
IRC-Test is practically performed to provide useful information for explaining cold cracking 
phenomena in welded components, particularly in those made of high-strength steels for 
offshore applications[HAC 47]. Furthermore, global effects in realistic fabrication welding, e.g. 
shrinkage situations influenced by restraint intensity conditions, heat treatment processes, 
hydrogen diffusion behaviour etc. can be simulated with the IRC-Test in order to verify the 
reliability the welded component with regard to hydrogen assisted cold cracking. 

For a quantitative analysis of hydrogen assisted cold cracking, mechanical effects of the 
crack relevant parameters, i.e. reaction forces caused by restrained transverse shrinkage 
and reaction moments caused by restrained angular distortion, should continuously be 
monitored after the completed welding thermal cycle until any the possible start of cracking 
through to the end of cracking[HAC 47].  

The reaction force transverse to the welding direction is predominantly dependent on 
the shrinkage characteristic caused by the restraint boundary conditions and by the thermal  
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Figure 2-44: IRC–Test for verification of the susceptibility of welded components to hydrogen assisted 
cold cracking[HAC 49]. 

history of the welding process. Thus, the shrinkage restraint of the welded component is 
simply evaluated in terms of the restraint intensity

yFR , which is given by[HAC 47],[SDW 9]: 
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, (2-55) 

where yF  is the reaction force transverse to the welding direction, wL  is the total length of 
the weld bead, y2∆  is the transverse root gap displacement, h  is the plate thickness, and 
l  is the plate length. 

Based on a similar definition to the transverse restraint intensity, the reaction moments 
around the axis in the welding direction xM  and the around the vertical axis of the welding 
direction zM  influenced by the restrained distortion angle, respectively, are used to 
express the shrinkage restraint of the welded component in terms of the bending restraint 
intensities which are described in the following equations[HAC 47]: 
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where 
xMR and 

zMR are the bending restraint intensities around the axis in the welding 

direction and in the direction vertical to the welding direction, and x2 θ∆  and z2 θ∆ are the 
deflection angles caused by xM  and zM , respectively. 

As previously described by Hoffmeister[HAC 47], the transverse reaction stress 
yFσ  in butt 

welds caused by the shrinkage reaction during cooling can usually be defined as the 
nominal transverse reaction force acting on the unit area of the weld bead along the 
welding direction as given by: 

ww

y
F hL

F
y ⋅

=σ . (2-58) 

Additionally, Boellinghaus et al.[SDW 9] introduced an equation for calculating the 
transverse reaction stress taking account of effects of the shrinkage displacement y2∆  and 
of the transverse restraint intensity, which is written by: 

yy F
w

F R
h

y2 ⋅= ∆σ . (2-59) 

The stress distribution in linear butt welds transverse to the welding direction after 
completed cooling down to ambient temperature can be calculated by inserting the 
combination of transverse reaction stresses and bending reaction stresses. The equation is 
given by[HAC 47]: 

zxy MMFy σσσσ ++= , (2-60) 

where yσ  is the stress distribution in butt welds transverse to the welding direction, 
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In orbital welding, an appearance of the respective moment of inertia for a thin ring as 
the circumferential weld bead may be incorporated into Equation (2-60) by introduction of 
the average diameter of the ring weld bead ring. Accordingly, the transverse stress 
distribution in the orbital welds can be calculated by the formula[SDW 9]: 
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where awbD  is the average diameter of the ring weld bead. 

However, this equation can also be used to calculate the reaction stresses at any 
position over the circumference by inserting the respective cantilever in x and z direction. 
For multi-run welding, such reaction stresses should be calculated for the different passes 
by assumption of an average weld metal thickness, which is calculated from the total weld 
metal thickness with respect to the number of weld layers[SDW 9]. 



2. Literature Reviews 

67 

The assembly of the IRC-Test set-up is vital importance prior to testing. This 
arrangement consists of a rigid box-shape steel frame (1) to which two symmetric 
restraining beams (2) are tightly connected as schematically illustrated in Figure 2-44a-b. 
The parent material specimens (5) are installed on each side of the symmetric restraining 
beams between the clamping jaw and then fastened by screw bolts. 

Monitoring the reaction force, yF , and the reaction moments, xM and zM , is realised 

by continuous registration of the electrical signals of strain gauges (6) positioned on one 
side of the restraining beams. The registration of the reaction force and of both reaction 
moments during the test is translated by transferring the electrical signals from the strain 
gauges into a commercial data receiver program working on a PC platform via amplifiers 
and A/D converter[SDW 9].  

In order to calibrate the transverse reaction force, a gradual increase of the external 
force in y-direction is stepwise affected at the weld edges for registration of strain gauge 
signals. At the same time, measurement of weld edge displacement, ∆y, is performed in 
order to calculate the restraint intensity, 

yFR , using Equation (2-55). Additionally, calibration 

of the reaction moment around the axis in the welding direction, xM , and around the axis 
vertical to the welding direction, zM , can be performed adopting the same procedure as for 
transverse reaction force calibration. With the application of bending forces around the 
welding direction, xF , and around the axis vertical to the welding direction, zF , the angular 
deflections xθ∆  and zθ∆  can be generated, respectively. The bending restraint intensity 
around the axis in the welding direction is then obtained using Equation (2-55), and around 
the axis vertical to the welding direction using Equation (2-56). 

Although the IRC-Test can simulate phenomena of hydrogen assisted cold cracking in 
welded components under various restraint conditions, of the hydrogen concentration 
picked up by the weld metal during welding, and of the heat treatment process 
corresponding to realistic welding fabrication, this test method needs further development to 
enable more precise elucidation of those phenomena. Hence, a universal large-scale test 
facility has been developed following the basic principle of the IRC-Test, in which additional 
and modified working functions have been implemented permitting complete welding 
fabrication simulation as well as testing of welded components with the boundary conditions 
experienced in field service. 

2.7.2.2 Component Test 
In order to improve the test capability of the IRC-Test, the full-scale test has been 

developed for conducting complete welding fabrication test with the greater sizes of test 
components. Additionally, the welded component can immediately be subjected to the 
external load test reproducing field service conditions in order to verify applicable properties 
of the welded components. 

The large-scale test facility, named „GAPSI 16“ (Groß Anlage zur Prüfung und 
SImulation von Bauteilschweißungen, Prüfkraft 16 MN), is actually employed for testing 
welded components with the three-dimensional modified monitoring and applying load 
system. It has been designed for operation with quasi-static loads and taking account of all  
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Figure 2-45: View of the full-scale test facility for evaluation of the susceptibility of welded components 
to hydrogen assisted cracking with simulation of the complete welding fabrication process and 
subsequent application of external loads. 

factors of the complicated component phenomena which are normally induced by the 
occurrence of many reactions in the welding and subsequent cooling processes. 

The construction of the test system basically consist of two main test tables, at which 
four bore holes each are symmetrically drilled through the thickness for provide a housing 
for a cylinder unit compassed of a reaction load measuring system and of a load application 
system. Four long displacement pistons are then assembled through four cylinders 
mounted to each test table to realise a servo-hydraulic controlling test machine. (see Figure 
2-45). A maximum distance of approximately 2400 mm of the test components from the test 
tables is then available. Finally, two fixed cross-heads are tightly clamped on both ends of 
all displacement pistons for constructing a rigid frame similar to that of the IRC-Test set-up. 
The test tables can be moved independently of each other which offers further advantages 
over the IRC-Test with regard to measuring coefficients for complicated reactions during 
welding and subsequent cooling. 

The test system has been designed as the four-pillar machine with servohydraulic 
system. In the GAPSI 16 measuring system, both distance control and force control are 
available. During the test, all displacement pistons experience an elastic-linear change due 
to affected reaction forces exerted on the specimen, which can be both of tensile and 
compressive type dependent on the reaction force characteristic. Changes of the distance 
between the test table and the rigid frame are detected by eight sensors located at each 
cylinder unit along the displacement piston in the form of digital and/or analogical signals.  
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Figure 2-46: Basic principle of the measuring system of the full scale test facility for performing welding 
experiments with an addition function of externally applied loads on test components[GEN 20].  

These signals are immediately converted into comparable data for reaction forces as 
well as reaction moments. This procedure is defined as the distance control method. 
Additionally, oil pressure in each cylinder unit can be used to determine the reaction force 
during the test and also to impose external loads, in particular for tensile tests. On the other 
hand, the force control method involves the reaction force measurements including 
individual linear-elastic reactions from the internal sensor of each displacement piston. 

As schematically represented in Figure 2-46a, the distance control method is carried out 
based on the assumption that the distance between the test table and the rigid table is 
completely constant. The shrinkage reaction of the welded component during cooling can 
produce shrinkage reaction on the rigid body of GAPSI 16. Therefore, the difference in 
distance of the displacement piston is usually used for the reaction force and moment 
determinations. In the other case, in order to keep a constant distance between the test 
tables on both sides, the test tables must be moved counter to the shrinkage reaction by 
applying additional pressure on the hydraulic system, which is schematically represented in 
Figure 2-46b. The restraint intensity of the welded component provided by GAPSI 16 can 
be calculated by using the following equation[GEN 20]: 
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where GAPSIk  is the spring constant value of GAPSI 16 from experimental determination 
(8.33E-05 N mm-1), and spk  is the spring constant value of the test component.  

Since GAPSI 16 has been developed in compliance with the basic principle of the IRC-
Test, the reaction moment around the axis in welding direction and the reaction moment 
around the axis vertical to the welding direction are calculated as represented in Figure 



2. Literature Reviews 

70 BAM-Dissertationsreihe 

2-46c and Figure 2-46d, respectively. These reaction moments are subsequently used to 
calculate the bending restraint intensities around the axis in welding direction and around 
the axis vertical to the welding direction (see Equation(2-56) and Equation (2-57)). 

2.7.3 Model of Temperature Distribution in Welding Processes 
In fabrication welding, the temperature history of welded components is the main factor 

for an increased susceptibility of materials to failure. Therefore, a through understanding of 
the behaviour of transient temperature distribution influenced by effects of temperature 
gradient during welding and subsequent cooling is necessary. Additionally, temperature 
distribution during welding strongly dominates hydrogen diffusion behaviour in components 
because diffusion coefficients of hydrogen increase with temperature levels. 

2.7.3.1 Heat Generation in Arc Welding Processes 
Heat input is required to sufficiently melt the metallic material with avoidance of 

undesirable side effects, e.g. grain growth, precipitation of the second phase at grain 
boundaries, residual stress-strain distribution etc., which is generally described by[GEN 16]: 

weldweldweld AIQ ⋅⋅= η , (2-63) 

where weldQ  is the effective heat input during welding, η  is the arc efficiency dependent on 
the welding process (for GTAW, it is in the range of 0.45 to 0.75[TDW 2]), weldI  and weldA  are 
the arc current and the arc voltage, respectively. 

As proposed by Rykalin et al.[TDW 2], arc welding heat generates a heat flux on the 
specimen surface with a ring zone around the electrically active spot. This ring zone is 
heated by convection and radiant heat exchange between the plasma of the arc column 
and the spot of the welding electrode. For this reason, the heat flux drops more slowly than 
the electric current density with the radial distance from the hot spot, and the heat spot is 
usually larger than the electrically active arc spot.  

The Gaussian relationship can be used to describe the temperature distribution induced 
by a steady state point heat source moving on the surface of a semi-finite plate as shown in 
Figure 2-47. The temperature distribution is given by[TDW 6]: 
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, (2-64) 

where 0T is the initial temperature of the specimen, k  is thermal conductivity, dcr  is the 

distance from the arc centre (= 222 zyw ++ ), w  is the distance in the direction of the 

moving co-ordinate (= ( )tvx weld ⋅− ), thD  is the thermal diffusivity, and weldv  is the welding 
speed. 

Until recently, prediction of the weld pool geometry, however, has still been carried out 
due to the complicated phenomena resulting from effects of the heat flux distribution during 
arc welding as previously described, and from other effects such as surface tensile 
(Marangoni) effects, electromagnetic (Lorentz) forces, etc. 
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Figure 2-47: Gaussian distribution of a heat source moving on the surface of a semi-finite plate, where 
the distribution parameter σdp is the standard distribution of the Gaussian function[TDW 2],[TDW 6]. 
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Figure 2-48: Schematic illustration of the simulation of temperature distribution during arc welding[GEN 

18]. 

Therefore, the assumption of homogeneous temperature distribution for the weld pool 
above melting point, i.e. 1540 °C, in the specific co-ordinate system may be suitable for 
simulating the temperature distribution during arc welding[GEN 18], which is much more 
applicable to numerical modelling for avoiding overheat effects induced by application of 
heat input to specific nodes of the finite element. 

2.7.3.2 Heat Transfer in Metallic Materials 
Due to the generation of temperature gradients between the arc welding heat source 

and neighbouring zones in solid materials, the first law of thermodynamic state, i.e. 
conservation of thermal energy, is generally used to describe the temperature distribution in 
the solid material by using the following equation[GEN 26]: 
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where ρ  is the material density, pC  is the specific heat capacity, ϑ  is the temperature, t  

is the time, gQ is the heat generation, and xv , yv , and zv  are the velocity vectors for mass 

transport of the cartesian co-ordinate. 

From the fact that the velocity vector for mass transport of heat in the global cartesian 
system ( xv , yv and zv ) can be ignored for normal calculation of heat conduction in solid 

materials, the simple formulation by reduction of Equation (2-65) is given[TDW 7]: 
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where )C( p⋅ρ  is the volumetric specific heat, K  is thermal conductivity with subscription 

of the cartesian system(x, y, and z) and gQ  is the heat generation rate per unit volume. 

It should be recognised that all material properties as a function of temperature are 
usually taken in account for calculating the temperature distribution in the welding process. 
Additionally, Cao et al.[SDW 16] proposed that in arc welding processes with constant welding 
speed, the heat transfer equation can also be formulated taking account of effects of the 
welding speed as given by: 
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For isotropic materials, the thermal conductivity can be defined to be a similar value in 
all directions. The reduction of Equation (2-66) leads to: 
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In the case where the heat loss resulting from the drop of the material surface 
temperature down to the ambient environment temperature may affect the temperature 
distribution in solid materials, it can be considered as the additional effect on the 
temperature distribution characteristic in solid materials as given by[TDW 10]: 
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and the heat loss equation, lossQ , is written by: 

( )ambsolidsurconloss AQ ϑϑα −⋅⋅= , (2-70) 
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where conα is the convection or film coefficient of the considered system, surA  is the total 
surface exposed to ambient environments, solidϑ  and ambϑ  are the instantaneous 
temperatures of the solid material and of the ambient environment, respectively. 

However, the consideration of the heat loss by the radiation effect can be ignored for 
solid materials, but it will be a significant factor for fluid systems as described by Carslaw 
and Jaeger[GEN 26].  

2.7.4 Modelling of Stress-Strain Distribution 
Instantaneous temperature gradients during welding and subsequent cooling are widely 

submitted as major effects on the introduction of stress-strain distributions in welded 
components due to the thermo-mechanic properties of the materials. Moreover, change of 
volumetric thermal strain and possible phase transformed strain are a main reason for 
plastic deformation of in the welded component which will lead to a decrease of the load 
carrying capability during service and to cracks in sensitive zones. Therefore, calculation of 
the instantaneous stress-strain distribution is necessary taking account of the thermo-
mechanic continuum of the given material subjected to thermal contraction during welding. 

A fundamental approach to address the introduction of thermal strain, thε , due to the 
effects of temperature gradients is simply expressed by[GEN 34]. 
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αε  (2-71) 

where thα  is the thermal expansion coefficient. 

Due to the nonlinear stress-strain relationship of alloyed materials, a path-dependent 
behaviour of the flow curve of the material has to be taken into account instead of Hooke’s 
law, if the material is deformed in the plastic region. In finite element calculation, the total 
strain is basically employed to establish further relationships in the structural analysis, 
which is given by[GEN 34]: 

creepthplaticselastictotal εεεεε +++= , (2-72) 

where totalε , elasticε , plasticε , thε , and creepε  are the total, elastic, plastic, thermal, and creep 

strain, respectively. 

Based on Equation (2-72), Dong[SDW 17] proposed an equation for determining the stress-
strain distribution in welded components using finite element simulation. The equation takes 
account of a strain rate instead of normal strain due to the continuum of stress-strain 
distribution during welding and subsequent cooling. Additionally, the strain rates induced by 
annealing reaction and phase transformation reaction have also been included in the 
modelling, in particular for welding fabrication of components. The equation is written by: 

ptranethplasticelastictotal εεεεεε ������ ++++= , (2-73) 
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where elasticε� , plasticε� , aneε�  and ptrε�  are the elastic, plastic, annealing and phase 

transformation strain rate, respectively.  

However, it must be recognised that both the hardening effect and the Bauschinger 
effect should be considered as side effects for a change of the behaviour of stress-strain 
distribution in welded components, in particular for multi-run welding with high restraint 
intensities. 

2.7.5 Modelling of Hydrogen Distribution in Welded Joints 
Considering the contribution of Yurioka et al.[HAC 33], an analysis of hydrogen assisted 

cracking in welded joints has been carried out by using the finite difference method. The 
hydrogen distribution behaviour can be calculated using the basic equation for computing 
the hydrogen flux as a function of the chemical potential, which is expressed by: 
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where µ  is the chemical potential.  

The chemical potential is usually affected by the hydrogen concentration formulated as: 

[ ]( )HDlnRT HD0 ⋅+= γµµ , (2-75) 

where 0µ  is the initial chemical potential and HDγ  is the activity coefficient of hydrogen 
mass. 

Additionally, Yurioka et al. developed a model for determining the hydrogen distribution 
in welded components based on Fick’s second law taking account of effects of the chemical 
hydrogen potential and of the instantaneous temperature distribution, which is given by: 
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The hydrogen distribution in the weld metal and in neighbouring zones may also be 
affected by stress-strain distributions in terms of the chemical hydrogen potential. Thus, the 
calculation of the chemical hydrogen potential can be performed by substitution of the 
activity coefficient of hydrogen mass influenced by the equivalent stress distribution as well 
as the equivalent strain and the microstructure behaviour into Equation (2-75), which is 
given by: 

( ) [ ]( )HDlnRT
plmstress HDHD0 ⋅⋅+= γγµµ  (2-77) 

where 
stressHDγ  and 

plmHDγ  are the activity coefficients of hydrogen mass affected by 

equivalent stress levels as well as by plastic strain levels and microstructure behaviours.  
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a) Equivalent strain b) Hydrogen distribution 

Figure 2-49: Calculated equivalent strain and hydrogen distribution for identifying hydrogen assisted 
cold cracking[HAC 33]. 

 

 
Figure 2-50: Calculation of transient hydrogen distribution for the Slit-Test at temperatures of 202°C 
and 100°C[HAC 37]. 

Based on the above assumption, calculation of the transient hydrogen distribution has 
been carried out. For a period of 5 hours after completion of welding with a restraint 
intensity of 30 kN·mm-2 and without preheat, the presence of a relatively high local 
hydrogen concentration associated with a relatively high stress-strain distribution at the 
weld root and the heat affected zone will influence the susceptibility of the welded 
component to hydrogen assisted cold cracking as represented in Figure 2-49. However, the 
most significant hydrogen accumulation at the weld root and the heat affected zone is due 
to microstructural transformation affected by the thermal history of welding and subsequent 
cooling. 

Focusing on the topic of the susceptibility of metallic materials to hydrogen assisted cold 
cracking during fabrication welding, particularly girth welding of pipeline, Goldak et al.[HAC 37] 
developed finite element modelling for simultaneous calculation of the hydrogen and stress-
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strain distribution taking account of effects of the microstructural behaviour in the Slit-Test. 
The mass conservation of hydrogen has been proposed for determining the hydrogen 
distribution, which is written by: 
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where a  and b  are the rate constants of forward and backward reactions, respectively, 
and S  is the immobilised hydrogen concentration. 

In the modelling, effects of stress-strain distribution in the Slit-Test specimen have been 
taken into account as a significant factor for the hydrogen distribution behaviour. Thus, 
hydrogen flux affected by stress-strain distribution is calculated by the following equation: 
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Moreover, hydrogen diffusion coefficients as a function of temperature for matrix 
microstructure of ferrite and austenite have also been taken into account in the finite 
element modelling of Goldak et al. The simulation of hydrogen distribution in the Slit-Test is 
represented in Figure 2-50. The appearance of two peaks of hydrogen concentration near 
the centre of the weld bead has been attributed to relatively high levels of local equivalent 
stress which play a significant role in dominating this phenomenon, whereas compressive 
stresses will lead to a decrease of the local hydrogen concentration.  

However, the calculation of hydrogen diffusion based on Fick’s second law is 
adequately applicable because a significant increase in hydrogen concentration with 
increasing stress-strain levels is not observed when the complicated equation with an 
additional term of stress-strain effects is employed for the calculation. For example, 
hydrogen concentrations in the weld metal have increased less than five percent by 
increasing stress-strain levels during cooling (see Figure 2-50). Therefore, effects of stress-
strain assisted hydrogen diffusion can reasonably be ignored. In order exploit the capability 
of Fick’s second law taking account of all enhanced and hindered effects, hydrogen 
diffusion coefficients ranging in the scatterbands can more accurately be used to calculate 
hydrogen diffusion in components. 
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3 FINITE ELEMENT MODELLING DEVELOPMENT 
Application of the finite element method (FEM) is presently necessary for a number of 

industries who need to decrease the cost for new product development and to increase 
product reliability, simultaneously. Based on a commercial finite element program with the 
code name “ANSYS”, the development of numerical finite element simulation is the main 
purpose of this research focusing on the phenomenon of hydrogen assisted cracking in 
supermartensitic stainless steels. Hence, the principle procedure of the finite element 
method is subsequently described in order to advance the finite element method for 
calculating hydrogen assisted cracking in terms of hydrogen assisted stress corrosion 
cracking and hydrogen assisted cold cracking. 

3.1 Two-Dimensional Finite Element  
In order to reduce the operating time of the simulations, a 2-D finite element model was 

established the first choice for creating finite element models with further advantages as 
described in the previous contributions[HAC 21],[HAC 23]. Selection of an appropriate finite 
element must first be taken into account, dependent on boundary conditions, in order to 
obtain more precise results. Figure 3-1 represents a two-dimensional finite element with its 
co-ordinate system and its condition for load application. It should be recognised that the 
ratio dimension of the finite element should be nearly a unity, particularly in the interesting 
area of the finite element model for minimising erroneous simulation, which may be caused 
by an irregular shape of finite elements.  

Elements with the code numbers of PLANE 55 and PLANE 42 are employed to create 
the finite element model for thermal analysis, i.e. temperature distribution and hydrogen 
diffusion, and for mechanical analysis, respectively. In general, the two-dimensional finite 
element model must be defined in an x-y plane, but the co-ordination can be adapted 
dependent on the specific boundary condition as well as on the model geometry. Six 
categories of applied loads for finite element analysis are available in the commercial finite 
element program as compiled in Table 3-1. 

Following the selection of the finite element, the subsequent step of the numerical 
modelling simulation is the creation of a finite element model from such finite element. 

3.2 Finite Element Models for Modelling HAC 
3.2.1 Geometric Parameters 

The numerical modelling of hydrogen assisted stress corrosion cracking based on the 
NACE standard test TM 0177–96 (see Section 2.6.1) constitutes the first part of the present 
thesis, the creation of the finite element model according to the dimension of the standard 
specimen is then necessary for the simulation as represented in Figure 3-2 (see dimension 
of the standard specimen in Figure 2-41). The finite element model will be created either 
from the solid model, or from the predefined nodes as described below: 

I) The solid model offers a convenient way to create the finite element model. The 
initial step is to generate the solid model by defining the position of each keypoint, 
after that the solid model is generated from these keypoints. Finally, the finite  
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Figure 3-1: Schematic illustration of the 2-D solid finite element of PLANE 55 for thermal analysis and 
PLANE 42 for structural analysis, four nodes with a single degree of freedom. 

Table 3-1: Categories of applied loads for finite element modelling. 
Load category PLANE 55 

(Thermal analysis) 
PLANE 42 

( Structural analysis) 
DOF constraint 

Fixing a value at a node 
Temperature(Temp) Displacement and symmetry 

boundary conditions 
Force 

Applying a concentration 
load at a node 

Heat flow rate Forces and moments 

Surface load 
Applying a distributed load 

over a surface 

Convection and heat flux Pressure 

Body load 
Applying a volumetric load 

Heat generation Temperature and influence 

Inertia load 
Mass matrix of a body 

- Gravitational acceleration, 
angular velocity and angular 

acceleration 
Coupled-field load 

 
Taking results from one 

analysis as loads in another 
analysis 

Taking results from one 
analysis as loads in another 

analysis 
 

element model is created from the given solid model. The relative advantages and 
disadvantages of this approach are summarised below: 

- Advantages:  

1) It is generally more appropriate for large and complex models, in particular for 
three dimensional models of solid volumes. 

2) Geometric operation, such as dragging and rotation, can be performed. 

3) The use of primitive areas and volumes as well as Boolean operation for top 
down construction is available. 

4) The modification of the finite element model, e.g. adaptive meshing, etc., is 
readily allowed. 
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Figure 3-2: Two-dimensional finite element model according to the NACE standard test TM 0177–96. 

- Disadvantages: 

1) Large amounts of CPU time are usually required. 

2) It sometimes needs more data entries than the other approach. 

3) The program will not be able to generate the finite element mesh under certain 
circumstances. 

II)  Direct generation of the finite element from the defined nodes is more useful if an 
uncomplicated geometry of the finite element model is going to be used for the 
simulation. The relative advantages and disadvantages of this approach are 
summarised as: 

- Advantages: 

1) It is more convenient for small or uncomplicated models. 

2) Complete control over the geometry and numbering of every node and of every 
element can be provided by the user. 

- Disadvantages: 

1) Generation of finite element models will consume a lot of time and also need 
more attention for every detail of meshing finite elements. 

2) Adaptive meshing is not available. 

3) Design optimisation is less convenient. 

4) Modification of meshing elements is quite difficult. 

In order to reduce the time required for simulation of hydrogen assisted stress corrosion 
cracking with the standard specimen, the finite element model focuses on the particularly 
sensitive area, i.e. the gauge length. Respective fine elements in this specific area are 
generated for obtaining precise results. The finite element model with a predefined cracking 
path in the middle of the gauge length transverse to externally applied load direction is 
shown in Figure 3-3a for a crack tip angle of 180° and in Figure 3-3b for a crack tip angle of 
74°. 
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a) Crack tip angle of 180°. b) Crack tip angle of 74°. 

Figure 3-3: Two-dimensional finite element model with a predefined cracking path in the gauge length 
of the test specimen in transverse direction to externally applied loads: a) Crack tip angle of 180°, b) 
Crack tip angle of 74°. 

Reflecting on the CTOD concept[GEN 14],[GEN 30], a finite element with 0.1 mm in width is 
reasonable for simulating crack propagation associated with the phenomenon of hydrogen 
assisted stress corrosion cracking. Also, reliable results from the numerical analysis can be 
obtained without too much elongation of CPU-time. Thus, a series of 64 finite elements 
located through the specimen’s diameter of 6.4 mm is generated. A width of the predefined 
crack is 0.5 mm has been selected as a constant parameter of the crack geometry. 

In numerical modelling of hydrogen assisted stress corrosion cracking of 
supermartensitic stainless steel pipes, the finite element model is created in accordance to 
the cross-section area along the gauge length of such welded pipes as shown in Figure 3-4. 
This cross-section is used as the dimensional reference for generating the two-dimensional 
finite element model. 

As previously described, the cracking during the test may take place in the base metal, 
the heat affected zone and the weld metal dependent on their individual susceptibility to 
hydrogen assisted stress corrosion cracking. Therefore, the finite element model created for 
calculating the anticipated lifetime of the pipeline under the aspect of hydrogen assisted 
stress corrosion cracking has three predefined cracking paths in the respective significant 
areas, i.e. the base metal, the heat affected zone and the weld metal, as represented in 
Figure 3-5. 

It should be noted that the relatively dense finite elements in the interesting zone, i.e. 
the cracking path, are created in order to receive precise results from the finite element 
simulation. The width of the finite element in crack propagation direction is approximately 
0.1 mm and can be applied for calculation of hydrogen assisted stress corrosion cracking 
as a compromise with respect to precise results and CPU-time. 
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Figure 3-4: Cross-section of the gauge length of the welded pipeline. 
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Figure 3-5: Two-dimensional finite element model with predefined cracking paths in three significant 
regions of the base metal, the heat affected zone, and the weld metal for modelling hydrogen assisted 
stress corrosion cracking in the orbitally welded pipeline. 

Experimental simulation is subsequently required to describe how the full-scale testing 
of hydrogen-assisted stress corrosion cracking can be performed on pipelines usually 
installed as subsea flowlines transporting oil and gas products in offshore technology. 

Since much longer CPU-time is required for simulating hydrogen assisted cold cracking 
by three fields of calculation when compared with the traditional finite element simulation, a 
modified finite element model has to be created, containing particularly less elements. The 
finite element model represented in Figure 3-6, which shows relatively small sizes of finite 
element in the weld metal and the heat effected zone where extreme effects from 
temperature distribution, stress-strain strain distribution and hydrogen distribution inevitably 
arise during welding and subsequent cooling. By widening the transverse length, coarse 
finite elements in remote zones from the extreme interaction zone can reasonably be 
generated in order to reduce the required CPU-time. Additionally, the predefined cracking 
paths are introduced into the susceptible zones to hydrogen assisted cold cracking, i.e. the 
weld metal and the heat affected zone, to allow comparisons and see which zone 
dominates the failure of a welded component due to hydrogen assisted cold cracking. 
However, it must be recognised that the aspect ratio of the finite element should not be 
higher more than twenty in order to avoid erroneous results from the simulation. 
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Figure 3-6: Modified two-dimensional finite element model according to the gauge cross-section of the 
orbitally welded pipeline for simulation of hydrogen assisted cold cracking. 

The finite element type PLANE 55 is employed for temperature and hydrogen 
distribution analysis and the finite element type PLANE 42 is employed for stress-strain 
distribution analysis. These finite elements can directly be changed in the given finite 
element model according to the analysis purpose. 

3.2.2 Modelling of Hydrogen Diffusion 
Finite element calculations of hydrogen diffusion represent the case for modelling 

hydrogen assisted stress corrosion cracking and hydrogen assisted cold cracking, and are 
thus described here in detail. 

The exponential equations are very helpful in the numerical finite element simulation of 
hydrogen distribution because they can directly be used to generate the material properties 
in terms of the hydrogen diffusion coefficient dependent on temperature with connection to 
the previous temperature analysis. 

Due to an advanced numerical finite element program for hydrogen diffusion analysis in 
welding technology based on the commercial finite element program, the basic simple 
model finite elements was created for performing the trial analysis of hydrogen distribution 
with different boundary conditions as represented in Figure 3-7 in order to confirm that the 
modified advanced finite element modelling is in agreement with the basic principle. With 
model A, assuming an initial state with a constant hydrogen concentration of 20.00 
ml·(100gFe)-1 at every node of the finite elements located at x ≤ 0 for a short period of time 
(1 second), and a hydrogen-free condition at the nodes on the opposite side are, a constant 
hydrogen diffusion coefficient of 2.0E-04 mm2·s-1 was used for the simulation. 
Subsequently, the amount of local hydrogen concentration in distances of 0.25 mm, 0.50 
mm, 0.75 mm, and 1.00 mm was determined for any time of diffusion. The obtained 
hydrogen concentrations must be compared with the values calculated by the following 
equation[GEN 23],[GEN 29]: 
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where x  is the distance from the ordinary system and [ ]iniHD is the initial hydrogen 
concentration. 
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Figure 3-7: Simple finite element models and boundary conditions for confirming results of the 
advanced numerical modelling of hydrogen distribution in welded components. 

With model B, in which a constant hydrogen diffusion coefficient of 2.0E-04 mm2·s-1 was 
specified to the finite element model, a constant hydrogen concentration of 10.00 
ml·(100gFe)-1 is continuously applied at the nodes located at x = 0 through the calculation 
according to the assumption of a pair of semi-infinite solids (see Figure 3-7b). The hydrogen 
concentration levels determined in distances of 0.25 mm, 0.50 mm, 0.75 mm and 1.00 mm 
are compared with the values calculated by Equation (3-1). 

The results from the model A are shown in Figure 3-8a. The hydrogen concentration at 
the interface line decreases continuously with increasing time of simulation, whereas the 
increase of hydrogen concentration at the points in the specific distance from the interface 
line is individually represented. It should be noted for the nearest point to the interface line 
that after a simulation time of 2,000 seconds there is a tendency towards reduced hydrogen 
concentration. The reason is that the initial source cannot provide sufficient amounts of 
hydrogen for a concurrent action of hydrogen loss. Since manual calculation with Equation 
(3-1) relies on the assumption of a pair of semi-infinite solids, the calculation of hydrogen 
concentration in terms of time and location must take account of the actual hydrogen 
concentration at the interface of the applied hydrogen source because this actual hydrogen 
concentration does not immediately drop to half the amount of the full initial hydrogen 
concentration as in the assumption of a pair of semi-infinite solids. This phenomenon might 
be influenced by hydrogen diffusion coefficient. However, the results from the manual 
calculation indicate a good agreement with the simulated results. 

In the other case, the finite element simulation has been carried out exactly according to 
the assumption of a pair of semi-infinite solids, Figure 3-8b represents the results form the 
finite element simulation and the manual calculation with constant application of half the  
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Figure 3-8: Characteristic of hydrogen distribution obtained from finite element simulation and manual 
calculation in distances of 0.25 mm, 0.50 mm, 0.75 mm and 1.00 mm from the interface of a applied 
hydrogen source (Assumption: hydrogen diffusion coefficient = 2.0E-04 mm2·s-1; M and S indicate the 
finite element simulation and manual calculation, respectively). 

hydrogen concentration, 10.00 ml·(100gFe)-1, of the initial hydrogen source at the nodes on 
the interface line of the semi-infinite solids. 

The hydrogen concentration at the given points with the specific distance from the 
interface line increases with the diffusion time, and the point with the shortest distance 
always indicates highest hydrogen concentration. Again, the results of hydrogen distribution 
from the finite element simulation are in good agreement with those from the manual 
calculation. More interestingly, the hydrogen distribution curves at the given point nearest to 
the interface line from model A and the model B obviously indicate the difference in their 
characteristics due to the actual hydrogen concentration at the interface line. 

The advanced finite element modelling approach for simulating hydrogen distribution in 
arc welding processes taking account of the hydrogen diffusion coefficient dependent on 
temperature, has been assessed on a trial and error basis. The finite element trial modelling 
was performed only with the model B because of the assumption of a pair of semi-infinite 
solids.  
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Figure 3-9: Simple finite element model with assumption of an individual hydrogen diffusion coefficient 
for each finite element in order to confirm the modified advanced finite element modelling for 
calculating hydrogen diffusion during welding and subsequent cooling. 

The finite element model contains 20 finite elements. An individual hydrogen diffusion 
coefficient has been applied as the material property for each finite element. As 
represented in Figure 3-9, in the first case, a series of hydrogen diffusion coefficients has 
been applied to the finite element model in which each finite element has an individual 
value for the hydrogen diffusion coefficient (see the first case in Figure 3-9). The hydrogen 
diffusion coefficient of 1.0E-02 mm2·s-1 has been applied as the material property to the first 
finite element adjacent to the interface of the applied hydrogen source, and the gradual 
decrease of the hydrogen diffusion coefficient has subsequently been applied to the next 
finite element and so on. In the second case, the hydrogen diffusion coefficient of 3.0E-06 
mm2·s-1 has been applied to the first finite element adjacent to the interface of the applied 
hydrogen source, and the gradual increase of the hydrogen diffusion coefficient has been 
applied to the next finite element and so on (see the second case in Figure 3-9). 

The hydrogen concentrations dependent on the diffusion time at the specific points with 
distances of 0.25 mm, 0.50 mm, 0.75 mm and 1.00 mm from the interface of the applied 
hydrogen source are determined in order to compare the results with those obtained from 
the manual calculation. The manual calculation of the hydrogen distribution is carried out 
with Equation (3-1), but the average hydrogen diffusion coefficients have to be substituted 
into the equation for the effective value. This average value has been determined by the 
sum of the hydrogen diffusion coefficients of all elements between the point of the applied 
load and the capture point, with the next finite element to the capture point, with respect to 
the number of finite elements. 

The hydrogen distribution result of the first case obtained by both the finite element 
simulation and the manual calculation is represented in Figure 3-10a showing a deviation of 
less than 5 percent between both methods. The hydrogen concentration at the specific 
points with increasing diffusion can nearly reach the applied level of constant hydrogen 
concentration, i.e. 10.00 ml·(100gFe)-1, without the requirement of longer diffusion time due 
to a higher hydrogen diffusion coefficient in the zone adjacent to the surface of the applied 
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Figure 3-10: Characteristic of hydrogen distribution obtained from finite element simulation and manual 
calculation at the specific points with distances of 0.25 mm, 0.50 mm, 0.75 mm, and 1.00 mm from the 
interface of applied hydrogen: a) the first case, b) the second case. (M and S indicate the finite element 
simulation and manual calculation, respectively). 

constant hydrogen source as compared to the remote zone, which can also result in drastic 
rise of hydrogen concentration at the specific distances in a short time period (2000 
seconds) for the diffusion of hydrogen. 

In the second case, there is an indication of good agreement between finite element 
simulation and manual calculation for determining the hydrogen distribution based on the 
assumption of the semi-inifinite solids represented in Figure 3-10b. The hydrogen 
concentration at the specific points slowly increases even though the diffusion time 
continuously increases due to low values of the hydrogen diffusion coefficient specified for 
the finite elements adjacent to the surface of the applied constant hydrogen source. 

Therefore, the advanced finite element model can be accepted to be used to simulate 
hydrogen distribution taking account of the hydrogen diffusion coefficient dependent on 
temperature, in particular, for finite element modelling of welding processes with high 
reliability. 
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Hydrogen diffusion coefficients are very significant as material property for numerical 
simulation of hydrogen diffusion and can be determined by electrochemical techniques as 
previously described in Section 2.3.2. Additionally, due to the fact that the hydrogen 
subsurface concentration is a result of hydrogen uptake at the specimen surface during 
exposure to sour service environments, a hydrogen source for diffusion through solid 
materials can be influenced by the degree of H2S saturation in the standard test solution 
and by the material’s conditions, i.e. the as-quenched state and the as-delivered state. 
Thus, significant input data containing hydrogen diffusion coefficients, hydrogen subsurface 
concentrations and the failure criterion for numerical modelling of hydrogen assisted stress 
corrosion cracking are described in Section 3.2.5. 

3.2.3 Numerical Modelling Concept 
Following the CTOD concept, fracture can be regarded as a fracture sequence of a 

number of fictitious tensile specimens which are positioned along the crack path. Minimum 
crack propagation in the global tensile specimen is represented by failure in the specific 
fictitious tensile specimen just ahead of the crack tip. The fictitious tensile specimen will be 
fractured when the hydrogen concentration profile across the whole specimen reaches the 
critical value. This critical value is dependent on the respective mechanical load. Assuming 
a homogeneous microstructure, the critical hydrogen concentration is reduced by increasing 
the true fracture strain, furthermore, a definition of the crack growth behaviour can also be 
taken into account. For example, unstable crack propagation occurs when the failure of the 
first specimen adjacent to the crack tip immediately causes the failure of the next specimen, 
and so on, whereas, if the failure of the first specimen adjacent to the crack tip does not 
induce immediate rupture of all the subsequent specimen, stable crack propagation of the 
global tensile specimen can be defined.  

Therefore, the numerical modelling concept for simulating hydrogen assisted stress 
corrosion cracking can be established by assuming a sufficiently small size of the finite 
element representing a fictitious tensile specimen as schematically illustrated in Figure 
3-11. A calculation of the local strain of the finite element ahead of the crack tip can be 
carried out as a function of the global strain based on the Lidbury’s equation (2-54). This 
equation is used in the calculation because no analytical approach is up to now ascertained 
for calculating continuous crack propagation. The hydrogen distribution profile is calculated 
based on the Fick’s second law. Hydrogen subsurface concentration is constantly assumed 
to be applied to all nodes of the surface exposed to the electrolytic standard test solution 
with the specific level of H2S saturation, even though the stagnant solution in the cracked 
path and the freshly cracked surface may also influence the behaviour of hydrogen uptake 
by the material surface.  

Consequently, the interaction between local hydrogen concentration and local strain 
distribution in the finite element adjacent to the crack front is regarded by using the criterion 
equations (Equation (3-2) or Equation (3-3)). Comparison between the local hydrogen 
concentration and the critical value at the specific point in time is carried out. When the local 
hydrogen distribution profile across the whole first element at the crack tip reaches the 
critical value, the specific finite element, in which the crack propagation of the global 
specimen occurs, is deleted. 
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Figure 3-11: Schematic illustration of the concept of fictitious tensile specimens to simulate crack 
propagation with consideration of a local interaction for hydrogen assisted stress corrosion cracking[HAS 

108]. 

Since the modelling of continuous crack propagation concerns a number of finite 
elements as fictitious tensile specimens, a sequence in the numerical modelling program 
must be determined in order to clarify the complicated phenomenon of continuous crack 
propagation. 

3.2.4 Sequence of the Modelling Program 
Following the creation of the finite element model, an operation command for specifying 

the boundary conditions on the finite element model is required which can be generated by 
using either a graphical user interface (GUI), or a Macro-file. However, in the present work, 
the generation of only a Macro-file is highlighted because it offers a more convenient way to 
completely generate a numerical program for complicated calculation, and it enables the 
user to edit the program much quicker. 

Since the commercial finite element program, ANSYS, has been developed based on 
the FORTRAN programming language, the program structure for the Macro-file can be 
constructed in a similar approach as APDL (ANSYS Parametric Design Language). In 
general, a sequence of the numerical program. The flow chart showed in Figure 3-12 
outlines the route of the programme after the decision about the modelling concept has 
been taken. 

The program begins with a test specimen initially assumed to be in a hydrogen-free 
state, meaning that a very low hydrogen concentration (say 10-6 Nml (100gFe)-1) is applied 
to every node of the finite element model. Subsequently, the specific hydrogen subsurface 
concentration dependent on the H2S saturation is continuously applied to every node on the 
external surface of the specimen exposed to the electrolytic test solution at constant 
incremental time until the incubation time is reached at which the first series of finite 
elements in the crack path is deleted. 
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Figure 3-12: Flow chart for numerical modelling of hydrogen assisted cracking in a standard test 
specimen. 

The new analysis begins with the same conditions, i.e. hydrogen concentration, point in 
time, and local strain level, as those at the end of the previous step. At the same time, 
hydrogen subsurface concentration is initiated at every node on the newly cracked surface. 
The local hydrogen concentration and the local strain level at the node opposite to the crack 
tip in the first element is evaluated and compared to the critical hydrogen concentration in 
order to define the characteristic of crack propagation. Unstable crack propagation, i.e. 
Stage III, takes place when the local strain reaches the mechanical rupture strain of the 
material (overload) that will finish the running program by already described failure of the 
rest of the specimens. On the other hand, a comparison between the local hydrogen  
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Figure 3-13: Subsurface concentration and diffusion coefficients of supermartensitic stainless steel in 
the as-delivered and the as-quenched with respect to various levels of the H2S saturation in the NACE 
electrolytic solution at room temperature[HPD 21]. 

concentration and the critical hydrogen concentration is carried out if the specimen does not 
fail by overload, and the exact time for crack propagation is defined by an interpolation 
technique if the local hydrogen concentration reaches the critical value. Crack propagation 
will take place with deleting the first series of the elements ahead of the crack tip. In turn, if 
the hydrogen concentration at the detected point is still lower than the critical value, the 
program will continuously run for the next load step at the specific incremental time until the 
hydrogen concentration at the specific point reaches the critical value. Finally, the program 
ends when the crack length is equal to the diameter of the global specimen. 

3.2.5 Specific Input Data for Modelling  
In the following passages the basic input data for modelling hydrogen assisted cracking 

in supermartensitic stainless steel are represented. 

Boellinghaus et al.[HPD 21] experimentally determined hydrogen permeation and diffusion 
in supermartensitic stainless steel in the as-quenched state and the as-delivered state, 
which were examined in the NACE standard test solution with various levels of H2S 
saturation. The results clearly indicate that hydrogen diffusion coefficients in both the as-
delivered state and the as-quenched state are nearby independent of the degree of H2S 
saturation in the electrolytic standard test solution, but are dependent on their condition. 
Levels of hydrogen subsurface concentrations are directly proportional to the H2S saturation 
for both states of supermartensitic stainless steel as represented in Figure 3-13. Hydrogen 
diffusion coefficients of 3.7E-06 mm2·s-1 and of 1.8E-05 mm2·s-1, respectively, are defined in 
the finite element model as the material property for the as-delivered state and the as-
quenched state. Additionally, the effects of various H2S saturations in the NACE standard 
test solution on the hydrogen subsurface concentration are also taken into account in the 
numerical modelling as variable boundary conditions. 
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Table 3-2: Significant data of the as-delivered state and the as-quenched state of supermartensitic 
stainless steel for numerical modelling of HASCC. 

Delivered state Quenched state H2S Saturation 
[%] HDss 

[ml·(100gFe)-1] 
D 

[mm2·s-1] 
HDss 

[ml·(100gFe)-1] 
D 

[mm2·s-1] 
1 20 3.70E-06 3.20 1.8E-05 

10 35 3.70E-06 5.00 1.8E-05 
30 45 3.70E-06 6.00 1.8E-05 
50 50 3.70E-06 6.70 1.8E-05 

100 60 3.70E-06 7.40 1.8E-05 
 

Table 3-2 lists some significant data according to Figure 3-13, which are directly used 
for numerical modelling of hydrogen assisted stress corrosion cracking in supermartensitic 
stainless steel with respect to both the as-delivered state and the as-quenched state. 

Since as-quenched supermartensitic stainless steel weld metal and heat affected zone 
have experimentally been found after completed arc welding, the hydrogen diffusion 
behaviour, i.e. the hydrogen diffusion coefficient and the hydrogen subsurface 
concentration, of the weld metal and the heat affected zone are obviously different from 
those of the base metal (see Section 3.2.5). For instance, the NACE standard test solution 
with 1% H2S saturation leads to a hydrogen subsurface concentration of 3.20 ml·(100gFe)-1 
corresponding to a hydrogen diffusion coefficient of 1.80E-05 mm2·s-1 for the weld metal 
and the heat affected zone, whereas a hydrogen subsurface concentration of 20.00 
ml·(100gFe)-1 corresponding to a hydrogen diffusion coefficient of 3.70E-06 mm2·s-1 is 
found for the base metal. Therefore, the different hydrogen diffusion behaviour in each zone 
has to be defined as a material property (diffusion coefficient) and as a boundary condition 
(subsurface concentration) for the numerical modelling. 

Since the propagation of hydrogen assisted stress corrosion cracking is a time-
dependent phenomenon involving local interaction of hydrogen concentration and strain 
distribution, a failure criterion of the specific material is needed for integrating into the 
numerical program as the logical function for characterising the crack propagation. There 
are two important failure criteria for supermartensitic stainless steel that are employed for 
the present research: I) the first is the criterion for the as-delivered state as represented in 
Figure 3-14a and II) the second is the criterion for the as-quenched state as represented in 
Figure 3-14b. These criteria indicate that the critical hydrogen concentration is decreased 
by increasing the true fracture strain. The critical hydrogen concentration in the as-
quenched state is lower than that in the as-delivered state at the same level of true fracture 
strain. The reason for this is that the supermartensitic stainless steel in the as-quenched 
state is more susceptible to hydrogen assisted cracking and fails by greater loss in ductility. 
However, it should be recognised that both the hydrogen diffusion coefficient and the 
hydrogen subsurface concentration can be the chief factor characterising crack 
propagation. 

Based on the experimental determination performed by Boellinghaus et al.[SPM 33], the 
mathematical models corresponding to Figure 3-14 for calculating the critical hydrogen 
concentration as a function of the true fracture strain derived by linear regression can be 
expressed as follows: 
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a) As-delivered state. b) As-quenched state. 

Figure 3-14: Critical hydrogen concentration dependent on the true fracture strain of supermartensitic 
stainless steel: a) As-delivered state, b) As-quenched state[SPM 33]. 

[ ] ( ) ( ) 3060.169447.95.4exp2490.64HD truetruecrit +⋅−⋅−= εε  (3-2) 

given for supermartensitic stainless steel in the as-delivered state. And 

[ ] ( ) ( ) 5320.45953.32.5exp3410.6HD truetruecrit +⋅−⋅−= εε  (3-3) 

given for supermartensitic stainless steel in the as-quenched state, where [ ]critHD  is the 
critical hydrogen concentration and trueε  is the true fracture strain. 

In general, the finite element simulation needs adequate material properties for 
obtaining exact results. Still, there is a lack of exact data, and thus, efforts to modify 
material properties based on the general knowledge of material behaviour have been made 
in order to further develop the finite element modelling for supermartensitic stainless steels. 
Significant material properties as a function of the temperature of supermartensitic stainless 
steel, i.e. specific density, heat convection coefficient, specific heat capacity, and thermal 
conductivity for the temperature analysis are represented in Figure 3-15. These have been 
obtained from Richter[GEN 31] giving the values for similar steels having a high carbon 
content. 

These basic material properties are employed in the modelling program for calculating 
the temperature distribution resulting form the temperature gradient. Additionally, the 
structural analysis requires mechanical material properties dependent on temperature, 
since the stress-strain distribution during welding and subsequent cooling is partly of the 
main causes of the phenomenon of hydrogen assisted cold cracking due to consequent 
effects of thermal contraction. 
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c) Specific heat capacity d) Thermal conductivity 

Figure 3-15: Significant material properties dependent on temperature for numerical modelling in 
temperature analysis: a) Specific density, b) Heat convection coefficient, c) Specific heat capacity, d) 
Thermal conductivity. 

True stress-strain relationship of supermartensitic stainless steel at room temperature is 
represented in Figure 3-16a. The engineering stress-strain flow curve with a tensile proof 
stress of 770 MPa and an ultimate tensile stress of 870 MPa has been converted into both 
a multi-linear flow curve and a bilinear flow curve for the numerical finite element simulation. 
Since the determination of the multi-linear flow curve is more complicated than that of the 
bilinear flow curve, bilinear flow curves dependent on temperature based on actual stress-
strain relationship of supermartensitic stainless steel for the base metal have been modified 
as shown in Figure 3-16b. Due to the fact that the weld metal and the heat affected zone 
have higher levels of elastic-plastic transformation stress as well as higher work hardening 
effects, in particular at ambient temperature than those of the base metal, the stress-strain 
relationships of the heat affected zone and the weld metal dependent on temperature have 
been modified as represented in Figure 3-16c and Figure 3-16d, respectively. It has to be 
mentioned that such curves represent a simplification of the true stress-strain behaviour of 
the materials as shown in Figure 3-16a by the bilinear flow curve. 

The calculation of stress-strain distribution due to thermal contraction caused by the 
temperature gradient needs further material properties including thermal expansion 
coefficient and Poisson’s ratio. Figure 3-17a represents the thermal expansion coefficient of 
supermartensitic stainless steel as a function of temperature for the base metal. But, for the  
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c) Modified values for the heat affected zone d) Modified values for the weld metal 

Figure 3-16: Stress-strain relationship of supermartensitic stainless steel as material property for 
numerical modelling in structural analysis: a) Experimental investigation at room temperature[GEN 19], b) 
Modified values dependent on temperature for the base metal, c) Modified values dependent on 
temperature for the heat affected zone, d) Modified values dependent on temperature for the weld 
metal. 

heat affected zone and the weld metal, there is great difference in the thermal expansion 
coefficient as compared with the base metal, because these values are strongly dependent 
on the type of microstructure formation, e.g. austenitic structure, martensitic structure, etc. 
This reason is also valid for the Poisson’s ratio value which is represented in Figure 3-17b 
for the base metal. The effect of austenite-martensite transformation on a rise of thermal 
expansion coefficients during of components to room temperature has not been taken into 
account in the modelling because this effect is not remarkable for supermartensitic stainless 
steel. 

Although the significant material properties for both the temperature analysis and the 
structure analysis have completely been described above, the calculation of hydrogen 
assisted cold cracking cannot be complete if the important analysis of hydrogen distribution 
in the welded component is not simultaneously performed. Therefore, significant material 
properties for hydrogen diffusion analysis should particularly be described because up to 
date the commercial finite element program offers no option for taking account of the 
material properties with a view to the diffusion coefficient as a function of temperature. 
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a) Thermal expansion coefficient b) Poisson’s ratio 

Figure 3-17: Material properties of supermartensitic stainless steel as a function of temperature: a) 
Thermal expansion coefficient, b) Poisson’s ratio[GEN 31]. 

Two quantitative influences of stress and trapping effects on the hydrogen diffusion 
behaviour are still contrary to each other, but there is clearly a number of evidences 
showing that the hydrogen diffusion behaviour is drastically governed by temperature, in 
particular as concerns hydrogen distribution during the welding process[HAC 21]. In contrast, 
the temperature effect on the hydrogen diffusion behaviour can better be evaluated and will 
be highlighted in the following passages. 

As previously described, thermal analysis is normally employed for the diffusion analysis 
based on Fourier’s equation (see Equation (2-67)) so that the transformation of the thermal 
conductivity, Kxx, into the mass diffusion coefficient, Dxx, is needed. This can simply carried 
out by defining the material density and the specific heat capacity to be a unity. The relation 
between the mass diffusion coefficient and the thermal conductivity is generally described 
by: 

p

xx
xx C

K
D

⋅
=

ρ
 (3-4) 

Figure 3-18 represents the scatterband of the hydrogen diffusion coefficient in steels 
having austenitic decomposition microstructure and in supermartensitic stainless steel as a 
function of temperature. It clearly shows that at high temperature the hydrogen diffusion 
coefficient becomes higher than at room temperature by several orders of magnitude and 
the hydrogen diffusion coefficient of steels is lowered by the presence of some austenitic 
decomposition microstructure in the matrix material. 

For analysing the hydrogen distribution in girth welds of supermartensitic stainless steel 
pipelines, the flow curve of the hydrogen diffusion coefficient of supermartensitic stainless 
steel can be applied to the modelling program as the material property. The Arrhenius 
exponential forms of the hydrogen diffusion coefficient of as-delivered supermartensitic 
stainless steel are listed in Table 3-3. In the heating up process, the hydrogen diffusion 
coefficient of the as-delivered steel with martensitic microstructure exponentially increases 
with increasing temperature until about 700°C, becomes lower due to the presence of 
austenitic microstructure and increases again when the austenite completely transforms to 
delta-ferrite. 
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Figure 3-18: Scatterband of hydrogen diffusion coefficients in steels having austenic decomposition 
microstructure and in supermartensitic stainless steel as a function of temperature used for numerical 
modelling[HPD 69]. 

 

Table 3-3: Hydrogen diffusion coefficients of supermartensitic stainless steel pipelines in the Arrhenius 
form for the base metal. 

Temperature
[°C]

Diffusion coefficient
[mm ·s ]2 -1

Temperature
[°C]

Diffusion coefficient
[mm ·s ]2 -1

20-700 
700-1200 
1200-1470 

>1470 

(Martensite)
(Austenite)

( -ferrite)

(Liquid)

δ

0.15exp(-3100/T)
0.895exp(-5205/T)
0.253exp(-3001/T)
0.348exp(-1975/T)

>1470 
1470-1200 
1200-150 
150-100 

100-20 

(Liquid)

( -ferrite)
(Austenite)

(Phase trans.)
(Martensite)

δ

0.348exp(-1975/T)
0.253exp(-3001/T)
0.895exp(-5205/T)

((-4.5423E-07)·T)+1.9622E-04
0.15exp(-3100/T)

Heating up Cooling down

 
 

Table 3-4: Hydrogen diffusion coefficients of supermartensitic stainless steel pipelines in the Arrhenius 
form for the heat affected zone and the weld metal. 

Temperature
[°C]

Diffusion coefficient
[mm ·s ]2 -1

Temperature
[°C]

Diffusion coefficient
[mm ·s ]2 -1

20-700 
700-1200 
1200-1470 

>1470 

(Martensite)
(Austenite)

( -ferrite)
(Liquid)

δ

0.535exp(-3000/T)
0.895exp(-5205/T)
0.253exp(-3001/T)
0.348exp(-1975/T)

>1470 
1470-1200 
1200-150 
150-50 

50-20 

(Liquid)
( -ferrite)

(Austenite)
(Phase trans.)
(Martensite)

δ

0.348exp(-1975/T)
0.253exp(-3001/T)
0.895exp(-5205/T)

((-4.5423E-07)·T)+1.9622E-04
0.535exp(-3000/T)

Heating up Cooling down
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In the cooling process, the hydrogen diffusion coefficient is similar to that in the heating 
up process for the liquid state, delta-ferrite and austenitic range, but the important point is 
that austenitic microstructure still remains until the martensite-start temperature (say 150°C) 
is reached, and it completely transforms to martensite at 100°C. 

Because of the higher cooling rate in the weld metal and its neighbouring zones 
compared to that in the remote zones of girth welded supermartensitic stainless steel 
pipelines, the as-quenched state of the weld metal and the heat affected zone is normally 
obtained. Table 3-4 represents the Arrhenius exponential forms of the hydrogen diffusion 
coefficient of the quenched state which has a hydrogen diffusion coefficient five times 
higher than the delivered state and the martensite finish temperature is also lower 
(approximately 50°C)[HPD 21], [HPD 22].  

3.2.6 Modelling of HASCC at Pipeline Welds 
Joining of larger dimensioned pipes will produce respectively high transverse reaction 

forces depending on the transverse shrinkage restraint. Therefore, a large scale test facility 
with the capacity of carrying or introducing loads up to 16 MN in the horizontal direction is 
intentionally used to investigate and simulate failure behaviour of such pipes caused by 
thermo-mechanical effects during welding and cooling. In orbital fabrication welding of 
supermartensitic stainless pipes, the welds were performed by orbital pulsed TIG welding of 
four layers. The slightly various values of average heat input ranging at about E1 = 0.8 
kJ·mm-1, E2 = 1.1 kJ·mm-1, E3 = 1.1 kJ·mm-1 and E4 = 1.1 kJ·mm-1 were performed for each 
layer. Welding parameters such as base current, travel speed and electrode weaving were 
varied during welding in order to optimise the weld pool shape in down and up hill position. 
An interlayer temperature was about 40°C in order to ensure that the microstructure of the 
weld metal and neighbouring zones fully transforms into martensitic microstructure which 
can facilitate component strength improvement. 

A graphic sketch with the dimensions of the assembled pipeline is represented in Figure 
3-19a. The original pipeline has an external diameter of 323 mm, a wall thickness of 6 mm 
and a length of 700 mm. This pipe was machined at each end to form the test gauge with a 
length of 60 mm and to reduce the wall thickness to 0.5 mm as well as to provide a U -joint 
preparation. In order to arrange for the test volume to be available for the NACE standard 
test solution, a backing plate with upper limit diameter of 311 mm is fabricated from 
supermartensitic stainless steel and assembled by anchor welds in a distance of 250 mm 
from the end of the component where the machined part begins. The other component is 
fabricated in the same procedure as described above. The two component parts are finally 
joined to each other by TIG welding process giving a test volume of around 40 litre. 

The purpose of the gauge section is to ensure that the crack will occur only in the area 
of the welded joint which is highly useful for comparing the actual characteristic of the 
susceptibility to hydrogen assisted stress corrosion cracking in the base metal, the heat 
affected zone and the weld metal.  

3.2.6.1 Description of the Test Procedure 
The interaction between local hydrogen concentration and stress-strain distribution in a 

specific material will lead to component failure, which must be taken into account in finite 
element simulation of hydrogen assisted stress corrosion cracking in assembled pipelines.  
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Figure 3-19: Dimensions of supermartensitic stainless steel pipeline orbitally welded with four layers of 
matching filler wires materials. 

After assembly of the pipeline by TIG welding with four layers of matching material, which is 
practically accomplished on the GAPSI 16 (see Section 2.7.2.2), the test volume is filled up 
with the NACE standard test solution in order to simulate hydrogen uptake on the inside 
surface of the pipeline. External application of mechanical loads can be performed by using 
the loading system of the GAPSI 16 as schematically represented in Figure 3-20. H2S 
saturation is usually added to the test solution to adjust the hydrogen uptake capability of 
the component surface. 

In order to gain a basic knowledge of the modelling procedure and its respective results 
in comparison to respective slow stain rate test, it was first assumed that the component is 
subjected to constant strain rates ranging between 1.0E-07 to 1.0E-05 s-1 and is exposed to 
the electrolytic NACE solution at 1, 10, 30, 50 and 100% H2S saturations. The respective 
hydrogen diffusion coefficients were 3.70E-06 mm2·s-1 and 1.80E-05 mm2·s-1 for the as-
delivered and as-quenched materials, respectively. The respective hydrogen subsurface 
concentrations can be taken from Table 3-2. In additional to this, the modelling was 
adjusted to the real component test. 

With these basic considerations in mind, the first attempts have been undertaken to 
model the performance of supermartensitic stainless steel pipelines more realistically, in 
particular with respect to the load history of the large-scale test. Consistent with the 
component test, constant global straining of the pipe at ε = 0.1% has been assumed, 
corresponding to a stress distribution of around 250 MPa introduced during welding and 
cooling of the pipe at realistic low shrinkage restraints. For three weeks, the pipe has 
internally been exposed to this stress-strain level and to a realistic sour service condition. 
After that period, the welded component was stepwise strained each day at rates of around 
1.0E-05 s-1 to 70% and 100% of the weld metal yield strength, corresponding to simulated 
global strains of ε = 0.3% and ε = 0.5%, respectively.  

Subsequently, straining of the weld metal up to ε = 3% and finally to ε = 5% has been 
performed in the experiments and has been numerically modelled, respectively. Hydrogen 
subsurface concentration corresponding to exposure of the welded pipeline to the NACE 
standard test solution with 1% H2S saturation is applied to all nodes of the internal pipeline 
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Figure 3-20: Schematic illustration of boundary conditions for testing hydrogen assisted stress 
corrosion cracking in the orbitally welded pipeline.  

surface. However, it should be noted that constant H2S saturation in the standard solution 
can cause in different levels of hydrogen subsurface concentration between the as-
delivered state, i.e. the base metal, and the as-quenched state, i.e. the weld metal and the 
heat affected zone. 

3.2.6.2 Numerical Modelling Program Sequences 
The basic principle of modelling of hydrogen assisted stress corrosion cracking under 

the NACE standard test approach can successfully be modified for such a phenomenon in 
welded pipelines. The flow chart for modelling hydrogen assisted stress corrosion cracking 
in the supermartensitic stainless steel pipeline with three predefined cracking paths is 
represented in Figure 3-21. 

The beginning of the modelling program for pipeline girth welds is in principle similar to 
that of the modelling program for the NACE standard test, but a number of definitions for 
variables and array parameters are required. The first series of finite elements is deleted 
when the total running time of the program reaches the specific incubation time. This is the 
point at which the new running of the program begins with constant incremental time. The 
purpose of the first check in the program is to detect the actual local strain in the first 
element ahead of the crack tip in each predefined cracking path. If the local strain of any 
specific element exceeds the true fracture strain of the material, the program is over, and 
the failure of the component is influenced by a mechanical overload. 

On the other hand, the check for detecting the hydrogen concentration level at the first 
specific point beneath the crack front in each predefined cracking path with the aim of 
generating an analogue signal is carried out when the component does not fail by 
mechanical overload. If the local hydrogen concentration at the specific point reaches the 
critical value, the analogue signal is at a switch-on position. Subsequently, the analogue 
signals from each predefined cracking path are combined to form a signal, i.e. “Comcrack”, 
in a evaluation unit. If the signal combination gives a result equal to zero, i.e. there is no 
occurrence of cracks, the program is repeated with the constant incremental time. In turn, if 
the result from the signal combination is not equal to zero, the interpolation technique is 
employed to determine the exact time for crack propagation. The crack propagation is 
characterised by deleting the first series of finite elements ahead of the crack tip in each 
predefined cracking path representing the switch-on situation. 
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Figure 3-21: Flow chart for modelling HASCC in the welded pipeline with three predefined cracking 
paths in the welded metal, the heat affected zone and the base metal. 

The last main step of the modelling program is to individually compare the actual crack 
length with the total crack length. If the actual crack length is equal to the total crack length, 
the running program is over. In turn, the program is continuously repeated at constant 
incremental time if the actual crack length is still lower than the total crack length. 

3.2.7 Modelling of HACC at Pipeline Welds  
Hydrogen assisted cold cracking in girth welds of supermartensitic stainless steel 

pipeline is one of the main topics in the present research. This type of cracking occurs when 
the assembled component experiences fabrication welding which has been deduced to be 
a main cause for building up sufficient stress-strain levels and increasing local hydrogen  
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Figure 3-22: Overview of major effects on the behaviour of hydrogen assisted cold cracking in welded 
components. 

concentration as well as generating some susceptible microstructures. In finite element 
modelling of hydrogen assisted cold cracking, three calculable fields have to be considered 
concurrently, i.e. thermal analysis, structural analysis and hydrogen diffusion analysis. 
However, it should be remarked that these analyses can be influenced by metallurgical 
effects in terms of material properties dependent on temperature and on specific 
microstructures as represented in Figure 3-22. 

The correlation between temperature distribution, stress-strain distribution and hydrogen 
distribution must be established in numerical modelling. However, the most important 
parameter to dominate the cracking characteristic is metallurgical behaviour with respect to 
material properties dependent on the hydrogen concentration. Furthermore, the effects of 
temperature on stress-strain distribution and on hydrogen diffusion are also taken into 
account for modelling hydrogen assisted cold cracking in welded components. Due to the 
lack of the certain mechanism of local interaction between hydrogen and mechanical 
effects, hydrogen distribution directly coupled with the effects of stress-strain distribution in 
component cannot clearly be simulated using numerical modelling up to date. But, the new 
scatterbands of hydrogen diffusion coefficients can effectively be applied to such numerical 
modelling for analysing hydrogen diffusion with taking account of all mechanical effects 
which act as enhanced and/or hindered factors for hydrogen diffusion behaviour[HPD 68]. 

3.2.7.1 Definition of Boundary Conditions  
Because the purpose of hydrogen distribution simulation during girth welding with 

subsequent cooling of supermartensitic stainless steel pipeline is to assess the hydrogen 
assisted cold cracking susceptibility, the boundary conditions which can affect the 
remaining local hydrogen concentration should first be defined.  

In general, local hydrogen concentration and hydrogen distribution are directly governed 
by two main phenomena, i.e. hydrogen diffusion and hydrogen effusion[HAC 21]. Hydrogen 
diffusion describes changing levels of hydrogen concentration due to its chemical potential 
in solid materials, but the hydrogen concentration in the solid materials may also be quickly  
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Figure 3-23: Schematic illustration of hydrogen diffusion and effusion reactions influencing the local 
hydrogen concentration in welded components. 

lowered when hydrogen effusion takes place. Usually, hydrogen effusion is the loss of 
hydrogen at the surface by complete oxidation and desorption so that a hydrogen 
concentration of zero can be assumed for finite element modelling. 

As schematically illustrated in Figure 3-23, the amount of hydrogen uptake in the weld 
metal during welding can subsequently be reduced by the hydrogen diffusion and effusion 
reaction with increasing cooling time. It should be noted that the hydrogen concentration in 
the heat affected zone and its neighbourhood is increased by hydrogen diffusion from the 
weld metal, and that the hydrogen concentration in every zone is decreased by the effusion 
phenomenon, which will influence the total hydrogen concentration of welded components 
with relatively small thickness. 

Additionally, in which multi-run arc welding experiencing a greater loss of hydrogen in 
the early welded layer, the high hydrogen diffusion coefficient due to the high temperature 
of fabrication welding plays a significant role for the diffusion and effusion phenomena. 

Thus, both diffusion and effusion must be taken into account for the finite element 
modelling of hydrogen distribution in order to precisely determine the actual remaining 
hydrogen concentration which strongly affects the characteristic of cold cracking in welded 
components.  

3.2.7.2 Numerical Modelling Sequences 
Since arc welding fabrication impacts the hydrogen assisted cold cracking susceptibility 

of components, it is of vital importance for finite element structure and diffusion analyses to 
perform preliminary temperature analyses during welding and subsequent cooling for 
quantitative temperature distribution assessment as a function of time. 

In the initial state of temperature distribution analysis during welding, homogeneous 
temperature is applied to every node in the weld metal rising from room temperature to 
above the melting point of the given material, i.e. to 1550°C for supermartensitic stainless 
steel, within 1 second and holding time of 2 seconds. Subsequently, the temperature drops 
involving a heat loss due to the convection action on the surface of the finite element model 
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exposed to ambient temperature, and due to the thermal gradient effect. The temperature 
analysis is performed until cooling the temperature of the finite element model reaches the 
specific interpass temperature, i.e. 40°C, which was used in the investigation experiment.  

Based on practical girth welding of supermartensitic stainless steel with four layers of 
matching filler material, further temperature analysis must be performed for the additional 
welding operation by finite element simulation under the same conditions defined for the 
first temperature analysis. For the last layer, the temperature distribution in the finite 
element model, after application of temperature to the nodes in the weld metal, is calculated 
until the temperature of the finite element reaches ambient temperature (≈ 20°C). 

Since traditional finite element simulation cannot be applied directly to welding 
technology due to disappearance of the finite elements in the weld metal before the welding 
operation starts, the option of active-deactive finite element technique, namely the Birth and 
Death elements, is required as a special tool for finite element simulation in welding. 

Because of the direct connection in structural analysis and hydrogen distribution 
analysis with the thermal analysis, the calculated results from the temperature distribution 
analysis must be saved for two subsequent further simulations.  

Following the temperature analysis, parallel simulations of structural analysis and 
hydrogen distribution analysis are performed by re-calling the saved results of the 
temperature analysis as shown in Figure 3-24. In the structural analysis, the finite element 
type “PLANE 55” in the model for the temperature distribution calculation must be changed 
to the element type “PLANE 42” for the stress-strain distribution analysis, whereas the 
original finite element type in the previous simulation of the thermal analysis is still used for 
the hydrogen distribution analysis. 

In the structural analysis, both ends of the finite element model are firmly constrained 
without any movement in both the X–and Y–direction throughout the simulation. In the 
thermal analysis the actual temperature level at the specific time is read from every node 
and directly applied to the same node in the finite element model for the structural analysis 
as the body load (see Table 3-1). However, it must be recognised that the specific time for 
reading temperature from the thermal analysis must exactly be the same for the respective 
node in the structural analysis. This means that the simulation sequence, i.e. the specific 
incremental time, of the thermal analysis must correlate with that of the structural analysis. 

The hydrogen diffusion analysis appears different from the structural analysis because 
the temperature level from the thermal analysis cannot directly be applied to the hydrogen 
distribution analysis as any kind of load at the nodes of the finite element model. Hence 
further modification is required in the finite element method for hydrogen distribution 
simulation taking account of a specific material property, i.e. the hydrogen diffusion 
coefficients, dependent on temperatures based on the principle of the thermal analysis. In 
the thermal analysis, the average temperature at the specific time of every finite element is 
read from every finite element in the temperature analysis, and is which is then used as the 
reference temperature for changing the hydrogen diffusion coefficients calculated with the 
Arrhenius equation (see Table 3-3 and Table 3-4). Therefore, the finite element model 
consists of a number of hydrogen diffusion coefficients at the specific point in time due to 
the generation of a temperature gradient. 
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Figure 3-24: Flow chart of numerical modelling of hydrogen assisted cold cracking in the orbitally 
welded supermartensitic stainless steel pipeline. 

In order to examine effects of initial hydrogen concentration on the local hydrogen 
distribution and on hydrogen assisted cold cracking susceptibility of the welded component, 
various amounts of hydrogen uptake, i.e. 2.50, 5.00, 7.50, 10.00, 15.00 and 20.00 
ml·(100gFe)-1 in the weld metal during welding are assumed and applied to every finite 
element node existing in the weld metal. During the subsequent cooling process, a 
hydrogen concentration of zero (0 ml·(100gFe-1)) is applied to the nodes on the surface 
exposed to ambient environments because either total oxidation or total hydrogen 
desorption has been assumed. Until the temperature of the component arrives of the 
specific interpass temperature, i.e. 40°C, the generation of finite elements for the new layer 
with the same level of hydrogen concentration as in the first layer is begun within the 
specific welding time, followed by the cooling process with the loss of hydrogen at the 
surface exposed to ambient environments until the specific interpass temperature is 
reached. For the next layer, the same procedure as previously described is performed, but 
the extent of the cooling time to room temperature for the last layer is simulated for 
hydrogen diffusion and effusion. 

Due to the fact that hydrogen assisted cold cracking of supermartensitic stainless steel 
usually appears at temperatures below the Mf-temperature, the numerical finite element 
simulation of such phenomenon can be carried out at near ambient temperature. The local 
hydrogen concentration from the hydrogen diffusion analysis and the local strain distribution 
from the structural analysis are evaluated together at the central unit in order to state the 
susceptibility of the welded component to hydrogen assisted cold cracking. A risk of cold 
cracking can be excluded if the local hydrogen concentration is lower than the critical value 
decreased by increasing the local strain level. In the case that the local hydrogen 
concentration at any node in the predefined cracking path both in the weld metal and the 
heat affected zone reaches the critical level, the location of crack initiation can be defined 
by deleting the element arranged in the vicinity to the highest local hydrogen concentration. 

In order to define the direction of crack propagation, a comparison between hydrogen 
concentration at the first node opposite to the crack front on the upper side and lower side 
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has to be carried out with increased specific time intervals. If both nodes have hydrogen 
concentrations at least equal to the critical value, crack propagation may take place in both 
downward and upward direction. On the other hand, crack propagation will appear in that 
preferential direction where the local hydrogen concentration at the specific node in that 
direction reaches the critical value. The crack propagation is continuously simulated with 
increased specific time interval and will be ceased if the local hydrogen concentration at the 
specific node cannot reach the critical value. 
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4 RESULTS AND DISCUSSION 
The results of numerical finite element simulation of hydrogen assisted cracking in 

supermartensitic stainless steel are represented and discussed in this Chapter. First of all, 
the simulation of hydrogen assisted stress corrosion cracking in supermartensitic stainless 
steel based on the slow strain rate test has been modelled taking account of various test 
parameters such as hydrogen subsurface concentration, global strain rate, local strain 
factor, etc. Furthermore, the effects of the crack tip angle and the specimen condition, i.e. of 
the as-quenched state, has been simulated in order to evaluate the susceptibility of the 
material to hydrogen assisted stress corrosion in terms of the time to failure. 

In the second part, the numerical simulation of hydrogen assisted stress corrosion 
cracking in girth welds of supermartensitic stainless steel pipelines is demonstrated. Such 
analyses have been carried out in order to calculate the lifetime of the pipeline exposed to 
the NACE test solution with different levels of H2S saturation. The mechanical effects, i.e. 
global strain rate and the local strain factor, have also been taken into account for lifetime 
assessment of pipelines. Additionally, realistic pipeline test conditions have been 
transferred to the numerical finite element simulation in order to correlate the simulation 
results with the experimental determination. 

Since hydrogen assisted cold cracking phenomena can influence the lifetime of welded 
pipelines joined by arc welding processes, the numerical finite element simulation of 
hydrogen assisted cold cracking in girth welds of supermartensitic stainless pipelines is 
performed with the aim of evaluating the effect of local hydrogen concentration resulting 
from hydrogen uptake in the weld metal during welding on the susceptibility of the welded 
pipelines to hydrogen assisted cold cracking. All results from the simulation of cold cracking 
are represented and discussed in the last part of this Chapter. 

4.1 Modelling of HASCC based on NACE Standard Test Method 
In order to study the effects of test parameters on the susceptibility of supermartensitic 

stainless steel to hydrogen assisted stress corrosion cracking, the numerical finite element 
simulation is employed to calculate the lifetime of the material based on the NACE standard 
test method. 

As previously described, the two-dimensional finite element model is appropriate for 
characterising the crack propagation behaviour better than the three-dimensional finite 
element model as shown by obvious illustrations of the crack propagation direction[HAS 108].  

The simulation of hydrogen assisted stress corrosion cracking in supermartensitic 
stainless steel with a hydrogen diffusion coefficient of 3.7E-06 mm2·s-1 has been carried out 
at a local strain factor of 5 with using the test conditions of 50.00 ml·100gFe-1 in the 
hydrogen subsurface concentration and of 1.0E-06 s-1 in the global strain rate as indicated 
in Figure 4-1. 

A specific time of 5,000 seconds has been assumed as crack incubation time for 
initiating a crack with a length of 0.1 mm by deleting the first finite element series. 
Subsequently, the hydrogen subsurface concentration has been applied to the newly  
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a) t = 5,000s, a = 0.1 mm b) t = 52,176s, a = 0.4 mm c) t = 76,586s, a = 0.9 mm 

 
d) t = 112,216s, a = 1.9 mm e) t = 138,444s, a = 2.9 mm f) t = 159,525s, a = 3.9 mm 

 
g) t = 173,577s, a = 4.9 mm h) t = 173,950s, a = 5.9 mm i) t = 173,952s, a = 6.4 mm 

Figure 4-1: Crack propagation and hydrogen distribution profile of hydrogen assisted stress corrosion 
cracking of supermartensitic stainless steel in the as-delivered state (Assumption: ε´glob= 1.0E-06 s-1, D 
= 3.7E-06 mm2·s-1, HDss = 50.00 ml·(100gFe)-1, K-factor = 5). 

cracked surface which is directly exposed to the electrolytic solution. During the test with 
application of global monotonic tensile load at the specific constant strain rate, the test 
specimen has continuously been pulled in transverse direction to the crack propagation, i.e. 
in Mode I, with increasing time. In this procedure, hydrogen subsurface concentration has 
sufficient time to augment the local hydrogen concentration ahead of the crack tip. 

Crack propagation takes place when the local hydrogen concentration reaches the 
critical value by deleting a series of finite elements adjacent to the crack front. In the first 
stage, crack propagation proceeds very slowly because the critical hydrogen concentration 
affected by the local strain remains at a high level, whereas the local hydrogen 
concentration is also not sufficient for crack propagation due to the short diffusion time. For 
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example, a crack length of 0.9 mm (14% of the total crack length) has consumed a time of 
76,586 seconds (about 44% of the time to specimen failure). 

Standard test specimen failure can be in terms of rapid ductile rupture as the case 
where a crack propagates through the diameter of the gauge section. As shown in Figure 
4-1, the time to specimen failure is 173,952 seconds at a crack length of 6.4 mm. 

However, the material properties against hydrogen assisted stress corrosion cracking 
can obviously be evaluated by plotting crack length versus time diagrams which exhibit also 
very useful crack propagation characteristics, i.e. crack initiation, stable crack propagation 
and unstable crack propagation as well as time to specimen failure under different 
boundary test conditions. 

4.1.1 Effects of Hydrogen Subsurface Concentration 
During testing, the specimen is exposed to the NACE electrolytic solution with various 

levels of H2S saturation providing different levels of hydrogen uptake at the global surface 
and at the newly cracked surface. As previously represented in Figure 3-13 (Section 3.2.5), 
the hydrogen subsurface concentration has been affected by the H2S saturation level in the 
electrolytic solution.  

For the as-delivered supermartensitic stainless steel, the effect of H2S saturations of 
1%, 10%, 50%, and 100% provided the hydrogen subsurface concentration of 20.00 
ml·(100gFe)-1, 35.00 ml·(100gFe)-1, 50.00 ml·(100gFe)-1 and 60.00 ml·(100gFe)-1 (see Table 
3-2), respectively, on the crack propagation characteristics and on the time to specimen 
failure has been studied in this section by numerical finite element simulation. Furthermore, 
the effect of the global constant strain rate on the cracking behaviour with respect to 
different hydrogen subsurface concentration has also been studied at the specific constant 
local strain factor of 1. 

Figure 4-2a represents the crack length versus time simulation diagram obtained at a 
global constant strain rate of 1.0E-04 s-1. The crack propagation behaviour and the time to 
specimen failure are influenced by the mechanical load rather than by the various hydrogen 
subsurface concentrations because the specimen fails within a short period, i.e. 15,300 
seconds after the external application of tensile load. This means that the mechanical load 
increases very rapidly and hydrogen has no time to diffuse to the tip of the propagating 
crack. 

Figure 4-2b shows the simulation results from the test specimen subjected to a constant 
global strain rate of 1.0E-05 s-1. The crack propagation behaviour, e.g. the stable crack 
growth and the time to failure, are dependent on various levels of hydrogen subsurface 
concentration. For example, the time to failure of 134,940 seconds simulated with a 
hydrogen subsurface concentration of 20.00 ml·(100gFe)-1 is decreased to 89,960 seconds 
when a hydrogen subsurface concentration of 60 ml·(100gFe)-1 has been applied to the test 
specimen. This shows that hydrogen diffusion takes place and respective critical 
concentrations are reached earlier with increased subsurface concentrations. 

In the case where global tensile strain is used to pull the specimen at a constant rate of 
1.0E-06 s-1, hydrogen has sufficient time to diffuse from the subsurface into regions further 
below, in particular into the region ahead of the crack tip, so that the local hydrogen 
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c) Global constant strain rate of 1.0E-06 s-1 d) Global constant strain rate of 1.0E-07 s-1 

Figure 4-2: Crack length versus time of the standard test specimen subjected to global constant strain 
rates in the range of 1.0E-04 to 1.0E-07 s-1 with respect to different levels of hydrogen subsurface 
concentration. 

concentration is continuously increased. The calculated results are represented in Figure 
4-2c. Similar to the strain rate of 1.0E-05 s-1, there is no evidence that the real mechanical 
load can rupture the specimen by overload. The interaction between local hydrogen 
concentration and the local strain ahead of the crack tip plays a significant role in controlling 
the crack propagation behaviour and the time to failure by increasing the local hydrogen 
concentration through prolonged diffusion time. Therefore, both an increased time to 
specimen failure and an extended stable crack growth range result from a reduction of the 
hydrogen subsurface concentration. A change in hydrogen subsurface concentration from 
20.00 ml·(100gFe)-1 to 60.00 ml·(100gFe)-1 can reduce the time to specimen failure from 
741,555 seconds to 376,432 seconds. 

Due to the fact that increasing the time to failure is connected with decreased constant 
global strain rate, it is very interesting to study the crack propagation behaviour in terms of 
the cracking mode, i.e. cleavage, micro-void coalescence, etc., since prolonged diffusion 
time may involve much deeper hydrogen diffusion from the subsurface into the matrix 
material. Therefore, the numerical finite element simulation has been carried out at a 
constant strain rate of 1.0E-07 s-1 with respect to the various hydrogen subsurface 
concentrations. The results from the simulation are represented in Figure 4-2d. Focusing on 
the crack propagation behaviour is a matter of special interest because the first crack 
propagation after crack initiation requires much more time, say 96%, of the total time to 



4. Results and Discussion 

111 

failure (4,644,650 seconds) simulated with a hydrogen subsurface concentration of 20.00 
ml·(100gFe)-1, and 65% of the total time to failure (1,381,800 seconds) simulated with a 
hydrogen subsurface concentration of 60.00 ml·(100gFe)-1. This means that the crack 
propagation is caused by saturated local hydrogen concentration due to an increase in the 
diffusion time influenced by the relatively low global strain rate. The first crack propagation 
in the first finite element series can cause rupture in the next finite element series without 
requiring more diffusion time because there is already sufficient local hydrogen 
concentration for crack propagation. Additionally, cleavage crack morphology caused by 
higher hydrogen concentrations may be identified for assessing the cracking characteristic 
of the test specimen.  

Although the study on hydrogen assisted stress corrosion cracking in metallic materials 
needs an appropriate level of global strain rate without mechanical overload during the test, 
a global strain rate lower than 1.0E-07 s-1 is not recommended for investigating the 
susceptibility of the material to hydrogen assisted stress corrosion cracking, since it would 
require a long period of time for testing without yielding valuable results[HAS 87],[HAS 90]. 

Figure 4-3 shows the time to failure of the specimen dependent on H2S saturations in 
the NACE standard solution at various levels of local strain rates. 

As represented in Figure 4-4, the time to failure of the as-delivered supermartensitic 
stainless steel has been calculated as a function of the local strain rate with respect to 
different hydrogen subsurface concentrations. 

A high local strain rate, e.g. 1.0E-04 s-1, produces no effects of the various hydrogen 
subsurface concentrations on the time to failure, whereas a gradually reduced local strain 
rate shows differences in the time to failure between high and low hydrogen subsurface 
concentrations. Hydrogen subsurface concentrations can drastically influence the time to 
failure. For example, comparing between hydrogen subsurface concentrations of 20.00 
ml·(100gFe)-1 and 60.00 ml·(100gFe)-1, a difference in calculated time to failure of 
3,262,815 seconds (≈ 38 days) has been obtained for a local strain rate of 1.0E-07 s-1, and 
of 44,982 seconds (≈ 12.5 hours) for a local strain rate of 1.0E-05 s-1. 

Additionally, the individual curves of hydrogen subsurface concentration indicate that 
there is greater difference in the time to failure as a function of the local strain rate for low 
hydrogen subsurface concentration than for high hydrogen subsurface concentration. The 
difference in the time to failure for a high hydrogen subsurface concentration, 60.00 
ml·(100gFe)-1 between the local strain rates of 1.0E-07 s-1 and 1.0E-04 s-1 is 1,366,395 
seconds (≈16 days) and for a low hydrogen subsurface concentration, 20.00 ml·(100gFe)-1, 
4,629,181 seconds (≈ 54 days). 

From the above description, it can be concluded that specimen testing at global strain 
rates lower than 1.0E-07 s-1 is not recommended for evaluating hydrogen assisted stress 
corrosion cracking on the specific material because it consumes a lot of operation time with 
invaluable results. An appropriate local strain rates for studying the effect of hydrogen 
assisted stress corrosion cracking should be lower than 1.0E-05 s-1 in order to avoid 
specimen failure by mechanical overload. The hydrogen subsurface concentration plays a 
significant role in controlling the crack propagation behaviour if hydrogen has sufficient time 
to diffuse into the region ahead of the crack tip due to low levels of local strain rate. 
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Figure 4-3: Calculated time to failure of supermartensitic stainless steel dependent on the levels of H2S 
saturation in the electrolytic NACE solution at various local strain rates. 
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Figure 4-4: Calculated time to failure of supermartensitic stainless steel dependent on the local strain 
rates with respect to various levels of hydrogen subsurface concentrations based on the NACE 
standard test procedure. 

4.1.2 Effects of Various Hydrogen Diffusion Coefficients 
The hydrogen diffusion coefficient at room temperature may vary in the specific range 

as described by the scatterband in Figure 3-18. Therefore, hydrogen diffusion coefficients in 
the range of ± one order of magnitude from the average value of 3.7E-06 mm2·s-1, i.e. 3.7E-
05 mm2·s-1, and 3.7E-07 mm2·s-1, for the as-delivered supermartensitic stainless steel have 
been applied to the finite element modelling as varied material properties in order to study 
their effects on the crack propagation behaviour and on the time to specimen failure. 
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Figure 4-5: Crack length versus time of as-delivered supermartensitic stainless steel with a assumption 
of higher and lower orders of magnitude for hydrogen diffusion coefficient from the average value (g: 
global, h: hydrogen subsurface concentration and d: hydrogen diffusion coefficient). 

In Figure 4-5, the calculated crack length the as-delivered supermartensitic stainless 
steel is plotted versus time for a hydrogen subsurface concentration of 50.00 ml·(100gFe)-1. 
The specimen has been subjected to global strain rates of 1.0E-06 s-1 and 1.0E-05 s-1, 
respectively. It is clearly shown that with a hydrogen diffusion coefficient of 3.7E-05 mm2·s-

1, the local hydrogen concentration increases within relatively short time. The specimen is 
saturated very rapidly so that rapid rupture is nearly achieved only by hydrogen saturation. 
This means that the crack propagation caused by hydrogen assisted stress corrosion 
cracking takes place without requiring much more diffusion time. A time to failure of 223,938 
seconds has been obtained at the simulated global strain rate of 1.0E-06 s-1, and the time 
to failure of 45,929 seconds at the global strain rate of 1.0 E-05 s-1, i.e. the difference in the 
time to failure between the high and the low global strain rate is 178,009 seconds ( ≈ 50 
hours). 

In the other case where the hydrogen diffusion coefficient of 3.7E-07 mm2·s-1 has been 
used as the material property for numerical modelling, a time to failure of 878,767 seconds 
has been received using the global stain rate of 1.0E-06 s-1. With a constant global strain 
rate of 1.0E-05 s-1, the time to specimen failure is 162,185 seconds. The difference in the 
time to failure between high and low global strain rate is 716,582 seconds (≈199 hours). 
The crack propagation behaviour can be influenced by the hydrogen diffusion coefficient. 
The low global strain rate is required for studying crack propagation behaviour in a range of 
stable crack growth, in particular. The reason is that hydrogen needs much longer time to 
diffuse through the supermartensitic stainless steel with an assumption of the low hydrogen 
diffusion coefficient. 

In order to gain an insight into the effects of varying hydrogen diffusion coefficients on 
the characteristics of hydrogen assisted stress corrosion cracking in the as-delivered 
material, the diagrams in Figure 4-6 are represented. As expected, changing hydrogen 
diffusion coefficients influence the characteristics of stable crack growth, which can occur  
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b) HDss = 60 ml·(100gFe)-1 

Figure 4-6: Effects of various hydrogen diffusion coefficients with respect to local strain rates on the 
characteristics of crack propagation: a) HDss = 20 ml·(100gFe)-1, b) HDss = 60 ml·(100gFe)-1. 

when neither high hydrogen diffusion coefficients nor mechanical load dominates the 
lifetime of the material. 

In order to study the effect of the scattered hydrogen diffusion coefficient with respected 
to hydrogen subsurface concentration, the finite element simulation has been carried out 
with hydrogen subsurface concentrations of 20.00 ml·(100gFe)-1 and 60.00 ml·(100gFe)-1 at 
the constant stain rate of 1.0E-06 s-1. As represented in Figure 4-7, higher hydrogen 
subsurface concentrations result in shorter times to failure and incubation periods. The 
hydrogen diffusion coefficient entails greater shortening of the period of stable crack growth 
than of the incubation period. For example, the numerical finite element simulation with a 
hydrogen subsurface concentration of 20.00 ml·(100gFe)-1 and the application of a global 
strain rate of 1.0E-06 s-1 results in a calculated period of stable crack growth of 758,447 
seconds (≈211 hours) assuming a hydrogen diffusion coefficient of 3.7E-07 mm2·s-1 and of 
48,963 seconds (≈14 hours) assuming a hydrogen diffusion coefficient of 3.7E-05 mm2·s-1. 
The difference in the incubation period between the assumed hydrogen diffusion 
coefficients of 3.7E-07 mm2·s-1 and 3.7E-05 mm2·s-1 is about 60,000 seconds (≈17 hours). 
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Figure 4-7: Crack length versus time of supermartensitic stainless steel in the as-delivered state taking 
account of the scatter effect of hydrogen diffusion coefficients at higher and lower orders of magnitude 
from the average value, 3.7E-06 mm2·s-1, (G: global, H: hydrogen subsurface concentration, D: 
hydrogen diffusion coefficient). 

In the case where the level of global strain rate has been increased from 1.0E-06 s-1 to 
1.0E-05 s-1 for a hydrogen subsurface concentration of 60.00 ml·(100gFe)-1, calculated 
periods of stable crack growth of 648,123 seconds (≈180 hours) assuming a hydrogen 
diffusion coefficient of 3.7E-07 mm2·s-1 and of 52,365 seconds (≈15 hours) assuming a 
hydrogen diffusion coefficient of 3.7E-05 mm2·s-1 have been obtained, while the difference 
in incubation periods between the assumed hydrogen diffusion coefficients of 3.7E-07 
mm2·s-1 and 3.7E-05 mm2·s-1 is about 62,000 seconds (≈17 hours). 

These results demonstrate the drastic effect of the varied hydrogen diffusion coefficients 
and global strain rates on the period of stable crack growth. The incubation period is 
strongly influenced by the global strain rate and the hydrogen subsurface concentration( 
see Figure 4-5, Figure 4-7). The reason is that the crack tip beneath the global surface for 
crack incubation, a assumed hydrogen subsurface concentration, can sufficiently provide 
local hydrogen without a great effect of varied hydrogen diffusion coefficients. During crack 
propagation, the crack tip is moving far away form the global surface so that the hydrogen 
transport from the newly cracked surface is significantly controlled by the hydrogen diffusion 
coefficients and less by the hydrogen subsurface concentration.  

The time to failure of supermartensitic stainless steel as a function of the local strain 
rate with respect to various hydrogen subsurface concentration levels and hydrogen 
diffusion coefficients is represented in Figure 4-8. It is obvious from these plots that the 
lifetime of components can be reduced by increasing their material property in terms of a 
hydrogen diffusion coefficient, but that at local strain rates higher than 5.0E-05 s-1 there is 
no significant influence of the varied hydrogen diffusion coefficients on the time to specimen 
failure because this rupture is strongly dominated by the mechanical overload rather than 
by the hydrogen assisted cracking mechanism.  

Likewise, the difference in the time to failure between low and high specific hydrogen 
subsurface concentrations tends to be more pronounced with decreasing local strain rates,  
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Figure 4-8: Calculated time to failure of as-delivered supermartensitic stainless steel as a function of 
local strain rates with respect to effects of hydrogen diffusion coefficients and hydrogen subsurface 
concentrations. 

for example, at the local strain rate of 1.0E-07 s-1, the difference in the time to failure 
between the hydrogen subsurface concentrations of 20.00 ml·(100gFe)-1 and 60.00 
ml·(100gFe)-1 is 3,725,740 seconds (≈44 days) simulated with a hydrogen diffusion 
coefficient of 3.7E-07 mm2·s-1, and the same value is obtained with the assumed hydrogen 
diffusion coefficient of 3.7E-05 mm2·s-1. At the local strain rate of 1.0E-06 s-1, the difference 
in the time to failure between hydrogen subsurface concentrations of 20 ml·(100gFe)-1 and 
60 ml·(100gFe)-1 is 470,436 seconds (≈6 days) for a hydrogen diffusion coefficient of 3.7E-
07 mm2·s-1, and it becomes 332,039 seconds (≈4 days) when simulated with a hydrogen 
diffusion coefficient of 3.7E-05 mm2·s-1. 

However, in both assumption cases of low and high hydrogen diffusion coefficients for 
the as-delivered supermartensitic stainless steel there is the same tendency indicating that 
the curve of time to failure as a function of the local strain rate for low hydrogen subsurface 
concentrations is steeply inclined in comparison to that of high hydrogen subsurface 
concentrations. 

Thus, it can be summarised that the life time of the specimen may be extended if the 
hydrogen diffusion coefficient of the material is decreased and the material is subjected to a 
local strain rate lower than than 5.0E-05 s-1. A reduced hydrogen subsurface concentration 
strongly influences the time to failure, in particular at low hydrogen diffusion coefficients. 

4.1.3 Global Strain Rates and Local Strain Factors 
Strain is one of significant factors in considering the phenomenon of hydrogen assisted 

stress corrosion cracking for high-strength steels because they will fail by a loss in their 
ductility rather than in their strength[HAS 86],[HAS 108]. Therefore, the study on effects of strain 
rates, i.e. of the global strain rate and the local strain rate, on the crack propagation 
behaviour is discussed in this section. 

Global strain rates in the range of 1.0E-07 s-1 to 1.0E-04 s-1 are appropriate to be used 
for investigating the susceptibility of materials to hydrogen assisted stress corrosion 
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Figure 4-9: Calculated crack length versus time of supermartensitic stainless steel based on the NACE 
standard test method with various rates of the global strain rate,i.e. 1.0E-04 s-1, 1.0E-05 s-1, 1.0E-06 s-1 
and 1.0E-07 s-1, (Assumption: HDss = 50 ml·(100gFe)-1, D = 3.7E-06 mm2·s-1). 

cracking. They may also provide distinguishing crack propagation and lifetime 
characteristics of the materials. 

The calculated crack length versus time of supermartensitic stainless steel in the as-
delivered state is represented in Figure 4-9 assuming a hydrogen subsurface concentration 
of 50.00 ml·(100gFe)-1, a hydrogen diffusion coefficient of 3.7E-06 mm2·s-1 and varied levels 
of the global strain rate. The time to failure and the incubation period are shortened by 
increasing the global strain rate. A period of stable crack propagation increases with the 
global strain rates. The crack length versus time curve calculated with a global strain rate of 
1.0E-06 s-1 represents a period of stable crack growth almost similar to that calculated with 
the global strain rate of 1.0E-07 s-1, and they are longer than the others. A shorter crack 
length, at which unstable fracture occurs, can be explained by the fact that hydrogen can 
diffuse into the material much deeper from the exposed surface, and thus, the critical 
hydrogen concentration for rupture of the rest of the specimen is reached ealier. In other 
words, the local hydrogen concentration reaches the critical value, crack propagation starts 
without requiring more time for hydrogen diffusion into regions ahead of the crack tip 
because there is sufficient hydrogen which has already been taken up and transported 
during extended exposure to the electrolytic solution in the incubation period. 
Consequently, the time for stable crack growth is reduced. Simulation with a global strain 
rate of 1.0E-04 s-1 involves a short incubation period due to a high local strain rate, so that 
the hydrogen subsurface concentration does not have sufficient time to provide the local 
hydrogen for regions beneath the newly cracked surface. 

A long period of stable crack growth enables appropriate interaction between the local 
hydrogen concentration and the local strain without any extreme effects on either the local 
hydrogen concentration or the local strain ahead of the crack tip on crack growth behaviour.  

The numerical simulation of hydrogen assisted stress corrosion cracking in the present 
work considers that the local strain is based on Lidbury’s relationship (see Equation (2-54)). 
Effects of the K-factor on the crack propagation behaviour should also be discussed. 
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Figure 4-10: Calculated time to failure of as-delivered supermartensitic stainless steel taking account of 
the effects of K-factor (Assumption: HDss = 50 ml·(100gFe)-1, ε’glob = 1.0E-06 s-1, D = 3.7E-06 mm2·s-1). 

In comparison to Figure 4-9, the crack length versus time of as-delivered 
supermartensitic stainless steel with taking account of the effect of the K-factor has been 
calculated under the boundary conditions of a hydrogen subsurface concentration of 50.00 
ml·(100gFe)-1, a hydrogen diffusion coefficient of 3.7E-06 mm2·s-1 and a global stain rate of 
1.0E-06 s-1 as represented in Figure 4-10. A higher K-factor reduces the time to failure and 
the incubation period. Moreover, the period of stable crack growth can significantly be 
prolonged when the small K-factor is taken into account for numerical simulation. This 
means that high K-factors significantly restrict the appropriate interaction between local 
hydrogen concentration and local strain due to extreme local strain ahead of the crack tip 
without significant effects on cracking by local hydrogen concentration provided by the 
hydrogen subsurface concentration. 

Thus, it should be noted that a K-factor of 20 generates high local strain rates which 
usually enhance failure of the material. It is anticipated that such high values are not 
appropriate for studying on the susceptibility of the material to hydrogen assisted stress 
corrosion cracking within the specific range of global strain rates of 1.0E-4 s-1 to 1.0E-6 s-1. 
In practice, this means that extreme local strain rates resulting from the sharp crack tip will 
lead to failure of the material by mechanical overload without hydrogen assisted cracking. 
This can be characterised by fractured topographies showing micro-void coalescence. 

4.1.4 As-Quenched Supermartensitic Stainless Steel  
During arc welding fabrication of the as-delivered supermartensitic stainless steel, the 

material is transformed into the quenched state which causes a different susceptibility to 
hydrogen assisted stress corrosion cracking in behaviour compared with that of the 
delivered state. The reason for this is that the quenched state has a higher hydrogen 
diffusion coefficient, but lower hydrogen subsurface concentration than the delivered state 
(see Figure 3-13). Additionally, as-quenched supermartensitic stainless steel is more 
susceptible to cracking caused by hydrogen because of its lower ductility (see Figure 3-14). 
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a) t = 5,000s, a = 0.1 mm b) t = 43,738s, a = 0.4 mm c) t = 52,537s, a = 0.9 mm 

   
d) t = 68,319s, a = 1.9 mm e) t = 81,786s, a = 2.9 mm f) t = 92,484s, a = 3.9 mm 

   
g) t = 98,464s, a = 4.9 mm h) t = 98,732s, a = 5.9 mm i) t = 98,734s, a = 6.4 mm 

Figure 4-11: Crack propagation and hydrogen distribution profile of hydrogen assisted stress corrosion 
cracking of supermartensitic stainless steel in the quenched state (Assumption: ε´glob = 1.0E-06 s-1, D = 
1.8E-05 mm2·s-1, HDss = 6.7 ml·(100gFe)-1, K-factor = 5). 

For the numerical finite element simulation of hydrogen assisted stress corrosion 
cracking is carried out in this section, a hydrogen diffusion coefficient of 1.8E-05 mm2·s-1 
obtained by experimental determination (see Figure 3-13) has been assumed as the 
material property for the finite element model. Various boundary conditions, e.g. hydrogen 
subsurface concentration, global strain rate, etc., have also been studied in order to 
compare them with the results obtained from the simulation on the material in the delivered 
state. 

The simulation of crack propagation and hydrogen distribution in the as-quenched 
supermartensitic stainless steel assuming a hydrogen subsurface concentration of 6.7 
ml·(100gFe)-1, a global strain rate of 1.0E-06 s-1 and a K-factor of 5 is represented in Figure 
4-11. Exposure of specimen to the NACE solution with 50% H2S saturation has been 
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simulated. After 5,000 seconds, the first series of the finite element is deleted for generating 
crack incubation. The first period of crack propagation is more time consuming due to a low 
local hydrogen concentration as well as a low local strain. For example, the time for a crack 
propagation of 0.9 mm (14 % of the total crack length) is 52,537 seconds (≈ 53.21% of the 
time to failure). 

In comparison with the delivered state (see Figure 4-1), the time to failure of the 
quenched state (98,734 seconds, ≈27.43 hours) is shorter than that of the delivered state 
(173,952 seconds ≈ 48.32 hours). This gives some evidence to the anticipation that the 
quenched state is more susceptible to hydrogen assisted cracking than the delivered state.  

Figure 4-12a shows the calculated crack length versus time curve for the quenched 
supermartensitic stainless steel at a global constant strain rate of 1.0E-04 s-1 and 
considering a K-factor of 1. There are nearly no effects of varied hydrogen subsurface 
concentrations on the crack propagation behaviour. In all cases, the specimen is ruptured 
within about 11,602 seconds (≈ 3.22 hours). For the as-delivered material, a rupture time of 
15,300 seconds (≈ 4.25 hours) was calculated at this condition. 

Decreasing the global strain rate from 1.0E-04 s-1 to 1.0E-05 s-1 results in a crack 
propagation behaviour characterised by a prolonged stable crack growth period and the 
time to failure as represented in Figure 4-12b. The times to failure of 63,306 seconds, 
67,028 seconds, 78,704 seconds and 95,337 seconds have been obtained from calculation 
with hydrogen subsurface concentrations of 7.40 ml·(100gFe)-1, 6.70 ml·(100gFe)-1, 5.00 
ml·(100gFe)-1 and 3.20 ml·(100gFe)-1, respectively. Additionally, increasing hydrogen 
subsurface concentrations can shorten the incubation period, but also slightly change the 
period of stable crack growth. Concerning this phenomenon, it should be mentioned that 
high hydrogen diffusion coefficients, 5 times greater than the delivered state, and a narrow 
range of hydrogen subsurface concentration (see Figure 3-13) represent the predominant 
effects. 

For the case where the specimen is subjected to a constant global strain rate of 1.0E-06 
s-1, calculated crack length versus time of as-quenched supermartensitic stainless steel is 
represented in Figure 4-12c. There are no significant effects of varied hydrogen subsurface 
concentrations as regards a change in the stable crack growth period. The time to failure of 
the specimen is predominantly related to the incubation period which is increased with 
decreasing hydrogen subsurface concentration.  

The simulation with a constant global strain rate of 1.0E-07 s-1 and different hydrogen 
subsurface concentrations has demonstrated that the failure of the specimen is controlled 
by presaturation with hydrogen. There is only a very short period of stable crack growth to 
be seen in the crack length versus time curve, even though the hydrogen subsurface 
concentration has been varied as shown in Figure 4-12d. Comparing the results with those 
of the delivered state (see Figure 4-2d), it becomes obvious that for low hydrogen 
subsurface concentrations and low local strain rates, the time to failure is controlled by the 
incubation period with only minor effects of the stable period. Due to a relatively high 
hydrogen diffusion coefficient for the quenched state, hydrogen at the subsurface is thus 
transported deeper into the material compared to the delivered state. Therefore, crack 
critical hydrogen concentrations can appear far away from the crack front. As a 
consequence, crack propagation can take place shortly after the incubation period. 
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c) Global constant strain rate of 1.0E-06 s-1 d) Global constant strain rate of 1.0E-07 s-1 

Figure 4-12: Calculated crack length versus time of supermartensitic stainless steel in the as-quenched 
state subjected to various global constant strain rates with respect to different levels of hydrogen 
subsurface concentration at a constant K-factor of 1. 
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a) Delivered state b) Quenched state 

Figure 4-13: Calculated crack length versus time of supermartensitic stainless steel in the as-delivered 
state and the as-quenched state exposed to various levels of H2S-saturation in the NACE electrolytic 
solution (Assumption: ε´glob = 1.0E-06 s-1, K-factor = 5). 
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Figure 4-14: Influence of different states of supermartensitic stainless steel on the time to failure of the 
standard test specimen subjected to local strain rates and exposed to the NACE solution with H2S 
saturations in the range of 1 to 100 %. 

Figure 4-13a and Figure 4-13b represent calculated crack lengths versus time of 
supermartensitic stainless steel in the delivered state and quenched state, respectively. The 
calculation has been carried out with the assumption of a global strain rate of 1.0E-06 s-1, a 
K-factor of 5, and various H2S concentrations of 1%, 10%, 50% and 100% in the NACE test  
solution. The material conditions can influence the crack propagation characteristic and the 
time to failure due to the difference in hydrogen diffusion behaviour as well as to the true 
strain-dependent failure criterion. 

The time to failure as a function of local strain rate of supermartensitic stainless steel in 
the delivered state and quenched state exposed to the NACE solution with 1% and 100% 
H2S saturation is represented in Figure 4-14.  

The time to failure for the quenched state is always lower than that for the delivered 
state. This indicates that the quenched state might be more susceptible to hydrogen 
assisted stress corrosion cracking than the delivered state. Additionally, the range of the 
time to failure between 1% and 100% H2S saturation appears to be dependent on the local 
strain rate, and it increases with decreasing the local strain rate. The effect of the local 
strain rate on the time to failure at low H2S saturation can be more significant than at high 
H2S saturation. 

4.1.5 Crack Tip Angle  
It is well known that the total area of the newly cracked surface at the crack front 

exposed to the electrolytic solution can play an important role in changing crack 
propagation behaviour induced by a hydrogen assisted cracking mechanisms, because the 
amount of hydrogen ahead of the crack tip can particularly be affected by the surface at the 
crack front exposed to the environment. This means that the kinetics of crack propagation 
can be enhanced if the newly cracked surface at the crack front becomes larger. 

The effects of a sharp crack tip (74°) on the crack propagation and the time to failure are 
thus highlighted in this section by the numerical finite element simulation based on the  



4. Results and Discussion 

123 

 
a) t = 5,000s, a = 0.1 mm b) t = 59,234s, a = 0.4 mm c) t = 75,277s, a = 0.9 mm 

 
d) t = 95,279s, a = 1.9 mm e) t = 109,644s, a = 2.9 mm f) t = 121,214s, a = 3.9 mm 

 
g) t = 130,584s, a = 4.9 mm h) t = 132,921s, a = 5.9 mm i) t = 132,923s, a = 6.4 mm 

Figure 4-15: Crack propagation and hydrogen distribution profile for hydrogen assisted stress corrosion 
cracking of supermartensitic stainless steel in the delivered state (Assumption: ε´glob= 1.0E-06 s-1, D = 
3.7E-06 mm2·s-1, HDss = 50 ml·(100gFe)-1, K-factor = 5, crack angle = 74°). 

NACE standard test method in order to compare them with those of a blunt crack tip. In 
order to evaluate such geometric solely, no increase in stress intensity due to the crack tip 
geometry has been assumed[HAS 92].  

The finite element model has been created with a predefined cracking path transverse 
to the direction of externally applied load. A crack tip angle of 74° has constantly been 
assumed to appear at the crack front. 

As demonstrated in Figure 4-15, the simulation of hydrogen assisted stress corrosion 
cracking on the standard tensile specimen of as-delivered supermartensitic stainless steel 
with an assumed crack tip of 74° has been carried out considering a global strain rate of 
1.0E-06 s-1 ,a hydrogen diffusion coefficient of 3.7E-06 mm2·s-1, a K-factor of 5 and a 
hydrogen subsurface concentration of 50.00 ml·(100gFe)-1. By this procedure, the time to  
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c) Global constant strain rate of 1.0E-06 s-1 d) Global constant strain rate of 1.0E-07 s-1 

Figure 4-16: Crack length versus time of supermartensitic stainless steel in the as-delivered state 
subjected to global constant strain rates in the range of 1.0E-04 to 1.0E-07 s-1 with respect to different 
levels of hydrogen subsurface concentrations based on the NACE standard test method with 
assumption of a crack tip angle of 74°. 

failure of 132,923 seconds (≈36.9 hrs.) has been obtained. It should be noted that the 
phenomenon of hydrogen assisted stress corrosion cracking in the first period needs more 
time for increasing the local hydrogen concentration and the local strain. 

For example, a crack with a length of 0.9 mm (≈14% of the total crack length) has 
required 75,277 seconds (56.63% of the time to failure). In order to get a better 
understanding of the effects of the sharp crack angle on the crack propagation behaviour 
and on the time to specimen failure, the boundary conditions have been varied similar to 
previous studies. 

Figure 4-16a represents the crack length versus time of supermartensitic stainless steel 
in the delivered state with an assumed crack angle of 74°. No significant influences of 
hydrogen subsurface concentration have been found on the time to failure of the specimen 
subjected to a global strain rate of 1.0E-04 s-1. The kinetics of the stable crack growth have 
been enhanced with increasing hydrogen subsurface concentration. A comparison with the 
blunt crack tip (see Figure 4-2a) reveals that the time to failure of the specimen with the 
sharp crack tip is not reduced as compared to that of the blunt crack tip. However, at a 
global strain rate of 1.0E-04 s-1, hydrogen subsurface concentration seems to have a minor 
effect as compared to the crack tip angle. 
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a) Crack tip angle of 180° b) Crack tip angle of 74° 

Figure 4-17: Crack length versus time of supermartensitic stainless steel in the delivered state in 
comparison between crack tip angles of 180° and 74° with respect to different levels of hydrogen 
subsurface concentration (Assumption: ε´glob = 1.0E-06 s-1, K-factor = 5). 

The simulations with a global strain rate of 1.0E-05 s-1 and varied hydrogen subsurface 
concentrations (Figure 4-16b) showed a large effect of increasing the hydrogen subsurface 
concentration in terms of reducing the incubation period and increasing the stable crack 
growth period. In contrast to the higher strain rates investigated before, the time to failure 
calculated with 74° specimen is obviously reduced. A time to failure of 78,611 seconds 
(≈21.84 hours) has been obtained with the assumption of a hydrogen subsurface 
concentration of 60.00 ml·(100gFe)-1, whereas the time to failure has been increased to 
129,083 seconds (≈ 35.86 hours) with decreasing the hydrogen subsurface concentration to 
20.00 ml·(100gFe)-1.  

Figure 4-16c represents the crack length versus time simulated with a global constant 
strain rate of 1.0E-06 s-1 and for the same hydrogen subsurface concentrations. Increased 
hydrogen subsurface concentration can shorten the period of stable crack growth with 
respect to the time to failure, e.g. a stable crack growth period of 205,963 seconds (61% of 
the time to failure) has been obtained by calculation with a hydrogen subsurface 
concentration of 60.00 ml·(100gFe)-1, whereas a time to failure of 242,391 seconds (33.6% 
of the total time to failure) has been obtained by decreasing the hydrogen subsurface 
concentration from 60.00 ml·(100gFe)-1 to 20.00 ml·(100gFe)-1.  

As to expected the calculation with a global constant strain rate of 1.0E-07 s-1 and 
varied hydrogen subsurface concentrations as shown in Figure 4-16d. 

As an example to compare the effects of the crack angle between the blunt crack and 
the sharp crack on the crack propagation behaviour and on the time to failure, the crack 
length versus time of the blunt crack and of the sharp crack is shown in Figure 4-17, for a 
global strain rate of 1.0E-06 s-1 and a K-factor of 5. It is clearly shown that the sharp crack 
tip can reduce the time to specimen failure due to an increase in the kinetics of crack 
propagation with decreasing stable crack growth period. Considering the simulation with a 
hydrogen subsurface concentration of 20.00 ml·(100gFe)-1, the times to failure of 249,618 
seconds (≈ 69.4 hours) and of 217,442 seconds (≈ 60.4 hours) have been obtained for the 
blunt crack tip and the sharp crack tip, respectively. In the other case where the simulation 
with a hydrogen subsurface concentration of 60.00 ml·(100gFe)-1 has been carried out, the  
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Figure 4-18: Comparison between calculated time to failure dependent on local strain rates of the blunt 
crack tip (180°) and that of the sharp crack tip (74°) taking account of various levels of hydrogen 
subsurface concentrations. 

time to failures of 160,424 seconds (≈ 44.56 hours) and of 119,083 seconds (≈ 33.08 hours) 
have been obtained for the blunt crack tip and the sharp crack tip, respectively. 

Furthermore, a comparison between the blunt crack tip and the sharp crack is 
represented in Figure 4-18 with respect to the calculated time to failure as a function of the 
local strain rate taking account of different hydrogen subsurface concentration levels. There 
are no significant effects of crack tip geometry on the time to failure for local strain rates 
higher than 5.0E-04 s-1. 

To summarise above study, sharp crack tips increasingly control the kinetics of crack 
propagation for hydrogen assisted stress corrosion cracking, if the local strain rate is 
sufficiently low to allow crack growth by the interaction between hydrogen diffusion and 
mechanical load. 

4.2 Modelling of HASCC in Girth Welds of Pipelines 
In order to show the modelling procedure can be transfer to real welded components 

and respective lifetime assessment, numerical finite element modelling of girth welded 
supermartensitic stainless steel pipes has been carried out. A constant strain rate was first 
assumed for gaining a basic understanding of the process of hydrogen assisted stress 
corrosion cracking. Subsequently, modelling has been performed with load histories 
corresponding to large scale tests. 

4.2.1 Series of Constant Strain Rate 
As described above, the global constant strain rates of 1.0E-07 s-1, 1.0E-06 s-1 and 

1.0E-05 s-1 in the longitudinal direction represent the appropriate mechanical loads for 
investigating the effects of hydrogen environments on steel rupture without mechanical 
overload[HAS 87]. 
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Figure 4-19: Calculated crack length versus time for three significant different zones in orbitally welded 
supermartensitic stainless steel pipelines exposed to NACE electrolytic solution with 1% H2S saturation 
at a constant global strain rate of 1.0E-06 s-1. 

Finite element modelling of the three significant welded joint zones, i.e. the base metal, 
heat affected zone and weld metal, has been carried out assuming that the interior of the 
pipeline has been exposed to the NACE electrolytic solution with various H2S saturations, 
which directly affects the amount of hydrogen uptake at the surface. 

Figure 4-19 shows the calculated crack length versus time curves for the three 
significant zones in the orbitally welded pipe exposed to the 1% H2S saturation in the 
electrolytic solution at a global strain rate of 1.0E-06 s-1. For the same test conditions the 
hydrogen concentration profiles for the different stages of cracking in the finite element 
welded pipe model are illustrated in Figure 4-20. 

At this H2S saturation level, the experimentally investigated supermartensitic stainless 
steel will take up a hydrogen subsurface concentration of 20.12 ml·(100gFe)-1 in the as-
delivered state and of 3.15 ml·(100gFe)-1 in the as-quenched state, respectively. 
Consequently, the hydrogen distribution profiles in Figure 4-20 exhibit significantly higher 
hydrogen concentrations in the base metal than in the heat affected zone and the weld 
metal. But, as also represented by Figure 4-19 and illustrated by Figure 4-20, the crack 
propagation takes place much faster in the heat affected zone than in the base metal and 
weld metal. 

This result is consistent with all component weld tests performed up to the present in 
which crack initiation always occurred and in most cases the components also completely 
failed in the heat affected zone. The numerical results clearly show that the base metal 
generally dissolves more hydrogen than the quenched steel. Consequently, hydrogen 
follows such concentration gradients and diffuses from the base metal right ahead of the 
crack tip into the quenched martensite of the heat affected zone which, however, cracks 
already at lower hydrogen levels. Attraction of hydrogen by the heat affected zone is 
additionally accelerated by a five times higher diffusion coefficient as compared to the base 
metal (see Figure 3-13). 
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Figure 4-20: Simulated crack propagation in the base metal, heat affected zone and weld metal of 
orbitally welded pipelines during exposure to NACE standard solution with 1% H2S saturation at a 
constant global strain rate of 1.0E-06 s-1. 
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a) Dependent on crack length. b) Dependent on time. 

Figure 4-21: Local hydrogen concentration and local strain distribution at the crack tip in the base metal 
obtained from the simulated orbital component weld test. 
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a) Dependent on crack length b) Dependent on time 

Figure 4-22: Local hydrogen concentration and local strain distribution at the crack tip in the affected 
zone obtained from the simulated orbital component weld test. 
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a) Dependent on crack length b) Dependent on time 

Figure 4-23: Local hydrogen concentration and local strain distribution ahead of the crack tip in the 
weld metal obtained from the simulated orbital component weld test. 
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Figure 4-24: Calculated time to failure dependent on the H2S saturation of the orbitally welded 
supermartensitic stainless steel pipe exposed to NACE electrolytic solution. 
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Figure 4-25: Calculated time to failure dependent on the local strain rate of the orbitally welded 
supermartensitic stainless steel pipe exposed to NACE electrolytic solution. 

The different crack propagation characteristics of the welded pipes in different 
predefined crack path zones can clearly be attributed to the relationship between local 
hydrogen concentration and local strain levels ahead of the crack tip as function of crack 
length and time, which is shown in Figure 4-21 for the base metal, in Figure 4-22 for the 
heat affected zone, and in Figure 4-23 for the weld metal. 

The amount of H2S saturation in the electrolytic solution affects hydrogen assisted 
cracking mainly by the levels of hydrogen concentration entering the material. In order to 
quantify this effect with respect to crack propagation in the welded supermartensitic 
stainless steel pipe, different hydrogen subsurface concentrations produced by 1%, 10%,  
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Figure 4-26: Calculated time to failure of the oribitally welded pipe with respect to local strain rates and 
H2S saturations in the NACE standard solution. 

50% and 100% H2S saturation in the NACE electrolytic solution have been applied to the 
surface nodes of the finite element model subjected to the series of global strain rates. 

The curves in Figure 4-24 demonstrate how the time to failure of the orbitally welded 
pipe is significantly shortened by increasing H2S levels in the electrolytic solution producing 
higher subsurface concentration at the internal pipeline wall and the tip of the propagating 
crack concentrations diffusing through the matrix material into the region susceptible to 
hydrogen assisted stress corrosion cracking at the crack tip. This is additionally indicated by 
the ranges of the time to failure between low and high strain rate levels, gradually narrowing 
with increasing hydrogen sulfide levels in the NACE electrolytic solution. 

As to be expected from the results obtained from the simulation of the standard 
specimen, such effects are less pronounced at a higher local strain rate of 1.0E-04 s-1 as 
compared to a slower local strain rate of 2.0E-06 s-1 and, in particular, of 2.0E-07 s-1 as 
shown in Figure 4-24. Again, less time is provided for hydrogen transport towards the crack 
tip, and thus the ductility of the material at the crack tip is less fast reduced at higher strain 
rates. It can thus be concluded that the rupture of the welded pipe at slower local strain 
rates resulting from decreasing global strain rates is dominated by stronger mechanisms of 
hydrogen degrading the material properties than at higher local strain rates. In order to 
highlight such effects, the time to failure has been plotted versus the local strain rate for 
different levels of H2S saturation in the NACE electrolytic solution in Figure 4-25. 

As to be expected, increasing local strain rates reduce the time to specimen failure and 
similarly to the strain rates above 1.0E-05 s-1 are not suitable to show hydrogen effects 
related to failure of such components effectively, due to rapid ductile rupture of the 
specimens with too short hydrogen exposure and diffusion times. The fact is that high 
hydrogen concentrations provided by respective H2S saturation levels of the environment 
are particularly crack relevant at slow strain rates. This is implicitly shown in Figure 4-25 by 
the ranges of the time to failure for different H2S saturation levels between 1% and 100% 
which are wider at lower than at higher local strain rates. Again, Figure 4-26 shows the 
effects of the local strain rates and H2S saturations in the NACE standard solution on the 
time to failure of the supermartensitic stainless steel pipe. 
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Figure 4-27: Circumferential stress distribution measured by strain gages in the near field at a restraint 
intensity of 0.45 kN·(mm·mm)-1[SPM 56]. 

4.2.2 Crack propagation in BM, HAZ and WM under the Realistic Test 
Condition 

After these basic considerations, consistent with the component test, constant global 
straining of the pipe at ε = 0.1% has been assumed, corresponding to the stress distribution 
of around 250 MPa introduced during welding and cooling of the pipe at realistic low 
shrinkage restraints as shown in Figure 4-27.  

For three weeks, the pipe has internally been exposed to this stress-strain level and to a 
realistic sour service condition. After that period, the welded component was stepwise 
strained each day at rates of around 1.0E-05 s-1 to 70% and 100% of the weld metal yield 
strength, corresponding to a simulated global strain of ε = 0.3% and ε = 0.5%, respectively. 

Subsequently, straining of the weld metal up to ε = 3% and finally to ε = 5% has been 
performed in the experiments and has been numerically modelled, respectively. 

Due to a lack of realistic data as a worst case scenario, exposure of the welded 
components to sour service conditions has been simulated in the numerical model by 
application of the subsurface concentration to the nodes at the internal surface which 
corresponds to a exposure of the weld metal, the heat affected zone and the base metal to 
the NACE electrolytic solution with 1% H2S saturation. 

Figure 4-28 shows the hydrogen concentration profile at various stages of crack growth 
along the three different weld zones for the load history of the component weld test. 
Corresponding to this simulation, the crack length versus time of three significant cracking 
zones is shown in Figure 4-29. 

Similar to the pre-study at constant strain rates, cracking occurs faster in the heat 
affected zone than in the base metal and in the weld metal. This result particularly coincides 
with the component test also exhibiting failure of the welded pipe component in the heat 
affected zone. 
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Figure 4-28: Simulated crack propagation in the base metal, heat affected zone and weld metal of 
orbitally welded supermartensitic stainless steel pipeline exposed to 1% H2S saturated NACE 
electrolytic solution at the load history applied to the component weld test. 
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Figure 4-29: Crack length versus time of three significant different cracks in orbitally welded 
supermartensitic stainless steel pipeline at the load history of the component weld test. 

 

 
a) Overview b) Crack initiation at pits in the HAZ 

Figure 4-30: Cracked features taking place in the welded pipe during HASCC testing. 

Similar to respective slow strain rate tests, the fracture topography exhibited 
intergranular cracking alongside the former austenite grains, followed by transgranular 
cleavage-like cracking and finally by more ductile micro-void coalescence. This also 
indicates that the formation water composition used in the test corresponds to the hydrogen 
concentration data of the NACE electrolytic solution simulated in the numerical analyses. 
Future permeation tests and numerical simulation will have to show how much hydrogen is 
really taken up from the environments used in the experiments and how this will influence 
crack propagation. 

A study of the failure sequences and fracture modes of supermartensitic stainless steels 
in sour environments showed that intergranular cracking has to be attributed to high 
hydrogen concentrations under relatively low mechanical loads. By the hydrogen 
distributions represented in Figure 4-28, it is clearly demonstrated that such high levels are  
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Figure 4-31: Local hydrogen concentration and local strain distribution at the crack tip in the heat 
affected zone obtained from the numerical modelling with the adopted condition of load history. 

provided by hydrogen diffusion from the base metal into the heat affected zone, due to 
respective concentration gradients. Figure 4-30a and b show an overview and a crack 
initiation site of the failed supermartensitic stainless steel pipe caused by hydrogen assisted 
stress corrosion cracking, respectively. 

The plots of the actual hydrogen concentration and of the strain at the crack tip versus 
crack length (Figure 4-31) clearly demonstrate that high hydrogen concentrations relevant 
for intergranular cracking are particularly piled up in the heat affected zone during the long 
period of three weeks at a considerably low strains of ε = 0.1%. This is in contrast to the 
above discussed results for immediate straining of the pipe at a constant strain rate. Due to 
assumption of a standard test solution in the numerical simulations performed up to the 
present, the depth of the experimentally determined fracture modes can neither be related 
to the calculated crack tip positions nor to the local hydrogen concentrations and strains. 
This has to be left to further research work if subsurface concentrations are applied to the 
model which have been determined by respective permeation experiments for real 
formation water compositions. 

4.3 Modelling of HACC in Girth Welds of Supermartensitic 
Stainless Steel Pipelines 

Hydrogen introduced into the weld metal during fabrication welding of components can 
lead to rupture of the welded component when the local hydrogen concentration in a 
sensitive area reaches the specific critical value dependent on the type of microstructure 
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and on the stress-strain levels during cooling to ambient temperature[GEN 17]. In the present 
study, welding with matching filler material has been simulated for orbital four-layer TIG 
welding of supermartensitic stainless steel pipeline. An interpass temperature of 40°C has 
practically been employed in order to minimise retained austenite in the weld metal and its 
neighbouring zones, which will promote hydrogen assisted cold cracking by transforming 
into the martensite with relatively low hydrogen solubility and high hydrogen diffusivity 
during service[HAC 39]. 

Boundary conditions from experimental welding of supermartensitic stainless pipeline 
have been transferred to numerical finite element modelling for simulating hydrogen 
assisted cold cracking. 

4.3.1 Thermal Analysis 
Corresponding to four-layer orbital welding of the supermartensitic stainless steel pipe 

with matching filler wires (see Figure 4-30a), the numerical modelling of temperature 
distribution with the same sequences of welding and cooling is simulated. Given the fact 
that temperature distribution during welding can cause stress-strain build-up due to thermal 
contraction, and a change in hydrogen diffusion behaviour due to dependence of hydrogen 
diffusion coefficients on temperature, the first step in the numerical finite element simulation 
of hydrogen assisted cold cracking has to be the calculation of temperature distribution. 

The simulation of temperature distribution during welding of each layer is illustrated in 
Figure 4-32. The calculation has begun with applying a temperature just above the melting 
point of supermartensitic stainless steel, i.e. 1540 °C, at weld metal nodes of the first layer 
for 2 seconds, followed by cooling until the temperature of the welded component reaches 
the specific interpass temperature. This duration for load application has been assumed 
according to the welding speed of around 1 mm·s-1 used for orbital welding of the pipe. In 
order to avoid more complicated phenomena which are recently unclear parameters for 
calculation of temperature distribution in the weld pool, the constant temperature of 1540°C 
can appropriately be assumed as the average temperature level in the entire weld pool 
during TIG welding at the respective welding speed as shown in Christensen’s diagram[GEN 

33]. 

Subsequently, the same welding and cooling conditions as the first layer have been 
simulated for the next three layers, but cooling of the welded pipeline has been allowed to 
reach room temperature after completely welding the last layer. 

Figure 4-33 represents the temperature distribution at a distance of 25 mm form the 
weld bead on the exterior surface of the pipeline during welding and subsequent cooling of 
the four layers. There is a good consistency between the experimental investigation and the 
finite element simulation. During welding of the first layer, the temperature level of the 
captured point rises to around 250°C within short time and then practical cooling takes 
place by heat transfer into the solid material based on Fourier’s relationship (see 
Equation(2-67)) and by heat convection on the surface based on Newton’s law (see 
Equation (2-70)). It should be noted that the cooling rate at temperatures below 100°C 
becomes much slower with more than 70% of the total cooling time due to the smaller 
temperature gradient. A peak temperature between 300°C and 350°C is represented for the  
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Figure 4-32: Simulation of temperature distribution during orbital welding of supermartensitic stainless 
steel pipeline with four layers of matching filler material. 
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Figure 4-33: Calculated temperature distribution at a distance of 25 mm from the weld bead centerline 
of supermartensitic stainless steel orbitally welded with four layers in comparison with the measured 
values. 
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next welding layers due to a reduction of the effective distance between the heat source 
and the detected point. 

Until recently, weld pool temperature distribution dependent on time has been 
impossible to be monitored by usual methods, such as thermocouple, thermo-video 
camera, etc., because of the high temperature ranging above melting point of the material 
during welding. But, it can easily be calculated by the finite element simulation. The 
temperature distribution dependent on time at the middle point in each layer is represented 
in Figure 4-34a, b, c, and d for the first layer, the second layer, the third layer, and the last 
layer, respectively. 

During welding of the first layer, the temperature at the captured point reaches the 
specific level for melting the material and the other points do not indicate any temperature 
distribution. Following the cooling of the first layer to the specific interpass temperature, the 
specific point in the second layer shows an ascent of temperature up to the specific melting 
temperature during welding, while the specific point in the first layer indicates a peak 
temperature level lower than the melting point. The peak temperature distributions at the 
captured points in the third layer and the last layer are similar to those in the previous layers 
during welding. But, it must be pronounced that there is difference in the temperature level 
for each layer. For instance, the peak temperature at the captured point in the first layer is 
about 1210 °C during welding the last layer (see Figure 4-34a). This means that the 
previous layers are definitively reaustenised by welding of the further layers (see Figure 
2-3a). 

Since the specific region of the heat affected zone has previously to be defined in the 
finite element model with its proper material properties for stress-strain distribution analysis 
and hydrogen diffusion analysis, the width of the heat affected zone with martensite 
formation due to thermal effects should be confirmed for the finite element model. 

The temperature distribution on the border line between the heat affected zone and the 
base metal has been calculated by the finite element simulation. The calculated 
temperature distribution dependent on time at the inside surface of the pipeline is 
represented in Figure 4-35a. A peak temperature of around 1270 °C during welding the first 
layer has been obtained, while the peak temperature at the outside surface of the pipeline 
is about 630 °C as represented in Figure 4-35b. The peak temperature at the captured point 
of the inside pipeline indicates a tendency towards decreasing its level due to the upward 
movement of the heat source upwards from the detected point for welding the next layer. In 
turn, the outside surface of the pipeline shows the opposite tendency for the peak 
temperature compared to the inside. 

Therefore, assuming complete martensite formation for the predefined weld metal and 
heat affected zone is in good agreement with experimental investigation of the orbitally 
welded pipeline. This means that further numerical simulation, i.e. structural analysis and 
diffusion analysis, should take account of individual material properties for the base metal, 
heat affected zone and weld metal. 

4.3.2 Structural Analysis 
Stress-strain distribution that develops in the welded component may result from self-

restraint or external restraint, or from a combination of both[GEN 16]. The thermal contraction  
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Figure 4-34: Calculated temperature distribution dependent on time captured from the middle point of 
each layer in the weld metal during welding and subsequent cooling. 
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Figure 4-35: Calculated temperature distribution captured at the specific points on the interface 
between the heat affected zone and base metal: a) Inside of the pipeline, b) Outside of the pipeline. 
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and the temperature gradient in the solid material during welding and subsequent cooling 
significantly change the stress-strain distribution in welded components. The finite element 
simulation based on structural analysis it is therefore essential to take account of the 
temperature distribution dependent on time and boundary conditions such as restraint for 
calculating the actual stress-strain distribution in orbital welding of supermartensitic 
stainless steel pipeline. 

Under the considerable condition of low shrinkage restraints, the both ends of the finite 
element model have been restrained. The calculation of stress-strain distribution in the first 
layer is carried out by regarding the temperature from the thermal analysis as a body load 
for structural analysis. 

The calculated equivalent strain in the welded component at the end of cooling process 
corresponding to the specific temperature conditions in each layer is illustrated in Figure 
4-36. 

For the same condition, the calculated equivalent strain distribution at the specific point 
in the weld metal of each layer dependent on the running time is represented in Figure 
4-37. At the remote point in the base metal 25 mm away from the weld centreline, the 
calculated equivalent strain represents the relatively low level of around 0.25% after 
completed welding for the last layer with subsequent cooling to room temperature. The 
previously remained equivalent strain level is depressed to be nearly zero during welding 
the recent layer, but it increases again during the cooling process. The reason is that the 
total strain in the area of the base metal away from the weld can be built up by the tension 
force caused by the shrinkage reaction that is present only in the elastic range of the 
material. Therefore, the compressive force resulting from the expansion of the material 
during welding can interact with the previous tension force to reduce the total strain level. 
Moreover, the calculated equivalent strain at the remote point in the base metal seems to 
be monotonic increased with increasing the number of welding layers because the cross-
sectional area of the weld bead subjected to the reaction force has been increased due to 
multi-run welding. However, it can be pronounced that the remote zone from the weld will 
not be susceptible to hydrogen assisted cold cracking due to lower strain levels compared 
with the weld metal and its neighbouring zones. 

It is generally accepted that hydrogen assisted cold cracking takes place in the weld 
metal or the heat affected zone due to increasing weld metal strength. Hydrogen assisted 
cold cracking is shifted from the heat affected zone into the weld metal. This is assisted by 
higher hydrogen concentration in the weld metal[HAC 23],[HAC 49]. This makes it necessary to 
discuss the equivalent strain distribution in the weld. 

For each weld metal layer, there is individually a distinct aspect of the calculated 
equivalent strain distribution at the specific point. For instance, in the finished state of 
pipeline welding, i.e. after completed welding of the last layer and subsequent cooling to 
ambient temperature, the calculated equivalent strain in the first layer of the weld indicates 
the highest level say 4.5%, while a tendency towards reduced calculated equivalent strain 
level is obviously represented for the specific point in the second layer, the third layer, and 
the last layer, respectively. 
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Figure 4-36: Simulation of equivalent strain distribution at the specific interpass temperature of each 
layer of the four-layer orbitally welded supermartensitic stainless steel pipeline. 

 

0 5,000 10,000 15,000 20,000 25,000
Time [s]

0.000

0.015

0.030

0.045

0.060

Eq
ui

va
le

nt
 s

tra
in

25

1

2

3

4

1  Layerst

2  Layernd

3  Layerrd

4  Layerth

25 mm(BM)

 
Figure 4-37: Calculated equivalent strain distribution dependent on the running time of supermartensitic 
stainless steel orbitally joined by four layers of matching filler wires. 
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Figure 4-38: Simulation of equivalent stress distribution at the specific interpass temperature of each 
layer of the orbitally four-layer welded supermartensitic stainless steel pipeline. 

 

 
0 5000 10000 15000 20000 25000

Time [s]

0

100

200

300

400

Eq
ui

va
le

nt
 s

tre
ss

 [M
Pa

]

25

1

2

3

4

25

1

2

3
4

Range of measured stress 
distribution after welding
each layer

  
Figure 4-39: Calculated equivalent stress distribution dependent on the running time of 
supermartensitic stainless steel pipelines orbitally joined by four layers of matching filler wires. 
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Focusing on the specific point in first weld metal layer, the equivalent strain ascends up 
to the level of 2.5% during welding the first layer. Subsequently, it continuously increases 
up to 2.63% during the cooling to the specific interpass temperature for the welded first 
layer. This equivalent strain is depressed again to 2.45% in the short period during the 
temperature rise to the melting point, and the calculated equivalent strain becomes 3.52% 
after completed welding of the second layer. During cooling, the calculated equivalent strain 
rises monotonically up to 3.38% when the specific interpass temperature has been 
reached. This sequence can also be used to describe the progression of the curve 
dependent on the running time for the specific points within the second, third and layers, but 
only scalar values of each curve are remarkably different (see Figure 4-37). 

As a specific item, the equivalent strain in the weld metal cannot be depressed to zero 
as in the remote area in the base metal (at a distance of 25 mm) during welding the upper 
layers because the strain in the weld metal ranges in the plastic region. 

Figure 4-38 illustrates the equivalent stress distribution after cooling to the specific 
temperature condition for each layer in the four-layer orbitally welded supermartensitic 
stainless steel pipeline with application of matching filler material. It indicates a relatively 
high level of remaining equivalent stress distribution in the weld metal and its neighbouring 
zones, particularly in the preceding layers. The stress remaining in the welded component 
is decreased by welding of the next layer. However, the calculated stress distribution can 
more effectively be shown by creating the equivalent stress versus time diagram for the 
specific point in the base metal compared with the results from the experimental 
investigation as represented in Figure 4-39. This indicates that increasing the number of 
welded layers causes an increase of stress levels determined from the specific point in the 
base metal. The calculated stress levels are slightly higher the stress ranges measured in 
different circumferential positions during cooling to the specific interpass temperatures of 
each layer. The maximum stress ranging between 360 and 380 MPa has been obtained 
after completed welding and subsequent cooling of the last layer. However, from these 
results it can be said that there is a good agreement between the experimental investigation 
and numerical calculation. 

4.3.3 Hydrogen Diffusion Analysis  
The study of the hydrogen distribution behaviour in the weld metal and its neighbour 

zone during welding and cooling by numerical simulation is highlighted in this section. 

4.3.3.1 Effects of Initial Hydrogen Concentration on Local Hydrogen Distribution 
Due to specific hydrogen concentration values dependent on the partial pressure in the 

shielding gas or dependent on the moisture available for supermartensitic stainless steel 
welds (see Figure 2-20 and Figure 2-23), specific initial hydrogen concentrations, i.e. 2.50, 
5.00, 7.50, 10.00, 15.00, and 20.00 ml·(100gFe)-1 have been applied to the finite element 
model during welding the first layer. The effects of hydrogen diffusion in the solid material 
and hydrogen effusion at the material surface have been taken into account in examining 
the hydrogen escape from the initial hydrogen source during cooling to the specific thermal 
condition. The hydrogen concentration identical to the first layer has also been applied to 
finite elements in each layer during welding until the last layer. However, after complete 
welding of each layer, hydrogen concentration is consequently reduced by hydrogen  



4. Results and Discussion 

144 BAM-Dissertationsreihe 

a) During weldingHD [ml·(100gFe) ]-1

HD [ml·(100gFe) ]-1

HD [ml·(100gFe) ]-1

HD [ml·(100gFe) ]-1

HD [ml·(100gFe) ]-1

HD [ml·(100gFe) ]-1

1  Layer st

2  Layer nd

1  Layer st

b) 100s for cooling

c) End of cooling

d) During welding

e) 100s for cooling

f) End of cooling

 
Figure 4-40: Hydrogen distribution in girth welds of supermartensitic stainless steel during welding and 
subsequent cooling with four layers of matching filler wires (Assumption: HD = 10.00 ml·(100gFe)-1 
picked up during welding). 
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Figure 4-40(continued): Hydrogen distribution in girth welds of supermartensitic stainless steel during 
welding and subsequent cooling with four layers of matching filler wires (Assumption: HD = 10.00 
ml·(100gFe)-1 picked up during welding). 
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Figure 4-40(continued): Hydrogen distribution in girth welds of supermartensitic stainless steel during 
welding and subsequent cooling with four layers of matching filler wires (Assumption: HD = 10.00 
ml·(100gFe)-1 picked up during welding). 

diffusion and effusion reactions during cooling of the welded component to the specific 
temperature throughout fabrication as previously described (Chapter 3). 

Figure 4-40 shows the simulation of hydrogen distribution in the weld metal and its 
neighbouring zone of the previously described girth weld of supermartensitic stainless steel 
pipeline assuming an initial hydrogen concentration of 10.00 ml·(100gFe)-1. It can be seen 
that high temperatures in early periods of cooling can enhance the distribution of initial 
hydrogen into the weld metal and its adjacent zones due to higher hydrogen diffusion 
coefficients than those of the last cooling period. At the same time hydrogen escapes at the 
surface and the weld root. 

For example, after welding of a first layer, a ratio of the maximum local hydrogen 
concentration to the specific initial hydrogen concentration of 98.17% has been obtained for 
100 seconds of cooling, and a cooling time of the order of 3,400 seconds can reduce this 
ratio to 86.47%. Figure 4-41 shows the respective hydrogen concentration-time diagram for 
the previously described specific points in the centreline of the weld metal. 

Moreover, it has been found that the maximum local hydrogen concentration in the weld 
metal after welding and subsequent cooling to the specific temperature of each welded 
layer tends to be decreased with increasing the number of deposited layers for girth welds 
of pipelines. For example, maximum local hydrogen concentrations of 8.647 ml·(100gFe)-1 , 
8.526 ml·(100gFe)-1, 8.249 ml·(100gFe)-1 and 7.953 ml·(100gFe)-1 occurring in the welded 
metal have been obtained after complete welding and subsequent cooling to the specific 
temperature of the first layer, the second layer, the third layer and the last layer,  



4. Results and Discussion 

147 

0 5,000 10,000 15,000 20,000 25,000

Time [s]

0.00

3.00

6.00

9.00

12.00

H
yd

ro
ge

n 
co

nc
en

tr
at

io
n 

[m
l·(

10
0g

Fe
)

]
-1 1

2
3

4

1

2
3

4 1  Layer
2  Layer
3  Layer
4  Layer

st

nd

rd

th

 
Figure 4-41: Calculated local hydrogen distribution dependent on time at the specific point in each 
welded layer during welding and subsequent cooling to conform to the specific thermal conditions for 
the pipeline girth welds (Assumption: HD = 10.00 ml·(100gFe)-1 picked up during welding). 

respectively. One explanation is that the surface for hydrogen effusion increases with each 
layer. As another explanation, the amount of heat input increases with each layer, and 
causes a further diffusion into the adjacent zones by higher temperature dependent 
diffusion coefficient. 

However, it might be remarkable that the local maximum hydrogen concentration in the 
weld metal can be reduced within quite reasonable exposure time. For instance, an 
exposure time of around 1 day after complete welding and subsequent cooling to ambient 
temperature can reduce the local maximum hydrogen concentration by nearly 50% with 
respect to the initial hydrogen uptake in the weld metal, and the local maximum hydrogen 
concentration can be reduced by more than 95% with respect to the initial hydrogen 
concentration when the exposure time is extended to 1 week after the welded component 
has already reached room temperature. As compared to other steel welds, such rapid 
reduction of the hydrogen concentration is quite remarkable and has also to be attributed to 
the high diffusivity in the heat affected zone. However, within the first three days after 
welding, hydrogen concentrations at crack relevant levels are maintained. Moreover, it 
should be noted that the local hydrogen concentration dependent on time of each specific 
point after cooling to its specific temperature without depositing the further layer indicates 
the different hydrogen concentration due to an increase in the contact area of the hydrogen 
source to ambient environments as well as to the base metal.  

Figure 4-41 represents the calculated local hydrogen concentration dependent on time 
at the specific point in each welded layer for the girth welded supermartensitic stainless 
steel pipeline produced with four layers of matching filler material. During welding, an 
amount of hydrogen uptake of 10.00 ml·(100gFe)-1 in the weld metal has initially been 
assumed, and this local hydrogen is subsequently reduced during the cooling process of 
the welded component. All curves feature the same characteristic that the reduction rate of 
local hydrogen concentration is much faster in early periods of the cooling process due to 
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high hydrogen diffusion coefficients, and that becomes slower when the temperature of the 
welded pipeline reaches to the austenite temperature range. 

As another important item, the hydrogen concentration of 7.381 ml·(100gFe)-1 obtained 
at the end of cooling process in the centre the first layer is increased to be around 7.66 
ml·(100gFe)-1 by diffusion of hydrogen from the newly welded second layer within about 300 
seconds of cooling time (at approximately 180 °C). After that, the local hydrogen 
concentration continuously decreases to 7.31 ml·(100gFe)-1. In contrast, welding of the third 
layer significantly reduces the local hydrogen concentration in the first layer, particularly, 
during welding and subsequent cooling to about 500°C (30 seconds of cooling). 

Similar sequences for the hydrogen concentration changing are observed in the specific 
points of the second layer, the third layer and the last layer, as well. Each specific point 
exhibits its individual characteristics, such as hydrogen concentration dependent on time.  

However, during welding of the last layer and subsequent cooling to ambient 
temperature, a local hydrogen concentration of 7.86 ml·(100gFe)-1 at the specific point in 
the third layer is obtained as the highest level compared with the other specific points, 
whereas the specific point in the first layer indicates the lowest level of hydrogen 
concentration (4.68 ml·(100gFe)-1). The local hydrogen concentrations at the specific points 
in the second and third layers are higher than those in the first and last layers. It can 
therefore be pronounced that the high local hydrogen concentration remains in the upper 
range of weld metal which may be a region susceptible to hydrogen assisted cracking. 

Since hydrogen assisted cold cracking may occur in the heat affected zone as well as in 
the weld metal, hydrogen distribution in the heat affected zone has to be studied, too. The 
calculated hydrogen concentration dependent on time at the specific points in the heat 
affected zone corresponding to the respective welding layers is represented in Figure 4-42. 
The local hydrogen concentration at those specific points is found to be lower than at the 
specific points in the weld metal. For example, at the end of the pipeline welding, a 
maximum local hydrogen concentration of 4.82 ml·(100gFe)-1 is obtained for the specific 
point, which is closest to the third welded layer, in the heat affected zone. It has thus to be 
anticipated that the local hydrogen concentration in the weld metal, rather than that in the 
heat affected zone, significantly contributes to hydrogen assisted cold cracking in girth 
welds of supermartensitic stainless steel pipeline, in particular in combination with a 
relatively high local strain distribution in the weld metal. 

As described above, an extended time of exposure to ambient environment decreases 
the maximum local hydrogen concentration in the weld metal and its neighbouring zone. 
The local hydrogen concentration dependent on time at the middle point of the weld metal 
after welding of the last layer with respect to various amounts of initial hydrogen picken up 
by the weld metal is represented in Figure 4-43. The remaining local hydrogen 
concentration in the weld metal is dependent on the initial hydrogen uptake in the weld pool 
during welding. But, a sufficient time of exposure to ambient environments decreases the 
predominant effect of the initial hydrogen concentration on the remained hydrogen 
concentration. For example, local hydrogen concentrations of 1.46 ml·(100gFe)-1 and 0.36 
ml·(100gFe)-1 are obtained for 300,000 seconds (≈ 3.5 days) of exposure time from the 
amounts of initial hydrogen, taken up by the weld metal during welding, of 10.00 
ml·(100gFe)-1 and 2.50 ml·(100gFe)-1, respectively.  
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Figure 4-42: Calculated local hydrogen concentration in the heat affected zone, 0.2 mm away from the 
fusion line, for each welding layer (Assumption: HD = 10.00 ml·(100gFe)-1 picked up during welding). 
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Figure 4-43: Reduction of the maximum hydrogen concentration, dependent on initial hydrogen 
concentration picked up during welding, in the upper third of the weld with increasing exposure time to 
ambient environments after completion of welding and cooling to room temperature of the last layer. 

However, in practical pipeline fabrication, the exposure time to ambient environment is 
limited due to the time pressure for field applications. Thus, the various initial hydrogen 
concentrations may be a main reason for an occurrence of failure caused by hydrogen 
assisted cold cracking. 

4.3.3.2 HACC Initiation and Propagation 
The present results show that for numerical finite element simulation of hydrogen 

assisted cold cracking it can be assumed that the crack occurs at nearly ambient 
temperature. One reason for this is that low γ-Ms transformation temperatures in this  
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Figure 4-44: Simulation of hydrogen concentration profile and crack propagation for hydrogen assisted 
cold cracking in the weld metal of orbitally welded pipeline during cooling to room temperature 
(Assumption: HD = 15.00 ml·(100gFe)-1 picked up during welding). 

context. Another prominent reason is attributed to the capability of the material to carry full 
load at the γ-Ms transformation temperature. From these reasons, modelling of the cold 
cracking process has been started at a temperature of 40 °C during cooling after welding. 

Following the previous simulation of strain distribution in pipeline girth welds (see 
Section 4.3.2), the maximum local hydrogen concentration higher than 10 ml·(100gFe)-1 is 
required for inducing crack propagation caused by hydrogen assisted cold cracking. 
Accordingly, the finite element simulation of hydrogen distribution analysis is carried out 
with the assumption of 15.00 ml·(100gFe)-1 for an initial hydrogen concentration picked up 
by the weld metal during welding. 



4. Results and Discussion 

151 

As represented in Figure 4-44, there is a maximum local hydrogen concentration of 
11.93 ml·(100gFe)-1 in the weld metal after completion of the last welded layer and cooling 
to ambient temperature. In order to identify exactly the location of crack initiation, the 
numerical simulation first searches the critical node, whose maximum local hydrogen 
concentration reaches the critical value, on the predefined cracking path in both the weld 
metal and the heat affected zone. Crack initiation is then simulated by deleting the first 
element in upward and downward direction adjacent to the critical node. It turned out within 
in this procedure that crack initiation takes place only in the weld metal due to a relatively 
high local hydrogen concentration and a relatively high local strain distribution. 

An initiated crack may propagate either in upward direction or in downward direction, or 
both, dependent on the local hydrogen concentration and its critical value. Thus, crack 
propagation is defined by comparing the local hydrogen concentration at a specific node in 
downward direction to that in upward direction ahead of both crack tips. As shown by the 
plots in Figure 4-44, crack propagation first takes place in both directions, particularly into 
the zone with the relatively high hydrogen concentration. After that, the crack propagates 
only in downward direction. This is particularly caused by the high strain level resulting in a 
decrease of the critical hydrogen concentration. Therefore, the crack propagates 
preferentially in downward direction rather than upwards even though the local hydrogen 
concentrations in upward direction are higher than those in downward direction. 

The crack propagation stops when the local hydrogen concentration at the specific node 
becomes lower than the critical value. 

In order to gain a understanding of the significant interaction between the local 
hydrogen concentration and strain level affected by temperature distribution during welding 
and subsequent cooling for the crack initiation, a diagram of temperature–equivalent local 
strain – local hydrogen concentration dependent on time is represented in Figure 4-45.  

Two specific points in the first layer and the third layer have been selected as the 
interesting comparable locations for study on characteristics of the crack initiation and 
propagation. The temperature, after complete welding of the last layer, of the second point 
is higher than that of the first point (1220°C), but during cooling there are no obvious 
differences between the first and second point.  

According to the finite element simulation as represented in Figure 4-44, the second 
point is defined as the position for crack initiation due to the higher local hydrogen 
concentration compared with the first point, even though the local strain level at the first 
point is higher than at the second point. Rupture takes thus place in the susceptible high 
hydrogen containing region at the relatively low strain levels. 

To summarise these findings, two facts can thus be stated: 

1) Hydrogen assisted cold cracking is initiated at the region of the highest hydrogen 
concentration with the comparable low strain levels. 

2) Crack propagation takes first places in both directions, but then preferentially 
towards the weld root, i.e. into regions of higher strain levels. 
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Figure 4-45: Calculated hydrogen distribution, strain distribution and temperature distribution 
dependent on time at the specific points in the first layer and the third layer during the cooling process 
after orbital welding of the last layer of pipeline. 

As a further point for avoidance of hydrogen assisted cold cracking in orbitally welded 
supermartensitic stainless pipeline in practice, the hydrogen concentration in the weld pool 
should always be lower than 10 ml·(100gFe)-1. 

4.3.4 Effects of PWHT on Local Hydrogen Concentration in the Welded 
Component 

Post-weld heat treatment (PWHT) is conventionally employed to improve the toughness 
of welded components by reducing the amount of martensitic microstructure in the matrix 
material and/or by lowering the residual stress-strain distribution resulting from thermal 
cycle effects. But for girth welding of supermartensitic stainless steel pipeline deposited with 
using matching filler material, strength reduction of the welded component has to be 
avoided to ensure high resistance against anodic stress corrosion cracking during field 
application in offshore technology. 

As suggested by Gooch et al.[SPM 27] the temperature of post weld heat treatment 
depends on the AC1-temperature. Nevertheless, it should be recognised that carbide 
formation, such as M23C6, M7C3, etc., can occur in the matrix material of supermartensitic 
stainless steel when post weld heat treatment is carried out above 500°C with extension of 
the tempering duration. Post weld heat treatment for hydrogen removal from crack 
susceptible weld areas with less changes in the microstructure and strength reductions. 

Therefore, two categories of post weld heat treatment, i.e. short-term tempering and 
long-term tempering, are compared by using finite element simulation. 

For both procedures, after welding the last layer and subsequent cooling to the 
complete martensite transformation temperature, beneath Mf-temperature, the orbitally 
welded pipeline has been subjected to an additional heat source with the specific 
temperature level as represented in Figure 4-46. The reason for cooling the orbitally welded 
supermartensitic stainless steel pipeline to Mf-temperature before applying external heat to 
it is that at temperatures above the austenite-martensite transformation temperature, the 
post weld heat treatment cannot effectively reduce the local hydrogen concentration in the  
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Figure 4-46: Schematic illustration of additionally applied heat on the surface of the orbitally welded 
supermartensitic stainless steel pipeline for post weld heat treatment. 
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Figure 4-47: Reduction of hydrogen concentration in the weld metal dependent on the tempering 
duration by long-term approach taking account of the effects of hydrogen concentration picked up 
during welding. 
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a) Tempering temperature of 100°C b) Tempering temperature of 150°C 
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c) Tempering temperature of 200°C d) Tempering temperature of 300°C 

Figure 4-48: Effects of the tempering duration in the long-term approach on the reduction of weld metal 
hydrogen concentration with respect to various levels of hydrogen concentration picked up during 
welding. 

weld metal and the neighbouring zone due to relatively high hydrogen solubility and 
relatively low hydrogen diffusion coefficient of the austenitic structure. 

A heating rate of about 4 °C·s-1 is used to heat the welded pipeline component up to the 
various specific tempering temperature of which the holding time is varied. After removing 
the heat pad, the temperature of the welded component is decreased by exposure to an 
ambient environment. The first procedure represented a typical long-term hydrogen removal 
heat treatment. Various levels of relatively low temperatures, i.e. 50°C, 100°C, 150°C, 
200°C, and 300°C, have been simulated for different times of up to 900 minutes. The 
second procedure represented a short-term post weld heat treatment at various levels of 
high temperatures, i.e. 500°C, 550°C, 600°C, 650°C and 700°C. 

The effects of tempering temperature on the maximum local hydrogen concentration as 
a function of the tempering duration are represented in Figure 4-47a and Figure 4-47b for 
the different amounts of initial hydrogen, picked up by the weld pool during welding, of 5.00 
ml·(100gFe)-1 and 15.00 ml·(100gFe)-1, respectively. It is clearly indicated that the local 
hydrogen concentration decreases drastically with increasing duration, if tempering at 
300°C is applied. Tempering at 50°C only marginally reduces the local hydrogen 
concentration even with extended tempering duration. The amount of local hydrogen 
concentration in the welded component after tempering is obviously dependent on the initial  
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Figure 4-49: Calculated local hydrogen concentration dependent on two major factors of post weld heat 
treatment by an assumption of different hydrogen concentration picked up by the weld metal during 
welding: a) HDini = 5.00 ml·(100gFe)-1, b) HDini = 15.00 ml·(100gFe)-1. 

hydrogen concentration in the weld metal. Post-weld heat treatment at temperatures above 
150°C applied longer than 30,000 seconds (≈8.4 hrs.) reduces the concentration below 
1.00 ml·(100gFe)-1 at initial hydrogen concentration of 15.00 ml·(100gFe)-1 as represented 
in Figure 4-48. This means 8.4 hour is required to achieve less crack critical concentration. 

However, at higher temperatures of 300°C, the local hydrogen concentration can 
significantly be reduced within a short tempering period. For example, after 1 hour, the local 
hydrogen concentration is 0.89 ml·(100gFe)-1 at the initial hydrogen concentration of 15.00 
ml·(100gFe)-1 (Figure 4-48d). The reason for this is a significant high diffusion coefficients at 
temperatures above 200°. 



4. Results and Discussion 

156 BAM-Dissertationsreihe 

PWHT-700
PWHT-650
PWHT-600
PWHT-550
PWHT-500

1.0E-06

1.0E-05

1.0E-04

1.0E-03

1.0E-02

1.0E-01

1.0E+00

Tempering duration [s]
500 1,200 1,900 2,600 3,300 4,000

H
yd

ro
ge

n 
co

nc
en

tr
at

io
n 

[m
l·(

10
0g

Fe
)

]
-1

1.0E-06

1.0E-05

1.0E-04

1.0E-03

1.0E-02

1.0E-01

1.0E+00

H
yd

ro
ge

n 
co

nc
en

tr
at

io
n 

[m
l·(

10
0g

Fe
)

]
-1

Tempering duration [s]

500 1,200 1,900 2,600 3,300 4,000

PWHT-700
PWHT-650
PWHT-600
PWHT-550
PWHT-500

 
a) Initial hydrogen = 2.5 ml·(100gFe)-1 b) Initial hydrogen = 5.0 ml·(100gFe)-1 

1.0E-06

1.0E-05

1.0E-04

1.0E-03

1.0E-02

1.0E-01

1.0E+00

H
yd

ro
ge

n 
co

nc
en

tra
tio

n 
[m

l·(
10

0g
Fe

)
]

-1

Tempering duration [s]
500 1,200 1,900 2,600 3,300 4,000

PWHT-700
PWHT-650
PWHT-600
PWHT-550
PWHT-500

1.0E-06

1.0E-05

1.0E-04

1.0E-03

1.0E-02

1.0E-01

1.0E+00

Hy
dr

og
en

 c
on

ce
nt

ra
tio

n 
[m

l·(
10

0g
Fe

)
]

-1

Tempering duration [s]
500 1,200 1,900 2,600 3,300 4,000

PWHT-700
PWHT-650
PWHT-600
PWHT-550
PWHT-500

 
c) Initial hydrogen = 7.5 ml·(100gFe)-1 d) Initial hydrogen = 10.0 ml·(100gFe)-1 

Tempering duration [s]

500 1,200 1,900 2,600 3,300 4,000
1.0E-06

1.0E-05

1.0E-04

1.0E-03

1.0E-02

1.0E-01

1.0E+00

H
yd

ro
ge

n 
co

nc
en

tra
tio

n 
[m

l·(
10

0g
Fe

)
]

-1

PWHT-700
PWHT-650
PWHT-600
PWHT-550
PWHT-500  

e) Initial hydrogen = 15.0 ml·(100gFe)-1  
Figure 4-50: Calculated local hydrogen concentration as a function of the tempering duration for 
various temperature levels. 

Figure 4-49a represents the heat treatment effects considering two major factors, i.e. 
the tempering duration and the tempering temperature, on the remaining hydrogen 
concentration in a 3-D diagram with the assumption of 5.00 ml·(100gFe)-1 for the initial 
hydrogen uptake in the weld metal during welding, which is compared to Figure 4-49b with 
the assumption of 15.00 ml·(100gFe)-1 for the initial hydrogen uptake. It is clearly shown 
that the reduction of the local hydrogen concentration is influenced not only by the 
tempering temperature and tempering duration, but also by the amount of initial hydrogen 
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uptake. Since the concept of fitness for purpose involving technical-economical challenges 
is presently taken into account, particularly in offshore technology for improving the 
reliability of welded pipelines with a reasonable budget, heat treatment should be performed 
using appropriate tempering temperature and duration based on the amount of initial 
hydrogen uptake. For example, a post weld heat treatment at 200°C with a tempering 
duration of 18,000 seconds can suitably be carried out on a welded pipeline with 15.00 
ml·(100gFe)-1 of hydrogen concentration picked up by the weld metal during welding, but 
this seems to be an exaggerated operation of heat treatment for the welded pipeline with an 
initial hydrogen concentration of 5.00 ml·(100gFe)-1 picked by the weld metal during 
welding. 

As proposed in previous contributions[SPM 27],[SPM 37],[SPM 53], post weld heat treatment is 
advantageous for hardness reduction without losing strength in supermartensitic stainless 
steel welds. For this, it should be carried out at elevated temperatures below the AC1–
temperature for supermartensitic stainless steel at a limited time in order to avoid avoid 
precipitation of chromium carbide which will degrade the mechanical properties as well as 
the corrosion resistance of material. Therefore, the effects of significant parameters of 
short-term heat treatment on the remaining local hydrogen concentration have been studied 
by simulation with the assumption of 500°C, 550°C, 600°C, 650°C and 700°C for the 
tempering temperatures. 

Figure 4-50 represents the calculated local hydrogen concentration as a function of the 
tempering duration at the end of the heat treatment process with respect to various 
temperatures. Increased tempering temperatures can result in a steeper slope of hydrogen 
concentration versus the tempering duration curve, in log-scale. 

Since an increase of tempering temperatures might obviously affect the reduction of 
local hydrogen concentration in welds, the normalised concentration versus tempering 
temperature dependent on the initial hydrogen concentration is shown in Figure 4-51. This 
diagram is very useful to estimate local hydrogen concentrations in welds from the initial 
hydrogen concentration with respect to tempering temperature and duration. 

The effects of the specific tempering temperature on the remaining local hydrogen 
concentration depending on the tempering duration for various amounts of initial hydrogen 
concentration picked up by the weld metal during welding are represented in Figure 4-52. 
Similar to the previous investigations at lower concentrations, these diagram show that the 
slope of the curves becomes much gentler when the initial hydrogen uptake during welding 
decreases and when a higher tempering temperature is applied during a longer tempering 
duration. This phenomenon is confirmed by Figure 4-53, which represents the calculated 
local hydrogen concentration remaining in the welded component as a function of the 
tempering temperature with consideration of different amounts of initial hydrogen 
concentration. 

From the results of the numerical simulation, it can be proposed that a short-term post 
weld heat treatment of 900 seconds (15 minutes) at any temperature between 500°C and 
700°C is sufficient for reducing the local hydrogen concentration remaining in sensitive 
regions of orbitally welded supermartensitic stainless steel pipeline to be lower than 1.00 
ml·(100gFe)-1. Corresponding to the practice fabrication welding, tempering at temperature 
of a temperature of 650°C is evidently appropriate so that the duration of 15 minutes is  



4. Results and Discussion 

158 BAM-Dissertationsreihe 

Tempering duration [s]
500 1,200 1,900 2,600 3,300 4,000

N
or

m
al

is
ed

 c
on

ce
nt

ra
tio

n,
 C

/C
 [%

]
lo

c
in

i

0.00

1.00

2.00

3.00

4.00

5.00

PWHT-700
PWHT-650
PWHT-600
PWHT-550
PWHT-500

 
Figure 4-51: Calculation of normalised hydrogen concentrations as a function of tempering duration at 
various temperatures. 
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a) Tempering temperature of 500°C b) Tempering temperature of 550°C 

H
yd

ro
ge

n 
co

nc
en

tr
at

io
n 

[m
l·(

10
0g

Fe
)

]
-1

0.00

0.20

0.40

0.60

0.80

Tempering duration [s]

500 1,200 1,900 2,600 3,300 4,000

HD  2.5
HD  5.0
HD  7.5
HD  10.0
HD  15.0

ini

ini

ini

ini

ini  

Hy
dr

og
en

 c
on

ce
nt

ra
tio

n 
[m

l·(
10

0g
Fe

)
]

-1

0.00

0.20

0.40

0.60

0.80

Tempering duration [s]

500 1200 1900 2600 3300 4000

HD  2.5
HD  5.0
HD  7.5
HD  10.0
HD  15.0

ini

ini

ini

ini

ini  

 
c) Tempering temperature of 650°C d) Tempering temperature of 650°C 

Figure 4-52: Calculated remaining hydrogen concentration at different temperature levels dependent on 
the tempering duration with respect to different levels of initial hydrogen concentration picked up by the 
weld metal during welding. 
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a) Tempering duration of 900 s (15 min.) b) Tempering duration of 1,800 s (30 min) 

Figure 4-53: Effects of the tempering temperature for different tempering durations on the reduction of 
the local hydrogen concentration in the weld metal with respect to various levels of initial hydrogen 
concentration. 
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Figure 4-54: Calculation of local hydrogen concentration in the weld metal dependent on two major 
factors of short-term post weld heat treatment (Assumption: HD = 15.00 ml·(100gFe)-1 picked up during 
welding). 

recommended for avoidance of hydrogen assisted cracking in the supermartensitic 
stainless steel pipeline. 

Figure 4-54 shows the decrease of the local hydrogen concentration in the weld metal of 
the orbitally welded pipeline dependent on two significant parameters of short-term post 
heat treatment with both the tempering duration and the tempering temperature. This is in 
good correlation with practical supermartensitic stainless steel flowline manufacturing 
processes in which the short-term heat treatment, i.e. tempering temperatures in the range 
of 600 to 650°C (below Ac1-temperature) and tempering durations in the range of 5 to 20 
minutes[SPM 53]-[SPM 55], is used to improve the resistance of welded components against 
hydrogen assisted cold cracking by focusing on a decrease of remaining local hydrogen 
concentration in sensitive regions without losses in material strength. 
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Figure 4-55: Effects of the long-term approach on the reduction of local hydrogen concentration in 
comparison with the short-term approach (Assumption: hydrogen concentration of 10 ml·(100gFe)-1 
picked up by the weld metal during welding). 

In the face of today’s economical-technical challenges, the short-term heat treatment 
should be considered as an alternative way to avoid serious failure of assembled flowlines 
during reeling/pipelaying process. 

From the comparison shown in Figure 4-55, it can be suggested that the short-term 
approach is more appropriate for removing the local hydrogen concentration from zones 
susceptible to hydrogen assisted cold cracking than long-term soaking procedures. This 
means that much operation time for the post-weld heat treatment can be saved by the 
short-term approach. Additionally, the metallurgical behaviour of the welded pipeline is not 
affected by the short-term approach. This, for instance, can also not be assured for the 
long-term application due to the high nickel content of supermartensitic stainless steel. 

However, further experimental research is still required to verify the metallurgical 
behaviour of the new generation of supermartensitic stainless steel experiencing specific 
welding fabrication and subsequent post-weld heat treatment. 

4.4 Modelling of HASCC in the Welded Component Having a Pre-
Crack Caused by HACC 

Orbitally welded pipelines are generally installed within a several hours after complete 
welding fabrication as subsea flowlines transporting oil and gas products. Hence, 
interactions between the local hydrogen concentration, remaining in the weld metal and its 
neighbouring zones, and possible further hydrogen introduced at the interior surface of 
welded pipeline during exposure to electrolytic solution in sour service have to be 
investigated to avoid cracking of such welded components. The study of the cracking 
process involving the two different hydrogen sources can be carried out by adopting and 
connecting above described finite element simulations. 

In the simulation illustrated in Figure 4-56, an pipeline orbitally welded with the 
assumption of 10.00 ml·(100gFe)-1 for the initial hydrogen uptake during welding has been  
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Figure 4-56: Simulation of hydrogen distribution in the orbitally welded supermartensitic stainless steel 
pipeline exposed to NACE electrolytic solution with 1% H2S saturation after complete welding and 
subsequent cooling to room temperature with additionally extended time of 5 hours in ambient 
environments (Assumption: HD = 10.00 ml·(100gFe)-1 picked up during welding). 

 

 



4. Results and Discussion 

162 BAM-Dissertationsreihe 

HD [ml·(100gFe) ]-1

HD [ml·(100gFe) ]-1

HD [ml·(100gFe) ]-1

HD [ml·(100gFe) ]-1

HD [ml·(100gFe) ]-1

a) During cooling 
    to room 
    temperature.

b) 5500s 
    exposure to 
    the NACE 
    solution.

c) 81,000s 
    exposure to
    the NACE 
    solution.

d) 212,500s 
    exposure to
    the NACE 
    solution.

e) 265,500s 
    exposure to
    the NACE 
    solution.

 
Figure 4-57: Simulation of the influence of hydrogen assisted cold cracking on the lifetime of orbitally 
welded supermartensitic stainless steel pipeline during exposure to NACE standard solution with 100% 
H2S saturation for hydrogen assisted stress corrosion cracking. 
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exposed to ambient environments for 5 hours prior to the application of hydrogen 
subsurface concentrations of 20.00 ml·(100gFe)-1 for the base metal and of 3.15 
ml·(100gFe)-1 for the heat affected zone and the weld metal at the interior surface of the 
welded pipeline simulating an exposure to the NACE electrolytic solution with 1% H2S 
saturation. At the same time, hydrogen is assumed to be completely desorbed at the 
exterior surface of the welded pipeline, i.e. a hydrogen subsurface concentration of 0 
ml·(100gFe)-1 has been applied to the nodes at that surface. 

With increasing time during such process, the remaining local hydrogen concentration 
from fabrication welding decreases by the effusion reaction at the exterior surface, even 
though the hydrogen subsurface concentration at the interior surface concurrently diffuses 
through the material. This means that newly entering hydrogen from the interior surface 
does not interact with the remaining local hydrogen concentration too much. For example, a 
maximum hydrogen concentration of 7.43 ml·(100gFe)-1 remaining in the weld metal of the 
welded component before being exposed to the NACE electrolytic solution decreases to 
6.66 ml·(100gFe)-1 within 67 hours. With further exposure for 15 days, the effect of weld 
metal hydrogen diminishes, for example. It can also be stated that depending on the 
subsurface concentration, the hydrogen introduced by the electrolytic solution can exert a 
stronger influence on hydrogen assisted stress corrosion cracking in the orbitally welded 
pipeline than the hydrogen taken up during welding. 

Considering the application case, the welded pipeline will be subjected to additional 
slow strain rates during service. This means that at the same time, the welded pipeline is 
continuously displaced, which usually causes a higher increase in stress-strain intensity in 
the heat affected zone due to the smaller cross-sectional area than in the weld metal. 
Therefore, the theory can be proposed that hydrogen assisted stress corrosion cracking 
favourably takes place in the heat affected zone so that the life time of the welded pipeline 
is dependent on the kinetics of crack propagation in the heat affected zone. However, in the 
case where hydrogen assisted cold cracking previously occurred in the weld metal, the life 
time of the weld pipeline controlled by the kinetics of crack propagation in the heat affected 
zone might be changed to be controlled by that of the weld metal. In order to investigate 
such interactions of HASCC and HACC, finite element simulations had been carried out at 
additional straining.  

Figure 4-57 shows the respective hydrogen concentration profile and the crack 
propagation for such a component precracked by hydrogen assisted cold cracking due to a 
initial hydrogen concentration of 15 ml·(100gFe)-1 in the weld metal and subsequently 
exposed to a totally H2S saturated NACE solution. Globally applied loads are not taken into 
account for this numerical simulation. This implies that only the residual strain introduced 
during welding fabrication is first the kinetics of crack propagation takes account for only the 
residual strain for the mechanical factor. 

During the exposure to the NACE electrolytic solution, crack propagation takes place on 
the predefined cracking paths in both sensitive regions, i.e. in the weld metal and the heat 
affected zone, due to high hydrogen concentration provided by the electrolytic solution as 
well as to high strain resulting from thermal cycle effects. As can be seen from Figure 4-57, 
during the first period, the crack progresses in the heat affected zone at a faster rate than in 
the weld metal because the higher base metal hydrogen subsurface concentration provides 
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more hydrogen to the region ahead of the crack tip in the heat affected zone which reaches 
the critical value within less time than the weld metal. The higher hydrogen concentration 
from the base metal will reduce its influence on increasing the crack propagation rate in the 
heat affected zone when the crack length becomes sufficiently long. Crack propagation in 
the weld metal increases after the crack front reaches into regions with relatively high strain 
and hydrogen concentration due to welding, which cause to decrease the critical hydrogen 
concentration required for the crack propagation. But, it has to be considered that the local 
hydrogen concentration ahead of the crack tip in the weld metal is still more strongly 
provided by hydrogen taken up from the NACE electrolytic solution than by the remaining 
local hydrogen concentration picked up by the weld metal during fabrication welding.  

However from carefully studying the concentration profiles decreasing with time, it can 
be seen that this process takes 83,500 seconds (23.2 hours) after the orbitally welded 
pipeline is exposed to the electrolytic solution. The new entry hydrogen interacts with the 
remaining local hydrogen concentration. Since the remaining local hydrogen concentration 
does not have a large influence compared with hydrogen coming from the subsurface 
inside the propagation crack, it takes a while until the two cracks in the weld metal are 
conjuncted (110,000 seconds). 

Finally, the crack propagating in the weld metal passes through the cross-section 
causing the rupture of the orbitally welded pipeline, and a time to failure of 265,500 seconds 
(≈ 74 hours) is obtained. 

However, two characteristic features can be drawn from such simulations: 

1) The weld metal hydrogen concentration does not much contribute to the cracking 
velocity within the first period. 

2) Hydrogen assisted stress corrosion cracking in the heat affected zone is shifted 
towards the weld metal by precracking as a consequence of hydrogen assisted 
cold cracking.  
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5 CONCLUSIONS AND PERSPECTIVES 

5.1 Conclusions 
The present thesis deals with the development of numerical finite element simulation 

based on the available commercial finite element program for a better understanding of the 
phenomenon of hydrogen assisted cracking (HAC) in terms of hydrogen assisted stress 
corrosion cracking (HASCC) and hydrogen assisted cold cracking (HACC) focusing on girth 
welds of supermartensitic stainless steel pipeline. Firstly, the prediction of the time to failure 
has been calculated for hydrogen assisted stress corrosion cracking in a standard test 
specimen based on the NACE-0177-96 standard approach in order to provide basic 
knowledge for the advanced step. Secondly, a basic numerical approach from the standard 
test specimen has been developed for predicting the time to failure in the orbitally welded 
pipeline exposed to the NACE electrolytic solution with various levels of H2S saturation. 
Two kinds of the global loading conditions, i.e. a series of constant strain rate tests and load 
histories of the large scale test, have be taken account for the numerical simulation. Thirdly, 
hydrogen assisted cold cracking in the supermartensitic stainless steel pipeline orbitally 
welded with using four layers of matching filler material has been simulated considering 
three significant analyses: I) the thermal analysis, II) the structural analysis and III) the 
hydrogen distribution analysis. Finally, the simulation of hydrogen assisted stress corrosion 
cracking in the orbitally weld pipeline has been carried out with introduction of residual 
strain distributions and the presence of a weld metal crack, resulting from hydrogen 
assisted cold cracking, in order to describe the influence of the dominant crack propagation, 
shifting from the heat affected zone to the weld metal, on the time to failure of the orbitally 
welded supermartensitic stainless steel pipeline exposed to the NACE electrolytic solution 
derived from sour service in offshore technology. 

Thus, significant conclusions from numerical simulation in the present thesis can be 
drawn as follows: 

 

• Hydrogen assisted stress corrosion cracking based on the NACE-TM 0177-96 
standard test 

I) The time to failure of the standard test specimen is decreased with increasing 
hydrogen subsurface concentration, global strain rate and local strain rate, but this 
can only be achieved when the specimen does not fail by mechanical overload. 

II) Stable crack propagation caused by hydrogen assisted stress corrosion cracking 
plays a significant role in controlling the time to failure of as-delivered material when 
appropriate interaction between local hydrogen concentration and local strain takes 
place. In this period, effects of various hydrogen subsurface concentrations on the 
time to specimen failure are obviously remarkable. 

III) The incubation period will dominate the time to failure of the material instead of the 
period of stable crack propagation if the local strain rate in the specific zone ahead 
of the crack tip becomes lower than 1.0E-07 s-1. Consequently, crack propagation is 
characterised by saturated hydrogen assisted stress corrosion cracking due to 
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longer times for depth hydrogen transport from the subsurface to regions in the 
matrix material. 

IV) Based on the broad scatterband of the hydrogen diffusion coefficients, various 
hydrogen diffusion coefficients markedly affect the time to failure of the material. 
This results from a change in the period of stable crack propagation rather than from 
the incubation period. But, at specific local strain rates above 1.0E-04 s-1, the 
various hydrogen diffusion coefficients cannot clearly influence the time to failure 
and the crack propagation behaviour. 

V) The crack growth rate of the as-quenched supermartensitic stainless steel is higher 
than the as-delivered one because of differences in hydrogen diffusion behaviour 
and failure criteria. But, at relatively high levels of local strain rate such as above 
5.0E-04 s-1, there is a small difference in the time to failure and the crack 
propagation behaviour between the delivered state and the quenched state due to 
the predominant effect of mechanical overload. 

VI) The sharp crack angle, 74°, can significantly reduce the time to failure of the material 
if the period of the stable crack propagation controls the time to specimen failure. 

VII) Increasing newly cracked area, directly exposed to the NACE solution, in front of the 
crack, for example a crack tip angle of 74°, allows more hydrogen diffusing in the 
susceptible zone ahead of the crack tip in comparison with a crack tip angle of 180°. 

 

• Hydrogen assisted stress corrosion cracking in the orbitally welded 
supermartensitic stainless steel pipe 

VIII) The results of respective component tests have shown that the heat affected zone 
represents the most crack-susceptible region in supermartensitic stainless steel 
pipeline orbitally welded with matching filler material. Moreover, it has clearly been 
demonstrated that high hydrogen concentrations diffusing from the base metal into 
the heat affected zone are the reason for preferential cracking in such regions. 

IX) Increasing H2S saturation of the environment significantly reduces the time to failure 
of welded supermartensitic stainless steel pipes by higher hydrogen subsurface 
concentrations, and consequently by reaching more rapidly critical limits for crack 
initiation and propagation in the heat affected zone.  

X) The numerical simulations of a welded pipe component confirmed the results of 
respective experiments. Modelling of small scale specimens using constant strain 
rates above 1.0E-05 s-1 are not recommendable for detecting any hydrogen effects 
in supermartensitic stainless steels. Slower strain rates provide times of exposure to 
sour environments, and consequently the ductility of the weld microstructures is 
decreased by respective hydrogen uptake and diffusion into crack critical regions. 
Again, only strain rates of and below 1.0E-06 s-1 will show the total degradation of 
material by hydrogen. 

XI) As confirmed by numerical modelling, the fracture mode in the heat affected zone is 
significantly dependent on the local hydrogen concentration. Intergranular cracking 
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occurs at high hydrogen concentrations, which are particularly provided at the 
beginning of cracking by long-term exposure to sour environments. With decreasing 
hydrogen concentration, the fracture mode transforms into transgranular cleavage-
like cracking and finally to micro-void coalescence at very low hydrogen levels, 
respectively. 

 

• Hydrogen assisted cold cracking in the orbitally welded supermartensitic 
stainless steel pipeline 

XII) Temperature distribution analysis is the first significant task involved in numerical 
modelling of hydrogen assisted cold cracking, of which the results are used as 
reference values for further simulations in the structural analysis and the hydrogen 
distribution analysis. There is evidently good agreement between experimental 
investigation and numerical modelling for the temperature distribution.  

XIII) Relatively high levels of stress-strain distribution are always present in the weld 
metal and the heat affected zone due to extreme temperature gradients during 
welding and subsequent cooling. Moreover, thermal cycle effects resulting from 
multi-run welding significantly influence the behaviour of stress-strain distribution in 
orbitally welded pipelines, as well. 

XIV) Diffusion and effusion reactions play a significant role in reducing the local hydrogen 
concentration in the weld metal, but they are dependent on the hydrogen 
concentration gradient and on the hydrogen diffusion coefficients. Hence, a 
reduction of the local hydrogen concentration indicates a steep incline in the early 
period of cooling due to increased diffusion coefficients with temperatures. 

XV) During welding the further pass, local hydrogen concentrations in the previously 
welded layer can be either decreased or increased dependent on the distance from 
the recent hydrogen source. This means that the local hydrogen concentration at the 
specific point in a previously welded layer nearly the upper welding layer can be 
increased by the recent hydrogen uptake, whereas the hydrogen concentration at a 
specific point far away from the upper layer hydrogen concentration is decreased 
due to more hydrogen loss, caused by relatively high hydrogen diffusion coefficients 
during welding and cooling, and unsufficient hydrogen diffusing from a new source.  

XVI) In girth welds of supermartensitic stainless steel pipeline, cracks resulting from 
hydrogen degrading material properties can be avoided by controlling the hydrogen 
uptake during welding to be lower than 10.00 ml·(100gFe)-1. In the case that a 
hydrogen concentration of around 15.00 ml·(100gFe)-1 is taken up by the weld metal 
during welding, a crack initiated in the weld metal during cooling down to ambient 
temperature at a maximum remaining local hydrogen concentration of 11.93 
ml·(100gFe)-1. This crack initiation appears at a position with a relatively high 
hydrogen concentration even at relatively low strain levels. 

XVII) In order to avoid hydrogen assisted cold cracking, post weld heat treatment can be 
applied to lower the local hydrogen concentration remaining in susceptible regions, 
but this might also result in a reduction of mechanical strength which would 
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counteract the deliberate use of matching filler material for orbital welding of 
supermartensitic stainless steel pipeline. Therefore, the short-term approach of post-
weld heat treatment, i.e. the temperature range between 600°C and 650°C with a 
tempering duration of 5 to minutes, is regarded as sufficient to reduce the local 
hydrogen concentration according to the fitness for purpose concept.  

XVIII) The significant factor to control the lifetime of the welded pipe, as concerns 
hydrogen assisted stress corrosion cracking, under exposure to the NACE 
electrolytic solution with H2S saturation is the kinetics of crack propagation in the 
heat affected zone due to a higher subsurface concentration of hydrogen diffusing 
from the base metal to the susceptible region ahead of the crack tip in the heat 
affected zone. But, crack propagation in the weld metal can dominate the time to 
failure of the welded pipe over that in the heat affected zone by the presence of a 
precrack in the weld metal caused by hydrogen assisted cold cracking during 
fabrication welding. 

The present research demonstrates that the numerical modelling is a most helpful tool 
for providing a better understanding of the failure sequences of hydrogen assisted cracking 
and for verifying the component lifetime affected by both hydrogen assisted stress corrosion 
cracking and hydrogen assisted cold cracking. However, further development of numerical 
modelling for studying the crack propagation behaviour taking account of the stagnant state 
of the electrolytic solution in the crack and without using predefined cracking paths is 
recently required. For hydrogen assisted cold cracking, experimental investigation of the 
effects of duplex microstructure in the weld metal and heat affected zone of 
supermartensitic stainless steel should be carried out in order to receive precise data for 
numerical modelling, since retained austenite can cause hydrogen assisted cold cracking if 
it transforms into martensite with low hydrogen solubility during the spooling/pipelaying 
process of orbitally welded supermartensitic stainless steel pipeline. 

5.2 Perspectives 
Since lean duplex stainless steel has been developed as a new alternative to the 

supermartensitic stainless steel for oil and gas applications to meet economical-technical 
challenges, more investigations on material corrosion resistance, particularly on hydrogen 
assisted stress corrosion cracking, must be carried out to get a better understanding of 
cracking characteristics and to subsequently avoid catastrophic failure of components 
during service[GEN 38]. Table 5-1 lists the chemical compositions of three significant duplex 
stainless steels. 

In fact, local phenomena of crack initiation and propagation in duplex stainless steels 
caused by hydrogen are still difficult to be observed in conventional experiments. Therefore, 
finite element simulations taking account of basically necessary data obtained from the 
experimental investigations can conveniently be used to gain an insight into such local 
phenomena. Figure 5-1a shows a finite element model having austenitic and ferritic 
microstructures in consistence with the microstructure of duplex stainless steel (Figure 
5-1b). Adaptive meshing techniques are adopted in such a model for obtaining more real 
hydrogen assisted crack growth simulation, which can be oriented in any directions 
dependent on local interactions. 
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Table 5-1: Chemical composition of duplex stainless steels. 
Composition [wt.-%] AISI 

Designation C Cr Ni Mn Mo Si Cu N P+S 
S32304 

Lean  
0.03 21.40 - 

24.50 
3.00 - 
5.50 

2.50 0.05 1.00 0.05 - 
0.60 

0.05-
0.20 

0.07 

S32205 
Conventaional 

0.03 22.00 - 
23.00 

4.50 - 
6.50 

2.00 3.00 - 
3.50 

1.00 - 0.14-
0.20 

0.06 

S32750 
Super 

0.03 24.00 - 
26.00 

6.00 - 
8.00 

1.20 3.00 - 
5.00 

0.80 0.50 0.24-
0.32 

0.06 

 
a) FE Model  

b) Duplex microstructure 

Figure 5-1: Development of a FE model for modelling hydrogen assisted cracking in a latest generation 
of duplex stainless steels. 
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Figure 5-2: Sequences of numerical modelling of hydrogen assisted cracking in duplex stainless steel 
compared with experimental investigation. 

The flowchart of numerical modelling of hydrogen assisted cracking in duplex stainless 
steel compared with experimental investigation is represented in Figure 5-2. Since the 
duplex stainless steel is composed of austenite and ferrite, material property analyses, 
including hydrogen diffusion behaviour and mechanical properties, on ferritic and austenitic 
steels must be preformed in order to provide necessary material data for the finite element 
model in preprocessing. In the solution process, the simulation of crack growth using 
adaptive meshing is carried out based on boundary conditions of experimental 
investigation. Subsequently, calculated results of numerical modelling have to be 
interpreted and compared with those obtained from experimental investigation. Due to the 
fact that the finite element method is a more economic approach than the experimental 
investigation, the variation of material parameters and boundary conditions can be studied 
more conveniently with numerical modelling in order to gain an insight into the crack growth 
mechanisms in duplex stainless steel. 
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